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PREFACE 


These  proceedings  consist  of  refereed  papers  presented  at  the  symposium 
on  "Control  of  Semiconductor  Surfaces  and  Interfaces,"  held  as  a  part  of  the 
1996  MRS  Fall  Meeting  in  Boston,  MA.  Semiconductor  surfaces  and  interfaces 
play  a  vital  role  in  modern-day  electronic  devices.  This  is  especially  true  as 
device  dimensions  shrink.  The  properties  of  clean  surfaces  and  chemically 
processed  surfaces  can  also  have  a  significant  impact  on  the  properties  of 
subsequently  grown  layers.  These  surfaces  and  interfaces  may  exhibit 
modified  structural,  electronic  and  optical  properties,  so  it  is  important  to 
understand  their  effects  on  subsequent  growth,  processing  and  device 
fabrication. 

In  this  symposium  topics  include  the  structure  of  surfaces,  control  of 
surface  defects  and  properties  through  chemical  etching  and  passivation, 
modification  of  surfaces  for  growth  and  processing,  nucleation  on 
semiconductor  surfaces  and  self-assembly,  the  effects  of  surfaces  and 
interfaces  on  subsequent  growth,  and  the  properties  of  semiconductor/ 
dielectric  and  semiconductor/metal  interfaces.  In  addition,  in  situ  and 
ex  situ  monitoring  of  these  properties,  using  various  electrical  and  optical 
techniques,  was  also  presented. 

We  would  like  to  thank  all  of  the  contributors  and  participants  for 
enhancing  our  understanding  of  this  important  area,  the  invited  speakers  for 
providing  current  and  interesting  reviews,  and  all  of  the  reviewers  for  their 
timely  and  conscientious  reviews.  We  would  also  like  to  thank  the  Office  of 
naval  Research  for  support  of  this  symposium. 


S.M.  Prokes 
O.J.  Qlembocki 
S.K.  Brierley 
J.M.  Gibson 
J.M.  Woodall 
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ABSTRACT 

The  chemical  stability  of  a  GaAs  layer  structure  consisting  of  a  thin  (10  nm)  layer  of  low- 
temperature-grown  GaAs  (LTG;GaAs)  on  a  heavily  n-doped  GaAs  layer,  both  grown  by  molec¬ 
ular  beam  epitaxy,  is  described.  Scanning  tunneling  spectroscopy  and  X-ray  photoelectron 
spectroscopy  performed  after  atmospheric  exposure  indicate  that  the  LTG:GaAs  surface  layer 
oxidizes  much  less  rapidly  than  comparable  layers  of  stoichiometric  GaAs.  There  is  also  evi¬ 
dence  that  the  terminal  oxide  thickness  is  smaller  than  that  of  stoichiometric  GaAs.  The  spec¬ 
troscopy  results  are  used  to  confirm  a  model  for  conduction  in  low  resistance,  nonalloyed  con¬ 
tacts  employing  comparable  layer  structures.  The  inhibited  surface  oxidation  rate  is  attributed 
to  the  bulk  Fermi  level  pinning  and  the  low  minority  carrier  lifetime  in  unannealed  LTG:GaAs, 
Device  applications  including  low-resistance  cap  layers  for  field-effect  transistors  are  described. 

INTRODUCTION 

In  stoichiometric  n-type  GaAs,  a  significant  layer  of  oxide  (approximately  25  k  in  thick¬ 
ness)  forms  rapidly  upon  exposure  to  atmosphere.  In  order  to  avoid  this  rapid  oxidation,  a 
number  of  passivation  procedures  have  been  employed,  including  As  or  S  cap  layers  [1,  2]. 
Further  evidence  for  the  instability  of  most  GaAs  surfaces  is  given  by  the  special  preparation 
procedures  employed  in  previous  scanning  tunneling  microscope  (STM)  spectroscopy  studies  to 
avoid  surface  oxidation  and  the  associated  loss  of  STM  resolution.  Cleaved  (110)  surfaces  have 
been  prepared  by  either  in-situ  cleaving  in  an  ultra  high  vacuum  (UHV)  STM  system  or  ex-situ 
cleaving  followed  by  sulfide  passivation  [2-5].  GaAs  (001)  surfaces  passivated  with  As  cap 
layers  have  been  studied  in  UHV  STM  experiments  following  removal  of  the  As  layer  by  heat¬ 
ing  in  the  STM  vacuum  system  [1].  STM  spectroscopy  has  been  performed  on  an  unannealed 
layer  of  LTG:GaAs  (225  °C)  capped  with  a  layer  of  GaAs  grown  at  350  °C.  Characterization 
of  a  (110)  surface  of  the  LTGiGaAs  layer  exposed  by  cleaving  in  UHV  identified  a  band  of 
midgap  states  associated  with  the  excess  arsenic  [3-5].  For  heavily  doped  n-type  (n+)  layers, 
this  band  of  states  was  located  above  the  valence  band  edge  of  the  material.  The  rapid  surface 
oxidation  in  stoichiometric  GaAs  plays  a  major  role  in  ex-situ  ohmic  contact  and  Schottky  bar¬ 
rier  characteristics. 

This  paper  describes  the  surface  oxidation  characteristics  and  related  device  applications 
of  low-temperature  grown  GaAs  (LTGiGaAs),  i.e.  layers  of  GaAs  grown  by  molecular  beam 
epitaxy  (MBE)  at  substrate  temperatures  of  250-300  °C.  LTGiGaAs  materials  exhibit  a  number 
of  interesting  electronic  properties  associated  with  the  excess  arsenic  incorporated  during 
growth  [3,6].  The  studies  reported  in  this  work  involve  as-grown  LTGiGaAs  material,  in  which 
the  excess  arsenic  results  in  a  large  concentration  (approximately  lxl0^®cm“^)  of  point  defects, 
primarily  as  arsenic  antisites.  The  large  concentration  of  point  defects  results  in  very  short 
minority  carrier  lifetimes  (<  1  ps)  and  pinning  of  the  bulk  Fermi  level  near  midgap. 

Recently,  ex-situ  low  resistance,  nonalloyed  contacts  to  n  and  p-type  GaAs  have  been 
demonstrated  using  a  structure  consisting  of  a  thin  layer  of  LTGiGaAs  (2-5  nm)  on  a  highly 
doped  layer  of  normal  growth  temperature  GaAs,  both  grown  by  MBE  [7].  Specific  contact 
resistances  as  low  as  2xlO“^Qcm^  have  been  reported  on  n-type  GaAs  layers.  The  conduction 
model  for  the  contact  structure  consisted  of  defect  assisted  tunneling  through  the  LTGiGaAs 
layer  and  tunneling  through  the  space  charge  region  in  the  heavily  doped  layer.  Since 
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LTG:GaAs  layers  as  thin  as  2  nm  were  effective  in  providing  low-resistance  ohmic  contacts  fol¬ 
lowing  air  exposure  and  an  oxide  etch,  it  can  be  inferred  that  the  oxidation  rate  and  oxide  thick¬ 
ness  in  the  LTG:GaAs  layer  are  lower  than  those  typically  observed  in  stoichiometric  GaAs  fol¬ 
lowing  air  exposure.  This  paper  describes  several  recent  experiments  which  provide  direct  evi¬ 
dence  that  as-grown  LTG:GaAs  surface  layers  are  more  stable  during  air  exposure  than 
stoichiometric  GaAs.  The  inhibited  oxidation,  along  with  the  effective  surface  potential  control, 
indicate  that  thin  layers  (2-5  nm)  of  this  material  can  provide  effective  surface  passivation. 
Device  applications  of  the  stable  LTGiGaAs  layers  will  also  be  briefly  described. 

EXPERIMENT 

Two  spectroscopic  studies,  namely  scanning  tunneling  spectroscopy  and  X-ray  photoelec¬ 
tron  spectroscopy  (XPS),  have  been  performed  on  the  layer  structure  shown  in  Fig.  1 .  While  the 
spectroscopic  studies  were  performed  in  ultra  high  vacuum  (UHV),  the  samples  were  exposed 
to  atmosphere  during  transfer  between  the  growth  chamber  and  the  UHV  characterization  sys¬ 
tems.  The  semiconductor  layer  structures  used  in  this  study  were  grown  in  a  Varian  Gen  II 
MBE  on  epi-ready  n+  GaAs  (100)  substrates,  with  a  growth  temperature  of  580°C  for  all  layers 
except  the  not  intentionally  doped  (nid)  LTGiGaAs  top  layer,  which  was  grown  at  250°C.  The 
growth  rate  for  all  layers  was  Ijxm/hour.  A  silicon  filament  was  used  for  the  n-type  doping, 
allowing  doping  concentrations  of  at  least  an  order  of  magnitude  higher  than  possible  with  con¬ 
ventional  effusion  cells.  It  has  been  shown  that  the  surface  Fermi  level  is  pinned  near  midgap 
during  MBE  growth  of  GaAs  [8].  As  a  consequence.  Si  dopant  atoms  located  within  the  surface 
carrier  depletion  region  are  incorporated  primarily  at  donor  sites,  even  for  Si  doping  concentra¬ 
tions  approaching  the  solid  solubility  limit  [7].  In  stoichiometric  GaAs,  this  n++  layer  cannot  be 
exploited  in  device  applications  involving  exsitu  processing,  since  this  layer  rapidly  oxidizes 
upon  exposure  to  air  and  is  subsequently  removed  during  oxide  etching  steps.  The  LTG:GaAs 
cap  layer  provides  a  controlled  surface  potential  and,  as  will  be  shown  in  the  following  sections, 
prevents  the  surface  from  oxidizing  significantly.  The  presence  of  the  LTG:GaAs  layer  there¬ 
fore  maintains  the  high  space  charge  density  in  a  thin  region  at  the  top  of  the  heavily  doped 
layer  and  therefore  maintains  the  high  concentration  of  activated  donors  within  the  region.  The 
LTG:GaAs  layer  therefore  preserves  the  n-i-+  doped  layer  even  following  air  exposure  and 
enables  device  applications  such  as  the  non-alloyed  contact  structure. 


LTGrGaAs  (nid) 
GaAs:Si  (n=10^Qcm-3) 


GaAs:Si  (a=  10^^  cm'^  ) 


GaAs  (100) 
Substrate 


layer  3 

10  nm 

layer  2 

10  nm 

layer  1 

;  500  nm 

Fig.  1.  A  diagram  of  the  GaAs  structure  investigated  in  STM  and  XPS  studies. 


4 


Scanning  Tunneling  Spectroscopy 

In  order  to  characterize  the  stability  of  LTG:GaAs  after  air  exposure,  spectroscopic  STM 
studies  were  performed  on  the  layer  structure  shown  in  Fig.  1.  The  tunneling  current  versus  tip 
to  substrate  voltage  was  measured  at  various  spatial  locations  on  the  surface.  While  the  experi¬ 
ment  actually  probes  the  electronic  characteristics  of  the  surface  layer,  it  also  provides  an  indi¬ 
cation  of  the  amound  of  surface  oxidation,  since  the  observation  of  features  such  as  a  midgap 
band  of  states  and  significant  tunnel  current  near  zero  bias  requires  a  surface  with  very  little 
oxide.  The  base  pressure  of  the  stainless  steel  vacuum  chamber  is  below  4x10“^^  torr.  The  tips 
are  etched  Pt/Ir  wires  cleaned  in  the  STM  chamber  by  field  emission  prior  to  use.  Details  of  the 
measurement  system  have  been  reported  elsewhere  [9,10].  While  the  STM  measurements  were 
performed  under  UHV,  the  sample  was  exposed  to  the  atmosphere  for  a  period  of  approxi¬ 
mately  20  minutes  during  transfer  from  the  MBE  system  to  the  STM  chamber.  After  initial 
measurements  were  made,  the  sample  was  stored  in  a  nitrogen  filled  desiccator  for  ~  25  hours  to 
further  study  the  effect  of  ambient  on  the  electronic  properties  of  the  LTG:GaAs. 

In  STM  spectroscopy,  the  density  of  states  (DOS)  is  calculated  from  the  measured  current 
(I)  versus  voltage  (V)  relationship  by  [1 1] 


DOSoc 


dl  V 
dV^  I 


Dividing  the  differential  conductivity  dl/dV  by  W  serves  to  remove  the  slowly  vaiying 
transmission  function  inherent  in  all  I(V)  data,  resulting  in  a  quantity  that  more  closely  mirrors 
the  desired  DOS.  As  suggested  by  Martensson  and  Feenstra,  smoothing  the  conductance  (LW) 
to  reduce  DOS  features  provides  a  better  approximation  to  the  tunneling  transmission  function 
[11].  Satisfactory  results  were  obtained  by  smoothing  the  conductance  with  a  one  pole,  low-pass 
Fourier  filter  algorithm  with  a  pole  frequency  specified  by  1/6  =  1/1.6  V"'.  By  choosing  6 
larger  than  Eg,  the  semiconductor  gap  (1.43  eV  for  GaAs),  the  low-pass  Fourier  filter  suppresses 
DOS  features  within  the  band  gap.  As  a  result,  the  transmission  function  (which  should  not 
depend  on  the  gap  structure)  can  be  recovered  to  a  better  approximation. 

Fig.  2  shows  the  normalized  conductance  obtained  after  20  minutes  exposure  to  ambient 
air.  The  dashed  line  is  a  representative  scan  at  a  specific  spatial  location,  while  the  solid  line  is 
the  average  of  the  scans  at  100  spatial  locations  in  50x70  nm  area.  The  effective  conduction  and 
valence  band  edges  (marked  by  Ec  and  Ey),  along  with  a  band  of  gap  states  near  the  valence 
band  edge  are  observed.  In  order  to  have  a  well-defined  criterion  for  locating  the  band  edges, 
the  inflection  point  determined  from  the  second  derivative  of  I(V)  was  used  to  define  an  effec¬ 
tive  band  edge.  Although  this  procedure  probably  overestimates  the  size  of  the  band-gap,  it 
does  provide  a  reliable  way  to  compare  band-gaps  from  I(V)  data  obtained  at  different  loca¬ 
tions.  Following  this  procedure,  the  measured  effective  gap  was  found  to  be  1.58eV  in  Fig.  2,  a 
value  slightly  larger  than  the  band  gap  of  bulk  GaAs  (1.43eV).  From  Fig.  2,  the  gap  states  are 
centered  at  a  sample  bias  voltage  near  -0.64V.  Using  the  valence  band  edge  as  a  reference,  this 
translates  into  a  state  located  0.54  eV  above  the  effective  valence  band  edge.  The  location  of 
this  feature  is  similar  to  the  one  observed  in  UHV-cleaved,  n-doped  LTGrGaAs  [4,  5].  The 
observation  of  a  band  gap,  along  with  a  band  of  midgap  states  above  the  valence  band  edge, 
indicates  that  the  LTG:GaAs  surface  layer  does  not  significantly  oxidize  during  atmospheric 
exposure  and  confirms  the  defect-assisted  tunneling  model  for  the  contact  structure.  From  the 
array  of  I(V)  data  taken  at  100  uniformly  spaced  points  in  a  50  nm  x  70  nm  area,  it  is  also  possi¬ 
ble  to  assess  the  integrity  of  the  LTGrGaAs  layer.  In  88  of  the  100  scans  taken  at  different  spa¬ 
tial  locations,  evidence  for  a  clear  gap  state  peak  is  found.  In  the  other  12  scans,  noisy  data 
resembling  the  GaAs  band  gap  was  observed.  The  spatial  distribution  of  midgap  state  density  is 
consistent  with  the  previous  reports  of  defect  densities  in  LTGrGaAs  [3-5]. 

During  the  course  of  the  measurements  described  above,  the  sample  was  stored  in  the 
UHV  chamber  for  a  period  of  ~  3  weeks.  During  this  time,  no  significant  degradation  of  the 
mid-gap  states  was  detected.  In  order  to  further  assess  the  stability  of  the  LTGrGaAs  layer,  the 
sample  was  removed  from  the  UHV  chamber  and  stored  in  a  nitrogen  filled  desiccator  for  25 
hours.  The  GaAs  band  edges  as  well  as  the  gap  states  can  be  readily  resolved  without  dramatic 
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change  from  the  initial  measurements.  This  data  shows  that  the  electronic  properties  of  the 
structure  are  stable  and  supports  the  claim  that  LTGiGaAs  does  not  rapidly  oxidize  upon  expo¬ 
sure  to  air. 


Sample  Voltage  (V) 


Fig.  2.  Normalized  conductance  of  LTG:GaAs  as  a  function  of  sample  voltage  after  20 
minutes  exposure  to  ambient.  The  dashed  line  is  a  typical  set  of  data  obtained  at  an 
arbitrary  location  of  the  Pt/Ir  tip.  The  solid  line  is  the  average  of  data  obtained  from 
100  different  spatial  locations  in  50nmx70nm  area. 


X-Ray  Photoelectron  Spectroscopy 

In  order  to  provide  a  more  detailed  study  of  the  oxidation  characteristics  of  LTG:GaAs 
after  air  exposure,  X-ray  photoelectron  spectroscopy  (XPS)  studies  were  performed  on  the  layer 
structure  shown  in  Fig.  1.  A  control  sample  identical  to  the  first  sample,  but  without  the 
LTG:GaAs  surface  layer,  was  prepared  using  the  same  growth  conditions  and  was  exposed  to 
atmosphere  simultaneously  with  the  LTG:GaAs  sample.  XPS  measurements  were  performed 
on  the  samples  following  exposure  to  atmosphere  for  i)  a  period  of  approximately  60  minutes 
during  transfer  from  the  MBE  system  to  the  XPS  chamber  and  ii)  an  additional  31  hours  under 
illumination  of  fluorescent  light  in  a  clean  air  laminar  flow  chemical  hood.  Details  of  the  UHV 
XPS  system,  the  measurement  conditions  and  the  interpretation  of  specific  peaks  have  been  pro¬ 
vided  elsewhere  [12]. 

The  XPS  measurement  detected  peaks  corresponding  to  the  oxygen  Is  level  and  the  2p3/2 
and  3d  levels  for  both  Ga  and  As.  The  horizontal  axis  of  the  spectra  represents  binding  energy. 
Higher  binding  energy  corresponds  to  lower  kinetic  energy  for  the  emitted  electrons,  which 
translates  to  shorter  escape  depth  from  the  material  and  hence  better  surface  sensitivi^.  Based 
on  published  photoelectron  escape  depths  for  Ga  and  As  levels  [13,  14]  and  the  45  take-off 
angle  used  in  this  study,  the  depth  sensitivity  of  the  XPS  measurement  is  estimated  to  be  two  to 
three  monolayers  for  the  2p3/2  levels  and  six  monolayers  for  the  3d  levels 

Fig.  3  presents  the  XPS  spectra  for  the  LTGiGaAs  and  the  control  samples  after  approxi¬ 
mately  60  minutes  of  exposure  to  atmosphere.  For  regions  where  multiple  peaks  overlap. 
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Gaussian  peaks  used  to  fit  the  data  are  shown  along  with  the  measured  curves.  Fig.  3a  shows 
the  oxygen  Is  peak  at  531  eV.  The  peak  area  for  the  LTGiGaAs  is  only  about  20%  of  that  for 
the  control  sample,  indicating  a  significantly  reduced  level  of  surface  oxidation  in  the 
LTG:GaAs  sample.  The  effect  is  also  evident  in  Figs.  3b  and  3c,  which  show  the  As  and  Ga 
2p3/2  level  peaks.  The  As  2p3/2  peak  of  the  control  sample  shows  a  well  resolved  Ga-bonded 
As  peak  at  1322.6eV  and  an  oxide  peak  at  3.1  eV  towards  higher  binding  energy,  similar  to 
cases  reported  for  GaAs  substrate  surface  after  exposure  to  air  [15,  16]  and  also  after  chemical 
preparations  for  MBE  growth  [17].  This  has  been  identified  as  As  bonded  to  oxygen  in  a  chem¬ 
isorbed  phase  which  relates  to  surface  Fermi  level  pinning  [14],  In  contrast,  the  LTG:GaAs  has 
a  sharp  Ga-bonded  As  peak  and  only  a  small  shoulder  at  about  2.5  eV  towards  the  higher  energy 
side.  The  Ga  2p3/2  peak  for  LTGiGaAs  can  be  curve  fitted  by  a  Gaussian  peak  at  1116.9  eV 
plus  another  small  Gaussian  peak  at  1.3  eV  higher  binding  energy  which  consists  of  only  about 
8%  of  the  total  area  under  the  curves.  Using  the  same  peak  positions,  curve  fitting  of  the  Ga 
2p3/2  peak  for  the  control  sample  shows  the  second  peak  to  consist  of  about  40%  of  the  total 
area. 


LTG;GaAs 


Fig.  3.  X-ray  photoelectron  spectra  for  LTGrGaAs  sample  and  control  sample,  following 
atmospheric  exposure  of  approximately  60  minutes. 

a)  O  Is  peak 

b)  As  2p3/2  peak 

c)  Ga  2p3/2  peak 

d)  As  2d  peak 

e)  Ga  2d  peak 


Figs.  3d  and  3e  show  the  more  bulk  sensitive  As  and  Ga  3d  level  peaks.  The  As  peak  on 
the  control  sample  again  shows  the  characteristic  oxide  peak  shifted  by  about  3.0  eV  from  the 
Ga-bonded  As  at  41.5  eV  binding  energy  [13,  17,  18].  This  feature  is  hardly  discernible  on  the 
LTGiGaAs.  In  Fig.  3e,  the  Ga  3d  peak  for  LTG:GaAs  can  be  reasonably  well  approximated  by 
a  single  Gaussian  peak  at  19.5  eV,  indicating  relative  absence  of  components  other  than  the 
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As-bonded  Ga.  In  contrast,  the  corresponding  peak  for  the  control  sample  is  wider  and  can  be 
shown  to  consist  of  two  Gaussian  peaks  0.5  eV  apart. 

Fig.  4  illustrates  the  XPS  spectra  taken  under  the  same  conditions  and  parameters  follow¬ 
ing  the  31  hour  air  exposure.  The  oxygen  Is  peaks  for  the  LTG:GaAs  and  the  control  sample, 
shown  in  Fig.  4a,  have  become  comparable  in  intensity  and  FWHM  (1.8  eV),  and  can  both  be 
very  well  approximated  by  single  Gaussian  peaks.  The  observation  strongly  suggests  that  equal 
amounts  of  oxygen  have  been  incorporated  into  the  surface  of  both  samples.  This  is  also  sup¬ 
ported  by  the  changes  in  the  Ga  2p3/2,  Ga  3d  and  As  3d  peaks.  There  is  also  evidence  that  the 
As  has  evolved  to  a  higher  oxidation  state,  e.g.  AS2O5  [12].  From  this  behavior,  it  is  apparent 
that  the  LTGiGaAs  layer  does  oxidize  to  some  extent  when  exposed  to  atmosphere  under 
illumination.  The  XPS  is  essentially  a  surface  probe,  so  the  thickness  of  the  oxidation  layer 
cannot  be  directly  determined.  Other  experiments,  including  the  nonalloyed  contact  study,  indi¬ 
cate  that  this  layer  is  less  than  2  nm  thick  even  following  prolonged  air  exposure. 


LTG:GaAs 


Fig.  4.  X-ray  photoelectron  spectra  for  LTGiGaAs  sample  and  control  sample,  following 
atmospheric  exposure  of  approximately  31  hours. 

a)  O  Is  peak 

b)  As  2p3/2  peak 

c)  Ga  2p3/2  peak 

d)  As  2d  peak 

e)  Ga  2d  peak 


RESULTS 

Oxidation  Mechanism 

A  qualitative  picture  of  the  oxidation  mechanisms  can  explain  the  difference  in  oxidation 
characteristics  between  the  LTGiGaAs  sample  and  the  control  sample.  The  oxidation  is  pri¬ 
marily  via  photo-oxidation,  in  which  6  holes  are  required  to  oxidize  a  single  GaAs  pair  [19]. 
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The  rate  of  surface  oxidation  should  therefore  increase  with  increasing  steady-state  density  of 
excess  holes  generated  within  a  minority  carrier  (hole)  diffusion  length  of  the  surface.  In  n-type 
stoichiometric  GaAs,  the  minority  carrier  lifetime  and  diffusion  length  are  relatively  large,  so 
the  surface  rapidly  oxidizes  during  exposure  to  air  under  illumination.  This  process  continues 
until  the  surface  oxide  thickness  and  midgap  surface  Fermi  level  pinning  are  sufficient  to  stabil¬ 
ize  the  surface  during  air  exposure  [19].  Kink  sites,  which  are  present  on  this  surface,  may  also 
play  a  role  in  the  decomposition  of  O2  and  H2O  at  the  surface  [20]  In  unannealed  LTGiGaAs, 
the  bulk  Fermi  level  is  pinned  approximately  0.4  eV  below  the  conduction  band  edge  [21],  so 
the  layer  is  lightly  n-type.  However,  the  short  minority  carrier  lifetime  (100  fs)  and  correspond¬ 
ing  short  minority  carrier  diffusion  length  in  the  LTGiGaAs  material  result  in  a  lower  minority 
carrier  concentration  near  the  surface  than  would  be  found  in  stoichiometric  material  for  the 
same  illumination  intensity,  and  therefore  a  lower  photo-oxidation  rate.  While  midgap  surface 
Fermi  level  pinning  may  occur,  the  associated  band  bending  will  be  small  in  both  energy  and 
spatial  extent,  due  to  the  bulk  Fermi  level  pinning  and  the  high  space  charge  density  associated 
with  the  antisite  defects.  There  is  also  evidence  that  the  (100)  surface  of  LTGiGaAs  does  not 
reconstruct  and  therefore  that  kink  sites  do  not  form  on  this  surface  [22].  Since  the  XPS  tech¬ 
nique  is  only  sensitive  to  atoms  located  within  a  few  monolayers  of  the  surface,  it  is  not  possi¬ 
ble  to  determine  from  this  measurement  whether  the  thickness  of  the  oxide  layer  formed  on  the 
LTGiGaAs  sample  after  long  air  exposure  is  different  from  that  of  stoichiometric  GaAs.  How¬ 
ever,  scanning  ellipsometry  studies  on  comparable  samples  following  air  exposure  indicate  that 
the  total  oxide  thickness  on  the  LTGiGaAs  surface  is  significantly  less  than  that  of  an  n-type 
surface  [23]. 

While  this  study  involved  a  10  nm  thick  layer  of  LTGiGaAs  on  a  heavily  n-doped  GaAs 
layer,  the  inhibited  oxidation  is  associated  with  a  bulk  effect  in  the  LTGiGaAs  layer  and  there¬ 
fore  should  occur  in  most  semiconductor  structures  which  are  capped  by  a  nonalloyed 
LTGiGaAs  layer  of  sufficient  thickness  to  provide  bulk  behavior,  i.e.,  a  region  in  the  LTGiGaAs 
in  which  flat-band  conditions  exist.  Based  on  the  fact  that  layers  of  LTGiGaAs  as  thin  as  2  nm 
are  effective  in  providing  low-resistance  ohmic  contact  layers  to  n-type  GaAs  [7],  the  minimum 
thickness  of  LTGiGaAs  required  to  achieve  this  bulk  behavior  is  believed  to  be  less  than  2  nm. 

Device  Applications 

In  addition  to  the  nonalloyed  contact  structure  discussed  in  the  Introduction,  preliminary 
studies  of  other  device  applications  have  been  performed.  The  first  application  involves  pat¬ 
terning  the  LTGiGaAs  cap  layer  using  chemical  etching  techniques.  As  noted  previously,  thin 
surface  layers  of  LTGiGaAs  can  provide  effective  passivation  for  semiconductor  surfaces,  i.e. 
they  remain  unoxidized  during  exposure  to  air  and  provide  a  controlled  effective  surface  poten¬ 
tial.  It  is  therefore  possible  to  fabricate  thin  n+  regions  capped  using  the  LTGiGaAs  and  make 
ohmic  contact  to  the  structure.  Controlled  stripping  of  the  2-5  nm  thick  cap  layer  will  eliminate 
this  surface  passivation  effect  and  will  result  in  a  surface  with  a  surface  depletion  layer  compar¬ 
able  to  that  found  in  stoichiometric  GaAs  samples.  The  removal  of  the  LTGiGaAs  cap  will  also 
lead  to  the  oxidation  of  the  n++  layer  immediately  below  the  cap,  making  that  layer  ineffective 
in  device  applications. 

Patterning  of  the  LTGiGaAs  passivation  layer  has  been  demonstrated  by  shallow  etching 
using  chemical  oxidation/etching  techniques.  The  layer  structure  used  for  this  etching  experi¬ 
ment  consists  of  a  10  nm  thick  heavily  doped  (~10^®cm“^)  layer  grown  at  normal  growth  tem¬ 
perature,  capped  by  a  3.5  nm  thick  LTGiGaAs  layer  grown  at  250  °C,  all  grown  on  a  semi- 
insulating  GaAs  substrate.  Transmission  line  method  (TLM)  patterns,  consisting  of  20-60jim  x 
120}J,m  Ti/Au  pads  separated  by  3-90fim,  were  defined  on  ths  structure.  The  measured  sheet 
resistance  of  the  as-grown  layer  structure  was  Rsh=  633  with  a  contact  resistance  pc= 
7xl0“^^2cm^.  The  variation  across  the  sample  was  less  than  15%.  The  TLM  sample  was  then 
exposed  to  a  chemical  oxidation/  oxide  etch  sequence,  in  which  each  iteration  consisted  of  an 
oxidization  in  H2O2  for  1  minute,  followed  by  chemical  stripping  of  the  oxide  in  I1811HCI1DI 
for  30  seconds  and  a  DI  water  rinse.  Each  such  iteration  allows  controlled  stripping  of  3-4  nm 
of  GaAs  material.  Although  not  shown  in  the  figure,  the  resistance  between  the  pads  was  meas¬ 
ured  after  each  iteration.  Fig.  5  illustrates  the  measured  resistance  versus  pad  separation  for 
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various  etch  iterations,  including  the  "as-grown"  film  (no  etch  iterations).  The  resistance 
between  the  pads  exceeded  few  tens  of  after  three  such  iterations.  The  drastic  changes  in 
the  sheet  resistance  between  successive  etch  iterations  beyond  the  first  iteration  are  associated 
with  the  re-pinning  of  the  surface  at  midgap  for  the  underlying  n+  layer  and  associated  deple¬ 
tion  of  the  doped  layer.  It  is  also  possible  that  the  etch  rate  of  the  stoichiometric  GaAs  is 
greater  than  that  of  the  protective  LTG:GaAs  cap,  so  that  later  etch  steps  remove  more  material 
per  iteration.  Preliminary  experiments  indicate  that  it  is  also  possible  to  pattern  the  structure 
using  photo-oxidation.  The  oxidation  of  LTGiGaAs  layers  requires  higher  illumination  levels 
and/or  longer  times  than  would  be  required  to  oxidize  comparable  thicknesses  of  stoichiometric 
GaAs.  This  observation  is  consistent  with  the  model  of  inhibited  oxidation  discussed  earlier. 
The  ability  to  effectively  pattern  semiconductor  active  areas  by  etching  less  than  5  nm  of 
material  could  provide  a  useful  capability  for  the  realization  of  nanometer  scale  electronic  dev¬ 
ices.  The  shallow  etching  techniques  eliminate  the  need  to  employ  highly  energetic  beams  and 
result  in  nearly  planar  surfaces. 


Fig.  5  Measured  resistance  versus  TLM  pad  separation  after  various  chemical 
oxidation/oxide  strip  iterations 


The  second  application  is  for  cap  layers  for  field-effect  transistors  (FETs)  such  as  GaAs 
metal-semiconductor  FETs  (MESFETs)  or  high-electron  mobility  transistors  (HEMTs).  By 
employing  a  LTG:GaAs  top  layer  and  an  underlying  n-i-+  layer,  a  single  structure  can  provide 
both  low-resistance,  nonalloyed  ohmic  contacts  to  the  channel  and  a  cap  layer  to  provide  high 
sheet  conductivity  and  controlled  surface  potential  in  the  region  between  the  source/drain  elec¬ 
trodes  and  the  gate  recess.  Comparable  cap  layers  employing  thicker  structures  are  commonly 
employed  to  reduce  parasitic  source  and  drain  resistances  in  FETs, 

MESFETs  have  been  fabricated  using  a  structure  grown  on  a  semi-insulating  GaAs  sub¬ 
strate  and  comprised  of  (in  order  of  growth)  i)  a  150  nm  thick  n-doped  channel  layer 
(~2xl0’''cm”^)  ii)  a  5.0  nm  n-doped  (-IxlO^^cm"^)  spacer  layer  iii)  a  cap  layer  consisting  of 
10  nm  of  n++  GaAs  (~lxl0^®cm“^)  and  a  3.5  nm  thick  LTG:GaAs  surface  layer.  Following 
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definition  of  source  and  drain  metallizations  using  liftoff,  the  devices  were  isolated  using  a 
H2S04:H202:DI  etch  solution.  TLM  patterns  were  simultaneously  fabricated  on  the  same  sam¬ 
ple  to  characterize  the  source/drain  contacts  and  the  sheet  resistance  of  the  channel  and  cap 
layer  structure.  Curve  A  of  Fig.  6  shows  the  measured  source  to  drain  resistance,  normalized  to 
device  width,  versus  source  to  drain  spacing.  The  sheet  resistance  and  specific  contact  resis¬ 
tance  obtained  from  this  data  were  Rsh~  237  O/D  and  Pc~  7  x  10“^Qcm^,  respectively.  A  sin¬ 
gle  photoresist  step  was  used  to  pattern  the  gate  recess  etch  and  gate  metallization.  Before 
metallization,  gate  recesses  were  etched  by  exposing  the  samples  to  3-5  chemical  oxidation  and 
etch  iterations  as  described  in  the  earlier  section.  The  oxidation  and  etch  procedure  causes  the 
stripping  of  controlled  thicknesses  of  the  LTG;GaAs  layer  and  the  underlying  n-i-  GaAs  layer 
thus  permitting  the  formation  of  a  good  Schottky  gate.  The  gate  length  in  most  of  the  MESFET 
devices  fabricated  were  about  2|j.m  with  drain-source  lengths  of  4-8|im.  A  Ti/Au  metallization 
(300-1000A  Ti/2000-3500A  Au),  defined  using  liftoff,  was  used  for  both  the  source/drain  con¬ 
tacts  and  the  gate  contacts.  The  only  difference  between  the  formation  of  the  two  different  types 
of  contacts  is  the  pretreatment  of  the  LTGiGaAs  surface  before  the  metallization. 


o 
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B:  Gate-Drainspacing  (jim) 


Fig.  6  Source  to  drain  resistance  versus  drain  to  source  spacing  for  ungated  TLM  pattern 
(curve  A)  and  gate  to  drain  resistance  versus  gate  to  drain  spacing  for  MESFET  in 
floating  gate  configuration  (curve  B).  In  each  case,  the  resistance  is  normalized  to 
device  width. 


It  is  believed  that  the  use  of  this  process  would  allow  one  to  fabricate  MESFETs  with  a 
self-aligned  sub-micron  gate  and  with  low  drain/source  access  resistance  due  to  the  surface  pin¬ 
ning  and  n-H-  layer  activation  associated  with  the  LTG:GaAs  in  the  regions  external  to  the  gate. 
This  is  evidenced  by  the  floating  gate  measurement  of  gate  to  drain  resistance  for  MESFETS, 


11 


i.e.  the  ratio  between  the  gate  to  drain  voltage  and  the  source  to  drain  current  with  the  gate  float¬ 
ing.  In  the  floating  gate  case,  the  gate  to  drain  resistance  is  the  sum  of  a  sheet  resistance  term 
and  a  gate  to  channel  resistance,  presumed  to  be  constant  for  a  constant  gate  dimension.  Curve 
B  in  Fig.  6  presents  the  measured  gate  to  drain  resistance  versus  gate  to  drain  spacing.  The 
slope  of  this  curve  can  be  used  to  determine  the  sheet  resistance  of  the  region  between  the  gate 
and  the  drain  metallization  in  the  MESFET  configuration.  The  measured  sheet  resistance  of  the 
capped  region  external  to  the  gate  region  is  Rsh~  295  H/D,  indicating  that  the  cap  layer  is  intact. 
Devices  in  which  the  gate  recess  etch  consisted  of  5  oxidation/etch  iterations  (~  15  nm  etch 
depth)  show  low  gate  leakage  currents  and  well  behaved  common  source  characteristics  (drain 
current  versus  drain-source  voltage).  For  a  device  with  a  gate  length  of  ~  2|j.m  and  a  spacing 
between  the  drain  source  metallizations  of  ~  6|a.m,  the  measured  loss  of  the  device  is  ~  232 
mA/mm  with  peak  transconductance  of  gm-  105  mS/mm.  While  the  MESFET  performance  has 
not  been  optimized,  these  results  indicate  that  the  LTG:GaAs  cap  layers  can  provide  low  resis¬ 
tance  access  layers  while  maintaining  low  gate  leakage. 

CONCLUSIONS 

Measurements  including  STM  spectroscopy  and  XPS  have  shown  that  LTG:GaAs  surface 
layers  oxidize  less  rapidly  than  layers  of  stoichiometric  GaAs  during  air  exposure.  In  addition, 
the  midgap  band  of  defect  states  responsible  for  midgap  Fermi  level  pinning  in  LTG:GaAs  are 
observable  using  STM  spectroscopy  following  air  exposure.  Layers  of  LTG:GaAs  with 
thicknesses  of  2-5  nm  therefore  represent  chemically  stable  surfaces  and  provide  effective  sur¬ 
face  passivation  due  to  the  inhibited  oxidation  and  bulk  Fermi  level  pinning  in  the  material.  A 
qualitative  model  for  the  oxidation  mechanism  in  LTG:GaAs  has  also  been  presented.  Finally, 
device  applications  including  low-resistance  non-alloyed  ohmic  contacts,  patterning  of  active 
areas  using  shallow  etching  and  FET  cap  layers  have  been  described. 
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ABSTRACT 

We  report  several  new  results  in  hydrogen  sulfide  (H2S)  treatment  of  a  GaAs  (001) 
substrate.  Surface  reconstruction  and  morphology  were  investigated  by  in  situ  reflection 
high  energy  electron  diffraction  (RHEED)  and  ex  situ  atomic  force  microscopy  (AFM) 
in  terms  of  the  annealing  temperature  and  the  H2S  irradiation  sequence.  A  (4  x  3) 
GaAs  surface  was  obtained  by  annealing  the  substrate  under  H2S  irradiation  (4  x  10“^^ 
Torr).  The  surface  was  atomically  flat,  i.e.,  large  terraces  with  monolayer  steps  were 
clearly  observed.  A  (2  x  6)  S-terminated  GaAs  surface  was  obtained  by  irradiation  H2S 
at  300°C  on  a  Ga-terminated  surface,  which  was  formed  by  annealing  at  580°C  in  high 
vacuum.  The  molecular  beam  epitaxy  (MBE)  growth  of  ZnSSe-based  semiconductors  on 
the  (4  X  3)  surface  results  in  high  quality  structures  such  as  a  novel  ZnSSe/ZnMgSSe 
tensile-strained  quantum  well  (QW). 

INTRODUCTION 

Sulfur  treatment  of  GaAs  is  very  useful  not  only  for  device  application  but  also  for 
substrate  modification  for  subsequent  crystal  growth.  For  example,  ZnSe  based  II- VI  com¬ 
pound  semiconductors,  which  are  promising  materials  for  short  wavelength  light  emitting 
devices,  are  generally  grown  on  GaAs  substrates,  since  high  quality  ZnSe  substrates  are 
not  provided  commonly.  To  obtain  a  high  quality  ZnSe  layer  on  GaAs,  it  is  very  important 
to  control  the  surface  condition  of  the  GaAs  substrates. 

As  one  of  the  solutions,  a  two  chamber  molecular  beam  epitaxy  (MBE)  system  is  used 
to  grow  a  GaAs  epitaxial  buffer  layer  and  to  control  the  surface  stoichiometry.  Recently, 
it  was  reported  that  (2  x  4)  As-stabilized  GaAs  surface  followed  by  pre-irradiation  of  Zn 
brought  layer-by-layer  growth  of  ZnSe  and  very  high  quality  ZnSe  epilayers[l]. 

As  other  approaches,  surface  treatment  techniques  such  as  ammonium-sulfide 
treatment [2]  and  hydrogen  plasma  cleaning[3]  have  been  proposed.  These  techniques, 
if  they  contribute  to  high  quality  ZnSe,  are  more  handy  and  convenient,  and  will  be  ap¬ 
plicable  to  regrowth  of  II- VI  on  patterned  III-V  layers  for  future  novel  opto-electronic 
integra.ted  devices. 

Recently,  we  proposed  in  situ  surface  treatment  of  GaAs  substrates  by  using  hydro¬ 
gen  sulfide  (H2S)  for  the  MBE  growth  of  ZnSe[4].  In  order  for  the  development  of  this 
new  technique,  it  is  very  important  to  investigate  relation  between  the  surface  structure 
(reconstruction,  morphology,  etc.)  and  the  treatment  conditions.  In  this  paper,  surface 
reconstruction  and  morphology  of  H2S  treated  GaAs  substrates  are  investigated  by  in  situ 
reflection  high  energy  electron  diffraction  (RHEED)  and  ex  situ  atomic  force  microscopy 
(AFM)  in  terms  of  annealing  temperature  and  H2S  irradiation  sequence.  In  addition, 
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successful  application  of  this  technique  to  MBE  growth  of  ZnSe-based  semiconductors, 
including  a  new  tensile-strained  quantum  well  structure,  is  also  mentioned. 

EXPERIMENT 

Substrates  used  in  the  experiments  were  Zn-doped  p+-GaAs  (001)  just  oriented  wafers. 
The  substrates  were  prepared  by  the  standard  cleaning  and  etching  procedures.  Then, 
they  were  mounted  onto  a  molybdenum  holder  by  indium  welding,  and  loaded  into  the 
exchanging  chamber  immediately. 

The  main  chamber  is  pumped  by  a  diffusion  pump  with  a  Vacuum  Generators  CCT-150 
liquid  nitrogen  trap.  It  is  equipped  with  gas-cells  and  RHEED  system.  The  background 
pressure  is  lower  than  1  x  10"®  Torr  after  chamber  baking. 

HaS  gas  (99.99%  purity)  was  introduced  through  the  gas  cell  whose  temperature  was 
kept  at  100°C  to  avoid  condensation  of  the  gas.  At  this  temperature,  H2S  does  not 
readily  thermally  decompose.  Therefore  the  species  impinging  onto  the  sample  surface  are 
uncracked  H2S  molecules.  The  flow  rate  of  H2S  was  controlled  by  a  mass  flow  controller. 
Beam  pressure  was  measured  by  a  movable  ion  gauge  at  the  substrate  position. 

The  substrate  surface  was  characterized  by  in  situ  RHEED  (10  keV)  and  ex  situ  atomic 
force  microscope  (AFM)  observations.  In  order  for  the  AFM  observation,  the  substrate 
heater  and  H2S  irradiation  were  switched  off  when  a  desirable  surface  was  obtained, 
then  after  cooling  down  to  300°C  the  sample  was  loaded  to  the  exchanging  chamber  and 
transferred  to  the  AFM  system  in  the  air  as  soon  as  possible.  It  is  thought  that  the 
surface  morphology  is  basically  unchanged  during  the  cooling  down  and  in  the  air. 

RESULTS 

Annealing  of  GaAs  substrates  under  H2S  irradiation 

Afer  loading  into  the  main  chamber,  a  GaAs  substrate  was  heated  up  to  300°C.  Then 
H2S  irradiation  was  started  and  the  substrate  temperature  was  increased  at  a  rate  of 
10°C/min.  In  situ  RHEED  patterns  and  ex  situ  AFM  images  of  a  GaAs  surface  with 
increase  of  substrate  temperature  under  H2S  irradiation  are  summarized  in  Fig.  1.  In 
this  experiment,  the  H2S  beam  pressure  was  set  at  4  x  10"'’  Torr,  which  is  much  smaller 
than  that  employed  in  previous  studies  of  H2S  treatment [5,  6]. 

Below  500°C,  a  halo  pattern  originated  from  the  surface  oxide  layer  was  observed. 
Then,  faint  streaks  began  to  appear  with  increasing  the  substrate  temperature.  At  about 
590*^0,  the  intensity  of  RHEED  greatly  increased  and  an  arrow  head-like  spotty  pattern 
appeared  as  shown  in  Fig.  1(a).  Desorption  of  the  surface  oxide  seems  to  begin  at  this 
temperature.  Fig.  1(a)  shows  an  ex  situ  AFM  image  correspond  to  this  surface.  A  wavy 
surface,  which  may  be  due  to  partial  oxide  desorption,  was  observed. 

After  10--20  seconds,  the  RHEED  pattern  changed  into  sharp  streaks  with  (4  x  3) 
reconstruction  as  shown  in  Fig.  1(b).  Laue  zone  reflections  were  clearly  observed  for  [110] 
direction.  Fig.  1(b)  shows  an  AFM  image  for  this  surface.  The  surface  was  atomically  flat 
with  monolayer  height  (~3  A)  steps.  Obtaining  such  a  flat  surface  only  by  annealing  the 
GaAs  substrate  under  H2S  irradiation  is  the  new  finding  and  will  be  useful  not  only  for  a 
preparation  for  subsequent  growth  but  also  for  other  applications.  A  (4x3)  reconstruction 
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was  known  for  a  GaAs  surface  thennally  annealed  with  selenium  irradiation [7].  Although 
an  atomic  arrangement  of  the  (4  x  3)  structure  in  ref.  [7]  is  not  clearly  understood,  it 
was  attributed  to  partial  Se-adsorption  on  a  GaAs  surface.  The  (4  x  3)  reconstruction 
obsei'ved  in  our  experiment  will  be  the  same  kind  of  structure  except  for  replacing  Se  with 
S.  In  the  view  point  of  the  growth  of  ZnSe  on  GaAs,  such  a  flat  surface  is  attractive  since 
inhomogeneous  nucleation  will  be  prevented.  Also  a  partially  S-adsorbed  GaAs  surface 
will  be  better  for  beginning  the  ZnSe  growth  compared  with  a  completely  S-covered  GaAs 
surface,  because  mixing  of  Se-Ga  and  Zn-As  bondings  is  required  for  charge  valance  at  a 
ZnSe/GaAs  heterovalent  inteiface[8]. 


[110] 
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(c) 

61 020 


Wavy  surface 

.  oxide 


Atomically 
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Fig.  1  In  situ  RHEED  patterns  and  ex  situ  AFM  images  of  a  GaAs  surface  with 
increase  of  substrate  temperature  under  H2S  irradiation,  (a)  590°C,  (b) 
595°C  and  (c)  610°C. 

If  the  substrate  temperature  is  further  increased  up  to  610°C,  the  RHEED  pattern 
changed  into  arrow  head- like  streaks  as  shown  in  Fig.  1(c).  Although  surface  reconstruc¬ 
tion  seems  to  depend  on  H2S  pre^ssiire,  (4  x  6)-like  rex:onstruction,  which  may  originate 
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from  a  Ga-terminated  GaAs  surface[9],  was  generally  observed.  If  the  substrate  was  cooled 
down  to  300°C  under  H2S  irradiation,  the  reconstruction  changed  to  (2x6).  This  change 
is  due  to  S-adsorption  as  mentioned  below.  An  AFM  image  for  this  surface  is  shown 
in  Fig.  1(c).  The  surface  was  faceting,  i.e.,  composed  of  small  atomically  flat  terraces 
developed  along  [UOj  direction.  It  is  thought  that  these  terraces  were  formed  by  etching 
effect  of  H2S.  Many  protrusions  (50A  in  height)  were  also  observed. 

H2S  irradiation  on  Ga-terminated  GaAs  surface 

If  a  GaAs  substrate  is  annealed  carefully  in  high  vacuum  without  As  pressure,  a  Ga- 
terminated  surface  is  obtained  after  surface  oxide  removal.  We  also  investigate  the  effect 
of  H2S  irradiation  on  this  Ga-terminated  surface. 


Fig.  2  RHEED  patterns  for  GaAs  substrates  (a)  before  and  (b)  after  10-min 
irradiation  of  H2S  at  300°C.  (a)  A  mixture  of  (3  x  6)  and  (4  x  6)  recon¬ 
structions  which  are  attributed  to  Ga-terminated  surfaces,  (b)  A  (2  x  6) 
reconstruction  which  is  attributed  to  the  S-terminated  surface. 

At  first,  a  GaAs  substrate  was  thermally  annealed  in  high  vacuum  (<  1  x  10  ®  Torr) 
to  remove  surface  oxide.  To  avoid  contamination,  the  main  chamber  was  baked  out  befoie 
the  experiment.  After  the  annealing,  a  surface  oxide  layer  was  removed  and  mixture  of 
(3x6)  and  (4x6)  Ga-terminated  surface  reconstructions  [9]  appeared  as  shown  in  Fig. 
2(a).  After  cooling  down  to  300°C,  H2S  irradiation  was  started.  As  shown  in  Fig.  2(b), 
the  surface  reconstruction  changed  to  (2  x  6)  within  a  few  minutes  after  the  start  of 
the  irradiation.  Auger  electron  spectroscopy  (AES)  shows  that  the  surface  is  covered  by 
S.  Therefore,  this  (2  x  6)  reconstruction  is  thought  to  be  the  same  as  the  S-terminated 
(2  X  6)  GaAs  surface  reported  by  Tsukamoto  and  Koguchi[10j.  This  (2  x  6)  S-terminated 
surface  is  proposed  to  be  energetically  more  stable  than  conventionally  reported  (2  x  1) 
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one.  Very  stable  surface  is  attractive  to  being  applied  to  surface  passivation.  The  (2  x  6) 
GaAs  surface  has  generally  achieved  by  exposing  a  Ga-stabilized  GaAs  surface  to  S  vapor. 
Obtaining  the  (2  x  6)  surface  by  using  H2S  is  the  new  finding  and  is  the  more  convenient 
technique. 

Application  of  H2S  treatment  to  the  MBE  growth  of  ZnSe-based  semiconductors 

Recently,  we  proposed  ZnSSe/ZnMgSSe  tensile-strained  quantum  well  structures  for 
the  study  of  light-hole  excitons  in  the  ZnSe-based  system.  It  is  known  that  a  tensile- 
strained  layer  is  more  easily  relaxed  by  introducing  misfit  dislocations  compared  to  com¬ 
pressive  one[ll].  Thus,  it  is  very  important  to  prepare  very  smooth  and  high  quality 
underlying  layers  for  the  growth  of  tensile  strained  systems.  We  applied  the  hydrogen 
sulfide  treatment  of  GaAs,  which  results  in  atomically  fiat  (4  x  3)  surface,  prior  to  the 
growth  of  tensile-strained  ZnSSe/ZnMgSSe  multiple  quantum  well  (MQW)  structure.  As 
a  result,  TM-mode  lasing  due  to  light-hole  exciton  was  realized  at  24  K  as  shown  in  Fig. 
3.  This  result  indicates  successful  growth  of  high  quality  tensile- strained  ZnSSe/ZnMgSSe 
MQW  structure.  Although  detailed  studies  such  as  structural  characterization  by  trans¬ 
mission  electron  microscopy  (TEM)  are  under  investigation,  the  present  results  encourage 
the  usefulness  of  this  H2S  treatment  technique  for  the  growth  of  ZnSe  systems. 


Fig.  3  Output  power  from  cleaved  edge  vs.  excitation  power  for 
ZnSSe/ZnMgSSe  MQW  structure.  TM-mode  lasing  due  to  light-hole 
exciton  occures  at  428  nm.  Threshould  power  is  about  80  kW/cm^. 

CONCLUSIONS 

An  atomically  flat  GaAs  surface  with  (4  x  3)  reconstruction  was  obtained  by  an¬ 
nealing  a  GaAs  substrate  under  H2S  irradiation.  Successful  growth  of  a  tensile-strained 
ZnSSe/ZnMgSSe  MQW  structure  was  achieved  on  this  (4  x  3)  GaAs  surface.  The  (2  x  6) 
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S-termina.ted  GaAs  surfaa?  wa.s  obtained  by  H2S  irradiation  on  Ga.-tenninated  GaAs  sur¬ 
face.  The  energetically  stable  (2x6)  surface  is  promising  for  reduction  of  surface  states. 
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ABSTRACT 

This  paper  examines  the  conduction  band  offset,  AEc,  and  interface  charge  density,  g, 
of  disordCTed  InGaP  and  GaAs  heterointerfaces  by  controlling  the  AsHj  cover  time  and  flow 
rate  at  the  growth  interval  from  GaAs  to  InGaP.  Short  AsH,  cover  time  (0.05  min)  creates 
high  AEc  of  0.2  eV  and  low  a  of  6.3xl0^®cm*^.  Extending  the  AsHj  cover  time  by  50  times 

cuts  AEc  to  almost  0  eV  and  increases  g  by  one  order.  Interface  morphology  for  long-AsHj 
-cover-time  samples  observed  by  atomic  force  microscopy  shows  a  terrace  structure  on  GaAs 
surface,  which  means  the  surface  is  As  rich.  These  results  suggest  that  an  As-poor  GaAs 
surface  is  essential  to  achieving  high-quality  InGaP/GaAs  heterointerfaces. 

INTRODUCTION 

InGaP  has  a  low  recombination  velocity  [1]  and  a  low  concentration  of  deep  levels 
[2].  The  InGaP/GaAs  heterostructure,  thus  represents  an  alternative  to  the  AlGaAs/GaAs 
heterostructure  and  is  now  being  applied  for  electrical  and  optical  devices  [3],  [4].  However, 
various  values  of  energy  band  offset,  AEc,  and  a  large  concentration  of  the  interface  charge, 

G,  have  been  reported  for  this  structure,  and  the  reason  for  this  AEc  variation  and  the  origin  of 
the  interface  charges  have  not  been  elucidated. 

In  this  study,  we  fabricated  the  InGaP/GaAs  heterostructure  by  controlling  the  gas 
flow  sequence  at  the  growth  interval  from  GaAs  to  InGaP.  We  characterized  AEc  and  g  by 
capacitance-voltage  (C-V)  measuremaits  and  observed  interfacial  GaAs  morphology  by  atomic 
force  microscopy  (AFM).  As  a  result,  we  clarified  that  AEc  and  g  change  depending  on  the 

growth  conditions  and  that  reducing  the  AsH,  cover  time  is  the  most  effective  way  to  create  a 
high-quality  interface  with  a  large  band  offset  and  low  interface  charge  density. 


TARGET  DEVICE  STRUCTURE 
A  schematic  cross  section 


of  the  GaAs/InGaP/(In)GaAs 
heterostructure  MESFET  we 
developed  for  analog-microwave- 
ICs  is  shown  in  Figure  1  [5].  The 
(In)GaAs  channel  is  heavily  Si- 
doped  (~5xl0‘®cm‘^)  and  the 
remaining  layers  are  undoped.  The 
source  and  drain  regions  were 
formed  by  Si  ion  implantation.  The 
GaAs  cap  layer  prevents  InGaP 
from  reacting  with  the  refractory 
WSiN  gate  during  the  activation 
anneal  process  for  implanted  Si- 
ions.  The  n*-(In)GaAs  channel 
surface  is  passivated  by  InGaP 
which  we  provides  a  higher 


Fig.  1  Cross-section  of  the  target  device:  self-alighned 
gate  GaAs/InGaP/(In)GaAs  heterostructure  MESFETs. 
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Schottky  barrier.  Thus,  the  InGaP/(In)GaAs  interface  quality  is  quite  important  to  get  high 
device  paformance. 


EXPERIMENTAL 

GaAs  and  InGaP  layers  were  grown  on  3- 
inch-diameter  (100)  GaAs  substrate  by  low  pressure 
(60  Torr)  metal  organic  chemical  vapor  deposition 
(MOCVD)  at  a  growth  temperature  of  500  °C.  Both 
layers  were  3000- A  thick  and  dop^  to  1  to  2  x  10*’ 
cm  ■’.  InGaP  layers  were  grown  in  the  disordered 
state  to  obtain  high  AEc  and  their  energy  gap  at 
room  tfflnperature  was  1.9  eV,  which  was  determined 
by  photoluminescence  (PL)  measurement.  InGaP 
layers  were  lattice  matched  to  GaAs  layers  and  the 
In-composition  determined  from  X-ray  diffraction 
measurements  was  0.48. 

The  gas  flow  sequence  at  the  growth  interval 
was  as  follows,  (1)  Asl^  was  continuously  supplied 
to  covCT  GaAs  after  the  Ga  source  was  switched  off. 
(2)  AftCT  the  AsHj  flow  was  stopped,  PH3  purge  gas 
was  switched  on  to  remove  AsHj  from  around  the 
sample.  (3)  After  that,  InGaP  source  gases  were 
supplied.  The  timing  of  these  gas  changed  at  the 
growth  interval  is  shown  in  Fig.  2.  In  this  study,  the 
AsHj  cover  time  and  flow  rate  were  changed  to 
investigate  the  influence  of  As  on  the  interface 
characteristics.  The  PHj  purge  time  was  fixed  at  2.5 
min  and  the  PI^  flow  late  was  fixed  at  300  cc/min. 
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Fig.  2  Gas  flow  sequence  for  growth 
of  the  InGaP/GaAs  structure.  GaAs 
surface  was  covered  with  AsHj  and 
subsequently  purged  by  PH  3  at  the 
GaAs-to-InGaP  growth  interval.  PH, 
flow  conditions  were  k^t  constant 
(300  cc/min  and  2.5  min). 


Schottky  diodes  with  a  280  pm  x  280  pm  Ti/Au  Schottky  electrode  encircled  by  a 
AuGe/Ni  ohmic  electrode  were  fabricated  to  measure  the  electrical  characteristics.  We  measured 
the  carrier  concentration  profile  around  the  interface  using  C-V  measurement.  To  avoid  break 
down  at  the  deep  bias  condition,  we  also  fabricated  diodes  after  etching  off  about  half  the 
thickness  of  the  InGaP  layer. 

Since  the  interface  morphology  can  not  be  observed  in  situ  at  the  time  of  MOCVD, 
we  observed  the  GaAs  surface  by  AFM  after  removing  the  InGaP  layers  selectively  by  the 
HCl.  The  observation  was  performed  in  air  using  the  tapping  mode  of  Digital  Instrument’s 
Nanoscope  III. 


RESULTS 


AsH,  cover  time  dependence 

AsHj  cover  time  dq)endence  on  the  heterointerface  parameters  was  compared  between 
2  samples  whose  AsH,  cover  times  were  0.05  (^174)  and  2.5  min  (/^172).  The  AsH,  flow 
rate  was  fixed  at  100  cc/min.  The  carrier  concentrations  around  the  InGaP/GaAs  interface  for 


these  samples  are  respectively  shown  in  Figs.  3(a)  and  (b),  by  solid  lines.  These  apparent 
carrier  concentration  profiles  are  quite  different  and  the  difference  is  related  to  the  As^ 
cover  time.  The  electron  depletion  at  the  interface  region  in  the  InGaP  layer  is  annihilated  in 


the  sample  with  the  2.5  min  cover  time. 


We  detCTmined  the  conduction  band  offset,  AEc,  and  intCTface  charge  density,  a,  at 


the  interfaces  from  these  carrier  concentration  profiles  using  Kroemer’s  m^hod  [7].  Although 
the  interface  position  is  important  in  this  method,  it  has  some  ambiguity  because  of  the 
growth  rate  fluctuation.  We  defined  the  distance  of  the  interface  from  the  InGaP  surface,  Xj, 
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Fig.  3  Apparent  carrier  concentration  obtained  by  capacitance-voltage  measurement  with 
(solid  line)  and  by  two-dimensional  simulation.  Sample  /^174,  (a),  was  grown  with 
AsHj  flow  of  100  cc/min  for  0.05  min  and  ^172,  (b),  was  grown  with  AsH,  flow  of 
100  cc/min  for  2.5  min. 


at  the  maximum  carrier  concentration 
position.  The  reason  for  doing  so  is 
that  electrons  accumulate  at  the 
interface  due  to  the  band  bending  and 
interface  charges.  The  Xj  dependence 
of  AEc  and  a  for  ^174  are  shown  in 
Fig.  4.  The  interface  position  is  0.314 
pm  and  the  obtained  AEc  and  a  are 
0.20  eV  and  6.4x10'”  cm■^ 
respectively.  The  same  process  was 
performed  for  #2172  and  obtained 
values  were  0.05  eV  and  9.3x10"  cm'^. 
When  the  AsH,  cover  time  was 
increased  by  50  times,  the  conduction 
band  offset  decreased  to  1/4  and  the 
interface  charge  density  increased  by 
10  times.  The  positive  sign  of  the 
interface  charge  means  that  the  charges 
are  likely  to  be  donors. 

The  apparent  carrier 
concentration  profile  was 
reconstructed  by  two-dimensional 
simulation  using  the  above  AEc  and 

c  values  for  sample  #2174.  In  the 
simulation  it  was  assumed  that  the 
interface  charges  are  shallow  donors 
and  they  exist  at  the  interface  in  the 
InGaP  layer  to  a  thickness  of  5A.  The 
experimental  curve  and  simulation, 
shown  in  Fig.  3(a)  by  solid  circles, 
are  in  good  agreement. 


Fig.  4  Conduction  band  offset  AEc  and  interface 
charge  density  a  of  #2 174  calculated  by  Kroemer's 
method  using  the  carrier  profile  in  Fig.  3(a). 

fT' 


Fig.  5  Apparent  carrier  concentration  obtained  by 
capacitance-voltage  measurement.  Sample  #2178  was 
grown  with  AsHj  flow  of  10  cc/min  for  2.5  min  and 
#2177  was  grown  with  AsHj  flow  of  200  cc/min  for 
2.5  min. 
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The  small  AEc  (about  0  eV)  for  #2172  is  confirmed  by  2  dimensional  simulation.  If 
the  excess  charge  at  the  interface  shaded  the  Carrie  depletion  at  the  InGaP,  modulation  of  the 
interface  charge  model  would  fit  the  reconstructed  profile  to  experimental  results  with  AEc  = 
0.2  eV.  The  interface  conditions  in  the  simulation  were  interface  charge  densities  of  9.3x10" 
and  5xl0‘^cm'^  for  the  interface  charge  layer  thickness  of  5 A.  The  simulated  carrier  concaitration 
profile  is  shown  in  Fig.  3(b).  The  assumption  of  a  large  interface  charge  density  did  not  yield 
the  correct  profile.  This  means  that  it  is  not  the  interface  charge,  but  the  change  of  the  band 
line  up  that  is  resposible  for  the  annihilation  on  the  carrier  depletion. 


AsH,  flow  rate  dependence 

AsHj  flow  rate  dependence  was 
examined  with  the  AsE^  cover  time  fixed 
at  2.5  min.  The  flow  rates  were  10  (#2178) 
and  200  cc/min  (#2177).  The  results  are 
shown  in  Fig.5.  AEc  and  a  were  determined 
in  the  manner  mentioned  above.  The 

obtained  values  are  -0.04  eV  and  8.5x10" 
cm"  for  #2178  and  -0.01  eV  and  7.3x10" 
cm"  for  #2177. 

The  obtained  paramders  for  the  four 
samples  are  listed  in  Table  1.  The  AEc 
values  for  all  flow  rates  with  the  long  covct 
time  are  close  to  0  eV  and  the  a  values  are 
on  the  order  of  10"  cm  ".  This  result  shows 
that  the  flow  rate  change  does  not  influence 
the  interface  parameters.  The  dominant 
parameter  for  controlling  interface  AEc  and 
<s  is  AsHj  cover  time. 


of  conduction  band  offset  AEc(upper)  and 
interface  change  density  o (lower). 


DISCUSSIONS 

Samples  whose  InGaP  layer  was 
replaced  by  GaAs  to  form  GaAs/GaAs 
homointerface  were  grown  to  compare  it 
with  the  InGaP  interface.  Two  samples, 
#2386  and  #2387,  were  grown  under  the 
same  AsHj  cover  condition  as  #2174  and 
#2172  at  the  growth  interval  without  PH3 
purge.  A  third  sample,  #2407,  was  treated 
with  a  2.5-min  AsHj  cover  and  2.5-min 
PHj  purge.  The  apparent  carrier 
concentration  profiles  of  these  three 
samples  are  shown  in  Fig.  6.  The  profiles 
are  flat  over  the  total  epitaxial  growth  layer. 
If  the  gas  flow  treatment  at  the  growth 
intCTval  had  affected  the  GaAs  layer,  carriCT 
accumulation  at  the  interface  would  be 
expected.  The  flat  profiles  mean  neither 
excess  As  nor  P  affect  GaAs.  No  interface 
charges  were  created  in  the  GaAs  layer. 
Therefore,  at  the  InGaP/GaAs  intaface,  As 


Depth  (M^m) 


Fig.  6  Apparent  carrier  concentration  of  the 
GaAs/GaAs  structures  obtained  by  capacitance- 
voltage  measurement.  The  interface  lies  0.2  pm 
from  the  surface  (depth  =  0  p  m).  Total 
epitaxial-growth  layer  thickness  is  0.4  pm . 
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is  taken  into  the  InGaP  layer  at  the 
beginning  of  InGaP  growth. 

There  is  a  possibility  that  a  new 
thin  interfacial  layer  made  of  In,  Ga,  As, 
and  P,  i.e.  the  quartemary  In^^Ga^i.^jAs^P^i.y), 
is  created  when  As  affects  the  first  stage 
of  InGaP  growth.  If  this  is  true  it  means 
the  interface  charge  has  some  other  origin. 
The  photoluminescence  spectrum 
measured  at  4.2  K  in  Fig.  7  has  a  bulk 
InGaP  line  and  bulk  GaAs  lines  related  to 
carbon  and  silicon  impurities.  The 
In,Ga(i.,rtASyP(i,y)  signal  was  not  detected, 
althougn  there  were  many  possibility  of 
energy  gaps  because  of  the  unfixed  atomic 
composition  rate  of  x  and  y.  Furthermore, 
the  thin  layer  would  show  the  quantum 
confinement  effect.  The  InGaAsP  related 
emission,  that  is  frequently  observed  at 
the  GaAs/InGaP  interface  at  around  880 
nm  [8]  was  not  detected.  This  indicates 


6,000  8,000  10,000 

Wavelength  (A) 

Fig.  7.  Photoluminescence  spectrum  of  #2174 
(AsH  3  flow:  100 cc/min;  0.05  min)  and  #2177 
(AsH  3  flow:200  cc/min;  2.5  min)  measured  at 
4.2  K. 


Fig-  8.  GaAs  surface  morphology  of  a  1  pm  x  1  pm  segment  of  #2174  (a),  #2172  (b), 
#2178  (c)  and  #2177  (d)  observed  by  AEM.  The  long-AsHjCOver-time  samples  (#2172, 
#2178,  ilVJl)  have  a  terrace  structure  on  the  GaAs  surface. 
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that  As/P  intermixing  did  not  occur  at  the  InGaP/GaAs  interfaces  in  spite  of  the  long  PH3 
purge  time  of  2.5  min. 

Arsenic  could  be  the  origin  of  the  interface  charge,  but  its  function  is  not  clear.  It  can 
be  donar  like  defects  such  as  As+  ions  or  the  origin  of  the  lattice  strain.  The  observed  GaAs 
surface  morphology  is  shown  in  Fig.  8.  A  terrace  structure  was  observed  for  the  long-AsHj- 
cova--time  samples  and  this  may  be  related  to  the  small  AEc.  The  terraces  may  not  directly 
affect  the  band  line  up  of  the  heterostructure;  however,  they  might  trigger  variations  in  the 
interface  characteristics,  e.g.  they  might  induce  ordering  at  the  InGaP  interface.  The  AEc 
reduction  related  to  the  long  AsK^  cover  time  might  be  explained  if  the  ordering  of  InGaP 
[9],  [10]  at  the  interface  due  to  the  GaAs  terrace  or  the  interface  strain  [1 1]  could  be  confirmed. 

SUMMARY 

We  studied  the  dependence  of  the  Asl^  gas  flow  condition  at  the  growth  interval  on 
the  change  in  the  band  offs^  and  the  interface  charge  density  of  the  InGaP/Ga  As  heterointerface. 
The  AEc  is  reduced  from  0.2  to  about  0  eV  when  AsH,  cover  time  is  increased  from  0.05  to 

2.5  min,  while  a  increased  from  6xl0‘°  to  about  8xl0“cm*^.  A  two-dimensional  simulation 
revealed  the  interface  charge  was  found  to  be  shallow  donor  type  impurity.  A  terrace  structure 
was  observed  for  long-AsHj-cover-time  samples  by  APM. 

The  variation  of  interface  morphology  of  GaAs  arises  from  excess  As  created  by  the 
long  AsHj  cover  time  at  growth  interval.  The  excess  As  and  the  morphology  of  GaAs 
probably  induced  the  variation  of  AEc  and  a.  Although  the  function  of  As  in  InGaP  is  not 
clear  at  this  stage,  it  might  be  As^  ions  or  the  origin  of  the  lattice  strain  which  makes  donar 
like  defects.  The  reason  for  the  AEc  reduction  might  be  the  ordering  of  InGaP  at  the  interface 
caused  by  the  GaAs  terraces  or  by  the  interface  strain. 

In  conclusion,  reducing  the  AsHj  cover  time  rather  than  controlling  the  AsHj  flow 

rate  was  found  to  be  the  dominant  factor  in  controlling  AEc  and  a  and  obtaining  a  high 
quality  interface. 
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ABSTRACT 

Remote  radiofrequency  H2  and  O2  plasma  processing  of  InP  and  GaAs  surfaces  was 
investigated  by  in  situ  real  time  spectroscopic  ellipsometry.  Hydrogen  plasmas  were  used  for  the 
native  oxide  removal  and  the  defect  passivation  of  m-V  surfaces.  The  effect  of  hydrogen  exposure 
time  and  of  crystaUographic  orientation  (GaAs  (100),  (110),  (111))  on  the  chemistry  and  kinetics 
of  oxygen  removal  and  of  phosphorus/arsenic  depletion  was  investigated.  Oxygen  plasma 
anodization  was  used  to  grow  oxide  films  on  GaAs  (100),  (110)  and  (111)  substrates.  The  effect 
of  bias  voltage  and  UV-light  irradiation  on  the  chemistry  and  kinetics  of  oxidation  process  and  on 
the  oxide  properties  was  studied.  The  composition  and  morphology  of  the  InP  and  GaAs  surfaces 
resulting  from  these  plasma  treatments  was  described. 

INTRODUCTION 

Recently,  remote  plasma  treatment  of  III-V  semiconductor  surfaces  has  drawn  the  attention  of 
many  researchers  due  to  the  facilities  of  low  processing  temperatures  and  low  material  damage. 
Among  others,  hydrogen  plasmas  have  been  demonstrated  to  be  effective  in  the  in  situ  native 
oxide  removal  [1]  and  in  the  defect  passivation  [2,3]  of  III-V  materials,  and  oxygen  plasmas  have 
been  reported  capable  of  producing  GaAs  oxidation;  the  resulting  GaAs  oxides  have  shown 
properties  comparable  to  those  of  thermally  grown  oxides.  In  both  cases,  however,  the  knowledge 
of  the  involved  chemistries  and  kinetics  is  still  far  from  being  complete.  A  common  approach  in  the 
investigation  of  III-V  plasma  processing  consists  in  exposing  the  surface  to  hydrogen  and/or 
oxygen  plasmas  for  an  arbitrary  time,  and  in  the  aposteriori  evaluation  of  the  material  quality  and 
morphology.  This  “trial  and  error”  approach  has  produced  contradictory  results  on  the 
applicability  of  plasma  processing  to  InP  and  GaAs  materials.  As  an  example,  many  authors  report 
that  hydrogen  plasmas  are  not  effective  in  the  treatment  of  InP  and  GaAs  materials,  as  the  exposed 
surfaces  loose  their  stoichiometry  because  of  the  surface  depletion  of  phosphorus  [4]  and  arsenic 
[5],  respectively.  Even  more  lively  is  the  debate  on  the  GaAs  plasma  oxidation  process,  although 
widely  investigated  in  these  last  years.  Specifically,  while  the  oxidation  kinetics  has  been  well 
described  and  different  models  have  been  proposed  [6,7],  few  attempts  have  been  reported  to 
correlate  the  oxidation  kinetics  with  the  resulting  oxide  chemistry  and  properties. 

In  this  paper,  we  report  on  the  use  of  in  situ  real  time  spectroscopic  ellipsometry  to  monitor 
and  control  the  dry  cleaning  and  oxidation  plasma  processes  of  InP  and  GaAs  substrates,  and 
several  questions  concerning  their  chemistry  and  kinetics  are  addressed. 

EXPERIMENT 

The  remote-plasma  metalorganic  chemical  vapor  deposition  (RP-MOCVD)  apparatus,  used 
for  the  growth  and  treatment  of  III-V  materials  and  described  in  detail  previously  [8],  consists  of  a 
stainless  steel  reactor,  equipped  with  a  r.f.  (13.56  MHz)  plasma  source  and  an  in  situ  phase 
modulated  spectroscopic  ellipsometer  (UVISEL-ISA  Jobin  Yvon).  Samples  used  in  the  present 
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study  were  commercially  available  SI  (100)  InP  wafers  and  SI  GaAs  wafers  with  the  three 
different  orientations  (100),  (110)  and  (lll)A.  The  samples  were  introduced,  through  a  load  lock 
chamber,  in  the  MOCVD  reactor  without  any  ex  situ  pre-treatment,  and  were  positioned  on  a 
molybdenum  susceptor  whose  temperature  is  monitored  by  a  K-thermocouple.  All  the  hydrogen 
treatments  were  performed  at  a  r.f.  power  of  60  watt,  a  pressure  of  1  torr,  a  H2  flow  rate  of  800 
seem,  and  the  substrate  temperature  was  changed  in  the  range  25-350°C.  For  r.f.  plasma 
oxidation,  the  plasma  was  fed  by  O2:Ar=10:2  seem  mixture,  the  r.f.  power  was  100  watt,  the 
pressure  was  varied  in  the  range  7-70  mtorr,  the  surface  temperature  was  130°C,  and  a  dc  bias 
between  0  and  -i-70  V  was  applied  to  the  substrates.  A  Hg  lamp,  with  maximum  emission  at  250 
nm,  was  used  to  irradiate  the  substrate  surface  in  order  to  investigate  the  effect  of  UV  light  on  the 
oxidation  kinetics  and  oxide  chemistry.  Ellipsometric  spectra  were  recorded  in  the  range  1.5  -  5.5 
eV  at  room  temperature  before  and  after  plasma  treatments  and  were  modelled  by  using  the 
Bruggemann  Effective  Medium  Approximation  (BEMA)  [9],  As  for  the  process  kinetics,  the 
previous  plasma  treatments  were  monitored  in  real  time  by  single  wavelenght  ellipsometry  (SWE). 
The  wavelength  corresponding  to  the  E2  interband  critical  point  (see  fig.  1)  was  used  to 
investigate  the  cleaning  process  of  InP  and  GaAs,  due  to  the  high  sensitivity  to  the  surface  state  at 
E2.  To  study  the  GaAs  oxidation  kinetics,  the  wavelenght  of  359  nm,  where  the  ellipsometric 
measurement  is  insensitive  to  temperature  variation,  was  used. 

A  Perkin-Elmer  5300  spectrometer  was  used  for  the  ex  situ  XPS  analysis  by  using  a  standard  Mg 
source  (1253.6  eV). 

RESULTS  AND  DISCUSSION 

Hydrogen  plasma  treatment  for  native  oxide  removal 

Surface  temperature  and  exposure  time  are  crucial  parameters  in  hydrogen  plasma  treatment 
of  III-V  surfaces.  The  effect  of  surface  temperature  on  the  cleaning  kinetics,  reported  by  us  in  a 
previous  paper  [10],  has  evidenced  that  a  substrate  temperature  of  230°C  is  the  optimum  to 
selectively  remove  oxygen  from  InP  surfaces.  In  addition,  Gottscho  reported  [2]  that  H-atom 
cleaning  at  room  temperature  is  able  to  reduce  As-oxide  but  not  Ga-oxide,  whereas  the  complete 
GaAs  native  oxide  reduction  can  be  achieved  at  temperature  of  about  200®C. 

Figure  1  shows  SE  spectra  for  (100)  InP  and  GaAs  before  and  after  hydrogen  cleaning 
performed  at  T=230®C.  To  evaluate  the  quality  of  the  surface  resulting  from  the  present  hydrogen 
treatment,  the  reference  SE  spectra  for  c-InP  and  c-GaAs  provided  by  Aspnes  are  also  shown.  The 
recorded  spectra  of  the  pseudodielectric  function,  (e>  =  <er>-i-(e/> ,  have  been  modeled  using 
BEMA  theory  and,  as  demonstrated  previously  [10],  the  best-fit  optical  model  for  the  hydrogen 
plasma  cleaned  III-V  surfaces  is  the  one-layer  model  also  shown  in  fig.  1.  From  this  model,  it 
comes  out  that  the  hydrogen  cleaning  of  III-V  surfaces  results  in  a  less  dense  top  layer,  including 
voids,  due  to  the  selective  oxygen  removal  from  GaAs  and  InP  lattices. 

Figure  2  shows  the  time  evolution  of  the  <e,  )  value  at  the  E2  point,  <£,  (£2)>»  during  the 
hydrogen  exposure  at  T=230°C  of  (100)  InP  and  of  GaAs  surfaces  with  (100),  (110)  and  (111) 
crystallographic  orientation.  All  these  substrates  have  a  25X-thick  native  oxide  layer.  At  the 
plasma  onset,  the  (e^-)  increases,  so  indicating  that  oxygen  is  removed  from  the  surface.  By 

prolonged  exposure  of  the  InP  surface  to  hydrogen  atoms,  the  trend  reverses  and  the  <ej(£:2)) 
value  starts  to  decrease.  This  is  indicative  that  some  damage  is  occurring  on  the  InP  surface.  In 
fact,  the  ellipsometiic  spectra  and  AFM  and  XPS  measurements  [10]  have  shown  that,  when 
oxygen  has  been  completely  removed,  H  atoms  react  selectively  with  phosphorus  via  PH3  formation 
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FIGURE  1.  Imaginary  part  of  the  pseudodielectric  function,  <e,>,  of  (a)  InP  and  (b)  GaAs 
substrates-  Spectra  before  (dashed  line)  and  after  (dotted  line)  hydrogen  treatment  are 
shown.  The  c-InP  and  c-GaAs  database  from  Aspnes  are  also  reported.  The  inset 
shows  the  best-fit  BEMA  models. 


which  desorbes  leaving  an  indium-rich  surface.  When  the  cleaning  is  performed  at  temperature  as 
high  as  350®C,  the  (e/(E2))  value  increases  at  first  but  soon  after  plummets  because  of  a  very 
high  phosphorus  depletion  rate. 

The  situation  for  GaAs  is  rather  different  with  respect  to  InP.  For  (100)  GaAs  surface,  in  fact, 
it  is  observed  (see  fig.  2b)  that  after  a  fast  (e,-)  increase,  an  almost  constant  value  is  reached  even 
at  prolonged  H-atom  exposure.  However,  much  longer  hydrogen  exposure  leads  to  a  further  slight 
increase  of  (e/)  value  for  (110)  and  (111)  GaAs  surfaces.  This  crystallographic  orientation 
dependence  of  the  (£/)  kinetic  profile  can  be  explained  on  the  basis  of  an  etching  process  of  GaAs 
surface,  occurring  after  the  oxygen  removal,  which  slowly  decreases  the  thickness  of  the  outmost 
porous  layer  (see  model  in  fig.l). 


TIME,  (min)  TIME,  (min) 

FIGURE  2.  <£,  )  profiles  at  the  E2  interband  critical  point  of  (a)  InP  and  (b)  GaAs  samples  with 
different  crystallographic  orientation  during  the  H-atom  exposure  at  different 
temperatures;  temperature  range  400  -  550°C  refers  to  (1 10)  GaAs. 
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In  fact,  it  has  been  reported  [11]  that  GaAs  etching  by  H  atoms  occurs  in  the  temperature  range 
2{)0-400''C  without  any  evident  Ga-enrichment,  and  that  the  etching  rate  is  different  for  (1 1 1)  and 
(100)  crystallographic  planes  also  depending  on  substrate  temperature.  The  constancy  of  (e^) 
value  for  prolonged  H-atom  treatment  of  (100)  GaAs  at  the  substrate  temperature  of  230°C 
indicates  that  no  increase/decrease  of  roughness  is  observed  for  (100)  samples.  At  high  substrate 
temperature  (>400°C),  the  etching  rate  increases  as  evidenced  by  the  increased  slope  of  the  {^^) 
profile  in  fig.  2b.  On  the  contrary,  data  obtained  during  the  H-atom  treatment  of  a  clean  GaAs 
surface  at  room  temperature  (not  reported  in  the  figure),  shows  a  decrease  of  the  (e,)  so 
indicating  that  As  atoms  are  selectively  depleted  from  GaAs  surface  and  that  the  desorption  rates 
of  Ga-etch  products  GaH3/Ga2H6  is  lower  than  that  of  AsHs. 

From  these  results  it  comes  out  that  the  interaction  of  H-atoms  with  InP  and  GaAs  surfaces, 
at  T=230°C,  is  a  two-step  process:  during  the  first  step,  hydrogen  atoms  selectively  react  with 
oxygen;  in  the  second  step,  once  the  oxygen  has  been  completely  removed,  H  atoms  react 
preferentially  with  phosphorus  in  InP  material  giving  degradation,  while  the  etching  process  occurs 
in  GaAs  so  reducing  the  surface  roughness  resulting  from  the  oxide  removal.  Thus,  the  statement 
“the  exposure  to  H  atoms  leads  to  depletion  of  As  on  an  oxide-free  GaAs  surface”,  as  reported  by 
many  authors,  is  not  generally  true  because  it  depends  on  the  surface  temperature.  In  fact, 
succesful  ni-V  surface  cleaning  can  be  achieved  by  operating  a  remote  hydrogen  plasma  treatment 
atT=230°C. 

Oxygen  plasma  anodization  for  GaAs  oxide  growth 

0 

The  plasma  oxidation  kinetics,  for  oxide  thickness  larger  than  300A,  has  been  described  by 
many  authors,  but  the  kinetics  and  chemistry  of  the  growth  of  the  first  oxide  layers,  the  so  called 
“initial  oxidation  regime”,  are  stiU  not  weU  known.  Also,  some  other  important  effects  such  as 
crystallographic  orientation  and  light  irradiation  of  the  surface  during  plasma  oxidation  remain  to 
be  examined.  To  investigate  all  these  aspects,  the  plasma  oxidation  process  of  GaAs  surfaces  has 
been  peformed  at  different  bias  voltages,  with  and  without  UV  light  irradiation,  under  the  same 
plasma  conditions.  The  oxide  growth  has  been  followed  by  SWE  and  the  recorded  eUipsometric 
trajectories  have  been  transformed  in  the  corresponding  time  dependence  of  the  oxide  thickness  by 
using,  as  BEMA  model,  a  GaAs-oxide  single  layer  on  GaAs  substrate. 

Figure  3  shows  the  oxidation  kinetics  for  two  (100)  GaAs  samples  oxidized  with  (sample  A) 
and  without  (sample  B)  UV  light  irradiation.  The  UV  irradiation  of  the  GaAs  surface  induces  both 
an  increase  of  the  oxidation  rate  and  a  modification  of  the  oxidation  kinetic  law.  In  fact,  a  linear 
oxidation  kinetics  applies  when  no  UV  light  irradiates  the  surface,  according  to  what  expected  on 
the  basis  of  the  linear-parabolic  model  already  reported  in  literature.  On  the  contrary,  a  non-linear 
time  dependence  of  the  oxide  thickness  is  observed  for  UV  light  assisted  plasma  oxidation.  In  this 
case,  as  the  oxide  thickness  increases,  the  photo-enhancement  effect  decreases,  i.e.  the  oxidation 
rate  decreases  and  approaches  the  value  measured  without  UV  light  irradiation  (sample  B).  This 
result  suggests  that  the  UV-photoeffect  on  the  oxidation  rate  depends  on  the  thickness  of  the 
oxide  layer  itself.  In  fact,  the  UV  light  is  increasingly  absorbed  by  the  oxide  layer  and,  according  to 
the  Lambert-Beer  law,  it  is  found  that  the  oxide  thickness  has  a  logarithmic  time  dependence. 
Thus,  the  UV  light  activation  occurs  at  the  GaAs/oxide  interface  rather  than  at  the  bulk  of  the 
oxide  or  at  the  oxide  surface. 

At  first  sight,  in  the  thickness  profile,  and  particularly  in  that  of  sample  B,  different  oxidation 
regimes  can  be  distinguished:  an  early  oxidation  regime,  (EOie^me)  which  correspond  to  the  growth 
of  the  first  30  A  of  oxide,  a  transition  regime  (TO-regime),  where  the  oxide  thickness  increases 
with  the  square  root  of  time  and  a  late  regime  (LO-regime)  where  the  oxide  thickness  depends  linearly 
on  time.  In  the  EO-regime,  the  oxidation  appears  to  be  an  easy  process  as  the  oxidation  of  the  first 
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Oxide  thickness,  (A) 


FIGURE  3.  Oxide  layer  thickness 
oxidation  time  for  GaAs  samples  with  ( D ) 
and  without  (•)  UV-light  irradiation  during 
plasma  oxidation. 


FIGURE  4.  Thickness  of  the  grown  oxide 
layer  oxidation  time  at  different  bias 
voltages  under  UV-light  irradiation  of  GaAs 
surfaces. 


30A  occurs  in  a  relatively  short  time  (<10  sec).  The  existence  of  this  EO  regime  is  related  to  the 
presence  of  the  outmost  porous  layer  (~30A)  induced  by  hydrogen  plasma  pre-cleaning.  Thus,  the 
oxidation  takes  place  throughout  its  entire  volume  due  to  its  open  porosity  and  the  easy 
penetration  of  oxygen  atoms  into  the  pores.  The  key  feature  of  the  EO-regime  is  that  it  seems  to 
be  not  affected  by  the  bias  voltage,  while  the  GaAs  morphology  and  chemical  nature  determine  the 
initial  oxidation  rate.  In  the  TO-regime,  it  is  assumed  that  the  electric  field  starts  to  built  up  in  the 
thin  oxide  layer  and  the  further  oxidation  is  due  to  both  in-diffusion  of  oxygen  species  and  out¬ 
migration  of  ionic  gallium  and  arsenic.  Thus,  in  the  TO-regime,  the  oxidation  is  not  a  surface 
process  but  takes  place  over  a  reaction  volume  zone.  The  time  duration  of  this  regime  depends  on 
bias,  i.e.  the  higher  the  bias,  the  shorter  the  TO-regime  (see  fig.  4).  In  the  LO-regime,  the  electric 
field  in  the  oxide  layer  is  well  established  and  the  oxide  growth  is  controlled  by  the  drift  of  Ga  and 
As  ions.  Here,  an  increase  of  the  bias  voltage  results  in  an  increase  of  the  oxidation  rate.  Figure  4 
shows  the  oxidation  kinetics  for  different  bias  voltages,  Vb,  applied  to  GaAs  substrates  during  the 
UV  photoassisted  oxidation.  It  is  evident  that  the  overall  oxidation  rate  strongly  increases  with 
increasing  bias  voltages. 

The  chemical  composition  of  the  grown  oxide  layers  has  been  analyzed  by  XPS,  Figure  5 
shows  the  Ga3d  and  As3d  photoelectron  peaks  of  the  two  samples  of  fig.  3.  For  the  As3d  peak, 
two  fitting  components  assigned  to  AS2O5  and  AS2O3  oxides  have  been  considered.  In  particular, 
the  UV-oxides  evidence  that  most  of  the  oxidized  As  is  present  as  AS2O5,  whereas  AS2O3  is 
mainly  observed  in  the  oxide  layer  grown  without  UV-light  irradiation.  By  comparing  the  Ga3d  it 
results  that  some  elemental  gallium  is  present  in  UV-grown  oxides.  However,  we  have 
experimented  that  the  relative  ratio  AS2O5/  AS2O3  and  the  amount  of  elemental  gallium  are  strictly 
related  to  the  oxidation  kinetics  under  UV  light  irradiation,  i.e.  the  lower  the  oxidation  rate,  the 
higher  the  AS2O5/  AS2O3  ratio  and  the  lower  the  gallium  amount.  The  ratio  of  the  areas  of  Ga3d 
versus  As3d  is  1.2  for  the  sample  (A)  and  1.1  for  sample  (B),  respectively,  indicating  that  GaAs 
stoichiometry  is  almost  preserved  in  the  oxide  layer. 
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BINDING  ENERGY,  (eV) 

FIGURE  5.  XPS  spectra  of  Ga3d  and  As3d  photoelectron  peaks  for  GaAs  oxide  layers  grown 
with  (sample  A)  and  without  (sample  (B)  UV-light  irradiation.  Other  experimental 
conditions;  P  =  70  mtorr,  r.f.  power  =  100  watt,  Vb  =  50  V,  O2  flux  =  10  seem. 


CONCLUSIONS 


An  in  situ  real  time  investigation  of  InP  and  GaAs  surfaces  during  treatments  in  H2  and  O2 
remote  plasmas  has  been  presented.  Hydrogen  plasmas  are  active  for  native  oxide  removal  (the 
cleaning  process)  from  both  InP  and  GaAs  surfaces  and,  respectively,  for  P-depletion  and  GaAs 
etching.  All  these  processes  are  found  to  strongly  depend  on  surface  temperature.  Typically,  at  the 
optimal  temperature  of  230°C,  a  complete  remov^  of  oxide  layer  without  surface  damage  is 
achieved.  Oxygen  plasmas  are  capable  of  oxidizing  GaAs  surface  to  grow  GaAs  oxide  layers.  The 
oxidation  rate  strongly  increases  with  the  bias  voltage  applied  to  the  GaAs  substrate  and  is 
strongly  enhanced  by  the  UV-light  irradiation  of  the  GaAs  surface.  The  UV-light  irradiation 
modifies  the  kinetics  and  chemistry  at  the  GaAs/oxide  interface  and,  hence,  a  stoichiometric 
mixture  of  Ga203  and  AS2O5  mainly  is  obtained. 
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ABSTRACT 

High  density  plasma  etching  of  III-V  compound  semiconductors  is  critically  important  to 
the  development  of  advanced  optoelectronic  and  high  frequency  devices.  Unfortunately,  the 
surface  chemistry  of  these  processes  is  not  well  understood.  In  an  effort  to  monitor  surface 
processes  and  their  dependence  on  process  conditions  in  a  realistic  etching  environment,  we  have 
applied  mass  spectroscopic  techniques  for  the  study  of  GaAs  etching  in  Cl2/Ar  chemistry.  Etch 
product  chlorides  were  monitored,  together  with  optical  measurement  of  the  surface  temperature 
by  diffuse  reflectance  spectroscopy,  as  pressure  (neutral  flux),  microwave  power  (ion  flux)  and  rf 
bias  of  the  substrate  (ion  energy)  were  varied.  Observations  from  the  spectroscopic  techniques 
were  correlated  with  ex  situ  surface  damage  assessments  of  unpassivated  surfaces  by 
photoreflectance  spectroscopy.  As  a  result,  insights  are  made  into  regions  of  process  conditions 
that  are  well  suited  to  anisotropic,  low  damage  etching. 

INTRODUCTION 

As  critical  dimensions  of  device  structures  approach  the  nanometer-scale  regime,  the  need 
for  fine  control  of  semiconductor  surface  properties  increases.  This  is  especially  true  for  plasma 
processing  of  semiconductor  surfaces,  either  deposition  of  insulating/passivating  films  or  device 
feature  delineation  by  plasma  etching.  In  this  work  we  attempt  to  examine  the  surface  processes 
involved  in  the  high  density  plasma  etching  of  GaAs  and  to  correlate  our  observations  with  ex  situ 
measurement  of  surface  damage.  The  ultimate  goal  is  to  gain  insight  into  regions  of  parameter 
space  best  suited  to  low  damage,  anisotropic  pattern  transfer. 

EXPERIMENT 

Gallium  arsenide  samples  used  to  examine  surface  chemistry  in  this  study  were  as- 
received,  bulk-grown  GaAs  wafers.  Samples  used  for  damage  assessment  were  grown  by  MBE 
and  consisted  of  a  thick  (~1  |j.m),  heavily  doped  (~10'®  cm'^)  p-type  (UP)  or  n-type  (UN)  film 
with  a  thin  (-1500 A)  undoped  layer  grown  on  top.  These  structures  were  needed  to  evaluate 
surface  damage  by  the  photoreflectance  spectroscopic  technique  discussed  below. 

All  plasma  processing  experiments  were  carried  out  in  an  electron  cyclotron  resonance 
microwave  plasma  source  configured  for  reactive  ion  etching  and  described  in  detail  elsewhere[l]. 
Standard  etching  conditions  were:  25%  CI2  in  Ar  (by  flow),  10  seem  total  flow,  1.0  mTorr  total 
pressure,  300  W  coupled  microwave  power,  -100  V  rf-induced  dc  bias  on  the  substrate,  a 
substrate/ECR  condition  separation  of  48-52  cm  and  substrate  temperatures  of  ~20°C.  For  surface 
chemistry  experiments,  the  traditional  etching  stage  was  replaced  with  an  Extranuclear  ELQ400 
quadrupole  mass  spectrometer  with  a  custom  designed  front  cap/sampling  aperture  as  shown  in 
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Figure  1.  The  front  cap  is  designed  to 
emulate  a  traditional  etching  stage  with  full 
temperature  control  (both  heating  and  cooling 
capabilities).  When  examining  the  surface 
chemistry,  process  conditions  were  varied  as: 
total  pressure  =  0.5-5  mTorr,  coupled 
microwave  power  =  200-500  W,  and  rf- 
induced  dc  bias  =  0-400  V. 

The  mass  spectrometer  is  calibrated 
using  both  perfluorotributlyamine  (which 
contains  major  peaks  at  69,  131  and  219)  and 
etch  product  samples  of  AsClj  and  GaClj. 
These  efforts  resulted  in  excellent  calibration 
over  the  range  of  etch  product  masses  (100- 
190  amu). 

Figure  1.  Schematic  diagram  of  mass  spectrometer  A  critical  process  parameter  in 

front  cap/sampling  aperture.  investigating  surface  chemistry  issues  in  a 

high  density  plasma  etching  process  is  the 
substrate  temperature.  Accurate  measurement  of  this  parameter  is  important  to  assigning  thermal 
and  ion-assisted  chemical  etch  processes  occurring  at  the  surface.  As  anisotropic  pattern  transfer  is 
desired,  ion-assisted  chemistry  is  preferred  with  minimal  variation  in  thermal  chemistry.  In  this 
work,  diffuse  reflectance  spectroscopy  [2]  is  used  to  determine  the  temperature  of  the  substrate 
itself.  In  this  technique,  the  shift  in  the  position  of  the  absorption  edge  of  the  semiconductor  is 
measured.  This  shift  corresponds  to  the  change  in  the  band  gap  which  is  a  well-defined  function 
of  temperature [3].  Application  of  this  technique  to  the  highly  emissive  environment  of  a  plasma 
processing  reactor  requires  substantial  efforts  to  achieve  good  signal-to-noise  ratios.  A  schematic 
of  our  experimental  configuration  is  shown  in  Figure  2.  In  this  application,  both  lock-in 
amplification  and  post  sample  wavelength  selection  are  employed  to  improve  signal  to  noise.  The 
technique  gives  6A/°C  resolution  and  signal-to-noise  ratios  of  10: 1 . 

Surface  damage  is  evaluated  by  measuring  (with  photoreflectance)  the  position  of  the 
surface  Fermi  level  before  and  after  the  sample  is  subjected  to  plasma  etching.  The 
photoreflectance  technique  is  described  in  full  detail  elsewhere  [4].  In  short,  the  built-in  electric 

field  at  the  surface  is 


0.8  mm  dia. 


Mass  Spectrometer 


measured  by  the  change  in 
reflectance  (at  wavelengths  just 
above  the  band  gap)  of  the 
semiconductor  surface  as  hv>Eg 
radiation  is  applied  to  that  surface. 
The  built-in  electric  field  is  defined 


(1) 

a 

where  Ep.  is  the  Fermi  level  at  the 
surface,  is  the  conduction 


band  or  valence  band  energy  levels 
for  UN  or  UP  samples, 
respectively,  and  d  is  the  thiclmess 
of  the  undoped  layer.  The  etch 


n  *  process  can  effect  both  d  and  E^ 
Figure  2.  Schematic  diagram  of  diffuse  reflectance  ^  ^ 

spectroscopy  apparatus  used  to  monitor  substrate  temperature  SO  it  is  necessary  to  measure  d 
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using  independent  step  height  measurements  (performed  here  using  a  Tencor  Alphastep  250). 
RESULTS 


The  typical  mass  spectrum  for  the  GaAs;Cl2/Ar  etch  system  consists  of  primarily  AsCl, 
AsClj,  AsClj  and  to  a  much  lesser  extent  GaCl2  and  GaCl.  Gallium  and  arsenic  monomers  and 
dimers  were  not  detectable  as  the  peaks  were  either  below  our  detection  sensitivity  or  in  the 
shoulders  of  molecular  chlorine  peaks.  Of  the  peaks  in  the  spectra,  the  ASCI2  and  GaCl2  are  the 
dominant  etch  product  peaks  for  each  element  in  the  semiconductor.  In  the  discussions  that  follow 
below  the  AsCl,  ASCI2,  AsClj  and  GaCl2  peaks  are  monitored  as  the  plasma  etching  environment 
is  altered.  Experiments  were  conducted  in  an  effort  to  determine  the  origin  of  the  product  peaks 
detected  in  the  mass  spectrometer  since  it  is  entirely  likely  that  plasma  chemistry  can  generate  the 
species  as  well  as  surface  chemistry.  These  experiments  involved  taking  mass  spectra  with  the 
samples  located  near  the  sampling  aperture  and  with  them  located  only  on  the  periphery  of  the 
front  cap  (~7  cm  away)  and  the  spectra  were  compared.  When  the  sample  was  near  the  aperture, 
there  was  clear  evidence  for  the  etch  product  peaks  mentioned  above.  However,  when  the  samples 
were  on  the  periphery,  etch  product  peaks  were  at  least  four  orders  of  magnitude  smaller.  Thus, 
the  etch  product  peaks  observed  in  the  mass  spectrometer  are  mapped  to  surface  chemistry 
products  through  convolution  with  a  degree  of  plasma  chemistry. 

Ion  flux  to  the  substrate  is  largely  controlled  by  the  input  microwave  power  as  plasma 
density  is  shown  to  increase  with  microwave  power[5].  Thus,  by  varying  the  coupled  microwave 
power  from  200  to  500W  the  ion  flux  is  monotonically  increased.  The  etch  product  peak  signals 
in  the  mass  spectrum  shows  a  commensurate  increase  from  200-300  W,  but  then  saturate  for 
coupled  microwave  powers  greater  than  300  W.  This  implies  that  the  necessary  ion  and  atomic 
neutral  fluxes  required  at  the  substrate  to  maximize  etching,  namely  Cl  and  CL,  Ar^,  are  attained  at 
relatively  low  microwave  powers.  Greater  microwave  powers  do  not  result  in  additional  etch 
product  formation. 

Neutral  flux  to  the  substrate  is  largely  controlled  by  the  total  pressure  in  the  process 
chamber  during  etching.  As  the  total  pressure  is  varied  from  0.5  to  5  mTorr,  the  product  mass 
peaks  first  increase,  maximize  at  1.0  mTorr  and  then  gradually  decrease  with  increasing  pressure. 
The  lower  etch  rate  at  lower  pressures  can  be  attributed  to  an  insufficient  neutral  chlorine  flux,  as 
mass  spectral  characterizations  [6]  of  the  flux  in  absence  of  the  substrate  reveal  CL  and  Ar^  to 
dominate  the  spectrum.  These  same  characterizations  show  that  as  the  pressure  is  increased 

recombination  of  both  ions 


Substrate  Bias  (negative  volts) 


and  neutrals  become 
dominant  and  the  flux  is 
largely  made  up  of  neutral 
Ar  and  CI2.  Thus,  a 
sufficient  flux  of  neutral 
chlorine  atoms  and  ions  are 
necessary  to  maximize  the 
etch  rate  and  are  available  at 
a  pressure  of  1.0  mTorr. 
Lower  total  pressures  are 
consistent  with  more 
anisotropic  etching  due  to 
reduced  ion  collisions  in  the 
sheath  and  pre-sheath 
regions,  therefore,  1.0 
mTorr  or  lower  pressures 
are  desirable. 


Figure  3.  Etch  product  mass  peak  variation  with  substrate  bias  level. 
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The  most  interesting 
parametric  effect  on  the  formation 
of  etch  products  is  the  ion  energy. 
Figure  3  shows  the  behavior  of 
the  various  etch  product 
desorption  intensities  with 
increasing  incident  ion  energy. 
We  postulate  that  there  are  three 
different  regions  of  etching  in 
these  curves.  The  first,  for  ion 
energies  <  50  eV,  is  attributed  to 
largely  chemical  etching  with 
chlorine  atoms  with  a  small 
amount  of  ion  assist.  In  the  range 
from  50-200  eV  there  is  an  abrupt 
change  in  the  slope  of  the  curves 
indicative  of  a  substantial  increase 
in  the  ion-assist  to  the  chemical 
etching  mechanism.  For  ion 
Figure  4.  Surface  Fermi  level  variations  with  ECR  etching  and  >200  eV  the  product 

subsequent  passivation  as  a  function  of  ion  energy.  3^  j  o  u 

^  peaks  saturate.  Measured  etch 

rates  of  GaAs  under  the  same  conditions  show  the  etch  rate  monotonically  increasing  over  this  ion 
energy  range.  Thus,  the  saturation  above  200  eV  can  be  explained  as  a  change  from  ion-assisted 
chemical  etching  to  more  direct  sputtering  since  product  formation  does  not  increase. 
Unfortunately,  elemental  Ga  and  As  monomer  and  dimer  peaks  are  hard  to  extract  from  the  data 
due  to  larger  reactant  and  product  peaks  nearby. 

When  the  mass  spectral  characterizations  of  ion  energy  effects  are  compared  to  ex  situ 
damage  measurements,  there  is  an  excellent  correlation.  The  UN  sample  is  largely  unaffected  by 
the  etch  process  and  the  Fermi  level  remains  trapped  at  midgap  throughout.  The  UP  samples, 
however,  do  show  a  marked  change  in  the  position  of  the  surface  Fermi  level  with  increasing  ion 
energy  (see  Figure  4).  In  fact,  ion  energies  greater  than  100  eV  result  in  considerable  damage  to 
the  surface.  As  is  shown  in  Figure  4,  when  the  surface  is  in  situ  passivated  with  atomic  chlorine 
from  a  chlorine  ECR  plasma,  the  Fermi  level  returns  to  the  control  sample  level  for  ion  energies 
<200  eV.  Further,  ex  situ  chemical  passivation  with  PjSj  recovers  the  control  sample  surface 
Fermi  level  for  ion  energies  <250  eV.  These  behaviors  result  from  the  mechanisms  by  which 
surface  oxides  form  on  the  sample  after  removal  from  the  etching  reactor  and  are  explained  in 
greater  detail  elsewhere[7].  The  end  result  is  that  for  ion  energies  <200  eV,  the  damage  is 
manifested  largely  as  surface  stoichiometry  variations.  However,  for  energies  >200  eV,  the 
inability  to  recover  the  surface  Fermi  level  implies  sub-surface  damage,  consistent  with  sputtering 
as  proposed  from  the  mass  spectral  characterizations. 

CONCLUSIONS 

The  effect  of  Cl2/Ar  high  density  plasma  etching  of  the  surfaces  of  gallium  arsenide  has 
been  investigated  from  the  surface  chemistry  viewpoint  by  mass  spectrometry  and  the  surface 
damage  viewpoint  by  photoreflectance  spectroscopy.  The  combined  results  from  these  techniques 
infer  that  low  microwave  power  (<  300  W),  low  pressure  (<  l.O  mTorr)  discharges  with  ion 
energies  between  75  and  200  eV  are  best  suited  to  anisotropic,  low  damage  pattern  transfer. 
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ABSTRACT 

The  interaction  of  a  CI2  plasma  with  a  Si(lOO)  surface  has  been  investigated  by  angle 
resolved  x-ray  photoelectron  spectroscopy  (XPS)  and  spectroscopic  ellipsometry.  From 
XPS,  it  was  fotmd  that  the  amount  of  chlorine  incorporated  at  the  Si  surface  increases  with 
ion  energy.  Chlorine  is  present  as  SiClx  (x  =  1-3)  with  average  relative  coverages 
(integrated  over  depth)  of  [SiCl]:[SiCl2]:[SiCl3]  =  1:0.33:0.1.  These  relative  coverages 
don’t  depend  strongly  on  ion  energy  between  40  and  280  eV.  Real-time  spectroscopic 
ellipsometry  measurements  showed  that  the  layer  present  during  etching  is  stable  when  the 
plasma  is  extinguished  and  the  gas  pumped  away.  In  addition,  the  equivalent  thickness  of 
damaged  silicon  and  silicon-chloride  within  the  surface  layer  increases  with  ion  energy. 


INTRODUCTION 

Low  pressure,  high  density  CI2  plasmas  are  widely  used  to  etch  Si  and  other  materials 
for  Si  integrated  circuits  [1].  The  overall  mechanism  for  Si  etching  in  a  CI2  plasma  is  well 
established:  CI2  and  Cl  react  with  the  Si  surface  to  form  a  chlorinated  layer  that  is  removed 
by  ion  bombardment.  The  nature  of  that  chlorinated  surface  layer  (thickness, 
stoichiometry,  and  structure)  are,  however,  largely  unknown.  Both  the  chemical  nature 
(chlorine  content,  stirface  stoichiometry)  and  physical  nature  (depth  and  degree  of  damage) 
of  the  chlorinated  silicon  surface  layer  must  be  clarified  to  better  understand  the  chemical 
and  physical  etching  mechanisms  in  high  density  plasmas  and  suggest  new  directions  for 
etching  processes  and  plasma  reactor  designs.  In  this  paper,  angle-resolved  XPS  and 
spectroscopic  ellipsometry  are  used  to  study  respectively  the  surface  chemistry  and 
damage  of  the  Si  surface  during  and  after  CI2  plasma  etching  over  a  range  of  ion  energies 
and  densities.  More  detailed  accounts  of  these  studies  are  published  elsewhere  [2,3]. 


EXPERIMENTAL  PROCEDURE 

The  chemical  nature  of  the  Si  surface  layer  etched  with  CI2  plasma  was  investigated  in 
a  helical  resonator  reactor  coupled  to  an  x-ray  photoelectron  spectrometer  with  a  vacuum 
transfer  chamber  [2,4].  The  physical  nature  was  studied  in  situ  by  spectroscopic 
ellipsometry  mounted  on  a  helicon  reactor  [3].  Monocrystalline  Si  (100)  wafers  (p-type, 
15-25  Q-cm)  were  stripped  of  their  native  oxide  before  etching.  The  reactors  were 
evacuated  to  a  pressure  of  10  ^  Torr  before  the  plasma  was  ignited.  Two  etching  modes 
were  evaluated:  1)  reactive  ion  etching  (RIE)  with  radioffequency  (rf)  power  applied  only 
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to  the  wafer  stage  and  2)  a  high  density  (HD)  plasma  with  and  without  rf  power  on  the 
stage. 


RESULTS  AND  DISCUSSION 

After  etching  under  steady  state  conditions,  low  resolution  (1.3  eV)  XPS  spectra  were 
recorded  as  a  function  of  take-off  angle  $  (with  respect  to  the  wafer  plane),  and  the 
integrated  intensities  of  the  core-levels  peaks  were  used  to  determine  the  total  chlorine 
coverage  (Fig.  1).  The  highest  ion  energy  (RIE,  -240  V  DC  bias)  leads  to  the  highest 
chlorine  coverage  (37%  at  20°).  On  the  other  hand,  low  ion  energy  (HD,  0  V  DC  bias) 
produces  the  lowest  chlorine  coverage  (28%  at  ^  =  20°).  RIE  and  HD  at  the  same  ion 
energy  (-75  V  DC  bias)  produce  surface  layers  with  nearly  identical  Cl  contents,  indicating 
that  the  degree  of  dissociation  and  ionization  of  CI2  (much  higher  for  the  HD  etching)  is 
relatively  unimportant. 


Figure  1.  Chlorine  coverage  versus  take  off  angle  ^  in  the  near-surface  region  of  Si 
samples  after  etching  for  30  s  in  CI2  plasma  imder  different  conditions  [3]. 


Higher  resolution  (0.6  eV)  spectra  of  the  Si(2p)  region  were  also  recorded  to  determine 
the  stoichiometry  of  the  SiCl^  layer.  Fig.  2(a)  presents  a  spectrum  recorded  after  etching 
(RIE,  -240  V  DC  bias),  as  well  as  spectrum  for  air-exposed,  HF-cleaned,  unetched  Si.  The 
latter  spectrum  consists  of  an  asymmetric  peak  at  a  binding  energy  of  99.4  eV  due  to  the 
partially  resolved  2p3/2  and  2pi/2  components  of  bulk  Si.  After  etching  in  a  CI2  plasma 
under  RIE  conditions  (-240  V  DC  bias),  the  integrated  intensity  of  the  Si  peak  at  99.4  eV 
decreases  due  to  inelastic  scattering  of  electrons  by  chlorine  on  the  surface.  In  addition,  a 
broad  tail  appears,  extending  from  100  to  104  eV,  and  is  attributed  to  SiCl,  SiCl2,  and 
SiCla.  Fig.  2(b)  is  an  expanded,  processed  version  of  the  Si(2p)  region  of  this  latter 
spectrum.  In  addition  to  Si(bulk)  at  99.4  eV,  three  features  ascribed  to  SiCl,  SiCl2,  and 
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SiCla  were  identified  at  100.2,  101.2,  and  102.3  eV,  respectively.  An  additional,  weak 
peak  appearing  as  a  shoulder  on  the  low  binding  energy  side  of  the  Si  peak  was  attributed 
to  Si*.  Its  binding  energy  was  found  to  be  the  same  (98.8  eV)  as  that  measured  for  Si*  after 
Ar^  sputtering,  providing  strong  evidence  for  the  assignment.  The  integrated  intensities  of 
deconvoluted  SiCl,  SiCla,  SiCla,  and  Si-  peaks  (normalized  to  the  Si(bulk)  integrated  peak 
intensity)  were  recorded  as  a  fimction  of  0,  for  a  range  of  processing  conditions.  SiCl, 
SiCl2,  and  SiCl3  decrease  with  0  and  so  with  depth,  for  all  conditions  in  agreement  with 
the  decrease  of  the  chlorine  content.  SiCl2  and  SiClj  fall  off  more  rapidly  with  0  than  does 
SiCl,  indicating  that  they  are  more  confined  to  the  surface,  and  that  the  Cl  penetrating 
more  deeply  into  Si  is  present  almost  entirely  as  SiCl.  To  gain  more  insight  into  the  SiCl^ 
layer  thickness  and  composition,  we  computed  angle  resolved  XPS  intensities  fi'om 
assumed  composition  versus  depth  profiles.  This  procedure,  described  more  thoroughly 
elsewhere,  allows  us  to  derive  a  fairly  detailed  picture  of  the  Si  surface  layer  schematically 
shown  in  Fig.3.  The  top  monolayer  of  the  near-surface  region  is  predominantly  SiCla  and 
SiCl2,  while  below  the  surface,  mainly  disordered  Si  and  SiCl  are  distributed  over  a  depth 
of  about  25  A  for  ion  energies  of  about  280  eV,  and  not  much  thicker  than  13  A  at  the 
lowest  ion  energies  (40  eV).  The  layer  thickness  and  total  Cl  content  are  in  reasonable 
agreement  with  the  molecular  dynamic  simulations  by  Barone  and  Graves  [5],  and 
especially  with  the  recent  extensions  of  these  simulations  by  Barone  [6]. 
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(a)  High  ion  energy  (280  eV) 


(b)  Low  ion  energy  (40  eV) 
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Figure  3.  Schematic  depiction  of  Si(iOO)  surface  after  etching  in  a  CI2  plasma,  based  on 
the  results  reported  in  [3].  (a):  HD,  0  V  DC  bias  (40  eV  peak  ion  energy)  and  (b):  RIE,  - 
240  V  DC  bias  (280  eV  peak  ion  energy). 

Spectroscopic  ellipsometry  was  used  to  study  the  interaction  of  a  CI2  plasma  with 
Si(lOO)  during  and  after  etching  in  the  helicon  plasma  under  HD  conditions,  as  well  as 
under  RIE  conditions  [3].  Fig.  4  displays  the  read-time  traces  of  the  ellipsometric  angle  A 
at  4.5  eV  during  CI2  etching  of  Si(lOO)  at  different  DC-biases  (i.e,  ion  energies).  This 
photon  energy  corresponds  to  a  more  surface-sensitive  region  of  the  spectrum  where  light 
penetrates  into  c-Si  no  more  than  100  A.  The  initial  value  of  A  before  the  plasma  is 
ignited  is  identical  for  all  three  samples  indicating  that  the  native  oxide  removal  step  is 
reproducible.  As  the  plasma  is  switched  on  (at  t  =  10  s),  A  decreases  and  reaches  a  stable 
value  within  the  first  4  s.  This  constant  value  becomes  more  negative  with  increasingly 
negative  DC  bias.  Simulations  at  different  photon  energies  [3]  indicate  that  this  decrease 
in  A  is  the  result  of  the  creation  of  a  damaged  surface  layer  with  a  thickness  that  increases 
with  negative  DC-bias.  A  remains  imchanged  when  the  plasma  is  switched  off  (t  =  130  s) 
and  also  when  the  gas  flow  is  stopped  (t  =  145  s).  'F  (not  shown)  also  remains  constant 
after  plasma  extinction.  The  surface  stability  after  plasma  extinction  (shown  here  for  only 
one  photon  energy)  was  also  confirmed  at  energies  between  2  and  4.5  eV.  From  this,  we 
conclude  that  the  layer  that  forms  quickly  upon  initiation  of  the  plasma  is  stable  when  the 
plasma  is  extinguished  and  the  CI2  is  pumped  away,  under  vacuum  conditions. 

To  interpret  the  ellipsometric  data,  insights  derived  from  the  XPS  study  of  the 
chemical  nature  of  the  surface  were  considered.  To  account  for  the  graded  composition  of 
the  surface  layer  found  in  that  study,  the  damaged  surface  layer  was  assumed  to  be 
composed  of  two  layers:  i)  an  interface  layer  composed  of  undamaged  crystalline  Si  (c-Si), 
damaged  (i.e.  amorphous)  silicon  (a-Si)  and  a  transparent  silicon-chloride  material  (SiCl^) 
and  ii)  a  top  surface  layer  containing  a-Si  and  SiClx.  The  optical  properties  of  SiClx  were 
obtained  using  the  Cauchy  formula  applied  to  the  experiment  carried  out  under  conditions 
that  maximized  the  SiClx  content  in  the  layer  (RIE,  “300V),  and  that  matches  with  the  XPS 
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study  which  provided  the  average  thicknesses  and  fraction  of  SiClx  in  the  two  assumed 
layers.  The  refractive  index  of  SiClx  (~1.66)  was  found  to  be  close  to  that  of  Si02  (~1.45) 
[3].  The  thickness  and  composition  of  the  damaged  surface  layer  was  computed  as  a 
function  of  exposure  time  and  processing  conditions  through  the  use  of  the  Bniggeman 
effective  medium  approximation  (BEMA)  and  linear  regression  analysis  [3],  The  results  in 
terms  of  the  surface  layer  thickness  are  plotted  in  Fig.  5. 
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Figure  4.  Real-time  traces  of  the  ellipsometric  angle  A  with  time,  at  4.5  eV,  during  etching 
of  Si(lOO)  under  RIE  conditions  (-  175,  -  300,  and  -  350  V). 


Figure  5.  Surface  layer  thicknesses  (deduced  from  ellipsometry)  versus  DC-bias.  Two 
thicknesses  derived  from  XPS  study  are  also  plotted  for  comparison. 
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As  expected,  energetic  ion  bombardment  increases  the  depth  of  damage  in  the  surface 
layer.  When  the  DC-bias  increases  from  0  V  to  -  350  V,  the  thickness  of  the  surface  layer 
increases  from  9  to  32  A.  Ion  energy  also  increases  the  equivalent  thicknesses  of  a-Si  and 
SiClx  within  the  surface  layer. 


CONCLUSION 

Angle-resolved  x-ray  photoelectron  spectroscopy  and  spectroscopic  ellipsometry  were 
used  to  study  the  Si  surface  etched  in  a  CI2  plasma.  The  steady-state  chlorine  coverage 
increases  with  the  energy  of  Cl2^  and  Cl^  ions  bombarding  the  Si  surface  during  etching. 
The  surface  layer  contains  SiCI,  SiCl2  and  SiCl3.  For  high  ion  energies  (280  eV),  the  near 
surface  region  contains  3.0x1 0^^  Cl/cm^,  with  SiCl2  and  SiCl3  enriched  at  the  surface,  and 
SiCl  and  disordered  Si  distributed  over  a  depth  of  ~  25  A.  For  low  ion  energies  (40  eV), 
the  layer  contains  1.7x10^^  Cl/cm^,  with  relatives  coverages  of  SiCl^  smaller  than  those 
formed  at  higher  energy  and  distributed  in  a  much  thinner  layer  (~  13  A).  From  full 
ellipsometry  spectra  recorded  after  etching,  we  found  that  a  damaged  silicon  surface  layer 
is  created  quickly  after  CI2  plasma  exposure.  The  thickness  of  that  layer  increases  linearly 
with  DC-bias  from  9  A  at  0  V  (~  20  eV  peak  ion  energy)  to  32  A  at  -350  V  (~  370  eV  pei 
ion  energy).  Ion  energy  also  increases  the  equivalent  thicknesses  of  both  SiCl^  and  a-Si 
within  the  surface  layer.  Moreover,  real-time  spectroscopic  ellipsometry  measurements 
showed  that  the  layer  present  during  etching  is  stable  when  the  plasma  is  extinguished  and 
the  gas  pumped  away,  indicating  that  post-plasma  surface  diagnostic  measurements  such  as 
x-ray  photoelectron  spectroscopy  (XPS)  reflect  the  surface  that  is  present  during  etching. 
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ABSTRACT 

Density  functional  calculations  on  cluster  models  of  Si(l{X))-2xl  have  been  used  to 
predict  reaction  mechanisms  and  energetics  for  several  reactive  adsorption  processes. 
Dissociative  adsorption  of  H2,  HjO,  BHj,  and  SiH4  will  be  described  and  compared  to  available 
experimental  data.  Based  on  these  examples,  a  qualitative  theory  of  mechanisms  for  dissociative 
adsorption  of  hydrides  on  silicon  surfaces  will  be  proposed.  These  reactions  can  largely  be 
understood  in  terms  of  the  electron  density  distributions  in  the  molecule  and  surface  dimer.  On 
a  buckled  dimer,  there  are  both  electron-rich  and  electron-deficient  sites,  which  have  different 
chemical  interactions  with  adsorbates.  The  role  of  this  difference  is  illustrated  in  a  novel  surface 
Diels- Alder  reaction,  for  which  symmetric  addition  to  an  unbuckled  surface  dimer  is  allowed  by 
orbital  symmetry.  This  reaction  creates  new  reactive  surface  sites  that  may  be  useful  for 
subsequent  chemical  surface  modification. 

INTRODUCTION 

Many  important  processes  in  film  growth  on  Si  surfaces  begin  with  a  dissociative 
adsorption  reaction.  These  include  dissociation  of  silane  and  disilane,  or  boron  and 
phosphorous  hydrides  used  as  sources  of  dopants.  Dissociation  of  water  is  the  initial  step  in 
oxide  growth.  Some  of  these  adsorption  reactions  have  significant  activation  barriers,  while 
others  are  unactivated.  This  paper  describes  first-principles  theoretical  studies  of  several 
reactions  on  the  Si(lOO)  surface.  These  examples  provide  a  general  qualitative  understanding  of 
the  differences  between  activated  and  unactivated  reactions,  and  a  detailed  picture  of  the 
mechanisms  of  these  reactions  at  an  atomistic  scale. 

The  specific  reactions  discussed  here  are  the  dissociative  adsorption  of  Hj,  HjO,  SiH4 
and  BHj.  A  reaction  between  cyclohexadiene  (QHg)  and  Si(lOO)  is  described  as  well.  The 
latter  reaction  belongs  to  a  novel  class  of  surface  reactions  that  may  permit  new  techniques  for 
controlling  surface  chemistiy.  It  is  also  of  interest  as  a  possible  example  of  a  reaction 
mechanism  that  does  not  occur  in  the  other  examples  studied. 

THEORY 

The  results  described  here  are  obtained  from  first-principles  calculations,  based  on 
density  functional  theory  (DPT)  using  cluster  models  of  the  surface.  Unless  otherwise  noted, 
the  energies  reported  here  are  calculated  with  the  nonlocal  exchange  functional  developed  by 
Becke’  and  the  nonlocal  correlation  functional  of  Lee,  Yang  and  Parr.^  Basis  sets  are  atom- 
centered  triple-zeta  gaussian  bases,  or  double-zeta  numerical  bases,  with  polarization  functions 
on  all  atoms.  The  surface  is  modeled  with  a  Si9H]2  cluster  (Figure  1).  This  model  includes  one 
surface  dimer  (two  dangling  bonds).  The  H  atoms  terminate  subsurface  bonds  that  would  be 
Si-Si  bonds  in  the  solid.  All  coordinates  in  this  model  are  optimized  without  constraints. 

Second  derivatives  are  calculated  at  all  critical  points  to  verify  that  minima  have  no  negative 
force  constants  and  that  transition  states  have  exactly  one  negative  force  constant. 

The  small  cluster  model  used  here  is  computationally  efficient  and  reproduces  the  main 
features  of  the  surface  structure  and  transition  states.  While  it  neglects  interactions  with  the 
electronic  states  of  neighboring  sites  and  the  forces  from  neighboring  surface  atoms,  the  errors 
appear  to  be  on  the  order  of  0. 1-0.2  eV,  as  determined  by  comparisons  to  calculations  with 
larger  clusters  or  with  periodic  boundary  conditions.^  *’  Other  sources  of  error  of  similar 


45 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  448  ®  1997  Materials  Research  Society 


magnitude  come  from  basis  set  effects  and  the  DPT  method  itself.  The  conclusions  of  this  work 
are  not  affected  by  errors  of  this  order. 

RESULTS 

Rare  Surface  Structure 

The  Si(lOO)  surface  displays  a  2x1  reconstruction  with  surface  atoms  paired  up  into 
rows  of  “dimers.”  It  is  now  generally  agreed  that  the  dimers  have  an  asymmetric  structure, 
being  tilted  with  one  atom  of  the  dimer  higher  than  the  other.  This  structure  is  illustrated  in  the 
cluster  model  of  Figure  1.  This  structure  is  slightly  more  stable  than  a  symmetric  structure. 

The  stabilization  energy  is  predicted  to  be  no  more  than  0.2  eV ,  though  the  precise  value 
depends  on  details  of  the  theory  (a  brief  review  of  the  literature  on  this  subject  is  included  in 
Ref.  4).  Using  larger  cluster  models  or  periodic  bound^  conditions  generally  results  in  even 
greater  asymmetry  than  shown  in  Figure  1.  Many  transition  states  display  a  similar  asymmetry. 

Tilting  the  surface  dimers  causes  an  asymmetry  in  the  surface  ch^ge  distribution,  so  that 
the  “up”  atom  has  a  higher  electron  density  than  the  “down”  atom.  Mulliken  charges  for  the  two 
atoms  illustrating  this  effect  are  shown  in  Figure  la.  An  important  consequence  of  this  ch^ge 
asymmetry  is  that  the  two  atoms  in  a  dimer  are  chemically  inequivalent.  TTie  electron-deficient 
“down”  atom  can  be  expected  to  react  as  an  electrophile,  preferring  to  interact  with  the  electron- 
rich  regions  of  incident  molecules.  On  the  other  hand,  the  electron-rich  “up”  atom  of  the  dimer 
is  expected  to  react  as  a  nucleophile,  preferring  to  interact  with  electron-poor  regions  of  incident 
molecules.  The  asymmetry  appears  in  the  highest  occupied  molecular  orbital  (HOMO)  of  the 
bare  surface  (Figure  lb),  where  the  two  dangling  bond  orbitals  have  different  spatial  extents. 
The  asymmetry  increases  with  the  tilting  angle.  Thus,  tilting  the  surface  dimers  establishes  two 
chemically  inequivalent  sites,  even  on  well-ordered  surfaces  of  this  elemental  semiconductor. 
The  consequences  of  this  effect  are  illustrated  in  the  following  examples. 


Figure  1.  a)  The  Si9H,2  cluster  model  of  the  bare  surface  b)  The  HOMO  of  the  bare  surface. 


Hydrogen  (H.) 

Hydrogen  dissociates  with  a  very  low  probability  (10  ^)  to  form  Si-H  bonds.  The 
reaction  mechanism  for  adsorption  and  desorption  of  Hj  remains  controversial.  Two  reviews  of 
the  issues  involved  have  recently  been  published.^'^  Some  workers  have  suggested  that 
reaction  is  much  more  likely  at  defect  sites.  For  present  purposes,  it  is  valuable  examine  the 
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reaction  path  that  involves  the  majority  sites  since  it  establishes  a  comparison  with  the 
mechanisms  for  reactions  of  other  adsorbates  at  these  sites.  The  transition  state  structure 
calculated  with  the  cluster  model  is  shown  in  Figure  2a.  The  energy  of  this  configuration  is  1.0 
eV  above  the  energy  of  the  isolated  Hj  and  bare  surface,  consistent  with  a  small  sticking 
probability.  A  more  detailed  discussion  and  comparisons  to  other  calculations  (which  find 
similar  transition  state  structures)  are  given  in  Ref.  3. 

At  the  transition  state,  the  molecule  is  located  with  its  bond  directly  over  the 
electrophilic  (buckled-down)  surface  dimer  atom.  The  two  H  atoms  are  nearly  equidistant  from 
this  surface  atom.  The  H-H  bond  is  stretched  to  about  1.0  A,  though  the  electron  density 
between  the  H  atoms  indicates  the  molecular  bond  is  not  yet  broken.  The  transition  state 
geometry  suggests  that  there  is  little  interaction  of  the  incident  molecule  with  the  nucleophilic 
(buckled-up)  side  of  the  dimer.  This  interpretation  is  consistent  with  the  structure  of  the 
transition  state  HOMO,  which  is  essentially  an  unperturbed  dangling  bond  on  the  nucleophilic 
atom. 

This  transition  state  can  be  given  a  simple  interpretation.  The  H-H  bond  region  is  the 
most  polarizable  region  of  the  molecular  electron  density,  and  it  is  located  to  interact  with  the 
electrophilic  surface  site.  Plots  of  the  electron  density  show  that  electrons  in  the  H-H  bond  are 
polarized  toward  the  surface  site,  though  there  is  no  indication  of  bonding  to  the  surface. 
Because  the  electron  density  in  Hj  is  low,  the  interaction  with  the  electron-poor  surface  atom  is 
not  strongly  favorable.  Indeed,  the  surface  is  buckled  even  more  strongly  at  the  transition  state 
than  on  the  clean  surface,  making  the  surface  atom  more  electrophilic  to  enhance  the  interaction 
with  the  molecule.  The  net  effect  is  that  the  transition  state  can  only  be  reached  at  the  cost  of 
some  energy,  so  that  adsorption  is  activated. 


Figure  2.  Transition  state  structures  for  adsorption  of  a)  Hj  b)  H2O  c)  SiH4. 


Water  (H.O) 


Water  dissociates  to  leave  hydroxyl  (OH)  and  H  fragments  bound  to  the  surface.  In 
contrast  to  hydrogen  molecules,  water  has  a  sticking  probability  close  to  unity,  indicating  that 
there  is  no  barrier  to  adsorption.  The  experimental  work  on  water  adsorption  on  Si(lOO),  as 
well  as  the  details  of  our  own  work,  are  reviewed  in  Ref.  4.  The  geome^  of  the  transition  state 
to  adsorption  of  water  is  shown  in  Figure  2b.  The  energy  of  the  transition  state  is  below  that  of 
the  isolated  molecule  and  clean  surface:  the  stmcture  shown  corresponds  to  a  saddle  point 
between  a  weakly  bound  molecular  precursor  and  the  dissociatively  chemisorbed  state.  The 
energy  of  this  configuration  is  only  slightly  (<  0.2  eV)  above  the  energy  of  the  precursor  state,  a 
minor  bump  in  a  reaction  path  that  is  downhill  nearly  dl  the  way  from  the  reactant  state  to  the 
chemisorbed  state. 
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As  with  Hj,  the  water  molecule  interacts  primarily  with  the  electrophilic  side  of  the 
dimer,  though  the  interaction  with  the  electron-rich  oxygen  atom  is  much  more  favorable  than 
that  with  the  bond  in  H2.  At  the  transition  state,  the  0-H  bond  directed  toward  the  nucleophilic 
side  of  the  dimer  is  stretched  to  1.2  A  (compared  to  1.0  A  in  an  isolated  water  molecule).  The 
electron  density  indicates  that  the  O-H  bond  is  not  broken,  but  there  is  a  Si-O  bond  forming 
that  stabilizes  the  transition  state.  While  the  nucleophilic  side  of  the  dimer  does  not  have  strong 
interactions  with  the  incident  molecule,  the  HOMO  shows  some  overlap  between  the 
nucleophilic  dangling  bond  and  the  dissociating  H  atom,  further  stabilizing  the  transition  state. 

Thus,  while  H2  and  H2O  both  adsorb  on  the  electrophilic  side  of  the  dimer,  several 
factors  account  for  the  large  difference  in  activation  energies.  Water  contains  a  polarizable, 
electron-rich  atom  that  can  react  with  the  electrophilic  surface  site  before  the  O-H  bond  is 
broken  and  the  geometry  of  the  transition  state  allows  a  stabilizing  interaction  with  the 
nucleophilic  side  of  the  dimer.  Finally,  because  oxygen  can  be  polarized  so  easily,  additional 
surface  distortion  is  not  required  to  enhance  the  interaction  of  the  electrophilic  Si  with  the 
electron-rich  O.  In  fact,  at  the  transition  state  for  water  adsorption,  the  surface  is  actually 
buckled  less  than  the  bare  surface,  which  enhances  the  overlap  of  the  Si  orbitals  with  O. 

Silane  fSiH^^) 

Silane  dissociates  to  leave  silyl  (SiHj)  and  H  fragments  bound  to  the  surface.^  The 
sticking  probability  of  silane  is  low  (10“^),’  though  not  as  small  as  that  of  H2.  Measurements  of 
film  growth  rates  as  a  function  of  surface  temperature  have  found  an  apparent  activation  energy 
for  silane  sticking  of  less  than  0.2  eV  on  a  clean  surface,  though  the  absolute  sticking 
probability  remains  low  at  all  temperatures  studied.®  On  the  other  hand,  measurements  of 
sticking  as  a  function  of  incident  silane  translational  energy^  show  that  sticking  is  increased  by 
two  orders  of  magnitude  over  that  of  a  thermal  gas  if  the  molecules  are  given  an  initial 
translational  energy  on  the  order  of  1  eV.  This  suggests  that  part  of  the  barrier  to  adsorption  is 
associated  with  molecular  degrees  of  freedom  which  cannot  be  activated  by  heating  the  surface 
alone. 

The  geometry  of  the  calculated  transition  state  to  adsorption  is  shown  in  Figure  2c.  The 
energy  of  this  state  is  0.6-0.8  eV  (depending  on  the  basis  set  used)  above  the  energy  of  the 
isolated  silane  molecule  and  clean  surface.  Again  the  primary  interaction  is  with  the  electrophilic 
side  of  the  dimer,  though  it  corresponds  to  transfer  of  a  hydrogen  from  silane  to  the  surface.  In 
fact,  H  is  more  electronegative  than  Si,  so  that  an  H  atom  will  be  more  strongly  attracted  than  Si 
to  the  electron-deficient  surface  atom.  At  the  transition  state,  the  dissociating  H  atom  is  closer  to 
the  surface  Si  (1.62  A)  than  to  the  silane  Si  (1.79  A).  The  electron  density  indicates  that  the 
silane  Si-H  bond  is  broken  and  a  surface  Si-H  bond  is  being  formed  at  the  transition  state.  This 
is  consistent  with  the  picture  that  a  large  part  of  the  activation  energy  is  associated  with 
molecular  degrees  of  freedom,  in  this  case  a  Si-H  stretch.  The  nucleophilic  side  of  the  dimer 
shows  little  interaction  with  the  incident  silane,  with  the  HOMO  being  essentially  an 
unperturbed  dangling  bond.  However,  the  silyl  fragment  is  oriented  to  facilitate  formation  of  a 
bond  between  silyl  and  the  nucleophilic  side  of  the  dimer. 

Silane  adsorption  has  several  features  in  common  with  hydrogen  adsorption.  Like  Hj, 
silane  has  no  easily  polarizable,  electron-rich  atoms.  Electrophilic  attack  can  occur  at  an  H 
atom,  but  it  is  not  nearly  as  favorable  as  attack  on  an  atom  like  oxygen,  so  adsorption  of  silane 
is  activated.  The  barrier  to  adsorption  is  lower  than  for  hydrogen,  largely  because  the  Si-H 
bond  in  silane  is  weaker  than  the  H-H  bond.  There  may  be  also  be  a  weak  stabilizing  interaction 
between  the  silyl  fragment  and  the  nucleophilic  side  of  the  dimer,  analogous  to  that  seen  with 
water.  As  with  H2,  the  surface  is  distorted  at  the  silane  transition  state,  making  the  “down”  side 
of  the  dimer  more  electrophilic.  This  surface  distortion  corresponds  to  an  increase  of  0.2  eV  in 
the  surface  energy.  This  corresponds  closely  to  the  observed  effective  activation  barrier 
corresponding  to  the  surface  coordinates.  However,  the  calculations  show  that  both  surface  and 
molecular  coordinates  must  be  excited  to  cross  the  saddle  point. 
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Nucleophilic  Attack  Mechanisms:  Silane  and  Borane  ('BRI 

All  of  the  reactions  described  to  this  point  are  initiated  by  an  interaction  at  the 
electrophilic  side  of  the  dimer.  There  are  good  reasons  to  expect  that  silane  might  adsorb  by 
another  mechanism  in  which  the  nucleophilic  side  of  the  dimer  forms  a  bond  with  the  Si  in 
silane,  followed  by  formation  of  a  surface  Si-H  bond  on  the  opposite  side  of  the  dimer.  An 
earlier  theoretical  study  predicted  that  silyl  radical  could  attack  silane  in  an  analogous  gas  phase 
reaction  to  form  a  Si-Si  bond  and  eliminate  a  hydrogen  radical. On  the  surface,  this  path 
would  presumably  be  stabilized  by  formation  of  a  Si-H  bond  instead  of  formation  of  a  gas 
phase  radical.  Moreover,  in  this  transition  state  the  silane  Si  would  be  five-fold  coordinated,  a 
configuration  that  occurs  in  stable  compounds  of  Si.  Despite  persistent  efforts  to  search  for 
such  a  saddle  point,  none  has  been  found.  The  difference  between  the  surface  and  gas  phase 
reactions  may  reflect  the  difference  between  Si-H  bonds  in  silyl  radical  and  Si-Si  bonds  on  the 
surface,  with  the  latter  being  more  effective  in  stabilizing  the  dangling  bond,  thus  making  Ae 
surface  relatively  less  reactive  as  a  nucleophile  than  silyl. 

Adsorption  of  borane  is  a  clear  example  of  a  reaction  that  can  begin  at  the  nucleophilic 
dimer  atom.  BH3  is  a  strong  electron  acceptor,  and  adsorption  occurs  by  forming  a  Si-B  bond 
on  the  nucleophilic  side  of  the  dimer,  leaving  BH2  and  H  fragments.  This  work  is  still  in 
progress,  but  it  appears  that  there  is  little  or  no  activation  barrier  to  borane  adsorption. 

Symmetric  Addition:  Cvclohexadiene 

The  dissociative  adsorption  reactions  described  here  all  proceed  through  asymmetric 
transition  states.  In  some  cases,  it  is  easy  to  argue  using  qualitative  molecular  orbital  theory  that 
this  must  be  the  case.  For  example.  Figure  3a  indicates  schematically  the  orbitals  that  would  be 
involved  in  adsorption  of  H2  along  a  symmetric  path.  To  break  the  H-H  bond,  the  anti-bonding 
lowest  unoccupied  orbital  (LUMO)  of  H2  must  be  populated  by  overlap  with  a  filled  surface 
state.  To  form  Si-H  bonds,  the  H2  orbitals  must  overlap  with  the  surface  dangling  bond  states 
(the  surface  HOMO)  with  a  proper  phase  relation  for  bonding.  But  the  H2  LUMO  and  surface 
HOMO  have  opposite  parity,  so  that  it  is  not  possible  to  have  positive  overlap  between  the 
surface  dangling  bonds  and  the  molecular  antibonding  orbital  on  a  symmetric  path. 


Figure  3.  a)  Orbitals  involved  in  symmetric  adsorption  path  for  H2  b)  Orbiteils  involved  in  the 
Diels-Alder  reaction  of  cyclohexadiene  on  Si(lOO)  c)  Product  of  the  Diels- Alder  reaction. 


This  kind  of  argument  leads  to  a  different  conclusion  for  molecules  such  as 
cyclohexadiene.  The  relevant  orbitals  are  shown  in  Figure  3b.  It  is  clear  that  the  surface 
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HOMO  and  molecular  LUMO  may  have  positive  overlap  on  a  symmetric  path.  The  result  of 
populating  the  molecular  LUMO  will  be  to  form  the  product  shown  in  Figure  3c,  with  two  C-C 

TC-bonds  broken,  and  a  new  one  formed,  in  addition  to  the  Si-C  bonds.  The  reaction  is  a 
surface  analog  of  a  common  reaction  in  organic  synthesis,  the  Diels-Alder  reaction.  While  a 
symmetric  reaction  path  is  not  prohibited  by  this  simple  argument,  this  need  not  be  the  lowest 
energy  path.  Preliminary  calculations  indicate  that  there  is  a  lower  energy  path  that  is  somewhat 
asymmetric,  with  the  C-Si  bonds  formed  sequentially  rather  th^  simultaneously.  The 
distinction  is  nearly  meaningless,  however,  as  the  reaction  has  little  or  no  activation  barrier  on 
either  path.  The  product  is  stable  by  1 .6  eV  with  respect  to  the  reactants. 

This  reaction  is  a  prototype  of  a  large  class  of  reactions,  analogs  of  which  have  been 
explored  thoroughly  in  the  organic  chemistry  literature.  The  most  direct  relatives  are  other 
dienes,  possibly  including  substituents.  In  such  cases,  the  product  contains  a  C-C  double  bond 
which  offers  the  possibility  of  doing  further  controlled  chemical  reactions  to  modify  the 
adsorbate  layer. 

CONCLUSIONS 

Several  examples  of  reactive  adsorption  have  been  described  which  illustrate  the 
chemical  features  of  the  Si(lOO)  surface.  In  all  the  reactions  described  here,  both  dangling 
bonds  of  the  surface  dimer  play  a  role  in  the  reaction.  Dissociation  of  hydrides  may  begin  at 
either  the  electrophilic  or  nucleophilic  side,  depending  on  the  adsorbate.  Indeed,  the  presence  of 
both  electron-rich  and  electron-poor  sites  in  close  proximity  is  an  advantage  in  dissociative 
adsorption  since  both  molecular  fragments  will  be  able  to  bind  to  a  favorable  site:  the  rnore 
electron-donating  fragment  binds  to  the  electrophilic  surface  site,  and  the  fragment  that  is  the 
better  electron  acceptor  binds  to  the  nucleophilic  site.  In  the  examples  shown,  hydrogen  can  act 
as  either  type  of  fragment,  binding  to  the  electrophilic  or  nucleophilic  surface  site.  However, 
reactions  that  proceed  by  electrophilic  attack  on  H  are  activated,  because  the  electron  density 
around  H  is  so  low.  On  the  other  hand,  electrophilic  attack  on  an  electron-rich  atom  (such  as  O) 
can  proceed  with  no  activation  barrier,  as  can  nucleophilic  attack  on  an  electron-deficient 
compound  (such  as  BH3)  or  addition  of  a  diene. 
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Abstract 

The  anodic  oxidation  of  p-Si(IOO)  in  aqueous  NH4F  solution  is  investigated  in-situ 
by  photoluminescence  (PL)  with  short  Ns-laser  pulses  as  a  function  of  pH  at  constant 
potential.  The  PL  intensity  depends  sensitively  on  the  modification  of  the  Si  surface  and 
on  the  change  of  the  oxidation  rate  during  current  oscillations.  The  interruption  of  the 
anodic  oxidation  at  the  maximum  of  a  current  oscillation  peak  leads  to  a  current 
transient  which  shows  typical  features  of  oxide  removal  and  hydrogenation  for  two  dif¬ 
ferent  oxide  thicknesses.  This  makes  it  possible  to  realize  an  intermediate  state  of  the 
Si  surface  with  a  coexisting  hydrophilic  (oxide)  and  hydrophobic  (hydrogenated)  part. 


Introduction 

The  silicon/fluoride  electrolyte  system  is  of  great  interest  due  to  the  possibility  of 
the  formation  of  structured  or  smooth  surfaces  as  used  for  micromachining  and 
electronic  devices.  There  exist  some  surprising  effects  like  a  current  transient  at  the 
end  of  the  dissolution  of  an  oxide  covered  silicon  electrode  in  fluoride  solutions  [1-4]. 
The  hydrogenation  of  the  Si  surface  is  obtained  when  the  current  transient  tends  to 
decay  and  is  completed  when  the  current  levels  out  [4,5]. 

We  use  in-situ  photoluminescence  (PL)  measurements  to  investigate  the  creation 
and  passivation  of  nonradiative  recombination  centers  at  the  silicon  /  electrolyte 
interface  during  anodic  oxidation  reactions  at  p-type  Si(IOO)  in  the  oscillating  regime. 
The  results  are  discussed  from  the  point  of  view  of  non-radiative  defect  generation  and 
passivation,  which  is  kinetically  controlled  by  the  charge  transfer  and  the  oxidation  and 
etching  rate,  respectively.  The  stroboscopic  probing  of  the  PL  was  chosen  to  suppress 
light  induced  electrochemical  reactions. 


Experimental 

P-type  Si(IOO)  samples  with  a  specific  resistivity  of  about  1  Qcm  are  used  in  the 
experiments.  The  Si  sample  is  placed  at  the  center  of  a  quartz  tube  and  serves  as 
working  electrode.  Pt  wire  and  1  M  KCI/AgCI/Ag  are  used  as  counter  and  reference 
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electrodes,  respectively.  The  electrolyte  is  continuously  pumped  through  the  quartz 
tube  during  the  experiments.  The  electrode  current  or  potential  is  controlled  by  a  galva- 
nostat/potentiostat  (Jaissle  IMP  88  PC).  The  electrolytes  are  made  from  p.a.  NH4F, 
triply  distilled  water  and  H2SO4  for  pH  adjustment.  The  PL  is  excited  by  a  Ns-laser 
(LTB-MSG200,  wavelength  337  nm,  pulse  width  0.5  ns).  The  light  intensity  is  about 
0.5  mJ/cml  The  PL  transients  are  detected  at  a  wavelength  of  1.05  pm  using  a  prism 
monochromator,  a  Si-photodiode  with  a  high  impedance  preamplifier  (EMM)  and  a 
digital  oscilloscope  (HP  54510  A).  The  experimental  setup  is  described  elsewhere  [6]. 


Results 

Fig. la  shows  a  typical  current  voltage  curve  of  p-type  Si(100)  in  the  acidic  aqueous 
fluoride  solution  starting  from  the  hydrogenated  surface  at  -0.5  V.  With  increasing 
potential  the  current  increases  leading  to  current  peak  at  which  the  formation  of  oxide 
sets  on  [7]. 


Potential  (V) 


Fig.l  Current-potential  dependence  of  p-Si(IOO)  in  0.1  M  NH4F  (pFI  4.0);  scanrate  20 
mV/s. 

The  formed  oxide  is  simultaneously  etched-back  by  the  acidic  fluoride  solution  resulting 
in  the  well-known  electropolishing  behavior.  Current  oscillations  occur  in  the  potential 
region  above  about  +3.5  V  in  our  case.  Simultaneously,  the  PL  intensity  (fig. 1b) 
decreases  with  increasing  potential  due  to  the  formation  of  porous  silicon  in  this 
potential  regime  [9].  At  the  current  maximum,  a  sudden  drop  in  the  PL  intensity  occurs 
indicating  to  a  change  in  the  surface  modification,  the  hydrogenated  surface  becomes 
hydroxylated  and  further  oxidized  [7].  A  second,  less  pronounced  drop  can  be  seen 
after  the  second  broad  current  maximum.  Up  to  now,  it  is  not  known  what  kind  of 
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changes  occur  at  the  interface  or  in  the  oxide  itself  at  this  potential  condition.  At  high 
anodic  potentials  the  PL  intensity  oscillates  anticorrelated  to  the  oscillating  current  [8] 
which  is  suppressed  when  the  current  shows  chaotic  behavior  above  +5  V  in  our  case. 

Fig. 2  shows  the  current-time  (thin  solid  line)  and  PL-time  (thick  solid  line)  curves 
during  electropolishing  at  a  fixed  potential  of  +8  V  at  different  pH  values  (2.5,  3.5  and 

4.0;  fig.  2a, b  and  c,  respec¬ 
tively).  The  mean  current 
decreases  while  the  mean  PL 
intensity  is  nearly  constant  with 
increasing  pH.  The  anticor¬ 
relation  of  the  PL  intensity  to 
the  oscillating  current  is  seen 
at  higher  pH  values  due  to  a 
lower  etchrate  of  the  oxide  by 
the  electrolyte  which  increases 
the  oscillation  period  and  the 
oxide  thickness  [6].  The 
sharper  the  current  peak  of  an 
oscillation  the  stronger  the 
decrease  of  the  PL  intensity, 
up  to  one  order  in  magnitude, 
which  indicates  to  a  sudden 
formation  of  a  large  density  of 
nonradiative  recombination 
centers  if  the  change  in  the 
oxidation  rate  is  fast.  The 
damping  of  the  current 
oscillations  is  also  reflected  by 
a  damping  of  the  PL  intensity 
(fig.2b). 

0  50  100  150 

Time  (s) 

Fig:2  Current-time  (thin  solid  line)  and  PL-time  (thick  solid  line)  curves  for 
electropolishing  at  +8  V  and  hydrogenation  at  -0.4  V  in  0.1  M  NH4F  (a:  pH  2.5, 
b:  pH  3.5  and  c:  pH  4.0) 

The  PL  intensity  at  +8V  (pH  4)  and  the  deviation  of  the  current  from  fig. 2c  are 
plotted  in  figure  3.  There  is  a  pronounced  correlation  of  the  PL  intensity  with  the 
deviation  of  the  current.  The  PL  intensity  increases  slightly  during  the  increase  of  the 
current,  but  when  the  current  suddenly  drops  down  (negative  dl/dt)  the  PL  intensity 
decreases  heavily  and  cures  with  time  until  the  next  oscillation  peak  occurs. 
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Fig. 3  PL  intensity  and  deviation  of  the  current  (dl/dt)  from  fig.2  (0.1  M  NH4F,  pH  4.0)  as 
a  function  of  time. 

Fig.4  shows  the  influence  of  the  etch-back  of  an  anodic  oxide  by  the  acidic  fluoride 
solution  on  the  current  transient  by  switching  the  potential  from  +8  V  to  -0.4  V  either  at 


Fig.4  Current  (a)  and  PL  intensity  (b)  during  electropolishing  at  +8  V  and  switching  the 
potential  to  -0.4  V  at  the  maximum  (dashed  line)  or  the  minimum  (solid  line)  of  an 
oscillation. 
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the  minimum  (solid  line)  or  at  the  maximum  (dashed  line)  of  a  current  peak  (the 
timebase  of  the  current  and  PL  intensity  is  scaled  to  zero  at  the  interruption  of  the 
current).  There  is  no  difference  of  the  current  amplitude  and  oscillation  period  at  +8  V 
but  the  current  transient  at  -0.4  V  differs  (fig.4a).  The  maximum  of  the  current  transient 
after  interruption  at  the  current  oscillation  maximum  occurs  somewhat  later  in  time  and 
shows  a  second  small  current  peak  with  increasing  time.  The  anticorrelation  of  the  PL 
intensity  to  the  current  oscillation  and  the  curing  of  the  damaged  interface  by  a  slow 
increase  of  the  PL  intensity  during  the  current  minimum  are  clearly  seen  at  +8  V  in 
fig. 4b.  Switching  the  potential  to  -0.4  V  leads  to  an  increase  of  the  PL  intensity  during 
the  hydrogenation  of  the  Si  surface  which  begins  at  the  current  transient  maximum  and 
is  completed  when  the  current  levels  out.  Interrupting  the  oxidation  process  at  the 
maximum  of  the  current  oscillation  leads  not  only  to  a  second  small  peak  at  the  current 
transient  but  also  to  a  relative  plateau  at  the  PL  intensity.  When  the  second  current 
peak  begins  to  decay,  the  PL  intensity  increases  to  the  value  after  interruption  at  the 
minimum  of  the  current  oscillation. 

Discussion 

The  measured  PL  intensity  of  the  crystalline  silicon  is  controlled  by  the  nonradiative 
recombination  in  the  bulk  and  at  the  Si  surface.  The  PL  quenching  in  our  experiments  is 
related  to  the  concentration  of  nonradiative  defects  at  the  Si  surface,  while  the  bulk 
recombination  is  unchanged  during  the  electrochemical  treatments  at  room 
temperature.  The  defect  concentration  depends  on  the  morphology  of  the  interface 
region  Si/anodic  oxide,  which  is  controlled  by  the  oxidation  rate.  As  seen  from  fig.1,  the 
in-situ  PL  measurement  can  be  used  as  a  probe  for  changes  of  the  interface 
modification  (hydrated,  hydroxylated  and  oxidized  respectively).  Our  experimental 
findings  show  that  the  nonradiative  recombination,  i.e.  the  defect  concentration  at  the 
Si  surface,  is  about  10  to  100  times  higher  during  anodic  oxidation  than  at  the 
hydrogenated  Si  surface  which  correlates  well  with  the  finding  from  ex-situ  surface 
photovoltage  measurements  on  n-Si(lll)  [10].  Although  the  current  maximum  is  less 
during  anodic  oxidation  at  higher  pH's  (fig.2b  and  2c,  0.5  mA)  than  at  pH  2.5  (fig.2a, 
1  mA)  the  mean  PL  intensity  remains  nearly  constant.  When  the  change  of  the 
oxidation  rate  (dl/dt)  is  to  fast  as  observed  during  oscillations  (fig. 3)  the  oxidation 
process  is  obviously  kinetically  blocked  by  a  limitation  of  the  charge  transfer  into  the 
electrolyte  or  by  the  transport  of  O^'  ions  through  the  quickly  formed  passivating  oxide 
layer.  As  a  result  of  the  higher  etchrate  of  the  oxide  at  higher  pH  the  oxidation  process 
leads  to  a  thinner  oxide  layer  where  no  limitation  of  the  charge  transfer  into  the 
electrolyte  could  be  observed.  It  is  known  that  dangling  bonds  at  Si  atoms  with  three  Si 
backbonds,  that  means  the  dangling  bonds  closest  to  the  bulk  silicon,  are  very  efficient 
nonradiative  recombination  centers  [11].  The  PL  intensity  during  oxidation  is  the  highest 
just  before  the  current  increases  for  the  oscillation  which  points  to  a  curing  of  the 
defective  oxidized  Si  species  with  time  (passivation  of  dangling  bonds,  increase  of  the 
oxidation  state).  The  curing  of  the  PL  and  the  higher  PL  intensity  during  the  minimum  of 
a  current  oscillation  points  to  a  better  passivation  of  the  interface  during  this  oxidation 
process  and  may  be  a  hind  why  the  oscillation  treatment  leads  to  smooth  and  electric 
well  passivated  surfaces  [9,12].  Furthermore,  a  recent  published  analyses  of  the  current 
transients  indicates  to  the  existence  of  mainly  two  different  oxide  thicknesses  if  the 
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current  transient  shows  a  double-peak-like  structure  [8].  This  behavior  is  confirmed  by 
our  in-situ  PL  measurement.  The  occurrence  of  a  plateau  and  a  further  increase  of  the 
PL  intensity  during  the  second  current  peak  indicates  to  a  partially  hydrogenated 
Si  surface  at  the  first  plateau  where  the  remaining  oxide  is  etched  back  during  the 
second  current  peak.  The  PL  intensity  of  the  hydrogenated  Si  surface  is  nearly  identical 
for  both  interruption  processes. 

Conclusions 

In  situ  PL  measurements  are  used  for  the  characterization  of  the  p-type  Si(100) 
surface  during  anodic  oxidation.  The  fast  change  in  the  oxidation  rate  leads  to  a 
blocking  of  the  passivation  of  Si  dangling  bonds  at  the  interface.  The  thickness  of  the 
thin  anodic  oxide  is  most  inhomogeneous  at  the  maximum  of  the  current  oscillation 
where  the  PL  intensity  reaches  the  minimum.  The  etch-back  of  this  inhomogeneous 
oxide  layer  leads  to  a  Si  surface  state  where  hydrophobic  (oxide)  and  hydrophilic 
(hydrogenated)  part  coexist. 
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ABSTRACT 

A  novel  method  for  generating  lateral  features  by  patterning  the  naturally  forming  surface 
hydride  layer  on  Si  is  described.  Because  of  the  relatively  strong  chemical  bonding  between 
silicon  and  hydrogen,  the  hydride  layer  acts  as  a  robust  passivation  layer  with  essentially  zero 
surface  mobility  at  ordinary  temperatures.  A  focused  electron  beam  from  a  scanning  electron 
microscope  was  used  for  patterning.  Upon  losing  the  hydrogen  passivation  the  silicon  surface 
sites  become  highly  reactive.  Ideally,  the  lifetime  of  such  a  pattern  in  a  clean  environment  should 
be  infinite.  Deliberate  exposure  of  the  entire  wafer  to  a  suitable  gas  phase  precursor  results  in 
selective  area  film  growth  on  the  depassivated  pattern.  Linewidths  and  feature  sizes  of  silicon 
dioxide  on  silicon  below  100  nm  were  achieved  upon  exposure  to  air.  The  silicon  dioxide  is 
robust  and  allows  effective  pattern  transfer  by  anisotropic  wet-chemical  etching.  In  this  paper,  the 
mechanism  of  hydrogen  desorption  and  subsequent  pattern  formation,  and  the  factors  that  govern 
the  ultimate  pattern  resolution  will  be  discussed. 

INTRODUCTION 

Electron  beam  lithography  (EBL),  X-ray,  ion  beam,  and  focused  ion-beam  (FIB) 
hthography  are  some  of  the  candidates  for  the  next  generation  microfabrication  processes 
(sub- 100  nm  feature  size)  beyond  optical  hthography.  However,  none  of  the  above  processes 
satisfy  the  requirements  for  both  high  yield  and  high  resolution.  EBL  and  FIB  have  high  ultimate 
resolution  but  suffer  from  slow  speed,  while  the  other  methods  support  high  yield  processes  but 
provide  limited  resolution.  In  terms  of  resolution,  STM  hthography  can  produce  the  finest 
structures.  Linewidths  down  to  1  nm  have  been  demonstrated  on  hydrogen  passivated  sihcon 
surfaces  [1].  However,  because  of  the  extremely  slow  writing  speed  and  the  narrow  field  of  view, 
it  is  unlikely  that  STM  patterning  wih  become  useful  for  high  volume  device  fabrication.  In 
addition,  the  STM  fabricated  ultrahigh  resolution  patterns  were  found  to  be  too  frail  to  survive 
the  subsequent  pattern  transfer  steps  [2].  EBL  is  attractive  for  novel  patterning  methods  because 
other  than  STM,  it  provides  the  highest  resolution  among  aU  patterning  tools  and  has  a  weh 
estabhshed  track  record  in  device  fabrication  for  research  purposes  [3]. 

In  this  paper,  we  report  results  concerning  a  novel  resistless  e-beam  hthography  process 
that  involves  electron  beam  induced  patterning  without  the  use  of  organic  polymer  resist  such  as 
PMMA.  The  patterning  medium  is  the  surface  hydride  layer  on  sihcon.  The  function  of  the 
electron  beam  is  to  alter  the  chemical  reactivity  of  the  passivated  surface.  The  exposed  patterns 
are  transferred  by  subsequent  processing.  In  this  work,  we  employed  anisotropic  wet  chemical 
etching  of  the  substrate.  The  advantages  of  resistless  EBL  are  total  elimination  of  ah  the  toxic 
chemicals  associated  with  the  resist  processes  and  a  higher  ultimate  resolution  resulting  from  the 
absence  of  line  broadening  by  electron  scattering  processes  in  the  resist.  In  this  report  we 
describe  the  linewidth  dependence  on  the  electron  beam  energy,  the  electron  exposure  dose,  and 
the  substrate  thickness. 
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EXPERIMENTAL 

The  scanning  electron  beam  lithography  (SEBL)  system  consists  of  a  commercial  SEM, 
Amray  1400,  configured  for  external  scanning.  The  external  scanning  is  driven  by  a  16  bit  D/A 
converter  controlled  by  a  486-50MHz  personal  computer.  With  a  writing  field  of  100  yum,  the 
D/A  converter  has  a  pixel  resolution  of  1.5  nm  which  is  much  less  than  both  the  beam  diameter 
(~5- 10  nm  with  a  LaB^  emitter)  and  the  electrical  noise  (S/N  ratio  of  ~  120  dB)  from  the  scanning 
coils.  Larger  writing  fields  with  lower  pixel  resolution  are  also  possible.  Typical  beam  currents 
used  were  on  the  order  of  5  to  100  pA.  The  electron  dose  for  our  apphcation  was  1-4  /.^C/cm. 
For  comparison,  the  typical  PMMA  EBL  dose  is  only  a  few  nC/cm.  The  pressure  in  the  sample 
chamber  is  in  the  low  10'^  to  high  10'^  Torr  range  when  both  the  turbo  pump  and  ion  pump  are 
used.  RGA  monitoring  of  the  sample  chamber  did  not  show  detectable  contamination.  The  base 
line  performance  capabilities  of  the  EBL  were  determined  using  conventional  resist  based  EBL. 
Minimum  hnewidths  of  50  nm  were  routinely  achieved  using  PMMA  and  gold  liftoff.  Note  that 
we  used  relatively  thick  PMMA  (-250  nm)  and  substrate  (-300  yum)  for  the  gold  liftoff.  Higher 
resolution  is  possible  with  better  noise  isolation  and  both  thinner  resist  and  substrate. 

Following  standard  solution  cleaning  using  trichloroethylene,  acetone,  methanol,  and  DI 
water  rinse,  the  Si  substrates  were  oxidized  in  a  UV  photoreactor  to  remove  the  remaining 
hydrocarbons  and  to  oxidize  any  metallic  impurities.  The  sihcon  hydride  layers  were  prepared  by 
a  dilute  (- 10%)  HF  dip  of  the  UV  oxidized  samples  at  room  temperature.  After  the  HF  dip  the 
surface  is  passivated  by  a  uniform  silicon  hydride  layer.  Hydride  passivation  of  the  surface  was 
confirmed  by  scanning  Auger  electron  microprobe  analysis.  No  surface  contaminants  such  as 
carbon  or  oxygen  were  observed. 

Upon  electron  beam  irradiation,  the  hydrogen  on  the  Si  surface  is  desorbed  and  a  highly 
reactive  Si  surface  is  produced  that  is  the  basis  for  pattern  formation.  The  exposed  area  can  either 
serve  as  a  positive  or  a  negative  patterning  mask  depending  on  subsequent  processes.  One  can 
oxidize  the  exposed  area  followed  by  CVD  on  the  unexposed  area.  On  the  other  hand,  one  can 
inject  a  source  gas  into  the  sample  chamber  concurrently  with  electron  irradiation.  In  this  work, 
we  used  wet  chemical  etching  to  transfer  the  oxide  pattern  to  the  Si  substrate.  A  10% 
tetramethyl-ammonium-hydroxide  (TMAH)  at  70° C  is  used  as  a  Si  etch.  It  is  a  highly  anisotropic 
etch  that  etches  Si(lOO)  and  Si(l  10)  three  times  as  fast  as  Si(l  1 1);  for  Si(l  10)  the  etch  rate  is  6.8 
nm/s  while  for  Si(l  1 1)  it  is  2.2  nm/s.  In  addition,  the  etch  rate  for  SiO,  is  at  least  an  order  of 
magnitude  slower  than  for  Si.  To  elucidate  the  mechanism  of  pattern  formation,  the  effects  of 
electron  energy,  electron  dose  and  the  substrate  thickness  on  the  resulting  hnewidth  were 
investigated. 

RESULTS 

Figure  1  shows  an  AFM  image  of  a  pattern  on  Si(lOO)  transferred  by  TMAH  etching 
following  a  30  kV  electron  beam  exposure  at  a  dose  of  1.14  iiCIcm.  The  line  spacings  from  top 
to  bottom  (same  set  of  lines  from  left  to  right)  are  0.25,  0.50,  1.00,  2.00,  and  4.0  Since  the 
pressure  in  the  sample  chamber  of  the  SEM  was  only  in  the  low  10'^  Torr  range,  oxidation 
occurred  in-situ  during  actual  exposure.  The  oxide  thickness  was  estimated  to  be  around  1.5  nm. 
Attempts  were  made  at  imaging  immediately  following  electron  beam  exposure,  but  due  to  the 
poor  contrast  between  Si  and  SiO,  we  were  unable  to  observe  the  oxide  pattern  in  the  SEM. 

Figure  2  shows  a  close-up  view  of  the  sample  shown  in  Fig.  1  with  line  spacing  of  0.5  //m.  The 
lines  are  about  90  nm  tail,  and  the  width  of  the  lines  at  the  top  is  25  nm. 
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Figure  3  shows  a  plot  of  the 
linewidth  as  a  function  of  the  electron 
dose  at  an  electron  energy  of  30  kV. 
The  plot  shows  a  threshold  dose  of 
0.75  /iC/cm  for  electron  beam  induced 
oxidation.  No  exposure  was  found 
with  a  dose  less  than  0.75  yuC/cm  at 
30  kV.  The  linewidth  rises  sharply 
until  the  dose  reaches  1.9  />iC/cm  and 
saturates  at  a  linewidth  of  0.2  Aim. 

The  inset  in  the  plot  shows  optical 
images  of  the  corresponding  test 
patterns.  Note  that  the  dose  for  the 
first  pattern  (which  was  not 
observable  under  the  microscope)  was 
plotted  as  corresponding  to  zero 
linewidth.  This  dose  dependence  is  in 
contrast  to  the  one  reported  by 
Kramer  et  al  [4]  which  showed  no 
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Figure  1 


dose  dependence  in  electron  beam 
induced  oxidation  in  UHV.  However,  it 


is  possible  that  the  lowest  dose  in  their 
work  has  already  exceeded  the  saturation 
dose. 

In  order  to  understand  the 
mechanism  of  electron  beam  induced 
hydrogen  desorption,  we  used  different 
electron  energies  to  test  the  role  of  back 
scattered  (BSE)  and  secondary  electrons 
(SE).  Figure  4  depicts  two  patterns  on 
the  same  substrate  exposed  at  10  kV  and 
30  kV  using  the  same  dose.  At  10  kV  the 
lines  were  much  wider  with  less  defined 
edges.  This  result  strongly  suggests  that 
either  the  BSE  and/or  the  SE  are 
contributing  to  hydrogen  desorption. 


Figure  2 


The  given  in  Figure  4  is  the  Bethe 

range  [5]  for  the  given  electron  energies  in  Si.  Figure  5  shows  the  measured  linewidth  as  a 
function  of  electron  energy  at  5,  10,  30,  and  40  kV.  The  substrate  is  Si(lOO)  and  the  patterns 
were  transferred  using  a  10  s  TMAH  etch.  The  linewidth  decreases  sharply  from  5  kV  and 
saturates  at  30  kV.  A  minimum  linewidth  of  <0. 1  //m  was  obtained  at  around  30  kV . 


To  differentiate  the  role  of  BSE  and  SE,  exposures  on  a  substrate  with  a  tapered  edge 


were  performed.  The  upper  left  picture  in  Figure  6  is  a  backscattered  electron  image  showing  a 
140  iim  hole  in  Si(lOO).  The  thickness  is  gradually  increasing  away  from  the  edge  as  shown  by 
the  BSE  image  where  bright  areas  indicate  high  intensities  of  BSE  (thick  substrate)  and  dark  areas 
indicate  low  BSE  (thin  substrate).  An  optical  image  of  two  sets  of  line  exposures  (at  30  kV)  with 
the  lines  written  from  the  thin  part  of  the  substrate  toward  the  thick  part  are  depicted  in  the  lower 
left  of  Figure  6.  Close  up  images  taken  at  (a)  and  (b)  are  shown  at  top  right  (thin  substrate)  and 
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bottom  right  (thick  substrate). 

The  SEM  images  on  the  right 
hand  side  of  Figure  6  show  that  the 
lines  on  the  thick  part  of  the 
substrate  (b)  are  only  slightly 
wider  than  the  lines  on  the  thin 
part.  No  significant  change  in  ^ 
the  line  width  was  found  as  the 
substrate  thickness  changed 
from  about  1  to  5  ^^m.  At 
30  kV,  the  Bethe  electron  range 
is  8.5  jim.  A  significant 
reduction  in  BSE  that  would  be 
expected  for  a  substrate 
thickness  that  is  less  than  half 
the  Bethe  range  has  not  been 
observed.  This  finding  suggests 
that  BSE  do  not  play  a  major 
role  in  determining  the 
linewidth.  It  further  implies  that 

BSE  exposure  is  not  the  mechanism  that  governs  hydrogen  desorption. 
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In  conclusion,  the 
passivating  hydride  layer  on 
silicon  was  used  as  a  prototype 
for  exploring  the  feasibility  of 
electron  beam  patterning  of 
surface  adsorption  layers  for 
nanofabrication  applications. 

The  patterns  obtained  by  this 
resistless  hydride  lithography 
were  continuous  with  a  minimum 
hnewidth  of  0.1  /um  or  better.  At 
present,  no  special  effort  was 
made  to  obtain  the  ultimate 
resolution  of  this  patterning 
method.  Systematic  studies  were 
performed  to  explore  the 
correlation  between  the  exposure 
parameters  such  as  the  electron 

energy,  dose,  substrate  thickness  and  the  resulting  linewidth.  Further  comprehensive 
investigations  are  needed  to  fully  understand  the  interplay  between  the  linewidth  and  the 
mechanism  of  hydrogen  desorption. 
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ABSTRACT 

Fourier  transform  infrared  attenuated  total  reflection  method  was  employed  to  observe  Si 
surfaces  during  wet  chemical  treatments.  We  observed  the  time  evolution  of  the  surface  chemical 
structure  during  the  oxidizing  of  hydrogenated  Si  surfaces  in  such  oxidants  as  ozonized  water  and 
hydrogen  peroxide  using  (100)  and  (111)  surfaces.  We  also  examined  the  adsorption  of 
surfactants  which  were  introduced  in  an  HF  solution.  The  interaction  of  adsorbates  at  the  interface 
and  with  molecules  in  a  liquid  phase  was  discussed  based  on  our  in  situ  observations. 


INTRODUCTION 

In  Si  device  fabrication,  HF  acid  is  widely  used  to  produce  oxide-free  hydrogenated  Si  surfaces 
[1].  However,  it  is  well  known  that  the  surface  may  become  oxidized  during  the  subsequent  rinse 
in  water  containing  dissolved  oxygen  [2].  The  existence  of  any  oxide  on  the  Si  surface  degrades 
the  electrical  properties,  when  low  resistance  metal  contacts  and  high  dielectric  capacitors  formed 
on  the  surface.  Recently,  it  was  reported  that  thin  gate  oxides  formed  out  of  hydrogenated  surfaces 
were  more  reliable  than  that  out  of  chemical  oxides  formed  by  conventional  cleaning  procedures 
[3].  Precise  understanding  of  the  initial  oxidation  of  hydrogenated  surfaces  is  important.  It  is 
widely  accepted,  based  on  experimental  evidence  obtained  by  ex  situ  techniques,  that  the  oxidation 
of  a  hydrogenated  Si  surface  begins  with  oxygen  attaching  to  the  back  bond  of  surface  Si  atoms 
when  oxidation  occurs  in  pure  water  containing  dissolved  oxygen  and  in  a  dry  oxygen  atmosphere 
[4-8]. 

In  this  paper,  we  investigated  surface  oxidation  in  an  H2Q2  solution  and  in  ozonized  water  to 
examine  the  affects  of  the  redox  potential  of  each.  Both  solutions  are  nearly  neutral  but  are 
different  in  redox  potential.  In  addition,  oxidants  such  as  H2Q2  and  O3  are  intentionally  added  to 
solutions  used  for  surface  cleaning  processes  to  dissolve  some  metallic  contaminants  and  to 
passivate  the  surface  with  chemical  oxide.  Little  of  the  oxidation  chemistry  is  known  regarding 
solutions  with  a  large  redox-potential. 

The  progress  of  oxidation  and  the  consumption  of  the  Si-hydrides  structure  were  monitored 
using  in  situ  infrared  spectroscopy.  We  used  Si  (100)  and  (111),  whose  major  surface  structures 
are  di-hydride  and  mono-hydride,  respectively,  and  examined  the  relationship  between  the 
oxidation  reaction  and  the  surface  structure.  The  adsorption  of  surfactants  in  an  HF  solution  is  also 
described  in  this  paper. 

EXPERIMENT 

Non-doped,  FZ-Si  prism-shaped  wafers  which  were  polished  on  both  sides  were  used  for 
Fourier  transform  infrared  attenuated  total  reflection  (FT-IR  ATR)  analysis.  We  used  both  (100) 
and  (111).  The  size  of  the  ATR  prism  was  53  x  53  mm,  and  the  thicknesses  were  1.0  mm  for 
(100)  and  0.5  mm  for  (111).  IR  analysis  was  performed  using  a  Nicolet  740  FT-IR  spectrometer 
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and  an  HgCdTe  detector  cooled  with  liquid  N2.  The  measurement  resolution  was  4  cm-T 
Polarization  experiments  were  performed  using  wire  grid  polarizer.  We  developed  a  specially 
designed  chemical  cell  to  examine  the  Si  surface  in  solution  [9]. 

After  mounting  a  conventionally  pre-cleaned  sample  in  the  chemical  cell  with  ATR  geometry, 
we  introduced  a  0.5%  HF  solution  into  the  cell.  The  surface  oxide  was  then  removed  and  the 
surface  Si  bonds  were  terminated  with  hydrogen  atoms.  An  oxidizing  solution  was  then  introduced 
for  a  specified  time.  To  allow  sufficient  time  for  spectrum  accumulation  (typically  1000  times  for 
10  min),  we  exchanged  the  oxidizing  solution  with  water  to  pose  the  oxidation  reaction.  This 
procedure  with  the  oxidizing  solution  and  water  was  repeated.  We  used  a  3%  U2O2  solution  (pH 
5.5,  NHE.  +0.5~0.7  V)  and  a  2  ppm  ozonized  water  (pH  6-7,  NHE.  +1.0-1. 2  V)  as  the  oxidizing 
solutions. 

An  electron  device  industry  grade  surfactant  added  HF  solution  (Morita  Chemical  Industries 
Company  Ltd. ;  SHF)  was  used  to  examine  affects  of  the  surfactant  on  surface  chemical  state  [10]. 

RESULTS 

Figure  1  shows  IR-ATR  spectra  of  water  near  the  Si  surface.  The  spectra  were  recorded  with  a 
chemically  oxidized  Si  (100)  prism.  The  reference  was  air,  that  is,  there  was  no  water  in  the  cell. 
Strong  absorption  originating  from  0-H  stretching  at  about  3400  cm-i  and  H-O-H  bending  at 
about  1650  cm-i  were  observed.  A  weak  absorption  seen  at  2210  cm-i  is  attributed  to  an  water 
related  absorption.  The  region  below  1450  cm-i  were  undetectable  because  of  the  strong 
absorption  of  the  Si  substrate  itself. 

1.  Oxidation  of  H/Si  in  solution 

The  IR-ATR  technique  is  sensitive  enough  to  reveal  the  structural  changes  of  hydrogenated  Si 
surfaces.  About  1%  structural  modification  of  the  monolayer  is  detectable  with  our  equipment. 
And  the  chemical  and  physical  adsorption  from  the  atmosphere  is  negligible.  Due  to  potential 
instability  caused  by  ex-situ  observation,  it  was  quite  difficult  to  evaluate  the  early  oxidation  stage 
based  on  the  detection  of  OxSiy-Hz  (back  bond  oxidized  Si-hydrides,  x=l  -3,  x  +  y  +  z  =  5) 
[11].  In  order  to  reveal  the  nature  of  the  oxidation  process  of  hydrogenated  Si  in  solution,  in  situ 
IR  measurements  were  required. 


Wavenumber  (cm’’) 


Fig.  1.  ATR  spectra  of  water  near  Si 
surface.  Spectra  were  recorded  with  a 
native-oxide  formed  Si  (100)  prism. 
Vertical  axis  shows  transmission  when 
the  cell  was  filled  with  pure  water.  The 
reference  spectra  were  recorded  without 
water  in  the  cell. 
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Fig.  2.  P-polarized  ATR  spectra  of  Si-H 
stretching  on  Si  (100)  in  de-ionized  water. 
The  reference  was  a  native  oxide  formed  Si 
(100)  prepared  in  a  boiling  H2SO4  /H2C)2 
solution.  It  was  removed  using  0.5%  HF 
then  re-oxidized  using  3%  H2C)2. 
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Fig.  3.  P-polarized  ATR  spectra  of  Si-H 
stretching  on  Si  (111)  in  de-ionized  water. 
The  reference  was  a  native-oxide  formed  Si 
(111)  prepared  in  a  boiling  H2SO4/H2Q2 
solution.  It  was  removed  using  0.5%  HF 
then  re-oxidized  using  3%  H2C)2. 


Figures  2,  and  3  show  the  oxidation  of  (100)  and  (111)  surfaces  in  3%  H2O2  solution.  While 
the  Si-Hz  (z  =  1  -  3)  stretching  frequencies  in  figures  2  and  3  were  almost  the  same  as  these 
observed  by  ex  situ  analysis,  the  peaks  are  broader.  This  was  already  explained  in  terms  of  the 
interaction  of  Si-H/  (z  =  1  -  3)  with  water  [9].  It  can  be  clearly  seen  from  these  figures  that  the 
increase  of  OxSiyHz  (x  =  l-  3,x  +  y  +  z  =  5)  structures  was  accompanied  by  the  decrease  of  SiHz 
(z  =  1  -  3)  structure.  In  the  (100)  surface,  the  OsSiH  structure  was  dominant  even  during  very 
early  stages  of  the  oxidation  process  (less  than  0.5  monolayer),  indicating  that  the  02SiyHz  (y  +  z 
=  3,  z  =  1  -  2)  and  the  OSiyHz  (y  +  z  =  4,  z  =  1  -  3)  structures  were  unstable.  In  contrast,  these 
were  clearly  observable  in  the  (111)  surface,  as  shown  in  figure  3.  The  same  observation  was 
made  when  H2Q2  was  replaced  with  ozonized  water,  demonstrating  that  the  instability  of  02SiyHz 
(y+z=3,z=l,  2)  and  OSiyHz  (y  +  z  =  4,  z  =  1  -  3)  on  (100)  and  the  stability  of  the  same  on 
(111)  remains  independent  of  the  redox  potential  of  the  oxidizing  solution. 

These  results  suggested  that  one  back  bonds  oxidation  weakened  the  other  back  bonds  on 
(100),  yet,  the  partial  oxidation  on  (111)  did  not  weaken  neighboring  back  bonds  toward 
oxidation.  In  in  situ  IR-ATR  experiments  recently  done  by  others  [12],  such  intermediate  oxides 
were  not  observed  on  (111).  This  might  due  to  a  lack  of  sensitivity  needed  to  detect  these 
structures. 

We  found  similar  spectra  between  p-polarization  and  s-polarization  conditions  on  (100) 
surfaces.  On  the  other  hand,  polarization  experiments  on  the  (111)  surface  showed  meaningful 
results.  S-polarization  spectra  should  detect  the  oxidation  of  Si-hydrides  at  step  or  kink  sites, 
however,  there  was  no  evidence  of  site  specific  back  bond  oxidation  in  our  experiment.  It  seemed 
that  the  back  bond  oxidation  of  the  topmost  Si  layers  progressed  randomly  on  (111)  at  least. 

When  we  consider  the  charge  transfer  from  the  back  bonds  to  the  chemisorbed  oxygen,  it  may 
be  generally  stated  that  the  oxidation  of  one  back  bond  weakens  the  other  back  bonds.  In  the  case 
of  the  (111)  surface,  however,  the  attachment  of  oxygen  to  the  back  bond  of  mono-hydride 
requires  a  displacement  of  the  topmost  Si  atoms,  thus  stressing  the  remaining  two  back  bonds. 
This  increases  the  reaction  potential  for  oxidation.  On  the  (100)  surface,  this  effect  is  expected  to 
be  less  significant  because  oxidation  of  one  back  bond  of  di-hydride  requires  displacement  of  the 
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Fig.  4.  S-polarized  ATR  spectra  of  H/Si 
(100)  in  de-ionized  water.  The  reference 
was  a  native-oxide  formed  Si  (100) 
prepared  in  a  boiling  H2SO4/H2O2  solution. 
It  was  removed  using  0.5%  HF  then  re¬ 
oxidized  using  3%  H2O2. 


Wavenumber  (cm'’) 

Fig.  5.  S-polarized  ATR  spectra  of  H/Si 
(100)  in  de-ionized  water.The  reference  was 
a  native-oxide  formed  Si  (100)  prepared  in  a 
boiling  H2SO4/H2Q2  solution.  It  was 
removed  using  0.5%  HF  then  re-oxidized 
using  2  ppm  ozonized  water. 


topmost  Si  atoms,  thus  stressing  only  one  back  bond.  We  think  that  such  stress  on  (111)  basically 
originates  from  the  crystal  structure  of  Si  (111),  that  is,  shorter  distance  between  the  top  two  Si 
layers.  We  believe  that  the  stress  interrupts  the  subsequent  oxygen  attachment  to  the  back  bonds  on 
the  (111)  surface.  This  model  may  explain  why  the  back  bond  oxidation  rate  on  (100)  surfaces  is 
higher  than  on  (111)  surfaces  in  solution  [13,  14]. 

2.  Interaction  of  water  with  substrate  surface  and  the  affect  of  surfactants 

The  time  evolution  of  the  oxidation  of  hydrogenated  Si  (100)  in  a  3%  hydrogen  peroxide 
solution  is  plotted  in  figure  4.  The  increase  of  water  related  absorption  is  clearly  seen  during  the 
oxidation,  indicating  that  oxidation  degrades  the  hydrophobicity  of  the  surface.  In  other  words,  the 
density  of  water  is  lower  near  the  hydrophobic  surface  than  it  is  near  the  hydrophilic  surface.  The 
same  observation  was  also  confirmed  in  the  oxidation  of  Si  (100)  with  2  ppm  ozonized  water,  as 
shown  in  figure  5.  However,  Si-hydride  structures  almost  disappeared  from  hydrogenated 
surfaces  after  only  a  few  minutes  of  oxidation  in  ozonized  water.  In  contrast,  most  of  OsSiH  and 
SiHz  (z  =  1  -  3)  structures  remained  stable  in  the  3%  H2O2  solution  even  after  long  term  oxidation. 
It  is  noted  that  the  hydrophobicity  of  hydrogenated  Si  in  ozonized  water  decreased  drastically 
during  10  s  to  1  min  oxidation,  however,  the  observed  OsSi-H  growth  was  very  weak,  as  seen  in 
figure  5.  This  suggests  the  existence  of  two  oxidation  paths,  one  is  back  bond  oxidation  and  the 
other  is  Si-H  itself.  The  oxidation  rate  of  Si-H  was  faster  than  that  of  Si-Si  in  ozonized  water.  We 
believe  that  the  oxidation  of  Si-H  produces  Si-OH  in  ozonized  water  which  may  degrade  the 
hydrophobicity  of  the  surface. 

Figure  6  shows  ATR  spectra  of  hydrogenated  Si  (100)  measured  in  the  surfactant  added  1%  HF 
solution  and  compared  to  three  different  references;  native-oxide  formed  Si  in  pure  water, 
hydrogenated  Si  in  pure  water  and  hydrogenated  Si  in  a  surfactant  free  1%  HF  solution.  Broad  HF 
related  absorptions  are  seen  in  figure  6  with  the  same  wavenumber  positions  observed  in  a 
previous  report  [15].  Surface  adsorption  of  the  surfactant  was  clearly  seen,  as  was  the 
hydrophobicity  degradation  of  Si  in  SHF.  The  changes  of  Si-hydride  structures  caused  by 
surfactant  adsorption  were  also  observed. 
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Fig.  6.  S-polarized  ATR  spectra  of  H/Si 
(100)  in  a  surfactant  added  1%  HF 
solution.  Reference  spectra  were 
recorded  with  (a)  a  native  oxide-formed 
Si  (100)  in  de-ionized  water,  (b)  a 
hydrogenated  Si  (100)  in  de-ionized 
water,  and  (c)  a  hydrogenated  Si  (100) 
in  no-surfactant  added  1%  HF  solution. 


Wavenumber  (cm"') 

Fig.  7.  Time  evolution  of  spectrum  changes 
on  H/Si  (100)  formed  in  a  surfactant  added 
1%  HF  solution  during  de-ionized  water 
rinse.  The  reference  was  a  native-oxide 
formed  Si  (100)  in  de-ionized  water. 
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Fig.  8.  Time  evolution  of  H/Si  (100) 
formed  m  a  surfactant  added  1%  HF 
solution  during  de-ionized  water  rinse.  The 
reference  was  a  hydrogenated  Si  (100)  in 
de-ionized  water. 


Figure  7  shows  the  affects  of  a  pure  water  rinse  on  hydrogenated  Si  (100)  formed  with  1% 
SHF.  The  reference  spectrum  in  figure  7  was  obtained  from  hydrogenated  Si(lOO)  in  pure  water. 
The  surface  is  less  hydrophobic  even  after  long  term  rinsing,  which  may  be  due  to  the  resident 
surfactant  on  the  surface,  observed  in  figure  7. 

Two  shoulder  peaks  in  the  C-H  stretching  region  may  be  attributed  to  symmetric  and 
asymmetric  CHa  stretching  of  adsorbed  surfactant.  The  shoulder  peaks  ratio  was  almost  constant 
during  the  water  rinse.  The  details  of  adsorbed  surfactant  properties  were  left  for  further  studies. 

In  figure  8  we  plotted  these  spectra  again  with  another  reference  spectrum  of  a  native-oxide 
formed  Si  (100)  prism  in  pure  water.  The  0-H  related  absorption  showed  some  characteristic 
spectra  changes.  A  less  absorption  than  the  typical  hydrophilic  surface  of  the  reference  sample  was 
observed  at  around  1630  cm-i  and  3600  cm-i.  This  may  be  attributed  to  the  lower  concentration  of 
non-hydrogen  bonded  water  originating  from  the  surfactant  [9].  The  increase  in  the  absorption  at 
1680  cm-t  and  3100  cm-i  during  the  water  rinse  accompanied  an  increase  in  the  intensity  of 
OxSiyHz  (x  +  y  +  z  =  5).  We  considered  that  this  0-H  absorption  might  relate  to  some  interaction 
between  the  water  near  the  surface  and  the  oxide  grown  on  the  surface. 
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It  can  be  stated  that  the  surfactant  adsorption  on  the  surface  affects  both  the  Si-hydride  structure 
and  the  hydrogen  bonded  state  of  the  water  near  the  surface.  We  suppose  that  this  affect  may 
change  the  reaction  properties  between  the  water  and  Si  surface,  such  as  the  oxidation  and  the 
etching  of  Si. 

SUMMARY 

The  insertion  of  oxygen  process  to  Si-Si  is  highly  dependent  on  surface  orientation.  In  situ  IR 
observation  suggests  that  the  oxidation  of  one  back  bond  of  hydrogenated  Si  on  (100)  weakens  the 
other  bonds  against  oxidation.  It  also  suggests  that  insertion  oxidation  on  (111)  is  interrupted  with 
the  stress  originating  from  Si  (111)  structure. 

An  instability  of  the  Si-hydrides  in  ozonized  water  was  detected  with  in  situ  IR  analysis.  It  is 
suggested  that  the  chemical  stability  of  the  Si-hydrides  depends  on  the  redox  potential  of  the 
solution. 

The  affect  of  surfactant  adsorption  on  hydrogenated  Si  was  examined  using  an  electrical 
industry  grade  HF  based  solution.  Adsorption  of  the  surfactant  caused  a  degradation  in  the 
hydrophobicity  of  the  surface.  The  existence  of  surfactant  on  the  Si  surface  could  affect  the 
hydrogen  bonded  state  of  water  near  the  surface.  The  surface  concentration  of  the  adsorbed 
surfactant  decreased  over  water  rinsing  time,  however  its  complete  removal  did  not  occur. 
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ABSTRACT 

The  use  of  thiourea/ammonia  pre-treatments  on  (100)  InP,  followed  by  chemical  bath 
deposition  (CBD)  of  CdS  thin  films  (~  30  A),  with  low-temperature,  low-pressure  chemical 
vapor  deposited  Si02  has  been  shown  to  produce  metal-insulator-semiconductor  (MIS)  samples 
with  near-ideal  capacitance- voltage  (C-V)  response.  Here,  we  report  on  x-ray  photoelectron 
spectroscopy  (XPS)  analysis  of  the  near-surface  of  InP  following  pre-treatment  and  CdS 
deposition.  The  pre-treatment  was  shown  by  XPS  to  form  an  indium  sulfide  layer  and  effectively 
remove  native  oxides  fi-om  the  InP  surface.  The  subsequent  deposition  of  CdS  on  a  sulfur- 
passivated  surface  forms  a  stable  layer  which  protects  the  substrate  from  oxidation  during  SiOj 
chemical  vapor  deposition.  MIS  samples  prepared  using  the  pre-treatment  without  CdS 
deposition  showed  improved  C-V  response,  while  samples  prepared  with  both  the  pre-treatment 
and  CdS  deposition  showed  a  dramatic  reduction  in  the  density  of  interface  states. 

INTRODUCTION 

Sulfur  treatments  of  III-V  materials  have  shown  great  promise  in  producing  stable,  passivated 
surfaces  for  MIS  device  applications.  Methods  of  sulfur  passivation  include  ammonium  sulfide 
solutions'  and  gas-phase  polysulfide  treatments,^  both  of  which  form  an  indium  sulfide  layer  on 
InP.  While  these  methods  have  resulted  in  a  reduction  in  interface-state  densities  for  InP,  low- 
fi-equency  electrical  response,  drain  current  drift,  and  repeatability  remain  problems  for  MISFET 
device  fabrication.  The  efficiency  of  CBD  CdS  thin  films  on  InP  in  improving  the  MIS  C-V 
response  has  been  recently  demonstrated  by  our  group.^  Since  this  report,  we  have  found  that 
pre-treating  the  sample  in  a  solution  of  thiourea/ammonia  prior  to  CdS  deposition  results  in 
further  improvements  in  MIS  C-V  response.'’  In  this  paper,  we  report  on  XPS  analysis  of  InP  pre¬ 
treated  with  thiourea/ammonia  solutions  and  with  subsequent  deposition  of  thin  CdS  films.  Our 
hope  is  to  elucidate  the  surface  chemistry  of  InP  following  these  treatments  and  better  understand 
their  role  in  improving  resulting  MIS  devices. 

EXPERIMENT 

Thiourea/ammonia  pre-treatment  is  performed  by  immersing  an  unetched  n-InP  sample  in  a 
20  ml  solution  of  0.033  M  thiourea  and  12.3  M  ammonia  at  85°C  for  15  min.  The  sample  is  then 
rinsed  with  deionized  water  and  dried  with  nitrogen.  CdS  thin  films  were  deposited  as  reported 
previously.'’  Standard  CdS  deposition  conditions  were  0.028  M  thiourea  (CS(NH2)2),  0.014  M 
cadmium  sulfate  CdSO^,  and  11  M  NH3  for  3  min  at  85“C.  MIS  samples  were  prepared  by 
depositing  300  A  of  Si02  at  3  Torr  and  260°C.^  A  silane  overpressure  was  provided  during 
sample  heating  from  room  temperature  to  the  deposition  temperature  by  50  seem  of  5%  SiH4  in 
N2.  Gas  flows  were  33  seem  O2  and  100  seem  5%  SiH4  in  N2  during  the  deposition.  After  thermal 
evaporation  of  A1  fi'ont  contacts  and  In  back  contacts,  samples  were  annealed  overnight  in  Nj  at 
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350°C.  C-F  response  was  measured  at  1  MHz  using  an  HP  4275 A  multi-frequency  LCR  meter; 
quasistatic  measurements  were  made  with  a  Keithley  595  meter.  Interface-state  densities  were 
calculated  by  the  method  of  Castagne  and  Vapaille,'  using  both  high-frequency  and  quasistatic 
C-Kdata. 

In  order  to  determine  the  chemistry  of  the  passivated  InP  surface  following  thiourea/ammonia 
pre-treatment  and  CdS  thin  film  deposition,  XPS  analysis  was  performed  on  a  Physical 
Electronics  PHI  5100  using  non-monochromatic  Mg  K„  radiation  at  1253.6  eV.  The  anode  is 
operated  at  15  KV  with  an  incident  power  of  400  W.  The  diameter  of  the  analysis  area  is 
800  pm.  A  pass  energy  of  11.75  eV  was  used  for  all  detail  scans.  The  spectra  were  corrected  for 
charging  effects  by  referencing  the  carbon  Is  peak  to  284.8  eV.  After  Shirley  background 
subtraction,  Gaussian-Lorentzian  peaks  were  fitted  to  the  spectra  for  non-linear  least  squares 
optimization.  The  elemental  peak  areas  were  corrected  using  standard  sensitivity  factors.’  For 
fitting  the  In  3d^/2  results  obtained  on  vacuum-cleaved  InP  were  used  as  a  guide,  with  the 
FWHM  for  the  substrate  component  being  1.15  eV,  and  a  Gaussian-to-Lorentzian  ratio  of  2.2. 
Layer  thicknesses,  t,  were  calculated  using 

(1) 

\Csubslrale  7  25xCOS^ 

where  Gayer  is  the  sum  of  the  corrected  elemental  peak  areas  in  the  layer.*  Carbon  and  oxygen,  if 
detected,  were  included  in  this  parameter.  Csubsirate  is  the  sum  of  the  corrected  peak  areas  of  In 
and  P.  The  polar  angle  of  analysis,  0,  was  45°.  A  mean  free  path  of  25  A  was  assumed. 

Following  the  thiourea/ammonia  pre-treatment  and,  when  applicable,  the  CdS  thin  film 
deposition,  samples  were  immediately  loaded  into  the  XPS  system.  Following  analysis  of  the 
unannealed  surface,  samples  were  heated  for  one  hour  at  200°C  in  vacuo,  allowed  to  cool,  then 
re-analyzed.  The  heatin^analysis  cycles  were  repeated  at  50°C  increments  up  to  400°C.  The 
base  pressure  of  the  system  was  1  x  10  '°  Torr  and  rose  to  ~  5  x  10'*  Torr  during  bakeout.  An  HF- 
etched  InP  sample  was  also  analyzed  as  a  reference. 

RESULTS  AND  DISCUSSION 

Figures  1(a)  and  1(b)  show  the  1  MHz  and  quasistatic  C-V responses  for  HF-etched  InP,  pre¬ 
treated  InP,  and  InP  with  a  pre-treatment  followed  by  a  thin  CdS  film  (~  30  A)  deposition, 
respectively.  For  the  HF-etched  InP,  sample  A,  it  is  evident  that  the  sample  is  prevented  from 
becoming  accumulated  by  a  high  density  of  fast  traps  near  the  conduction  band  edge,  and  both 
high  and  low  frequency  response  are  impeded  by  a  high  density  of  states  throughout  the  band 
gap.  Following  thiourea/ammonia  pre-treatment,  the  C-V  response  is  improved,  sample  B.  The 
sample  now  goes  into  accumulation,  and  the  difference  in  Cqx  between  the  1  MHz  and  quasistatic 
curves  is  significantly  reduced.  The  pre-treated  sample  still  exhibits  poor  quasistatic  response.  A 
higher  value  of  Cmin  at  1  MHz  also  suggests  additional  states  have  been  added  below  midgap. 
This  effect  has  also  been  reported  by  Lau  et  al.  for  polysulfide-treated  InP.’  The  response  of  the 
sample  prepared  with  both  pre-treatment  and  CdS  film  deposition,  sample  C,  is  nearly  ideal  at  1 
MHz  and  exhibits  good  low  frequency  response  in  depletion  and  inversion.  The  theoretical  C-V 
response  is  shown  for  both  1  MHz  and  quasistatic  by  the  open  circles.  The  parameters  for  the 
theoretical  fit  for  both  the  high  frequency  and  low  frequency  curves  were  the  same  except  for  the 
dielectric  constant  of  the  oxide,  Sox-  For  the  1  MHz  response  curve,  Eqx  was  4.5,  while  4.6  was 
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Figure  1.  The  (a)  1  MHz  and  (b)  quasistatic  responses  frequency  response  of  «-InP  MIS  samples.  Sample  A  was 
HF-etched  immediately  prior  to  dielectric  deposition,  while  sample  B  was  pre-treated  in  a  thiourea/ammonia 
solution.  Sample  C  had  a  CdS  thin  film  deposited  after  pre-treatment.  The  open  circles  show  theoretical  C-V 
response,  (c)  Dj,  values  calculated  for  all  three  samples. 

used  for  the  low  frequency  plot.  The  variation  in  Cqx  with  frequency  may  be  due  to  a  low  density 
of  fast  traps  near  the  conduction  band  edge,  or  a  dispersion  in  Sqx-  Cmin/Cox  for  sample  C  in  Fig. 
1(b)  is  0.26,  compared  to  the  theoretical  value  of  0.13.  The  low  frequency  behavior  shows  that 
the  InP  Fermi  level  is  unpinned,  allowing  the  InP  surface  to  be  biased  from  accumulation  to 
inversion.  The  Du  values  for  all  three  samples  are  shown  in  Fig.  1(c).  We  have  found  that  the 
preparation  method  for  sample  C  yields  the  most  consistent  and  repeatable  results  for  MIS 
capacitor  fabrication. 

Figure  2(a)  shows  the  S  2p  detail  scan  of  a  pre-treated  «-InP  sample  unannealed  and  after 
annealing  at  200,  300,  and  400°C.  Sulfur  comprises  5.8%  of  the  total  detected  signal  on  the 
unannealed  sample;  it  is  reduced  to  3.3%  following  annealing  at  400°C.  The  estimated  layer 
thickness  is  1 1.5  A,  which  decreases  to  ~  3  A  after  the  final  anneal.  The  fact  that  a  sulfur  signal  is 
still  detected  after  the  400°C  anneal  indicates  the  remaining  sulfur  is  strongly  bonded  to  the 
substrate.  The  binding  energy  of  the  S  2p  peak  is  161.7  eV  for  the  unannealed  layer,  and  the 
chemical  state  of  the  peak  can  be  identified  as  that  of  a  sulfide.  The  spin  orbit  splitting  is  1.2  eV. 
No  sulfur  oxides  (167-169  eV)  are  observed,  even  following  heating  to  400°C. 

Figure  2(b)  shows  the  In  peak  for  the  sample  of  Fig.  2(a).  The  peak  was  fit  with  a 
substrate  component  at  444.5  eV  and  a  component  shifted  0.7  eV  from  the  substrate  peak.  This 
component  may  be  attributed  to  In-0  or  In-S  bonding.  Due  to  the  observed  S  2p  sulfide  signal, 
we  attribute  the  shifted  component  to  In-S.  For  pure  lUjSj  samples,  the  separation  between  the  In 
3>ds!2  and  S  2p  peak  has  been  reported  as  283.2  eV,^  which  is  close  to  our  value  (445.2  -  161.7  = 
283.5  eV).  Therefore,  we  see  that  the  thiourea/ammonia  pre-treatment  forms  In-S  bonds  on  the 
InP  surface.  Free  sulfide  is  formed  in  this  solution  according  to  the  equation: 

CS(NH2)2  +  20H‘  ^  S^'  +  CN2H2  +  2H2O  (2) 

The  high  ammonia  concentration  of  the  solution  is  believed  to  reduce  the  native  oxides  present 
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Figure  2.  The  (a)  S  Ip,  (b)  In  2>d^n,  and  (c)  P  2p  detail  scans  of  a  pre-treated  InP  sample  unannealed  and 
after  anneals  at  200,  300,  and  400°C.  The  dotted  curves  in  (a)  and  (c)  are  for  the  2py2  component,  while  the 
dashed  curves  are  for  the  2p^|2  component.  The  bulk  component,  In(-P),  for  the  In  peak  in  (b)  is  shown 
by  the  dotted  curve,  and  the  In(-S)  component  by  the  dashed  curve. 

on  the  InP  surface.  Once  the  thiourea  is  hydrolyzed  and  the  sulfide  ions  are  released,  the  sulfide 
ions  react  with  the  InP  surface  to  form  In-S  and  P-S  bonds.  Since  P-S  compounds  are  highly 
soluble  in  alkaline  solutions,  no  P-S  bonding  is  evident  in  the  P  2p  detail  scan,  Fig.  2(c).  The 
ratio  of  S/In(-S),  where  In(-S)  indicates  the  corrected  area  of  the  peak  attributed  to  In-S  bonding, 
in  the  unannealed  layer  was  1.7,  and  decreased  to  1.3  following  annealing  at  400°C. 

The  P  2p  peak  for  the  sample  is  shown  in  Fig.  2(c);  it  has  a  bonding  energy  of  128.8  eV.  No 
evidence  of  P-0  or  P-S  bonding  is  seen  on  either  the  unannealed  sample  or  following  annealing 
to  400°C.  These  components  have  binding  energies  shifted  4-5  eV  from  that  of  the  substrate. 
There  is,  therefore,  no  evidence  that  P  is  present  in  the  sulfide  layer,  and  the  sulfide  layer  is 
comprised  entirely  of  indium  and  sulfur. 

Figure  3(a)  shows  the  S  2p  spectrum  from  an  InP  sample  that  has  been  pre-treated  in  a 
thiourea/ammonia  solution,  followed  by  deposition  of  a  thin  CdS  film  for  3  min  at  85  C.  The  S 
binding  energy  is  161.8  eV.  The  peak  is  attributed  to  a  sulfide  and  comprises  ~  8.8%  of  the  total 
detected  signal.  Sulfate  is  also  present  with  a  concentration  of  ~  0.7%  at  164.8  eV.  This 
component  is  removed  by  annealing  at  350®C.  It  is  difficult  to  determine  the  amount  of  In-S  and 
Cd-S  bonding  for  the  sample,  as  the  energy  shifts  for  the  two  components  are  nearly  identical. 
While  the  S  2p  peak  occurs  at  161.7  eV  for  the  In-S  component,  published  values  of  the  binding 
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Figure  3.  The  (a)  S  2p,  (b)  Cd  (c)  In  and  (d)  P  2p  detail  scans  of  a  pre-treated  n-InP  sample  with  a 
thin  CdS  film  unannealed  and  after  anneals  at  200,  300,  and  400°C.  The  dotted  curves  in  (c)  are  for  the  2py2 
component,  while  the  dashed  curves  are  for  the  2p,/2  component.  The  bulk  component,  In(-P),  for  the  In  3^5/2 
peak  in  (d)  is  shown  by  the  dotted  curve,  and  the  In(-S)  component  by  the  dashed  curve. 

energies  for  Cd-S  have  been  reported  in  the  range  161.4-161.8  eV."  Therefore  it  is  difficult  to 
determine  quantitative  stoichiometries  for  the  thin  layers  we  are  considering  here. 

Figure  3(b)  shows  the  Cd  peak  of  the  sample  in  Fig.  3(a);  the  binding  energy  is  405.1 
eV.  This  value  agrees  well  with  previously  reported  data  on  single-crystal  and  thin-film  CdS 
samples.  The  Cd  peak  has  a  concentration  of  16.3%.  It  is  evident  from  Fig.  3(b)  that,  following 
aimealing  at  300'’C,  the  Cd  signal  is  no  longer  detected.  There  is  also  a  corresponding  decrease  in 
the  S  signal.  The  evolution  of  Cd  from  the  sample  suggests  that  Cd  is  not  strongly  bonded  to  the 
substrate.  Previously,  we  have  confirmed,  using  Auger  depth  profiling,  the  presence  of  CdS  thin 
films  at  the  interface  of  an  MIS  device  following  annealing  overnight  at  350°C.''  The  deposited 
oxide  of  the  MIS  sample  serves  as  a  capping  layer,  preventing  evolution  of  the  CdS  thin  film. 
Figure  3(c)  shows  the  P  2p  peak  for  the  sample.  We  again  see  no  evidence  of  P-S  or  P-0 
bonding.  The  In  3d^/2  peak.  Fig.  3(d),  is  similar  to  that  of  the  pre-treated  sample.  Again  we  see 
that  a  sulfide  component  is  present  for  the  In  3dsi2  peak.  Following  the  400°C  anneal,  the  S/In(-S) 
ratio  is  1 .4.  If  the  same  ratio  for  S/In(-S)  is  assumed  for  this  case  as  measured  in  the  pre-treated 
sample,  then  the  ratio  of  S/Cd  is  0.4  for  the  unannealed  sample.  The  presence  of  Cd-P  bonding  in 
the  sample  could  not  be  verified  due  to  lack  of  a  good  standard  and  reference  data.  The  existence 
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of  this  species  cannot  be  excluded,  therefore,  and  a  complete  understanding  of  the  chemistry  at 
the  CdS-InP  interface  will  require  more  experimentation. 

An  important  measure  of  the  quality  of  the  InP  surface  is  the  degree  of  P  deficiency.  P 
vacancies  can  act  as  traps  which  impair  the  C-V response  of  subsequently  fabricated  devices.  The 
temperature  instability  of  InP  is  one  of  the  leading  causes  of  poor  device  performance,  as  it  limits 
processing  temperatures.  While  the  HF-etched  and  pre-treated  samples  show  similar  P/In(-P) 
ratios  (~  0.8  for  the  unannealed  samples  to  ~  0.7  for  400°C-armealed  samples),  the  sample  with 
pre-treatment  and  a  CdS  thin  film  has  a  higher  value  (~  0.9)  for  temperatures  up  to  300°C.  XPS 
analysis  of  annealed  MIS  samples  also  gave  P/In(-P)  ratios  near  0.9.  This  increased  value  of 
P/In(-P)  is  not  yet  understood. 

CONCLUSIONS 

Pre-treating  n-InP  in  a  thiourea/ammonia  solution  has  been  shown  to  produce  an  In-S  layer  at 
the  surface.  While  the  presence  of  In-S  bonding  is  shown  to  improve  the  MIS  response,  the 
surface  remains  slightly  P-deficient.  Deposition  of  a  thin  layer  of  CdS  yields  dramatic 
improvements  in  MIS  C-V  response.  In-S  bonding  is  also  observed,  and  samples  with  the 
deposited  CdS  layer  also  exhibit  higher  P/In(-P)  ratios.  Pre-treated  samples  with  or  without  a 
subsequent  thin  CdS  film  showed  no  evidence  of  native  oxides  at  the  surface.  The  CdS  layer  may 
also  serve  to  protect  the  In-S  layer  during  dielectric  deposition,  but  it  is  unstable  when 
unprotected  at  temperatures  between  300  and  350°C.  The  presence  of  a  300  A  Si02  layer  protects 
the  CdS  layer  and  allows  for  processing  at  350°C.  Other  factors  which  may  impart  improved 
electrical  response  of  MIS  samples  prepared  with  CdS  thin  films  are  the  wide  band  gap  of  CdS 
and  its  favorable  valence  band  offset  on  InP.  The  electrical  response  also  demonstrates  that  a  thin 
CdS  layer  is  effective  in  reducing  interface  states.  It  is  an  interesting  historical  footnote  that  the 
first  insulated  gate  thin-film  transistor  was  fabricated  on  CdS,'^  possibly  due  to  its  high  degree  of 
ionicity,  which  results  in  good  interfaces  with  a  low  density  of  states. 
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ABSTRACT 

A  surface  study  of  Si-doped  GaAs  (100)  oriented  wafers  treated  with  NH4OH  and  HCl 
following  exposure  to  fluorine  containing  plasma  was  conducted  using  fourier  transform  infrared 
spectroscopy  (FTIR).  These  treatments  were  observed  to  produce  various  oxidation  products, 
such  as  AS2O5  and  GaO.  Though  inorganic  salts,  such  as  (NH4)3GaF6,  can  be  formed  on  the  Si- 
doped  GaAs  wafers  during  cleaning  with  hydrofluoric  acid  buffered  with  ammonium  fluoride,  the 
applied  cleaning  method  which  consisted  of  NH4OH  and  HCl  treatments  subsequent  to  exposure 
to  fluorine  containing  plasma  did  not  induce  formation  of  any  inorganic  salts.  A  small  amount  of 
hydroxide  group  was  dso  presented  in  the  samples.  Water  molecules  and  ammonium  hydroxide 
can  be  sources  of  OH  which  can  then  be  incorporated  interstitially  into  the  wafer  surfaces. 

INTRODUCTION 

It  is  well  known  that  the  presence  of  chemical  contaminants  and  impurities  on  wafer 
surfaces  will  affect  the  performance  and  reliability  of  microelectronic  devices.  Effective 
techniques  for  cleaning  semiconductor  wafers  before  and  after  oxidation  and  patterning  are  now 
more  and  more  important  because  of  the  extreme  sensitivity  of  the  semiconductor  surface  and  the 
submicron  scales  of  device  features. 

Wet  chemical  cleaning  processes  can  meet  the  rigorous  demands  on  wafer  smoothness  and 
low  metal  surface  contamination  in  advanced  cleaning  processes.  Widely  used  wet  cleaning 
procedures  in  the  semiconductor  industry  are  treatments  based  on  the  RCA  cleaning  sequences 

[1] ,  containing  an  HF  step  for  oxide  removal,  an  alkaline  NH4OH/H2O2  (SCI)  wet  chemical 
oxidation  step  and  an  acid  HCI/H2O2  (SC2)  cleaning  step.  However  there  are  some  limitations  of 
wet  wafer  cleaning  processes,  such  like  an  incompatibility  between  wet  wafer  cleaning  operation 
and  process  integration,  and  metallic  contaminants  plated  on  silicon  surfaces  from  HF  solutions 

[2] .  Also  these  processes  may  induce  various  oxidation  reactions  on  the  surface  of  silicon-doped 
GaAs  wafers  [3].  The  activation  energy  of  such  reactions  are  relatively  low,  so  that  they  can 
proceed  at  room  temperature.  These  reactions  involve  oxidation  of  GaAs,  silicon,  and  oxygen 
diffusion  at  various  reaction  rate  constants. 

Residues  from  wet  cleaning  processes  must  be  removed  in  order  to  make  sure  that  the 
subsequent  steps  provide  accurate  electrical  and  mechanical  performance.  Dry  cleaning 
procedures  followed  by  wet  cleaning  treatments  could  eliminate  inherent  disadvantages  brought 
by  wet  cleaning  processes.  Widely  used  dry  cleaning  procedures  are  thermally  enhanced,  vapor 
phase,  photochemically-enhanced,  and  plasma-enhanced  treatments.  Among  these,  plasma  based 
processes  can  effectively  remove  layers  of  organic  contaminant,  residual  oxide  or  metallic  residue 
remaining  on  the  wafer  surfaces  after  wet  chemical  cleaning  processes.  Several  attempts  at 
plasma-enhanced  cleaning  have  been  reported  [4]  [5] [6].  In  the  past  few  years  investigations  of 
plasma  cleaning  techniques  were  mainly  based  on  argon,  ozone,  oxygen,  or  hydrogen 
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atmospheres.  Most  of  the  applications  are  focused  on  silicon  wafers;  howeve,  few  of  them  have 
been  put  into  GaAs  wafers. 

In  this  study,  we  will  identify  the  products  induced  by  fluorine  containing  plasma  on  the 
GaAs  wafer  surfaces  using  FTIR  technique  in  order  to  understand  if  the  applied  cleaning  methods 
could  effectively  remove  oxides  that  possibly  formed  after  HCl  and  NH4OH  cleaning. 

EXPERIMENT 

A  surface  study  was  conducted  on  8  three-inch  (lOO)-oriented  GaAs  wafers.  Samples 
were  provided  by  M/A-COM  Microelectronic  Division.  These  wafers  were  implanted  with  Si  and 
annealed.  Both  sides  of  each  wafer  were  optically  flat  surfaces.  Surface  preparation  of  each 
wafer  is  described  in  Table  1. 

Table  1.  Surface  Preparation  of  8  (lOO)-oriented  GaAs  Wafers 


Wafer 

Surface  Preparation 

#1 

None 

#2 

NH4OH  clean 

#3 

HCl  clean 

#4 

45  sec.  exposure  to  fluorine  containing  plasma 

#5 

90  sec.  exposure  to  fluorine  containing  plasma 

#6 

HCl  clean  and  45  sec.  exposure  to  fluorine  containing  plasma 

#7 

HCl  clean  and  90  sec.  exposure  to  fluorine  containing  plasma 

#8 

NH4OH  clean  and  45  sec.  exposure  to  fluorine  containing  plasma 

Measurements  were  performed  by  Nicolet  Magna-IR™  550  spectrometer.  Experiments 
were  made  by  the  conventional  simple  transmission  geometry  at  room  temperature.  Samples  were 
positioned  on  an  optical  bench  interfaced  to  spectrometer.  Instruments  were  nitrogen-purged  to 
minimized  infi-ared  absorption  by  atmospheric  CO2  and  water  vapor.  Spectra  were  acquired  at  4 
cm"*  resolution  with  128  scan  accumulations.  Any  data  analysis,  such  like  baseline  correction,  was 
performed  by  Windows®  compatible  OMNIC®  software. 

RESULTS  AND  DISCUSSIONS 

Figures  1~3  represent  the  FTIR  absorbance  spectra  of  the  these  wafers  at  different 
frequency  ranges.  Regions  of  absorption  peaks  are  summarized  in  Table  2. 

Table  2.  Regions  of  Absorption  Peaks 


440 

490 

510 

575 

600-620 

768-770 

MSESSEESSSSM 

s 

w,  b 

sh 

s 

w 

w 

w 

s:  strong;  sh:  shoulder;  b:  broad;  w.  weak 
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Figure  1.  FTLR  spectra  of  8  (lOO)-oriented  GaAs  wafers  showing  the  range  between  400  to 
600  cm  *.  Surface  treatments  of  each  sample  were  described  in  Table  1. 


Figure  2.  F'liK  spectra  of  8  (lOO)-oriented  GaAs  wafers  showing  the  range  between  580  to 
880  cm  *.  Surface  treatments  of  each  sample  were  described  in  Table  1. 
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Figure  3.  FTIR  spectra  of  8  (lOO)-oriented  GaAs  wafers  showing  the  weak  absorption  at 
575  cm  *  and  600-620  cm  * .  Surface  treatments  of  each  sample  were  described  in  Table  1. 

Figure  1  shows  spectra  in  the  range  between  400  to  600  cm'\  Spectra  between  400  and 
450  cm'^  are  due  to  the  AlAs-like  TO  phonon  modes  from  the  AlGaAs  barrier  layers  [7],  Thus 
we  doubt  there  are  A1  impurities  existing  in  these  samples.  Actually  these  vibration  modes  (AlAs- 
like  TO  phonon  modes)  also  appear  in  the  far  infrared  range  at  350-400  cm‘\  The  presence  of 
the  peaks  at  510  and  525  cm'^  suggest  the  presence  of  various  types  of  arsenic  oxides  or  arsenic 
hydroxides.  For  example,  AS2O5  exhibits  absorption  band  at  532  cm'*  and  p-hydrobenzenearsonic 
acid  (arsenic  atom  bounded  to  oxygen,  two  hydroxyl  groups,  and  organic  phenol  group)  exhibits 
absorption  peak  at  525  cm'*  [8].  The  presence  of  absorption  band  at  585  cm'*  also  suggests  the 
presence  of  AS2O5. 

Figure  2  shows  spectra  in  the  range  between  580  to  880  cm'*.  The  peak  at  768  cm'* 
suggests  the  presence  of  GaO  (the  vibration  frequency  of  diatomic  molecules  of  GaO)  [9].  A. 
vom  Felde  et  al.  have  assigned  this  peak  as  O  atoms  bonded  to  Ga  atoms  on  the  (110)  terraces 
[3].  It  should  be  mentioned  that  the  vibrational  frequency  of  the  absorbed  oxygen  atom  overlaps 
the  frequency  range  expected  for  the  third  harmonic  of  the  TO  phonon  in  the  bulk  of  GaAs  [10], 
which  located  at  760-780  cm'*.  Relative  broad  small  peak  at  600-620  cm'*,  as  shown  in  Figure 
3,  indicates  the  presence  of  OH.  The  presence  of  OH  can  be  explained  by  the  fact  that  these 
samples  were  washed  by  ammonium  hydroxide  aqueous  solutions.  Water  molecules  and 
ammonium  hydroxide  can  be  sources  of  OH  which  can  then  be  incorporated  interstitially  into  the 
surfaces  [11].  The  presence  of  this  peak  (600-620  cm'*)  in  the  reference  sample  (sample  #1)  can 
be  explained  by  the  fact  that  the  water  molecules  in  the  air  were  absorbed  on  the  surfaces  of  the 
wafers. 

When  we  closely  look  at  the  frequency  region  of  580-880  cm'*,  as  shown  in  Figure  2,  we 
do  not  find  peaks  at  690  and  800  cm'*  for  Ga203  and  AS2O3,  respectively  [12,13].  There  is  also 
no  peak  showing  at  843  cm'*  for  both  the  Ga-O-As  and  As-O-As  bending  modes  of  the  chemically 
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grown  oxide  structure  [7].  It  should  be  mentioned  that  both  Ga  and  As  form  stable  oxides,  and 
that  extensive  oxidation  of  both  GaAs  produces  a  mixture  of  both  [14].  Absence  of  peak  at  715 
cm*^  for  the  vibration  frequency  of  oxygen  atoms  occupying  arsenic  vacancies  suggests  there  are 
no  substitutional  oxygen  atoms  in  the  GaAs  bulks  [15], 

The  absence  of  bending  and  stretching  frequencies  for  the  ammonium  ions  at  1300-1450 
cm‘\  and  2800-3350  cm*‘  regions  respectively  suggest  that  there  is  no  inorganic  salt  residue  after 
wet  cleaning  processes  [16-20].  Absences  of  the  (NH4)3GaF6  at  1425,  2870,  3040,  3220  cm‘‘ 
show  that  fluorine  containing  plasma  did  not  induce  formation  of  inorganic  salts  [21]. 

It  should  be  mentioned  that  the  FTIR  spectrum  pattern  of  each  sample  looks  like  the  same. 
This  could  be  explained  as  that  these  samples  have  been  exposed  to  the  air  for  a  couple  of  days 
before  the  measurements  performed.  These  existing  oxides  such  like  AS2O5  and  GaO  might  be  the 
products  of  GaAs  bulks  reacting  with  atmospheric  water  or  oxygen  molecules  rather  than  with  the 
applied  cleaning  steps.  Therefore,  in  order  to  realize  the  reason  for  these  oxides  formation, 
further  investigations  combining  in  situ  observation  are  needed 

CONCLUSIONS 

The  results  suggest  the  absence  of  inorganic  salts  that  consist  of  ammonium  fluoride  and 
ammonium  bifluoride.  These  salts  could  be  formed  on  the  Si-doped  GaAs  wafers  during  cleaning 
with  hydrofluorid  acid  buffered  with  ammonium  fluoride.  Thus,  it  is  concluded  that  the  applied 
cleaning  methods  for  these  wafers  do  not  induced  formation  of  any  inorganic  salt  under  these 
conditions  of  temperature  and  exposure  time  to  fluorine  containing  plasma.  Also  there  are  A1 
impurities  existed  in  these  wafers. 

Finally,  it  is  concluded  that  the  applied  chemical  cleaning  methods  and  fluorine  containing 
plasma  (at  room  temperature  and  exposure  time  of  45-90  seconds)  have  no  negative  effects  on 
these  wafers. 
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ABSTRACT 

Nanosized  powders  exhibit  high  specific  surface  areas  resulting  in  enhanced  reactivities. 
Surface  tailoring  by  controlled  adsorption  of  molecules  can  thus  be  conveniently  performed  and 
more  easily  monitored  by  surface-sensitive  techniques.  In  situ  and  ex  situ  grafting  procedures  of 
hexamethyldisilazane  (HMDS)  on  nanosized  titania  (n-Ti02)  powder  were  carried  out  and  studied 
by  Fourier  transform  infrared  spectrometiy  (FT-IR).  In  addition  to  a  decrease  of  the  hydrophilic 
OH  groups,  the  vibration  analysis  revealed  hydrophobic  CH3  groups  on  the  grafted  samples.  Co¬ 
adsorption  of  CO  and  H2O  on  the  differently  grafted  samples  showed  a  large  reduction  of  water 
effect  compared  to  the  as-received  n-Ti02  powder.  Modulation  of  infrared  transmitted  energy  by 
controlled  adsorption  of  O2  and  CO  made  it  possible  to  qualitatively  compare  the  electronic 
properties  of  the  surface-tailored  samples. 

INTRODUCTION 

Most  of  the  experimental  techniques  providing  chemical  surface  analyses  of  materials  actually 
probe  a  depth  ranging  from  a  few  nanometers  to  ten  nanometers.  Under  those  conditions,  it  is 
obvious  that  the  so-determined  chemical  composition  is  only  an  average  over  several  atomic 
layers  and  cannot  resolve  the  very  first  atomic  layer.  This  latter  precisely  may  have  a  quite  specific 
chemical  structure  which  in  fact  controls  the  surface  and  interface  properties  of  materials 
including  electronic  properties  of  semiconductors.  This  becomes  even  more  dramatic  for 
nanosized  materials  for  which  the  surface  upon  bulk  ratio  is  very  high,  making  them  often  very 
reactive.  Fourier  transform  infrared  (FT-IR)  spectrometry  is  a  powerful  tool  to  characterize  their 
first  atomic  layer  because  the  surface  chemical  species  generated  during  the  nanostructured 
material  synthesis  process  and/or  generated  by  surrounding  contaminants  can  be  identified  as  well 
as  reactive  sites  in  a  non  destructive  manner.  These  surface  groups  and  the  reactive  sites  as  well 
can  be  modified  in  situ  by  controlled  adsorption  of  molecules  (referred  to  as  grafting  in  the 
literature)  while  the  resulting  modifications  in  the  surface  properties  can  be  investigated  by  the 
same  FT-IR  technique.  On  the  other  hand,  independently  of  fundamental  vibration  studies,  some 
semiconducting  properties  can  be  deduced  from  the  infrared  spectra  without  requiring  electrical 
contacts  [1].  Our  choice  of  n-Ti02  as  a  candidate  for  grafting  experiments  is  motivated  by  the  fact 
that  this  material  is  one  of  the  most  studied  transition  metal  oxide  for  numerous  applications  (e.g. 
catalysis,  gas  sensing  ...)  and  thus  can  be  considered  as  a  prototypical  metal  oxide  in  surface 
studies  [2].  In  this  preliminary  work,  we  have  investigated  the  in  situ  and  ex  situ  grafting 
procedures  of  HMDS  on  n-Ti02  and  characterized  the  resulting  surface  species  by  FT-IR 
spectrometry.  Simultaneously,  the  changes  in  n-Ti02  and  HMDS-grafted  n-Ti02  electronic 
population  upon  CO,  O2  adsorption  and  co-adsorption  of  CO  and  H2O  were  accessed  to  by  the 
same  FT-IR  technique  and  qualitatively  correlated  to  existing  solid  state  theories. 

81 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  448  ®  1997  Materials  Research  Society 


EXPERIMENTAL 


All  the  spectra  were  recorded  in  transmission  mode  by  means  of  a  Perldn-Elmer  Spectrum 
2000  FT-IR  spectrometer  equipped  with  an  MCT  cryodetector.  The  analyzed  spectral  range 
extended  from  500  to  6500  cm'^  with  a  4  cm'^  resolution.  The  FT-IR  experiments  were  run  in  situ 
by  using  a  specially  designed  heatable  vacuum  cell  [3]  placed  inside  the  spectrometer  sample 
compartment.  Controlled  pressures  of  gases  were  adjusted  through  a  precise  valve  system.  The 
titania  powder  (P25,  Degussa-France)  was  mainly  in  the  anatase  crystalline  phase  (~70%).  The 
specific  surface  area  measured  by  the  supplier  was  50  mV^  arid  the  estimated  average  particle 
size  was  21  nm.  For  the  infrared  analyses,  the  n-Ti02  powder  was  slightly  pressed  into  thin  pellets 
(~50  mg)  on  a  stainless  grid  (Gantois,  France)  ensuring  a  homogeneous  thermal  distribution. 
These  pellets  were  systematically  kept  under  vacuum  at  673  K  prior  to  be  subjected  to  different 
gases  while  keeping  the  temperature  constant.  All  the  gases  (Alphagaz,  France)  were  99%  pure, 
hexamethyldisilazane  (HMDS)  (Fluka,  Germany)  was  99.5  %  pure  and  water  was  bi-distilled  and 
de-ionized.  The  in  situ  and  ex  situ  grafting  procedures  are  described  below. 

INFRARED  SURFACE  ANALYSIS  OF  HMDS-GRAFTED  TITANIA  NANOSIZED 
POWDER 

As-received  n-TiO?  powder 

As  it  is  the  case  for  all  oxides,  the  as-received  n-TiOa  powder  is  covered  with  molecular  water 
adsorbed  on  its  surface  [4].  A  thermal  treatment  under  dynamic  vacuum  (referred  to  as  activation 
throughout  the  text)  leads  to  a  surface  freed  of  adsorbed  species  according  to  the  temperature. 
The  surface  is  then  no  longer  in  an  equilibrium  state,  and  as  soon  as  molecules  impinge  on  this 
activated  surface,  they  adsorb  on  reactive  sites.  This  activation  not  only  allows  one  to  obtain  a 
good  knowledge  of  the  surface  species  but  also  to  follow  the  reactions  which  will  eventually  take 
place  during  the  gas-surface  interactions.  We  must  underline  here  that  we  are  not  considering  the 
n-Ti02  pellet  as  a  gas  sensor  under  its  standard  working  conditions.  Instead,  we  are  trying  to 
highlight  the  surface  reactions  and  to  understand  their  mechanism  so  as  to  extend  this  knowledge 
to  the  very  complex  case  of  a  real  gas  sensor  in  an  atmosphere  whose  exact  composition  is 
unknown. 

The  spectrum  of  n-Ti02  surface  activated  at  673  K  is  given  in  Fig.  la.  The  displayed  spectral 
range  ordy  extends  from  2000  to  4000  cm'^  where  the  absorption  bands  of  the  surface  species 
which  are  minority  by  far  even  for  nanosized  powders,  are  clearly  visible.  The  complex  band 
centered  at  3600  cm‘^  corresponds  to  the  v(OH)  stretching  vibrations  of  different  types  of  surface 
hydroxyl  groups  responsible  for  hydrophilicity.  Indeed,  according  to  the  cation  coordination 
or/and  the  number  of  cations  linked  to  the  OH  groups,  the  v(OH)  frequencies  vary  over  a  large 
range  [5]. 

When  the  n-Ti02  pellet  is  heated  at  673  K  under  air,  a  broad  feature  appears  around  3400  cm 
(Fig.  2a)  and  is  assigned  to  hydrogen-bonded  hydroxyl  groups.  Simultaneously  a  lowering  of  the 
baseline  is  observed  corresponding  to  the  IR  absorption  decrease  due  to  oxygen  adsorption  (cf 
following  section).  Carbon  dioxide  from  atmosphere  is  also  detected.  Adsorption  of  9  mbar  CO  at 
673  K  reduces  the  surface  (Fig.  3a)  and  consequently  increases  the  baseline.  Generation  of  CO2 
(2344  cm'*)  is  hardly  visible.  Upon  co-adsorption  of  water  and  CO  (Fig.  4a)  (total  pressure=10 
mbar  and  pH2o/pco  pressure  ratio=l/4)  generation  of  CO2  is  detected  (reduction  of  the  surface) 
while  modification  of  the  OH  absorption  range  is  due  to  dissociation  of  water  [4]. 
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Fig.  1 .  FT-IR  spectra  of  n-Ti02:(a)  pure;  and 
HMDS-grafted  n-Ti02:  (b)  ex  situ;  (c)  in  situ. 
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Fig.  2.  FT-IR  spectra  of  n-Ti02:(a)  pure;  and 
HMDS-grafted  n-Ti02:  (b)  ex  situ;  (c)  in  situ. 
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Fig.  3.  FT-IR  spectra  of  n-Ti02:(a)  pure;  and  Fig.  4.  FT-IR  spectra  of  n-Ti02:(a)  pure;  and 

HMDS-grafted  n-Ti02:  (b)  ex  situ;  (c)  in  situ.  HMDS-grafted  n-Ti02:  (b)  ex  situ;  (c)  in  situ. 


Ex  situ  HMDS-grafted  n-TiO?  powder 

The  ex  situ  grafting  procedure  consisted  in  heating  the  n-Ti02  powder  overnight  into  a 
standard  oven  at  473  K.  Then,  a  few  drops  of  liquid  HMDS  were  mixed  with  the  partly 
dehydrated  powder  under  atmosphere.  The  resulting  mixture  was  used  to  make  pellets  in  the  same 
way  as  for  the  as-received  powder.  The  most  striking  features  observed  in  Fig,  lb  are  the 
appearance  of  hydrophobic  CH3  groups  (2800-3000  cm**  range)  and  the  concurrent  decrease  of 
the  OH  groups.  It  is  worth  noting  that  a  very  intense  band  at  1270  cm'*  (not  shown  here)  appears 
in  the  spectra  of  both  the  ex  situ  and  in  situ  HMDS-grafted  n-Ti02  powders.  It  is  attributed  either 
to  v(Si-C)  or  5(CH3)  vibrations  and  is  quite  characteristic  of  HMDS  grafting.  We  checked  that 
the  grafting  was  irreversible  by  activating  the  samples  at  673  K  and  still  observing  the  same 
HMDS  absorption  bands. 

When  heating  the  ex  situ  HMDS-grafted  n-Ti02  powder  at  673  K  under  atmosphere,  the 
hydroxyl  groups  partly  recover  to  the  detriment  of  the  CH3  groups  (Fig.  2b).  While  SiOH  groups 
(3738  cm'*)  [5]  are  generated  on  the  surface,  no  hydrogen-bonded  hydroxyl  groups  (around  3400 
cm**)  are  observed.  As  in  the  case  of  n-Ti02,  a  lowering  of  the  baseline  is  observed  and  similarly 
explained  by  oxygen  adsorption. 

Upon  adsorption  of  9  mbar  CO  at  673  K  the  surface  is  reduced  (Fig.  3b),  the  baseline  increases 
accordingly  and  CO2  (2344  cm'*)  is  generated.  Co-adsorption  of  water  and  CO  (total  pressure=10 
mbar  and  pH2o/pco  pressure  ratio=l/4)  produces  CO2  (reduction  of  the  surface)  while  SiOH 
groups  appear  as  in  the  case  of  air  adsorption  (Fig.  4b). 

In  situ  HMDS-grafted  n-TiO?  powder 

A  second  grafting  procedure  was  concurrently  used.  This  time  the  n-Ti02  surface  was 
activated  at  673  K.  Then,  the  sample  kept  at  room  temperature  under  vacuum  was  subjected  to  7 
mbar  of  HMDS  vapor.  The  grafting  mechanism,  tentatively  described  elsewhere  [5]  is  confirmed 
by  the  present  results.  Indeed,  a  dramatic  decrease  of  most  of  the  OH  groups  with  a  concomitant 
appearance  of  hydrophobic  CH3  groups  can  be  clearly  observed  in  Fig.  Ic.  After  evacuation  at 
673  K,  very  few  OH  groups  are  restored  and  the  surface  remains  almost  dehydroxylated.  In  this 
case  again,  the  sample  was  heated  at  673  K  under  vacuum,  and  we  checked  that  HMDS  was  still 
grafted  on  the  n-Ti02  surface.  Note  that,  for  both  in  situ  and  ex  situ  grafting  procedures,  even 
after  the  grafted  samples  were  brought  back  to  ambient  atmosphere  at  room  temperature,  the  n- 
Ti02  original  surface  was  not  restored. 

The  behavior  of  the  in  situ  HMDS-grafted  sample  at  673  K  during  adsorption  of  air  (Fig.  2c), 
CO  (Fig.  3c)  and  co-adsorption  of  water  and  CO  (Fig.  4c)  is  qualitatively  similar  to  that  of  the  ex 
situ  HMDS-grafted  sample.  The  reduction  level  of  hydrophilic  OH  groups  could  differ,  though. 

VARIATIONS  OF  THE  ELECTRONIC  PROPERTIES  OF  HMDS-GRAFTED  TITANIA 
NANOSIZED  POWDER 

Point  defects  (predominantly  O  ion  vacancies),  readily  created  on  Ti02  surface  by  heating 
under  vacuum  cause  a  dramatic  change  in  electronic  structure.  These  surface  defects  are 
associated  with  an  increase  in  the  conduction  electron  density  at  the  surface.  In  transition  metal 
oxides,  reduction  (or  oxidation)  of  the  surface  by  an  adsorbate  is  expected  to  be  clearly  correlated 
to  a  change  in  population  of  the  d  levels  [2].  In  the  following  experiments,  the  IR  energy 
transmitted  through  the  n-Ti02  and  HMDS-grafted  n-Ti02  pellets  is  recorded  versus  adsorbed 
gases.  The  absorption  of  the  IR  energy  is  due  in  part  to  surface  states  and  to  free  carriers. 
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Fig.  5,  Transmitted  IR  energy  versus  gas 
exposure  for  n-Ti02. 
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Fig.  6.  Transmitted  IR  energy  versus  gas 
exposure  for  HMDS-grafted  n-Ti02. 
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Fig.  7.  Fractional  IR  absorption  change  versus  Fig.  8.  Fractional  IR  absorption  change  versus 
square  wavelength  upon  H2O+CO  exposure.  square  wavelength  upon  CO  and  air  exposure. 
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Whereas  oxidizing  adsorbates  are  supposed  to  lower  the  IR  absorption,  reducing  adsorbates 
should  increase  it. 

Fig.  5  shows  sequences  of  evacuation  (10  mn)  and  co-adsorption  of  H2O  and  CO  (1  and  10 
mn)  performed  on  n-Ti02  surface  at  673  K.  As  expected,  CO  increases  the  IR  absorption  but  the 
adverse  effect  of  H2O  appears  for  longer  exposure  time.  A  cumulative  effect  is  observed  (steady 
increase  of  transmitted  IR  energy)  indicating  an  evolving  hygroscopic  surface. 

Similar  sequences  of  evacuation  and  co-adsorption  of  H2O  and  CO  are  performed  on  in  situ 
HMDS  grafted  n-Ti02  surface  at  673  K.  The  most  striking  phenomenon  (Fig,  6)  is  the 
stabilization  of  the  surface  (no  major  drift  of  the  transmitted  IR  energy  after  the  first  sequence) 
which  still  behaves  as  expected  under  reducing  gases.  Clearly,  the  water  effect  is  significantly 
reduced.  The  results  obtained  for  the  ex  situ  HMDS-grafted  sample  are  qualitatively  identical. 

Modulation  of  the  transmitted  IR  energy  through  the  n-Ti02  particles  by  variation  of  the 
gaseous  environment  leads  to  a  modulation  of  the  electronic  population  of  surface  states  and  of 
free  carriers  in  the  space  charge  right  at  the  surface  of  the  material  [1].  The  free  carriers  are 
supposed  to  give  rise  to  a  broad  square  wavelength  (X^)  absorption  (intraband  absorption) 
according  to  the  well-known  Drude-Zener  theory  [6].  The  fractional  IR  absorption  changes 
versus  plotted  in  Fig.  7  and  Fig.  8,  in  the  2-5  pm  range  (5000-2000  cm'^)  for  several  gaseous 
environments  show  a  good  agreement  with  the  theoretical  X^  dependence,  thus  indicating  a  free 
carrier  absorption.  The  curves  corresponding  to  adsorption  of  air  and  of  9  mbar  CO  (Fig.  8)  on  n- 
Ti02,  in  situ  and  on  ex  situ  HMDS-grafted  n-Ti02  at  673  K  behave  as  expected  since  positive 
changes  correspond  to  reducing  adsorbates  whereas  negative  curves  correspond  to  air  adsorption. 
It  is  worth  noting  that  Fig.  7  confirms  the  hydrophobic  behavior  of  the  HMDS-grafted  samples 
upon  co-adsorption  of  H2O  and  CO  (total  pressure=10  mbar  and  pH2o/pco  pressure  ratio=l/4). 
Indeed,  the  positive  curves  correspond  to  these  samples  only,  and  indicate  a  response  to  CO 
adsorption  qualitatively  not  affected  by  water  adsorption. 

CONCLUSION 

Surface  FT-IR  spectrometry  proves  to  be  a  valuable  technique  for  fundamental  studies  of 
nanosized  metal  oxides  where  carriers  are  present  as  it  makes  it  possible  to  investigate  the 
chemical  reactions  occuring  right  at  the  real  surface  of  the  material  and,  simultaneously,  access 
without  contact  perturbation  to  the  electronic  phenomena  taking  place  on  the  surface  and  inside 
the  bulk.  Our  preliminary  results  show  that  HMDS-grafted  n-Ti02  is  less  sensitive  to  water 
adsorption  while  still  sensitive  to  reducing  and  oxidizing  adsorbates.  The  underlying  mechanism  is 
believed  to  be  partly  due  to  synergistic  effects  including  hydrophobicity  of  the  CH3  groups, 
shielding  of  the  surface  by  the  CH3  groups  and  modification  of  the  electronic  surface  charge 
distribution. 
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ABSTRACT 

We  have  studied  the  etching  effect  of  ALGai-xAs  (0<  x  <  0.5)  by  tris- 
dimethylaminoarsenic  (TDMAAs)  at  different  substrate  temperatures,  and  the  quality  of  the 
resulting  etched/regrown  GaAs  interface.  We  find  that  the  etching  rate  of  ALGai-xAs  decreases 
with  increasing  A1  composition,  and  the  interface  trap  density  of  the  TDMAAs  etched/regrown 
interface  can  be  reduced  by  about  a  factor  of  10  as  deduced  from  capacitance- voltage  carrier 
profiles.  A  smooth  surface  morphology  of  GaAs  with  an  interface  state  density  of  1.4x10*^  cm'^ 
can  be  obtained  at  a  lower  in-situ  etching  temperature  of  550°C.  Moreover,  by  using  this  in-situ 
etching  the  I-V  characteristics  of  regrown  p-n  junctions  of  Alo.35Gao.65As/Alo,25Gao.75As  and 
Alo.35Gao.65As/GaAs  can  be  improved. 

INTRODUCTION 

Regrowth  techniques  can  significantly  improve  performance  of  heterojunction  bipolar 
transistors  (HBTs)  by  controlling  composition  and  doping  in  3  dimensions.  Regrown  external 
base  layers  can  reduce  base  resistance  thereby  improving  r.f.  performance  and  noise 
characteristics  [1].  A  thick  regrown  collector/sub-collector  can  reduce  collector  resistance  [2], 
provide  for  device  planarization  and  can  be  used  to  decrease  Cbc-  However  the  regrown 
interface  usually  increases  recombination  current  and  thus  decreases  HBT  current  gain.  With 
only  ex-situ  etching  before  regrowth,  it  is  not  easy  to  obtain  a  clean  regrown  interface  due  to 
possible  contamination  in  the  atmosphere.  Recently,  many  research  groups  have  reported 
studies  of  in-situ  etching  of  ni-V  compounds  using  different  gaseous  sources.  Mui  et  al.  [3] 
reported  high-quality  etched/regrown  GaAs  interfaces  using  an  in-situ  CI2  etching  process,  but  a 
complicated  interlocking  system  of  separate  growth  and  etching  chambers  was  used.  Also 
Tappura  et  al.  [4]  reported  that  in-situ  cleaning  of  GaAs  surface  in  MBE  using  an  atomic 
hydrogen  plasma  can  obtain  high  quality  interfaces.  Tsang  et  al.  [5]  reported  in-situ  etching  of 
GaAs  and  InP  using  AsCL  and  PCI3  prior  to  regrowth  in  the  same  chemical  beam  epitaxy 
(CBE)  chamber;  therefore,  possible  contaminations  in  the  etched/regrown  interface  can  be 
minimized.  However,  CI2  decomposed  from  AsCb  or  PCI3  is  corrosive  and  may  etch  filaments 
in  the  growth  chamber,  so  the  long  term  use  of  AsCb  or  PCI3  could  be  a  concern.  Tateno  et  al. 
[6]  and  Hou  et  al.  [7]  found  that  gaseous  carbon  doping  sources,  such  as  CCI4  and  CBr4,  can 
etch  GaAs  and  AlAs  in  organometallic  vapor  phase  epitaxy  (OMVPE),  but  carbon  impurities 
dissociated  from  these  doping  sources  during  in-situ  etching  process  would  contaminate  the 
etched/regrown  interface.  Therefore,  an  etching  source  that  has  no  direct  bonds  to  carbon  and 
halogen  (Cl  and  Br)  would  be  highly  desirable. 

Villaflor  et  al.  found  that  tris-dimethylaminoarsenic  (TDMAAs)  has  an  etching  effect  on 
GaAs  in  a  CBE  system  [8-9].  This  TDMAAs  with  As  directly  bonded  to  N  is  a  promising  As 
source.  Because  there  are  no  As-H  bonds,  TDMAAs  is  expected  to  be  less  toxic  than  arsine 
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(AsH3)  [10].  Also  due  to  the  lack  of  direct  As-C  bonds,  TDMAAs  has  been  successfully  used 
in  metalorganic  molecular  beam  epitaxy  (MOMBE)/CBE  of  (Al,Ga)As  with  a  lower  carbon 
incorporation  [11-14].  The  objective  of  this  work  is  to  investigate  the  TDMAAs 
etched/regrown  interface  of  GaAs  and  AhGai.xAs  for  device  application.  Our  results  show  that 
improved  etched/regrown  interfaces  and  pn  junctions  can  be  obtained.  These  characteristics  are 
important  to  realize  emitter-up  HBTs  with  low  emitter-edge  recombination,  as  well  as  collector- 
up  HBTs. 

EXPERIMENT 

The  in-situ  etching  and  regrowth  experiments  were  performed  in  a  modified  Perkin- 
Elmer  425B  CBE  system.  Uncracked  TDMAAs  was  carried  by  hydrogen  and  transported  into 
the  CBE  chamber  through  an  ultrahigh  vacuum  leak  valve.  The  H2  flow  rate  was  varied  from  2 
to  4  seem  to  adjust  the  TDMAAs  flux,  corresponding  to  an  As  incorporation  rate  of  1 .2  to  2.0 
monolayer  per  second  (ML/s),  as  determined  from  As-induced  intensity  oscillations  of 
reflection  high-energy  electron  diffraction  (RHEED)  on  a  Ga-rich  GaAs  surface. 

For  the  study  of  etched/regrown  interfaces.  Si-doped  GaAs  were  regrown  twice  on  n"^ 
Si-doped  (100)  GaAs  substrates  by  using  triethylgallium  (TEGa),  tertiarybutylarsine  (TBA)  or 
arsenic  (AS4),  and  silicon  tetrabromide  (SiBr4) .  The  regrowth  temperature  and  V/m  ratio  were 
510°C  and  1.3,  respectively.  Capacitance-voltage  (C-V)  measurements  were  performed  for 
evaluating  the  quality  of  etched/regrown  GaAs  interfaces. 

The  AlxGai-xAs  (0<x<0.50)  samples  with  a  50A  GaAs  cap  layer  were  grown  on  semi- 
insulating  (100)  GaAs  substrates.  2500  A  of  SiOi  films  by  plasma  enhanced  chemical  vapor 
depoition  (PECVD)  were  used  to  be  masks  on  these  samples  for  determining  the  TDMAAs 
etch  rate  at  different  substrate  temperatures  from  550  to  700°C.  We  use  scanning  electron 
microscopy  (SEM)  and  the  Dektak  stylus  profiler  to  study  the  etch  rate  of  AlxGai-xAs.  The 
surface  topography  and  roughness  were  examined  using  atomic  force  microscopy  (AFM). 

For  emitter-up  HBT  applications,  our  objective  is  to  regrow  p-type  wide  bandgap 
material  on  external  base  region  to  reduce  base  resistance  and  increase  fmax-  So  we  studied  the 
junction  of  regrown  p-Alo.35Gao.65As/GaAs  by  using  the  optimal  TDMAAs  in-situ  etch  and 
regrowing  p-Alo.35Gao,65As  on  n-GaAs  collector.  The  idea  for  collector-up  HBT  applications  is 
to  reduce  recombination  current  in  the  external  base  region  by  using  the  same  regwon 
technique  for  emitter-up  HBTs.  Therefore,  we  regrew  p-  Alo.35Gao.65A.s  on  AlGaAs  emitter  on 
collector-up  HBTs. 

RESULTS 

Fig.l  shows  the  TDMAAS  etch  rate  of  AlGaAs  under  the  different  substate  temperature. 
The  lower  etch  rate  on  AlGaAs  is  attributed  to  the  Al-As  bonds  which  are  more  difficult  to  break 
than  the  Ga-As  bonds.  Once  they  are  broken,  however,  the  Ga-amine  species  are  more  volatile  than 
Al-amine  species  on  the  etched  surface,  resulting  in  a  lower  etch  rate  with  increasing  A1 
composition.  It  should  be  pointed  out  here  that  the  etch  rate  of  GaAs  at  550°C  is  400  A/hr,  but  no 
etching  effect  is  observed  for  patterned  AlxGai-xAs  (x>0.35)  samples  (below  the  sensitivity  of  our 
instrument  ~  20  A).  Therefore,  the  etching  selectivity  of  GaAs  from  AlxGai.xAs  (x>0.35)  at  550°C 
is  greater  than  20,  which  is  much  higher  than  samples  etched  at  650°C  with  an  etching  selectivity  of 
5. 
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Fig.l  The  TDMAAs  etch  rate  of  AlGaAs  as  a  function  of  substrate  temperature 

The  surface  roughness  is  also  done  by  AFM  and  shown  in  Fig.  2.  The  lower  etching 
temperature  (rate),  the  smoother  etched  surface.  At  550°C  etching  temperature,  the  RMS 
roughness  of  GaAs  is  22  A  which  is  expected  to  be  improved  by  lowing  TDMAAs/TEGa 
(V/m)  ratio  [10]. 

C-V  measurement  were  done  on  Au/n-GaAs  Schottky  diodes  to  study  the  electrical 
property  of  etched/regrown  interfaces  of  GaAs  with  different  samples  preparations.  The  C-V 
results  are  shown  in  Fig.  3.  The  minimal  Djnt  we  got  is  by  lowering  in-situ  etching  temperature 
to  550°C  for  20  minutes.  So  sample  A  has  the  lowest  Dmt  by  integrating  the  carrier  profiles, 
which  means  that  a  clean  interface  could  be  achieved  by  the  TDMAAs  in-situ  etching  process 
compared  to  the  conventional  oxide  desorption  by  AS4. 


Fig.  2  Surface  roughness  of  the  TDMAAs  etched  AlGaAs  surface 
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Fig.  3  C-V  carrier  profiles  of  etched/regrown  samples  with  different  preparations 

To  evaluate  the  regrown  pn  junction  for  emitter-up  HBT  applications,  we  measure  pn 
Junctions  of  regrown  p-AlojsGao.esAs  onto  original  extrinsic  n-GaAs  collector  region.  By  using 
optimal  TDMAAs  in-situ  etch  (etch  temperature  of  550=C  for  20  minutes)  the  regrown  pn 
junction  (sample  EU_A)  didn’t  show  much  difference  from  sample  EU_D  prepared  by 
conventional  TBA  thermal  desorption  as  shown  in  Fig.  4. 


Fig.  4  Regrown  p-AlGaAs/n-GaAs  junctions  by  TDMAAs  in-situ  etch/regrowth 
(EU_A)  and  TBA  thermal  desorption  preparation  (EU_D). 

Another  evaluation  on  regrown  p-n  junctions  as  shown  in  Fig.  5  was  done  by  regrowing 
p-type  wide  bandgap  Alo.35Gao.65As  on  to  n-type  emitter  Alo.25Gao.75As  layers  of  collector-up 
HBTs.  The  layers  were  prepared  by  TBA  thermal  desorption  (sample  CU_D)  and  TDMAAs 
etch  (sample  CU_A1,  CU_A2)  preparations.  Unlike  samples  CU_D  and  CU_A1,  sample 
CU_A2  has  200  A  of  p-type  GaAs  base  protection  layer  on  n-  Alo.25Gao.75As  emitter  to  prevent 
AlGaAs  oxidation  while  loading  these  three  samples  into  CBE  chamber.  From  Fig.  5,  the 
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sample  CU_A2  with  GaAs  protection  layer  and  by  using  TDMAAs  in-situ  etch  (etch 
temperature  of  550“C  for  20  minutes)  before  regrowth  has  highest  breakdown  voltage,  while 
sample  CU_D  without  GaAs  protection  layer  and  only  by  TBA  thermal  desorption  before 
regrowth  showed  the  lowest  breakdown  voltage.  The  diode  trun-on  voltage  also  varied  among 
samples.  The  lowest  value  was  shown  by  sample  CU_D  from  exposed  AlGaAs  layer  (as 
illustrated  in  Fig.  5.)  This  reduced  tum-on  voltage  may  be  attributed  to  increased  minority 
carrier  recombination. 


Fig.  5  Regrown  p-AlGaAs/n- AlGaAs  junctions  by  TDMAAs  in-situ  etch/regrowth 
(CU_A1  &  2)  and  TBA  thermal  desorption  preparation  (CU_D). 

CONCLUSIONS 

TDMAAs  etched/regrown  interfaces  has  been  investigated  and  optimized.  We  found 
that  by  lowering  the  in-situ  TDMAAs  etching  temperature  of  GaAs,  the  etched/regrown  GaAs 
and  AlxGai-xAs  interfaces  can  be  improved.  The  lowest  Dint  of  1-4x10  cm  reported  in  this 
study  using  TDMAAs  is  comparable  to  using  other  etching  sources.  The  etching  selectivity 
over  20  can  also  be  achieved  on  GaAs  from  AlGaAs  (x>0.35)  at  550°C.  Finally  by  applying 
these  optimal  TDMAAs  etching/regroth  conditions  to  HBT  applications,  the  regrown  pn 
junctions  show  the  improved  breakdown  voltage  and  higher  tum-on  voltage. 
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Part  II 


Control  of  Growth  I: 
Surfaces  and  Interfaces 


Ultra  High  Vacuum  Scanning  Tunneling  Microscopy  Observation  of  Multilayer  Step  Structure 
on  GaAs  and  AlAs  Vicinal  Surface  Grown  by  Metalorganic  Vapor  Phase  Epitaxy 
Jun-ya  ISHIZAKI,  Yasuhiko  ISHDCAWA  and  Takashi  FUKUI 
Research  Center  for  Interface  Quantum  Electronics,  Hokkaido  University,  Sapporo  060,  Japan, 
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Abstract 


We  observe  the  atomic  structures  at  the  multilayer  step  region  on  MOVPE-grown  GaAs 
(001)  vicinal  surface  using  ultra  high  vacuum  scanning  tunneling  microscopy  (UHV-STM),  and  clarify 
that  (4x2)  or  (4x3)  like  reconstruction  units  are  dominant.  Oxide  free  AlAs  surfaces  grown  on  GaAs 
vicinal  surface  are  also  successfully  observed  by  UHV-STM.  The  reconstruction  units  at  the  multilayer 
step  region  on  AlAs  surface  have  the  same  units  on  GaAs  vicinal  surface.  GaAs  surface  has  the  lack  of 
dirnmer  rows  on  the  terrace  region  just  below  the  multilayer  step  region,  while  AlAs  surface  has 
dimmer  rows  even  on  the  terrace  just  below  the  multilayer  step  region.  GaAs  layer  growth  leads  tothe 
step  bunching  phenomenon  and  AlAs  surface  leads  to  the  step  debunching  phenomenon. 

l.Introduction 

Multilayer  step  formations  i.e.  step  bunching  phenomena  have  been  widely  observed  on 
GaAs  vicinal  surface  grown  by  metalorganic  vapor  phase  epitaxy  (MOVPE)  and/or  after  thermal 
treatment.  Step  bunching  phenomena  is  a  long  standing  issue  of  crystal  growth,  but  it  is  not  clear 
whether  the  shape  of  multilayer  steps  is  determined  by  the  thermal  equilibrium  or  by  the  kinematical 
motion  of  adatom  on  the  terrace.  Schwoebel  and  Shipsey  pointed  out  that  step  bunching  phenomena 
are  caused  by  the  anisotropic  migration  barrier  for  adatom  to  up-  and  down-side  step  sites,  and 
statistically  analyzed  the  step  motion  [1].  However,  the  size  of  multilayer  steps  increase  monotonously 
with  increasing  the  growth  thickness.  Although,  their  model  can  explain  the  classical  step  bunching 
phenomena  which  include  the  facetting  of  metal  surfaces  [2],  for  the  step  bunching  phenomena  on 
GaAs  vicinal  surface  the  size  of  multilayer  steps  saturates  as  the  growth  thickness  increases. 

In  order  to  explain  the  step  bunching  phenomena,  we  performed  Monte  Carlo  simulation 
assuming  the  anisotropic  migration  barrier  for  adatom  to  up-  and  down-side  step  sites.  [3]  From  the 
comparison  of  the  simulation  to  the  experimental  data,  we  estimated  the  barrier  height  near  the  step 
sites  for  migrating  adatom  to  up-side  step  site,  and  also  clarified  the  saturation  mechanism  of  the  size 
of  multilayer  steps.  Moreover,  we  clarified  that  the  atomic  structure  of  multilayer  step  region  is 
determined  by  the  reconstruction  unit  between  monolayer  steps.  [4]  However,  it  is  not  clear  why  step 
site  has  anisotropic  migration  barrier. 

The  purpose  of  this  work  is  to  clarify  the  detail  atomic  structures  at  the  multilayer  step  region 
on  both  GaAs  and  AlAs  vicinal  surfaces  by  ultra  high  vacuum  scanning  tunneling  microscopy  (UHV- 
STM)  observation. 

2.Experimental 

GaAs  and  AlAs  epitaxial  growth  was  done  using  low  pressure  MOVPE  system  with  UHV 
chamber  for  reflection  high  energy  electron  diffraction  (RHEED)  observation  and  surface  passivation 
by  amorphous  As.  Detail  of  the  MOVPE  system  was  described  in  previous  work.  [4]  The  substrates 
were  n-type  (001)  GaAs  misoriented  toward  [110]  direction  by  2“.  The  carrier  concentration  was  1^ 
3xl0'*cm^.  Three  kinds  of  samples  were  prepared  for  UHV-STM  observation.  After  removal  of 
surface  oxide  in  arsine  atmosphere  at  650  C,  lOOnm-thick  GaAs  buffer  layer,  40cycle  (AlAs)3(GaAs)3 
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period  superlattice,  60nm-thick  GaAs  layer,  15nm-thick  Si  doped  GaAs  conductive  layer  and  5nm- 

O 

thick  non-doped  GaAs  top  layer  were  grown  at  600  C  for  GaAs  surface  observation,  schematically 
shown  in  Fig.  1(a).  In  order  to  observe  non-doped  GaAs  vicinal  surface  by  UHV-STM,  Si  doped  GaAs 
layer  was  inserted  near  the  surface.  For  AAs  surface  observation,  1  monolayer  (ML)  AAs  was  also 
grown  on  GaA  top  layer  at  600  C.  (Fig.  1(b)).  For  AAs  sample  grown  at  700°C,  the  growth 
interruption  was  introduced  at  AlAs/GaAs  interface  during  increasing  the  temperature. 

After  the  growth,  the  samples  were  transferred  from  the  reactor  to  the  RHEED  chamber.  For 
both  GaAs  and  ALAs  surfaces,  c(4x4)  reconstruction  were  observed  by  RHEED.  Next,  sample  surfaces 
were  passivated  by  amorphous  As  using  Knudsen  cell  within  RHEED  chamber.  The  samples  were 
loaded  out  from  MOVPE  system,  and  were  loaded  into  UHV  analysis  system  having  UHV-STM 
chamber  and  X-ray  photoelectron  spectroscopy  (XPS)  chamber.  Amorphous  As  on  the  sample  surface 
was  removed  by  heating  in 
UHV  analysis  system. 

Oxidation  free  surfaces 
were  confirmed  by  XPS 
measurement.  UHV-STM 
images  were  observed  under 
the  negatively  biased 
condition  for  sample  to 
tungsten  tip  which  was  held 
at  ground  potential  (filled 
images).  The  bias  voltages 
were  between  -2  and  -3  V, 
at  constant  current  mode  of 
0.15  and  0.30  nA. 

3.Resulfs  and  discussion 

First,  UHV-STM  image  for  GaAs  vicinal  surface  is  shown  in  Fig.2  (a).  GaAs  surface  grown  at 

0 

600  C  has  multilayer  steps  and  atomically  flat  terraces.  Average  distance  between  each  multilayer  step 
is  about  70nm,  and  the  terrace  region  has  no  island.  At  the  multilayer  step  region,  6"-^  10  ML  steps  were 
bunched  together,  and  (4x3)  or  (4x2)  reconstruction  units  were  observed  between  neighboring 
monolayer  steps.  [4]  On  this  GaAs  surface  with  multilayer  steps,  1  ML  -thick  AAs  layer  was  grown  at 
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600  or  700  C.  AA  surface  grown  at  the  temperature  of  600  C  has  two  dimensional  nucleation  on  the 
terrace  region,  shown  in  Fig.2  (b).  Island  density  on  the  terrace  region  is  about  3x10  cm  ,  and  the 
average  island  separation  is  about  30nm.  Because  the  two  dimensional  nucleation  is  only  formed  when 
AAs  layer  grows  on  GaAs  vicinal  surface,  these  nucleation  are  composed  of  AA.  The  reason  that  the 
two  dimensional  nucleation  is  formed  on  terrace  is  that  the  distance  between  each  multilayer  step  is 
larger  than  the  migration  distance  of  A  adatom.  Li  previous  works  for  GaA  growth  on  vicinal  surfaces, 
we  clarified  from  experiment  [5]  and  simulation  [3]  that  the  distance  between  each  multilayer  step  is 

limited  by  the  migration  distance  of  adatom.  On  the  other  hand,  AA  surface  grown  on  GaAs  vicinal 
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surface  at  the  temperature  of  700  C  has  no  island  on  the  terrace  region,  shown  in  Fig.2  (c).  These 
results  suggest  that  the  surface  migration  length  of  A  adatom  increases  with  increasing  growth 
temperature,  and  A  migration  distance  becomes  larger  than  the  terrace  width.  AAs  surface  grown  at 

O  0 

700  C  has  clearer  reconstmction  unit  than  that  at  600  C,  shown  in  Fig.2(b)  and  (c). 


(a)  (b) 


AlAs 

GaAs 

5nm 

GaAs 

n-GaAs 

15nm 

n-GaAs 

GaAs 

60nm 

GaAs 

AlAs/GaAs  SL 

AlAs/GaAs  SL 

GaAs 

lOOnm 

GaAs 

Sub. 

Sub. 

Fig.l  Schematic  illustration  of  sample  structures  for  (a) 
GaAs  surface  observation  and  (b)  AAs  surface 
observation. 
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Cross  sectional  graph 


Cross  sectional  graph  Cross  sectional  graph 

Fig.2  (a)  GaAs  surface  morphology  with  multilayer  steps  observed  by  UHV-STM. 
Distance  between  each  multilayer  step  is  about  70nm,  and  average  height  of 
multilayer  steps  is  about  9ML.  (b)  AlAs  surface  grown  on  GaAs  with  multilayer  step 
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at  the  temperature  of  600  C.  Terrace  region  has  two  dimensional  nucleation  which 
10  2  o 

density  is  3x10  cm  .  (c)  ALAs  surface  grown  at  700  C  which  has  no  nucleation  on 
the  terrace. 


Next,  the  distributions  of  inter-step  distances  at  the  multilayer  step  region  on  GaAs  and  AlAs 
surface  are  shown  in  Fig.3.  When  the  single  domain  of  (4x2)  or  (4x3)  reconstmction  units  occur 
between  two  neighboring  monolayer  step  at  multilayer  step  region,  the  mean  inter-step  separation 
should  be  1.8nm,  which  correspond  to  (119)B  surface  [4].  For  GaAs  vicinal  surface,  mean  inter-step 
separation  is  1.8nm,  shown  in  Fig.  3(a).  The  result  show  that  the  single  domain  of  (4x2)  or  (4x3) 
reconstruction  unit  determines  the  inter-step  separation  distance. 

However,  the  inter-step  distances  at  the  multilayer  step  region  on  AlAs  surface  tends  to  be 
larger  than  that  on  GaAs  surface,  Moreover,  for  AAs  surface,  several  monolayer  steps  were  also 
observed  even  on  the  terrace  region.  Distributions  of  inter-step  distances  on  AlAs  surface  grown  at  both 
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600  C  and  700  C  are  broader  than  underlying  GaAs  (001)  vicinal  surface.  The  results  show  that  the 
multilayer  steps  tend  to  debunch  during  AlAs  layer  growth. 
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Fig.3The  distributions  of  inter-step  distances  at  the  multilayer  step  region  for 
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(a)  GaAs  surface  grown  at  600  C,  (b)  AlAs  surface  grown  at  600  C  and  (c) 
AlAs  surface  grown  at  700°C 


Now,  we  can  discuss  the  mechanism  for  debunching  of  the  multilayer  step  during  AlAs 
growth.  First,  we  consider  the  migration  length  of  adatom.  The  surface  migration  length  of  A1  adatom 
on  the  terrace  is  shorter  than  that  of  Ga  adatom  [6].  For  thick  AlAs  growth  on  vicinal  surface,  the 
terrace  widths  should  be  narrower  than  that  for  GaAs,  because  average  terrace  widths  are  determined  by 
the  migration  length  of  adatom  on  the  terrace  [3,5].  However,  in  this  experiment,  average  thickness  of 
AlAs  layer  was  only  IML,  and  the  mean  distance  between  the  multilayer  step  region  was  almost 
unchanged  from  UHV-STM  observation.  Therefore,  the  tendency  of  debunching  during  AlAs  growth 
at  the  multilayer  step  region  can  not  be  explained  simply  by  the  surface  migration  length  of  adatom. 

Next,  we  discuss  the  Schwoebel  barrier.  Schwoebel  and  Sphisy  suggest  that  the  step  bunching 
phenomena  can  arise  only  when  the  anisotropic  barriers  exist  for  surface  migration  adatom  to  the  up- 
and  down-side  step  sites.  [1]  STM  images  suggest  that  the  reconstruction  units  at  the  multilayer  step 
region  is  almost  the  same  for  GaAs  and  AlAs  surfaces  with  (4x3)  like  structures. 

However,  GaAs  vicinal  surface  lacks  dimer  rows  on  terrace  region  just  below  the  multilayer 
steps,  while  AlAs  grown  surface  has  always  dimer  rows  even  on  the  terrace  region  just  below  the 
multilayer  steps,  shown  in  Fig.4.  These  results  suggest  that  the  lack  of  dimer  rows  might  be  the  reason 
which  causes  Schwoebel  barrier  for  migration  adatoms  to  up-side  step  site  and,  so  that,  the  step 
bunching  phenomena  might  occur  only  for  GaAs  growth  on  vicinal  surface. 
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Fig.4  STM  images  and  their  schematic  illustrations  of  (a)  GaAs  and  (b)  (c) 
AlAs  surfaces  just  below  the  multilayer  step  regions,  (a)  GaAs  surface  has  the 
lack  of  dimmer  rows  on  the  terrace  region  just  below  multilayer  step,  and  (b) 
AlAs  surface  has  dimmer  rows  on  the  terrace  region  just  below  multilayer  step. 
The  arrow  in  Fig  (a)  show  the  empty  site  on  GaAs  surface  near  the  teirace 
region. 
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4. Concliisions 

We  observed  the  reconstruction  unit  at  the  multilayer  step  region  on  both  AlAs  and  GaAs 
surface  grown  on  GaAs  (001)  vicinal  surface  using  UHV-STM.  Oxide  free  AlAs  surfaces  grown  on 
GaAs  vicinal  surface  are  successfully  observed  by  UHV-STM  for  the  first  time.  The  reconstmction  unit 
at  the  multilayer  step  region  on  GaAs  surface  has  (4x2)  or  (4x3)  like  unit,  and  the  reconstruction  unit  at 
the  multilayer  step  region  on  AlAs  surface  has  the  same  unit  on  GaAs  vicinal  surface.  AlAs  surface 
grown  at  600  C  has  many  islands  on  the  terrace  region.  The  step  distribution  on  AlAs  surfaces  at 
multilayer  step  regions  have  broad  distribution  compared  with  that  on  GaAs  surface.  These  results 
suggest  that  during  GaAs  layer  growth  monolayer  steps  bunch  each  other  to  form  multilayer  step 
regions,  while  these  bunching  steps  tend  to  release  during  AlAs  growth.  Moreover,  GaAs  surface  has 
the  lack  of  dimer  rows  on  the  terrace  region  just  below  the  multilayer  step  region,  and  AlAs  surface  has 
dimer  rows  even  on  the  terrace  just  below  the  multilayer  step.  Schwoebel  barrier  must  exist  just  below 
the  step  site  in  order  to  arise  step  bunching  phenomenon,  and  these  results  suggest  that  the  step 
bunching  phenomena  might  occur  by  the  lack  of  dimmer  lows  on  the  terrace  region  just  below  the 
multilayer  step  region  for  GaAs  growth  on  vicinal  surface. 
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ABSTRACT 

We  investigated  the  electron  beam  induced  surface  modification  of  CaF2(lll)  and  initial 
stage  of  GaAs  growth  on  the  modified  CaF2  surface  by  means  of  the  surface  photoabsorption 
technique  and  atomic  force  microscopy  (AFM).  The  CaFj  surface  was  modified  by  300  eV 
electron  beam  irradiation  at  200PC  in  a  AS4  molecular  beam.  The  amount  of  adsorbed  As  atoms 
increased  with  electron  dose  and  it  follows  Langmuir  adsorption  principle  and  saturated  at  a 
value  equivalent  to  1  monolayer  adsorption.  In  situ  observation  of  GaAs  growth  on  this  modified 
surface  clarified  that  the  sticking  coefficient  of  GaAs  on  CaF2  surface  was  drastically  improved 
by  the  surface  modification.  AFM  observation  revealed  that  the  surface  roughness  of  initial 
growth  of  GaAs  on  modified  CaFj  was  improved  at  the  growth  temperature  of  550° C., 

INTRODUCTION 

Heteroepitaxy  of  III-V  compound  semiconductors  on  crystalline  insulator  such  as  alkaline 
earth  fluorides  [1-10]  (CaFj,  SrF2,  BaFj  and  their  alloy)  is  considered  to  be  attractive  for  future 
high  performance  devices.  Especially  GaAs/fluoride/Si  [5-10]  is  interesting  because  it  can  be 
integrated  with  Si  based  devices.  We  have  proposed  the  electron  beam  surface  modification 
technique  on  the  fluoride  surface  in  order  to  overcome  poor  wettability  of  semiconductors  on 
fluorides  [6].  Although  W.  Li  et  al  reported  direct  growth  of  GaAs  with  mirror-like  surface  on 
CaF^/Siflll)  substrate,  its  growth  condition  was  very  critical  [7].  The  electron  beam  surface 
modification  technique  showed  drastic  improvement  in  surface  morphology  [6],  dislocation  density 
[9],  electron  mobility  [8,9]  and  photoluminescence  intensity  [10].  The  mechanism  of  the 
modification  process  has  been  considered  where  F  ions  desorb  from  the  CaF2  surface  by  electron 
beam  assist  and  group  V  atoms.  As  or  P,  supplied  simultaneously  occupied  the  surface  F  vacancy 
sites  so  as  to  improve  wettability  of  over  grown  GaAs.  Although  the  improvement  of  crystallinity 
of  the  GaAs  layer  grown  by  this  technique  was  remarkable,  the  electrical  properties  of  the  layer 
have  not  been  satisfactory  compared  to  that  of  bulk  crystal  so  far.  In  order  to  improve  the  film 
property,  in  situ  observation  of  surface  modification  process  and  control  of  growth  process  are 
expected  to  be  useful.  However,  it  is  difficult  to  observe  the  fluoride  surface  using  electron 
diffraction  method  because  the  fluoride  surface  is  very  sensitive  to  electron  beam  irradiation  and 
the  beam  effect  can  not  be  neglected.  So  we  applied  the  surface  photoabsorption  (SPA)  method 
[11]  using  a  visible  light  which  is  expected  not  to  affect  the  fluoride  surface.  Recently,  we 
observed  the  surface  modification  process  by  the  SPA  method  in  which  the  sensitivity  of  the 
surface  condition  changes  was  increased  by  utilizing  interference  effects  [12].  As  a  result,  it  was 
found  that  Ca  colloids  were  generated  on  the  CaFj  surface  by  low  energy  electron  beam  irradiation 
and  that  it  could  be  suppressed  when  the  surface  modification  was  carried  out  using  300  eV 
electron  beam  at  200°C. 

In  this  work,  the  progress  of  the  modification  process  and  initial  growth  stage  of  GaAs  were 
observed  by  means  of  SPA  technique.  And  surface  morphologies  of  GaAs  grown  on  the  modified 
CaF2  surfaces  were  observed  by  atomic  force  microscopy  (AFM)  in  order  to  comprehend  the 
basis  of  surface  modification  effect. 

EXPERIMENT 

The  experiment  was  carried  out  using  a  3  chambers  MBE  system  composed  of  a  load  lock 
and  of  two  growth  chambers  for  fluorides  and  for  GaAs.  After  thermal  cleaning  of  Si(lll) 
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substrate  at  900“C  to  obtain  7X7  superstructure  in  reflection  electron  diffraction  pattern,  20  nm 
thick  CaFj  films  were  grown  on  the  substrate.  Base  pressure  of  fluoride  growth  chamber  was  less 
than  6X10'^  torr  and  pressure  during  the  growth  was  1X10'*  torr.  After  the  substrate  was 
transferred  to  the  GaAs  MBE  growth  chamber  in  which  base  pressure  was  less  than  2X  10'  torr, 
its  surface  was  irradiated  by  an  300  eV  electron  beam  at  200°C  using  an  electron  gun  facing  to 
the  substrate  under  AS4  molecular  beam  impingement.  After  the  surface  modification  process, 
GaAs  growth  was  followed  by  opening  a  Ga  cell  shutter.  The  As^  pressure  during  the  electron 
beam  irradiation  and  the  GaAs  growth  was  estimated  as  the  equivalent  pressure  of  the  order  of 
10'^  torr  at  the  sample  surface.  The  surface  modification  and  succeeding  growth  process  was 
observed  in  situ  by  the  SPA  method  as  shown  in  Fig.  1.  A  p-polarized  Ar  ion  laser  light  (488  nm) 
of  which  incident  angle  was  set  to  83"  was  employed  as  the  probing  light.  The  reflected  light  was 


detected  by  a  Si  photodiode  and  the  output 
was  lock-in  amplified.  The  SPA  signal  was 
taken  as  AR/R,  where  R  is  initial  reflected 
intensity  and  AR  is  the  variance  from  the 
observed  intensity  to  the  R.  Finally,  the 
surface  morphology  of  the  samples  was 
investigated  by  an  AFM,  NanoScope  III,  in 
the  atmosphere. 

RESULTS  AND  DISCUSSION 

Figure  2  shows  a  SPA  signal  during 
the  surface  modification  process.  The 
previous  work  shows  that  signal  at  the 
wavelength  employed  here  is  insensitive  to 
defects  in  CaF2  but  increases  in  proportional 
to  the  amount  of  adsorbed  material  on  the 
CaFj  surface  as  far  as  1»  dJk  (d:  thickness 
of  adsorbed  material,  \  ; wavelength)  [12]. 
The  observed  signal  was  found  to  increase 
when  the  CaFj  surface  was  irradiated  by 
electrons  in  the  AS4  molecular  beam  and  to 
saturate  even  though  electron  beam  was 
continued  to  irradiate  on  the  CaF2  surface. 
This  dependence  on  electron  dose  could  be 
fitted  to  an  expression  related  to  Langmuir's 
adsorption.  In  addition,  the  saturated  value 
of  4.4  %  in  the  formula  was  confirmed  to 
correspond  to  approximately  one  monolayer 
adsorption  of  As  to  the  CaFj  surface  by  means 
of  secondary  ions  mass  spectroscopy.  In 
addition,  Lee  et  al.  reported  through  the 
electron  energy  loss  spectroscopy  that  a  loss 
energy  peak  of  1.8  eV  assigned  to  the  surface 
F-vacancy  state  was  observed  when  a 
CaF2(l  1 1)  surface  was  exposed  to  an  electron 
beam  with  energy  of  3  keV  and  it  vanished 
after  supply  of  AS4  molecular  beam  to  the 
CaF2  surface  [13].  This  result  implies  that 
F-vacancies  were  replaced  by  As  atoms. 
Although  the  electron  energy  used  here  was 
lower  than  that  of  the  previous  work,  it  is 
considered  that  our  SPA  results  indicates  a 
sequential  process  that  electrons  desorbs  F 
ions  only  from  the  surface  sites  and  then  As 
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Fig.l  Experimental  system  for  the  in  situ 
observation  of  the  surface  modification  and 
GaAs  growth  process. 


Fig. 2  The  SPA  signal  during  the  surface 
modification  process  under  AS4  molecular 
beam  impingement  at  a  substrate  temperature 
of  200"C.  The  electron  energy  was  300  eV. 
The  signal  curve  during  electron  beam 
irradiation  was  fitted  to 
4.4  (1  -exp(-0.031*dose  [|iC/cm^])}. 
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atoms  are  adsorbed  in  the  vacancy  sites  so  as  to  saturate  at  one  monolayer  adsorption. 

Figure  3  shows  AFM  images  of  the  initial  stage  of  GaAs  growth  on  the  modified  CaF, 
surface  as  a  function  of  the  coverage  of  the  As  estimated  from  the  value  of  AR/R  before  growth. 
The  changes  of  AR/R  during  GaAs  growth  were  also  shown  in  Fig.  4,  in  which  the  notations  are 
corresponding  to  those  shown  in  Fig.  3.  The  substrate  temperature  during  the  growth  was  450‘’C 
the  Ga  beam  flux  was  equivalent  to  that  for  homoepitaxial  GaAs  growth  with  6  nm/min  rate  and 
the  growth  time  was  10  seconds.  Figure  3(a)  shows  the  case  that  the  surface  coverage  of  As  is 
equal  to  zero,  i.e.  no  electron  beam  was  irradiated  on  the  CaF2  surface.  In  this  case,  it  can  be  said 
that  GaAs  was  not  deposited  since  the  SPA  signal  was  not  changed  as  shown  in  Fig.  4(a)  In 
contrast,  GaAs  was  grown  along  the  several  step  edges  of  the  CaFj  in  the  case  of  a  half  surface 
coverage  by  As  as  shown  in  Fig.  3(b).  The  SPA  signal  shown  in  Fig.  4(b)  was  also  increased 
during  the  growth.  In  the  case  of  the  full  surface  coverage  by  As,  GaAs  was  found  to  be  grown 
along  the  almost  all  of  step  edges  as  shown  in  Fig.  3(c).  The  increase  of  the  SPA  signal  shown  in 
Fig.  4(c)  IS  approximately  twice  compared  to  that  of  Fig.  4(b).  It  is  considered  that  approximately 
twice  amount  of  GaAs  was  deposited  on  the  surface.  It  is  quite  interesting  that  the  adsorbed 
amount  of  GaAs  was  proportional  to  the  coverage  of  As.  In  addition,  the  almost  part  of  surface 
was  replaced  by  As  in  the  case  of  Fig.  3(c),  nevertheless  the  GaAs  islands  were  formed  only  on 
the  step  edges.  It  is  considered  that  the  nuclei  of  GaAs  were  selectively  formed  along  the  step 
edges  and  then  GaAs  islands  were  formed  at  the  sites  by  collecting  the  migrating  atoms  on  the 
modified  surface. 

Figure  5  shows  the  growth  temperature  dependence  of  GaAs  grown  on  the  modified  CaF, 
surface.  The  growth  rate  of  GaAs  was  1  ^m/h  and  the  growth  time  was  70  sec.  The  dose  of  the 
electrons  before  the  GaAs  growth  was  controlled  so  that  the  SPA  signal  intensity  was  saturated. 
Figure  5(a),  5(b)  and  5(c)  are  corresponding  to  the  growth  temperature  of  500,  550  and  bOOT, 
respectively,  and  the  RMS  of  their  surface  roughness  are  2.0,  0.9  and  1.1  nm,  respectively. 
Figure  5(d)  shows  surface  morphology  of  CaF2  before  electron  beam  irradiation  as  a  reference  of 
the  surface  roughness.  The  morphology  shows  well-ordered  multi-steps  and  the  value  of  RMS 
w’as  0.84  nm.  Comparing  to  the  roughness  of  the  CaFj  surface,  it  can  be  said  that  smooth  surface 
of  GaAs  at  550®C  was  obtained  as  same  level  as  the  substrate.  However,  in  microscopic,  the 
initial  growth  mode  of  GaAs  on  the  CaFj  was  said  to  be  3-dimensional  growth  mode  rather  than 
2-dimensional  one  since  the  inheritance  of  CaFj  surface  morphology  can  not  be  seen  on  the 
GaAs  surface  morphology. 

The  changes  of  the  SPA  signal  intensity  during  growth  were  shown  in  Fig.  6.  The  lines  (a), 
(b)  and  (c)  in  Fig.  6  are  corresponding  to  growth  of  the  sample  shown  in  Fig.  5(a),  5(b)  and  5(c), 
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Fig.  3  AFM  images  of  GaAs  grown  on  modified  CaF^  surfaces.  The  coverage  of  As  are  (a)  0  (no 
electron  beam  irradiation),  (b)  0.5  and  (c)  1,  respectively.  Substrate  temperature  during  surface 
modification  by  electron  beam  was  200°C  and  GaAs  growth  temperature  was  450°C.  The  amount 
of  GaAs  supplied  was  equivalent  to  1  nm  thick  in  homoepitaxial  growth. 
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respectively.  Just  after  started  the  GaAs 
growth,  the  signal  intensity  increased 
linearly  and  then  it  was  rolled  off  as  shown 
in  Fig.  6.  This  roll-off  is  due  to  an  optical 
interference  effect  in  the  GaAs  layer.  The 
absolute  value  of  AR/R  is  changed  by  the 
fluctuation  in  the  probing  light  incidence 
and  light  scattering  due  to  3-dimensional 
growth,  however,  this  interference  period 
for  the  GaAs  thickness  is  not  changed.  It 
can  be  seen  that  it  takes  longer  time  to 
reach  the  maximum  intensity  point  as  the 
growth  temperature  becomes  higher.  It 
means  that  growth  rate  was  decreased  as 
the  growth  temperature  become  higher. 
This  is  probably  due  to  enhancement  of 
the  Ga  evaporation  from  the  growth  surface. 
In  the  case  of  500°C,  as  shown  in  Fig. 
6(a),  the  signal  curve  was  suddenly  changed 
at  the  point  of  50  sec  past.  It  is  considered 
that  3-dimensional  growth  was  enhanced 
in  this  point  since  the  theoretical  calculation 
under  the  condition  of  layer-by-layer 
growth  mode  shows  that  the  periodical 
intensity  change  should  be  maintained  to 
the  end  of  thick  ( 1  |im)  GaAs  growth  (as 
shown  by  broken  line).  The  AFM  image 
in  Fig.  5(a)  also  shows  higher  value  of 
RMS  than  other  samples.  In  the  other 
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Fig.4  SPA  signal  intensity  changes  for  GaAs 
growth  on  (a)  as-grown  CaFj  surface  and  (b) 
modified  CaF2  surface  with  a  half  coverage 
of  As  and  (c)  that  with  full  coverage  of  As. 
Samples  are  the  same  those  shown  in  Fig.  3. 
The  shutter  of  a  Ga  effusion  cell  was  opened 
at  "Start"  point  and  was  closed  at  "End"  point. 


Fig.5  AFM  images  of  GaAs  grown  on  CaFj.  The  growth  temperature  are  (a)  500'’C,  (b)  550‘’C, 
(c)  600°C  and  (d)  shows  surface  of  as-grown  CaF2.  The  amount  of  GaAs  supplied  was  equivalent 
to  20  nm  thick  in  homoepitaxial  growth. 


samples,  oscillation  breakdown  in  the  signal  was  not  observed  in  these  growth  thickness.  However, 
a  kink  at  which  the  gradient  of  intensity  change  become  large  can  be  found  in  the  each  signal 
change.  Furthermore,  it  is  found  that  the  kink  occurred  at  10  sec  later  from  the  start  point  of  the 
growth  for  the  at  550°C  growth,  while  it  occurred  at  20  sec  later  for  the  600”C  growth.  It  can  be 
considered  that  growth  rate  was  rather  slow  in  the  initial  stage  because  the  surface  was  not 
completely  covered  by  GaAs  due  to  3-dimensional  growth  mode  and  reevapolation  rate  of  Ga 
atom  from  the  CaF2  surface  would  be  rather  high.  After  the  surface  was  completely  covered  by 
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GaAs,  however,  sticking  coefficient  was 
increased  and  the  gradient  of  intensity 
change  became  large.  In  the  high 
temperature  growth  at  600“C,  it  is 
considered  that  evaporation  was  more 
enhanced  and  it  took  twice  time  compared 
to  the  case  of  550°C  to  cover  whole  CaFj 
surface  by  GaAs.  So,  the  surface 
morphology  become  rough  (RMS  of  1.1 
nm )  due  to  reduction  of  sticking  coefficient 
and  the  large  island  formation  at  600°C.  It 
is  considered  to  be  desirable  that  growth 
temperature  is  decreased  in  the  initi^  stage 
of  GaAs  growth  in  order  to  increase  the 
sticking  coefficient  and/or  to  reduce  the 
large  island  formation.  However,  due  to 
difference  of  thermal  expansion 
coefficients  between  GaAs  and  CaF2  [14], 
lowering  the  temperature  enlarges  the 
lattice  mismatch.  For  example,  the 
mismatch  of  2.5  %  at  550”C  is  increased 
to  2.7  %  at  500°C.  Although  we  are  not 
sure  whether  such  a  small  difference  causes 
the  apparent  difference  in  the  growth  mode, 
it  might  be  considered  that  island  growth 
of  GaAs  was  enhanced  by  the  interface 
strain  due  to  large  mismatch  of  the  lattice 
parameters  at  lower  temperature. 

CONCLUSIONS 

We  investigated  the  electron  beam  induced  surface  modification  of  CaF2(lll)  and  initial 
stage  of  GaAs  growth  on  the  modified  CaFj  surface  using  SPA  method  and  AFM.  The  amount  of 
adsorbed  As  atoms  was  found  to  follow  Langmuir  adsorption  principle  during  the  electron  beam 
irradiation.  It  increased  with  electron  dose  and  saturated  at  a  value  equivalent  to  1  ML  adsorption. 
It  was  also  found  that  the  surface  modification  process  increases  sticking  coefficient  of  GaAs  on 
the  CaFj  surface.  It  was  shown  that  rather  flat  initial  surface  of  GaAs  was  obtained  at  the  growth 
temperature  of  550“C.  It  is  expected  that  high  quality  GaAs  on  CaF2  will  be  realized  by  future 
optimization  of  modification  and  initial  growth  conditions. 
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ABSTRACT 

ZnSe/GaAs  (001)  heterovalent  heterostructures  are  fabricated  by  metalorganic  vapor 
phase  epitaxy.  During  the  growth,  both  GaAs  and  ZnSe  surfaces  are  kept  atomically  flat 
to  achieve  precise  control  of  the  interface  formation.  Interface  composition,  Ga/As,  are 
controlled  by  means  of  either  Zn  or  Se  treatment  of  a  GaAs  surface,  and  then  ZnSe  growth 
follows.  Gonsequently,  it  is  revealed  by  X-ray  photoemission  spectroscopy  (XPS)  that 
artificial  control  of  Ga/As  from  1.0  to  2.8  leads  to  the  variation  of  valence  band  offsets 
from  0.6  to  1.1  eV.  Based  on  the  electron  counting  model  and  layer-attenuation  model,  it 
is  proposed  that  the  As  plane  just  below  the  interface  consists  of  As,  anti-site  Ga  and  As 
vacancy. 

INTRODUCTION 

Heterovalent  heterostructures,  which  are  characterized  by  chemical  valence  mismatch 
at  the  interfaces,  possess  attractive  feature  of  variable  band  offset.  The  band  offset  at  a 
hetero junction  interface  plays  an  important  role  to  determine  carrier  transport  and  con¬ 
finement  properties,  and  it  has  been  recognized  to  be  constant  for  a  given  heterostructure. 
However,  recent  considerable  works  reveal  that  it  may  be  changed  by  an  interfacial  atomic 
structure[l-6].  Theoretically  calculated  changes  of  the  offsets  in  several  heterovalent  het¬ 
erostructures  are,  for  example,  1.0,  0.6  and  0.8  eV  for  ZnSe/ GaAs [1,2],  Ge/GaAs[3,4]  and 
Si/GaP[3],  respectively.  The  large  variation  in  band  offsets  at  the  heterovalent  interfaces 
is  originated  from  the  existence  of  nonoctet  bonds  which  form  donor  and  acceptor  states. 
Due  to  the  charge  transfer  from  the  donor  to  the  acceptor  states  electronic  dipoles  which 
determine  the  offsets  are  induced.  The  strength  and  the  direction  of  the  dipoles  depend  sen¬ 
sitively  on  the  microscopic  interface  atomic  configuration  and  thus,  so  do  the  band  offsets. 
Therefore,  to  achieve  tunable  band  offsets,  it  is  crucially  important  to  control  formation 
processes  of  an  interface  in  an  atomic  order. 

Experimentally,  X-ray  photoemission  spectroscopy  (XPS)  has  chiefly  been  utilized  to 
study  contributions  of  interface  structures  to  the  band  offsets[l,5,6].  It  has  been  reported 
that  interface  composition  can  be  controlled  by  the  Zn/Se  flux  ratio  employed  during  molec¬ 
ular  beam  epitaxy  (MBE)  of  ZnSe  on  GaAs  (001),  resulting  in  the  variation  of  valence  band 
offsets  from  0.58  eV  (Se-rich  condition)  to  1.20  eV  (Zn-rich  condition)[l].  In  the  study,  how¬ 
ever,  since  the  interface  composition  is  modified  by  changing  the  epitaxial  growth  condition 
of  beam  pressure  ratio,  bulk  properties  as  well  as  interface  properties  would  be  influenced. 
Further,  the  interface  formation  and  the  epitaxial  growth  occur  at  the  same  time,  and  thus, 
the  strict  control  of  the  formation  processes  of  the  interfaces  has  not  been  achieved  yet. 

In  this  study,  we  demonstrate  the  tunability  of  the  band  offset  in  the  ZnSe/GaAs  (001) 
heterostructure  by  changing  compositional  ratio,  Ga/As,  at  the  interface.  The  local  com¬ 
position  is  modified  by  treatments  of  GaAs  surfaces  by  Zn  or  Se  precursors.  The  conditions 
of  the  following  ZnSe  growth  are  unchanged  in  order  to  concentrate  the  discussion  on  the 
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interface  chemistry.  Surface  structures  during  the  formation  of  the  heterointerface  are  inves¬ 
tigated  by  means  of  atomic  force  microscopy  (AFM)  for  the  purpose  to  keep  an  atomically 
flat  surface  which  is  an  implication  of  an  atomic  order  control  of  the  interface  structure. 
The  valence  band  offsets  are  estimated  by  XPS. 

FORMATION  OF  ZnSe/GaAs  HETEROSTRUCTURE 

Samples  were  grown  on  (001)  nominally  singular  GaAs  substrates  by  atmospheric- 
pressure  metalorganic  vapor  phase  epitaxy  (MOVPE).  The  substrates  were  chemically  and 
thermally  etched  in  the  same  manner  reported  previously [7].  A  GaAs  buffer  layer  1500  A 
thick  was  grown  on  the  GaAs  substrate  at  the  growth  temperature  of  700  °C.  Source  pre¬ 
cursors  were  triethylgallium  (TEGa)  and  tertiarybutylarsine  (TBAs)  and  their  flow  rates 
were  10  and  100  /zmol/min,  respectively.  To  obtain  an  atomically  flat  surface,  post-growth 
annealing  was  performed  at  700  °C  for  10  min  and  the  substrate  temperature  was  cooled 
down  with  TBAs  flow.  Therefore,  GaAs  surface  must  be  terminated  by  As  at  this  time[8,9]. 
Since  both  ZnSe  and  GaAs  layers  were  grown  in  the  same  reactor,  the  GaAs  buffer  layers 
were  kept  in  the  reactor  under  hydrogen  flow  at  200  °C  for  typically  1  hour  to  purge  the 
source  precursors  for  GaAs  growth. 

In  order  to  relax  the  chemical  valence  mismatch,  there  should  exist  the  same  number 
of  donor  and  acceptor  states  at  the  interface.  As  one  of  the  most  simplified  examples,  a 
mixed  Ga-Zn  plane  with  50-50  compositions  or  a  As-Se  plane  with  the  similar  compositions 
at  the  interface  may  satisfy  the  above  situation.  The  resulting  valence  band  offsets  for  the 
former  and  the  latter  interfaces  have  been  calculated  to  be  1.59  and  0.62  eV,  respectively [1]. 
To  realize  such  interfaces  experimentally,  prior  to  the  growth  of  ZnSe,  GaAs  surfaces  were 
exposed  to  Zn  or  Se  precursors,  that  is,  diethylzinc  (DEZn)  or  dimethylselenium  (DMSe), 
at  450  ®C.  In  this  paper,  we  will  denote  these  treatments  as  Zn  or  Se  treatment.  Then, 
ZnSe  layers  were  grown  at  450  °C.  Molar  flow  rate  of  DEZn  was  1.2  //mol/min  and  the 
molar  flow  ratio  of  DMSe/DEZn  was  10. 

A  GaAs  surface  after  the  purge  at  200  °C,  was  observed  by  AFM  as  shown  in  Fig. 1(a). 
The  surface  consists  of  atomically  flat  terraces  and  monolayer  (ML)  steps.  No  islands  are 
detected  on  the  terraces.  GaAs  surfaces  after  Zn  or  Se  treatment  were  also  investigated. 


(a)  (b) 


200  nm 

Figure  1:  AFM  images  of  (a)  GaAs  epitaxial  layer  grown  and  an¬ 
nealed  at  700  °C  and  (b)  ZnSe  layer  30  A  thick  grown  at  450  °C. 
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and  it  was  confirmed  that  those  treatments  did  not  affect  the  surface  flatness.  The  growth 
mode  of  ZnSe  depends  strongly  on  the  growth  temperature.  As  is  discussed  in  detail  in 
ref.[10],  450  is  suitable  temperature  to  obtain  a  smooth  surface.  Fig.l(b)  illustrates  the 
surface  of  ZnSe  30  A  thick  grown  at  450  ®C.  Atomically  flat  terraces  and  ML  steps  can  be 
clearly  found,  indicating  that  the  growth  mode  of  ZnSe  at  450  °C  is  layer-by-layer  mode. 
Regardless  of  the  treatment  of  GaAs  surfaces,  the  ZnSe  surfaces  are  atomically  flat  like 
Fig.  1(b).  The  surface  structure  was  preserved  at  least  to  the  thickness  of  900  A.  From  the 
results,  we  can  conclude  that  the  ZnSe/GaAs  interfaces  are  relatively  abrupt. 

XPS  MEASUREMENTS 

ZnSe  layers  5-50  A  thick  were  prepared  for  XPS.  The  XPS  measurements  were  per¬ 
formed  tx  situ  using  A1  Ka  (1486.6  eV)  as  X-ray  source  and  signals  from  3d  core  levels 
of  Zn,  Se,  Ga  and  As,  were  detected.  Fig.2  shows  schematic  views  of  XPS  with  different 
thickness  of  ZnSe.  Note  that  XPS  signal  includes  the  information  within  about  50  A  from 
a  surface.  Therefore,  when  ZnSe  is  thick  (~  40A,  Fig. 2(a)),  Ga  and  As  3d  signals  represent 
the  information  in  the  vicinity  of  the  interface  and  Zn  and  Se  3d  signals  show  bulk  prop¬ 
erties  of  ZnSe,  whereas  as  ZnSe  becomes  thinner  (Fig.2(b)),  Ga  and  As  3d  signals  more 
include  the  GaAs  bulk  properties  and  Zn  and  Se  3d  signals  do  the  interface  properties  on 
ZnSe  side.  Therefore,  depth  profiles  were  obtained  from  the  heterostructures  with  different 
ZnSe  thicknesses. 

Several  heterostructures  were  fabricated  also  varying  the  supplying  amount  of  DEZn 
or  DMSe  for  the  GaAs  surface  treatment.  The  integrated  intensity  ratio  of  3d  core  levels 
observed  in  XPS,  hnl he  and  /ca/^Asi  as  a  function  of  ZnSe  thickness  provides  depth 
profile.  Both  hnlhe  and  /oa/Avs  were  normalized  so  as  to  exhibit  unity  in  bulk  standards. 
If  we  look  at  hnlhet  regardless  of  GaAs  surface  treatments  and  ZnSe  layer  thicknesses, 
hnlhe  is  equal  to  unity,  indicating  that  the  Zn/Se  composition  at  ZnSe/GaAs  interface 
is  stoichiometric,  i.e.  unity.  As  for  /oa/Avs*  it  depends  on  the  GaAs  surface  treatments. 
Se  treatment  does  not  provide  an  influence  on  the  composition  of  GaAs;  Iq^/Ias  remains 
unity  at  any  ZnSe  thickness.  If  GaAs  is  exposed  to  DEZn,  on  the  other  hand,  Ig^/Ias 
increases  with  increase  of  the  ZnSe  layer  thickness.  Further,  this  characteristics  becomes 


Figure  2:  Schematic  views  of  XPS  of  ZnSe/GaAs  heterostructures 
with  (a)  thick  and  (b)  thin  ZnSe.  Shade  indicates  detectable  region. 
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Figure  3;  Estimated  valence  band 
offset  as  a  function  of  interface 
composition,  IqJJas-  Valence 
band  offsets  were  determined  by 
the  ZnSe  thickness  of  20-30  A, 
while  /ca/^As  was  observed  value 
in  the  interface  region  where  the 
ZnSe  thickness  was  above  30 
A(see  text  in  detail).  In  addi¬ 
tion  to  Zn  or  Se  treatment  of  As 
terminated  GaAs  (As:GaAs),  Zn 
or  Se  treatment  of  Ga  terminated 
GaAs  (GarGaAs)  was  examined 
and  the  results  were  summarized 
together. 


pronounced  as  the  amount  of  supplying  DEZn  increases.  Since  /ca/ZAs  is  obtained  very 
near  the  interface  when  ZnSe  is  thick  as  shown  in  Fig. 2(a),  this  behavior  of  /oa/ ^As  indicates 
that  the  local  relative  solid  composition  at  the  interface  is  Ga-rich.  DEZn  reached  at  the 
GaAs  surface  seems  to  bring  about  the  formation  and  evaporation  of  a  volatile  compound, 
Zn3As2[ll],  leaving  the  surface  Ga-rich.  It  should  be  noted  that  the  supplying  amount  of 
Zn  was  adjusted  by  changing  duration  time,  not  flow  rate,  so  that  the  formation  of  Zn3As2 
was  limited  by  supply  of  DEZn.  If  not,  deposition  of  Zn  takes  place  and  morphology  of 
ZnSe  becomes  poor,  suggesting  the  break  of  the  interface  control  in  an  atomic  order. 

Valence  band  offsets  were  extracted  by  the  standard  approach  in  which  core  level  to  core 
level  separations  in  heterostructures  are  measured[12].  Variation  of  valence  band  offsets  is 
shown  in  Fig. 3  as  a  function  of  interface  composition  of  I as-  The  Iqh/Ias  value  in  Fig. 3 

is  that  observed  in  ZnSe  thickness  of  above  30  A,  so  as  to  reflect  well  the  compositional 
ratio  at  very  close  to  the  interface,  while  the  valence  band  offsets  were  determined  by  the 
ZnSe  of  thickness  20  30  A,  because  this  thickness  can  minimize  the  influence  on  the  XPS 
signal  by  the  chemical  shift  due  to  interfacial  structures.  In  addition  to  Zn  or  Se  treatment 
of  As  terminated  GaAs  (denoted  by  As: GaAs),  Zn  or  Se  treatment  of  Ga  terminated  GaAs 
(Ga:GaAs)  which  was  completed  by  supplying  TEGa  by  the  amount  corresponding  to  1 
atomic  layer,  was  examined  and  the  results  were  summarized  all  together.  Fig. 3  clearly 
shows  that  valence  band  offsets  increase  from  0.6  to  1.1  eV  as  Iq^I I as  increases,  that 
is,  interface  composition  becomes  Ga-rich.  It  is  worth  noting  that  the  correlation  between 
interface  composition  and  valence  band  offsets  can  be  expressed  by  a  unique  curve  regardless 
of  the  procedures  to  prepare  interfaces.  In  this  sense,  it  is  essential  to  modify  the  interface 
composition,  Iq^IIasi  to  control  band  offsets,  and  the  method  of  surface  treatment  itself  is 
not  important. 

STRUCTURAL  ANALYSIS 

Valence  band  offset  of  0.6  eV  is  obtained  mainly  by  the  Se  treatment  of  a  GaAs  surface. 
In  this  heterostructure,  both  Iznihe  and  IgJ^As  are  equal  to  1,  indicating  that  the  inter¬ 
face  is  relatively  abrupt  without  compositional  grading.  Therefore,  we  can  compare  the 
experimental  result  with  the  theoretical  predictions  on  the  correlation  between  interface 
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structures  and  band  offsets [1,2],  because  in  the  theoretical  analyses,  interfaces  without  re¬ 
markable  interdiffusion  are  selected  as  test  structures.  Consequently,  this  interface  is  likely 
to  have  a  mixed  anion  plane  formed  by  50  %  As  and  50  %  Se  atoms.  The  atomic  configu¬ 
ration  provides  dipole  moments  pointing  toward  ZnSe  and  the  resulting  valence  band  offset 
becomes  smaller  than  that  without  interface  dipoles. 

On  the  other  hand,  the  interfaces  with  /caZ-fAs  larger  than  1  cannot  be  compared  with 
the  theoretical  analyses.  In  order  to  provide  a  possible  structural  model,  the  measured 
intensity  ratios  of  core  level  photoemission  are  analyzed  through  the  standard  electron 
counting  model  and  layer- attenuation  model.  Taking  into  account  the  experimental  results 
that  Iznihe  is  unity  and  Iqb^IIas  becomes  large  at  the  interface,  we  assume  as  follows; 
(1)  ZnSe  is  stoichiometric  at/near  the  ZnSe/GaAs  interface,  (2)  the  plane  which  forms 
a  junction  with  ZnSe  is  a  complete  Ga  cation  plane  and  the  Ga  atoms  bond  to  Se,  and 
(3)  GaAs  is  also  stoichiometric  except  for  the  anion  plane  just  below  the  Ga  cation  plane; 
the  anion  plane  consists  of  As,  anti-site  Ga  (GaAs)  and  As  vacancy  (Vas)-  Here,  the  latter 
two  assumptions  attribute  to  the  Ga  rich  interface.  We  ruled  out  the  possibility  of  the 
format ’.on  of  Ga2Se3  which  has  been  often  reported  as  an  interfacial  layer  of  ZnSe  grown 
on  Ga-rich  GaAs  surface[13, 14].  This  is  because  as  shown  in  Fig.4,  transmission  electron 
microscopy  (TEM)  002  dark  field  image  of  the  interface  between  ZnSe  and  Zn  treated 
(Ga-rich)  GaAs  does  not  show  the  bright  contrast  which  distinguishes  the  existence  of  the 
compound,  Ga2Se3,  indicating  the  absence  of  formation  of  Ga2Se3.  This  assumption  is  also 
supported  by  the  finding  that  shape  of  Se  3d  spectrum  in  XPS  is  not  changed  for  all  samples 
in  this  study. 

The  detailed  procedure  of  the  calculation  will  be  given  elsewhere,  but  the  preliminary 
results  show  that  both  GaAs  and  Vas  are  necessary  to  satisfy  the  charge  neutrality  across 
the  interface  and  Iga/^As  larger  than  unity  simultaneously.  For  example,  to  realize  the 
observed  /caZ-^As  of  1.5  in  XPS  for  the  ZnSe  (5  A)  on  GaAs  heterostructure,  where  the 
valence  band  offset  is  1.0  eV,  the  fractional  occupancies  of  GaAs  and  Vas  are  calculated 
to  be  0.52  and  0.18,  respectively.  It  should  be  noted  that  the  atomic  structure  in  the 
structural  model  induces  Ga-Se  donor  bonds  at  the  ZnSe  side  of  the  interface,  which  is  the 
completely  opposite  atomic  configuration  compared  with  stoichiometric  (50  %  As  and  50  % 
Se  mixed)  interface  where  the  valence  band  offset  is  0.6  eV,  as  described  in  the  beginning 
of  this  subsection.  This  change  of  atomic  geometry  is  responsible  for  the  larger  band  offset. 


Figure  4:  TEM  002  dark  field  image  of  (110)  cross  section  of 
ZnSeZGaAs  heterostructure.  GaAs  surface  was  treated  by  DEZn  of 
1.2  /^mol  at  450  °C  and  the  resulted  Igu/Ias  from  XPS  is  about  2. 
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CONCLUSIONS 


ZnSe/GaAs  (001)  heterovalent  heterostructures  were  fabricated  by  MOVPE,  keeping 
both  ZnSe  and  GaAs  surface  atomically  flat  to  realize  strict  control!  of  formation  processes 
of  the  interfaces.  XPS  showed  that  tunability  of  band  offsets  was  achieved  by  changing  the 
local  interface  composition  of  /ca/^As  by  means  of  either  Zn  or  Se  treatment  of  a  GaAs 
surface  followed  by  ZnSe  growth.  The  proposed  interface  atomic  structure  supported  the 
hypothesis  that  a  dipole  due  to  interface  geometry  played  a  role  to  determine  the  band 
offset. 
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ABSTRACT 

A  study  of  the  interface  chemical  and  physical  abruptness  of  Si-Ge  heterostructures  ^own 
on  (001)  Si  by  molecular  beam  epitaxy  under  atomic  hydrogen  exposure  is  reported.  Atomic  hy¬ 
drogen  (AH)  was  produced  by  the  dissociation  of  molecular  hydrogen  interacting  with  a  hot 
tungsten  filament.  Secondary-ion  mass  spectroscopy  (SIMS)  of  structures  made  of  alternating 
Ge  (0.5  nm)/Si  (40  nm)  layers  demonstrated  that  AH  can  effectively  suppress  Ge  surface  segre¬ 
gation.  The  segregation  length  was  reduced  from  1 .5  nm  to  about  0.5  nm  in  films  grown  at  a 
hydrogen  partial  pressure  of  ~5  x  10-3  pa  and  cell  temperature  of  2140  °C  with  an  estimated 
cracking  efficiency  of  ~5%.  However,  the  high  hydrogen  back^ound  pressure  had  detrimental 
effects  on  the  physical  sharpness  of  the  interfaces.  This  was  evidenced  by  comparing  the  inter¬ 
face  quality  of  Si/Ge  atomic  layer  superlattices  grown  with  and  without  AH  exposure.  X-ray  re¬ 
flectivity  and  Raman  spectroscopy  revealed  a  significant  increase  of  the  interface  roughness, 
although  the  periodic  character  and  the  good  crystallinity  of  the  structures  were  preserved. 

INTRODUCTION 

There  is  currently  enormous  interest  in  the  growth  of  strained  Si/Si  i-xGcx  heterostructures. 
These  offer  enhanced  electrical  characteristics  in  bipolar  devices^  and  are  promising  structures  in 
optoelectronics.2  In  all  these  applications  it  is  crucial  that  the  interfaces  between  Si  and  Sii-xGex 
be  of  high  quality.  For  example,  interface  roughness  at  the  atomic  scale  or  chemical  intermixing 
may  affect  the  carrier  transport  properties  at  the  hetero-junctions.  Surface  segregation  is  another 
phenomenon  that  may  have  detrimental  effects  on  the  electronic  properties  of  a  hetero-junction. 
This  phenomenon  is  common  in  molecular  beam  epitaxy  (MBE)  where  impurities  that  lower  the 
surface  free  energy  have  a  tendency  to  float  at  the  surface  rather  than  incorporate  into  the 
growing  film.  In  Si-based  MBE  this  is  the  case  for  most  n-type  dopants.  In  Si/Si i_xGex  hetero¬ 
epitaxy,  the  Ge  atoms  also  tend  to  segregate  at  the  surface  resulting  in  a  trailing  edge  in  the  Ge 
concentration  profile  after  Ge  deposition  has  ceased.  In  a  first  approximation,  the  Ge 
concentration  profile  N(z)  at  a  Sii-xGex/Si  interface  may  be  written  N(z)  =  (N(0)/G  exp-(z/^) 
where  f  is  the  segregation  length  and  N(0)  is  the  initial  Ge  surface  coverage  (per  unit  area).  The 
value  of  ^  is  a  function  of  the  growth  conditions  and  is  typically  of  the  order  of  1-2  nm.3 

It  is  possible  to  reduce  Ge  surface  segregation  by  exposing  the  surface  during  growth  to 
another  atomic  species  that  has  a  stronger  tendency  to  segregate.  Irnpurities  such  has  Sb,  Ga,  Sn 
and  Bi  act  as  surfactants  and  can  suppress  Ge  surface  segregation.^ However,  the  introduction 
of  such  impurities  in  a  high  vacuum  system  may  be  difficult  or  even  undesirable,  as  it  may 
adversely  affect  other  processes.  Ge  surface  segregation  is  significantly  inhibited  in  techniques 
that  use  gases  as  precursors,  such  as  gas  source  MBE  or  ultra-high  vacuum  chemical  vapor 
deposition.  The  Si  surface  is  then  passivated  by  a  hydrogen  adlayer  acting  as  a  surfactant.4>5 
Suppression  of  Ge  segregation  has  been  observed  in  solid  source  MBE  by  exposing  the  surface 
to  an  AH  flux  during  deposition. Hydrogen-assisted  growth  of  Sii-xGex  is  thus  a  promising 
approach  to  reducing  segregation  with  minimum  effects  on  the  electrical  or  optical  properties  of 
the  epitaxial  film.  AH  has  also  been  found  to  favor  planar  growth  of  Ge  on  (001)  Si  by  reducing 
Ge  adatom  mobility.^  High  hydrogen  partial  pressure  during  Si  MBE,  however,  has  detrimental 
effects  on  the  interface/surface  roughness  and  promotes  the  transition  to  poly-crystalline  or 
amorphous  growth  at  higher  temperatures.^ 

In  this  work  we  report  the  growth  and  characterization  of  Si/Ge  heterostructures  grown 
under  AH  exposure.  The  operating  conditions  of  the  AH  source  required  to  inhibit  Ge  surface 
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segregation  are  determined.  The  quality  of  the  interfaces  in  50  period  Si/Ge  atomic  layer 
superlattices  grown  with  or  without  the  presence  of  a  hydrogen  flux  are  then  compared  to  assess 
the  effect  of  a  high  hydrogen  partial  pressure  on  the  interface  morphology. 

EXPERIMENT 

The  epitaxial  layers  were  deposited  on  lightly  doped  p(B)-type  (001)  Si  wafers  by  MBE  in  a 
VG  Semicon  V80  system,  ^  Epitaxy  was  performed  at  a  growth  rate  of  0.1 -0.2  nm/s  in  the 
temperature  range  300-550  °C.  AH  was  produced  by  thermal  dissociation  of  molecular  hydrogen 
with  a  hot  tungsten  filament  using  a  commercial  cracker  cell  (EPI  MBE  Products  Group).  The 
source  was  located  ~30  cm  from  the  substrate  and  hydrogen  gas  was  admitted  by  a  leak  valve. 
The  filament  temperature  was  measured  by  optical  pyrometry.  The  pressure  during  the  cell 
operation  was  monitored  by  an  ion  gauge  located  in  vicinity  of  the  wafer  and  by  quadrupole 
mass  spectrometry.  Test  structures  consisting  of  ten  Ge  (0.5  nm)/Si  (40  nm)  layers  were 
prepared  under  different  cell  operating  conditions  (1700  °C  <  TH  <  2200  °C,  1  x  lO'^  Pa  <  Ph2 
<  5  X  10'3  Pa).  Atomic  layer  superlattices  made  of  alternating  Si(2.5  nm)  and  Ge(0.5  nm)  layers 
were  grown  under  standard  growth  conditions  ^  ^  or  under  optimized  AH  flux. 

The  Ge  concentration  profiles  were  obtained  by  SIMS  using  a  Cameca  4f  and  a  02”^  primary 
beam.  The  chemical  modulation  and  interfacial  perfection  of  the  multilayers  were  investigated  by 
x-ray  reflectivity  in  the  specular  and  transverse  geometry  using  a  Philips  1 820  6-26  vertical 
goniometer.  Specular  reflectivity  was  analyzed  using  a  recursive  formalism  1^  that  includes  a 
Debye- Waller  model  of  the  interface  roughness  and  transverse  scans  were  simulated  using  the 
distorted  wave  Bom  approximation.  1^  The  Raman  spectra  of  the  atomic  layer  superlattices  were 
excited  with  300  mW  of  457.9  nm  laser  light,  recorded  at  295  K  and  analyzed  following  a 
method  outlined  elsewhere.  16 

RESULTS  AND  DISCUSSION 

Secondary  ion  mass  spectrometry  of  test  structures 

There  have  been  conflicting  reports  in  the  literature  as  to  how  the  operating  conditions  of  a 
hydrogen  cracking  cell  (temperature  and  pressure)  influence  the  surface  chemistry  during  Si-Ge 
heteroepitaxy.  Cracker  cell  temperatures  in  the  range  1 800-2000  °C  are  generally  used^-^  al¬ 
though  there  have  been  studies  performed  at  lower  temperatures  (1500-1600  °C).l '  The  source 
geometry  and  distance  from  the  surface  and  the  wafer  temperature,  among  other  factors,  may 
explain  these  variations.  We  have  used  SIMS  to  compare  the  Ge  distribution  in  test  stmctures 
comprising  ten  4-monolayer  thick  Ge  layers  separated  by  40  nrn  Si  spacer  layers.  Figure  1(a) 
compares  the  Ge  profiles  of  two  similar  structures  prepared  at  different  AH  cell  temperatures. 
The  first  four  Ge  spikes  (zone  1)  were  deposited  without  AH  while  the  last  six  (zones  2,  3  and 
4)  were  grown  at  increasing  hydrogen  partial  pressures.  For  a  cell  temperature  of  1840  °C,  the 
Ge  profile  exhibits  only  marginal  variations  when  the  surface  is  exposed  to  high  doses  of  hydro¬ 
gen.  In  contrast,  the  Ge  profile  becomes  sharper  when  the  surface  is  exposed  at  the  same  doses, 
but  at  a  higher  hydrogen  cell  temperature  of  2140  ®C.  The  dependence  of  the  Ge  profile  on  the 
hydrogen  dose  is,  however,  difficult  to  evaluate  in  this  profile  because  loss  of  depth  resolution 
away  from  the  surface  region  (due  to  sputtering  intermixing)  may  also  contribute  to  the 
broadening  of  the  Ge  profile  in  the  deeper  Ge  spikes.  Figure  1(b)  shows  the  SIMS  profile  of  a 
similar  structure,  but  where  the  last  six  Ge  spikes  were  grown  at  decreasing  hydrogen  pressure. 
Again,  sharper  Ge  profiles  are  observed  when  the  surface  is  exposed  to  AH.  The  effect  is  more 
pronounced  at  higher  doses  as  evidenced  by  the  sharpening  of  the  Ge  profiles  in  zones  3  and  2 
as  compared  to  zone  4.  A  segregation  len^h  i  can  be  estimated  from  the  derivative  of  the  SIMS 
profile  (f-1  =  1/N  X  dN/dz)  as  illustrated  in  the  inset  of  Fig  1(b).  Under  standard  growth  condi¬ 
tions  ^  ~  1.5  nm,  while  i  ~  0.5  nm  for  growth  under  4x10-^  Pa  hydrogen  partial  pressure. 
Smaller  gas  exposures  (zones  3  and  4)  have  a  much  reduced  effect  on  the  segregation  length. 

The  results  reported  here  are  in  good  agreement  with  those  of  Ohta  et  al.^  in  a  similar  study. 
It  is  interesting  to  estimate  the  AH  flux  on  the  substrate  needed  to  inhibit  the  Ge  segregation. 
Assuming  a  cracking  efficiency  of  5%  at  2140  °C  and  a  hydrogen  gas  pressure  of  lO'^  Pa  18  one 
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Fig.  1:  SIMS  profile  of  structures  comprising  ten  repeats  of  Ge(0.5  nm)/Si(40  nm).  (a)  Growths  at  two 

different  cell  temperatures.  Zones  1,  2,  3  and  4  were  grown  at  hydrogen  pressures  of  ~0,  0.1,  0.5  and  2  x  10’^  Pa, 
respectively,  (b)  Same  as  (a),  but  zones  1,  2,  3  and  4  grown  at  hydrogen  pressures  of  ~0,  4,  1  and  0.2  x  10'^  Pa, 
respectively.  The  inset  shows  the  logarithmic  derivative  of  the  ™Ge  signal  with  respect  to  depth. 


finds  an  impingement  rate  of  ~5  x  hydrogen  atoms  cm'^S"^.  This  is  comparable  to  the 
impingement  rate  of  Ge  atoms  during  epitaxy  at  a  rate  of  0.1  nms‘1.  This  suggests  that  in  order 
to  be  incorporated  in  the  growing  crystal,  the  incoming  Ge  atoms  have  to  displace  surface 
hydrogen  atoms.  To  suppress  segregation,  AH  should  be  supplied  at  the  same  rate  as  Ge  to 
saturate  the  surface  bonds.  This  is  in  contrast  with  other  common  surfactants  (Sb,  Bi,  As)  which 
do  not  desorb  but  rather  float  on  the  surface  during  growth  thus  not  requiring  continuous 
supply. 

Hydrogen-assisted  growth  of  Si/Ge  multilayers 

We  have  prepared  a  series  of  Si/Ge  short-period  superlattices  under  an  AH  flux  in  the  hope 
of  improving  the  interfacial  sharpness  of  these  structures.  Figure  2  compares  the  x-ray  specular 
reflectivity  for  two  50-period  superlattices  prepared  with  and  without  AH  exposure.  The 
structure  grown  under  standard  vacuum  conditions  exhibits  much  more  intense  satellite  peaks 
indicative  of  higher  quality  interfaces.  Calculated  reflectivities  are  also  displayed  in  Fig.  2  and 
they  show  that  the  interfacial  widths  asi  and  aGe  for  the  structure  grown  under  AH  flux  have 
values  about  twice  as  large  as  those  found  in  the  structure  grown  under  standard  conditions. 

Specular  reflectivity  can  be  used  to  determine  interfacial  widths  but  cannot  discriminate 
between  interfacial  broadening  caused  by  intermixing  or  physical  roughness.  The  lineshape  of 
the  diffuse  scattering  in  a  transverse  scan  can  be  used  to  assess  the  lateral  characteristics  of  the 
interface  roughness.  Transverse  scans  of  the  first  satellite  peak  for  the  two  same  superlattices  are 
presented  in  Fig.  3.  The  scans  exhibit  a  resolution  limited  specular  peak  and  a  diffuse  component 
that  extends  to  large  values  of  parallel  wave  vector  transfer  q//.  On  the  sample  grown  with  AH 
exposure,  the  specular  component  is  less  intense  and  a  much  stronger  diffuse  scattering  is 
observed.  The  diffuse  scattering  at  large  q//  has  been  modeled  using  a  correlation  function  of  the 
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Fig.  2.  Measured  (full  line)  and  calculated  (dotted  line)  reflectivity  from  two  50-period  Si/Ge  superlattices  grown 
without  or  with  an  AH  flux.  The  interface  widths  agj  and  ace  used  in  the  calculation  are  indicated. 


type^^  C(X)  =  CT2exp-(X/^)2h  where  ^  is  the  cutoff  length  (the  scale  at  which  the  interfaces  begin 
to  look  rough)  and  the  exponent  0  <  h  <1  determines  how  jagged  the  interface  is  (smoother 
interfaces  for  larger  values  of  h).  Using  the  values  of  a  determined  from  specular  measurements, 
the  diffuse  scattering  on  the  sample  grown  under  nominal  conditions  is  qualitatively  reproduced 
using  ^  =  200  nm  and  h  =  0.35.  The  model  is  adequate  at  large  values  of  q//  but  fails  to 
reproduce  the  shoulders  of  the  specular  peak  (arrows  in  Fig.  3).  These  originate  from  a  long 
wavelength  undulation  (~1  pm)  of  the  interfaces  associated  with  the  wafer  residual  miscut  and 
have  been  discussed  elsewhere.  The  calculation  for  the  structure  grown  with  AH  exposure  was 
obtained  using  ^  =  20  nm  and  h  =  0.9  which  indicates  that  the  interfaces  are  rougher  at  a  shorter 
length  scale,  although  less  jagged  on  that  scale.  The  agreement  between  experiment  and  theory 
is  only  approximate.  The  fit  could  presumably  be  improved  by  using  a  more  realistic  correlation 
function,  by  varying  the  interface  widths  from  layer  to  layer  and  by  including  the  long  range 
modulation  of  the  interfaces  in  the  model,  but  the  analysis  captures  the  essential  physics. 

Raman  spectra  of  the  two  superlattices  discussed  above  are  shown  in  Fig.  4.  The  spectrum 
of  the  reference  superlattice  grown  in  vacuum  at  460  °C  exhibits  peaks  at  294,  416  509.8 
(shoulder)  and  519.3  cm'^  that  are  associated  with  superlattice  longitudinal  optic  (LO)  modes.20 
The  lower  frequency  peaks  at  104  and  203  cm’l  are  due  to  superlattice  folded  longitudinal 
acoustic  (FLA)  modes^2  and  their  intensities  are  sensitive  to  interface  atomic  abruptness.21 
Significant  changes  in  these  FLA  peaks  are  evident  in  the  Raman  spectrum  of  the  equivalent 
superlattice  grown  with  AH  exposure.  Apart  from  a  small  shift  to  higher  frequency  (111  cm'l) 
due  to  a  slight  decrease  in  the  superlattice  period,  the  first  FLA  mode  is  noticeably  weaker  in 
intensity,  while  the  second  FLA  peak  at  210  cm-1  is  now  barely  discernible.  This  sharp  drop  in 
intensity  is  the  consequence  of  a  loss  of  atomic  abruptness  at  the  Si/(je  interfaces  that  is 
consistent  with  the  doubling  of  the  interfacial  width  found  by  x-ray  reflectivity.  The  LO  peaks  in 
the  AH-exposed  superlattice  occur  at  frequencies  of  293,  413  and  519.4  cm"^  and  are  not  too 
different  in  intensity  and  position  from  the  reference  superlattice  case.  This  would  be  expected 
for  superlattices  with  similar  respective  Si  and  Ge  layer  thickness.  In  general,  the  FLA  peaks  in 
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Fig.  3;  Transverse  scans  at  the  first  satellite  reflection  for  two  50-period  Si/Ge  superlattices  grown  without  and 
with  AH  exposure.  The  values  of  ^  and  h  used  in  the  calculation  are  indicated. 


superlattices  grown  under  a  variety  of  conditions  with  AH  surfactant  were  always  weaker  than  in 
reference  superlattices  grown  in  vacuum,  showing  a  consistent  loss  of  interface  sharoness. 

The  above  results  are  not  necessarily  incompatible  with  the  suppression  of  Ge  surface 
segregation,  but  show  that  growth  under  high  hydrogen  pressure  leads  to  a  deterioration  of  the 
interface  morphology.  The  data  is  consistent  with  interfaces  having  characteristic  roughness  on  a 
shorter  length  scale  in  hydrogen-assisted  epitaxy.  Saturation  of  the  chemical  bond  at  the  surface 
by  hydrogen  may  reduce  surface  diffusion  thereby  precluding  layer-by-layer  growth  and  causing 
a  short  scale  corrugation.  It  is  noteworthy  that  in  these  experiments  AH  was  supplied 
continuously  during  growth.  It  is  likely  that  Ge  segregation  can  be  suppressed  while  maintaining 
good  interface  morphology  if  AH  is  used  only  during  short  intervals  corresponding  to  the 
interface  formation. 

CONCLUSION 

In  this  work  we  have  investigated  atomic  hydrogen  assisted  growth  as  a  means  to  reduce  Ge 
surface  segregation  in  SiGe  heteroepitaxy  on  (001)  Si.  Thin  Ge  layers  imbedded  in  Si  were 
found  to  have  sharper  chemical  profiles  when  deposited  under  a  flux  of  atomic  hydrogen.  The 
atomic  hydrogen  flux  required  to  inhibit  segregation  is  comparable  to  the  impingement  rate  of  Ge 
atoms  on  the  surface.  This  suggests  that  the  incorporation  of  Ge  in  the  growing  films  involves 
the  desorption  of  hydrogen  surface  atoms.  Due  to  the  small  hydrogen  cracking  efficiency  of  the 
thermal  cell,  efficient  use  of  atomic  hydrogen  requires  conducting  the  growth  under  a  high 
hydrogen  partial  pressure  (lO'^  Pa).  This  was  found  to  have  detrimental  effects  on  the  interface 
perfection  in  Si/Ge  multilayer  structures.  A  larger  interface  width  and  shorter  length  scale  were 
measured  in  structures  grown  under  high  hydrogen  exposure,  presumably  because  of  a  reduced 
surface  mobility.  This  problem  could  possibly  be  overcome  by  exposing  the  surface  to  large 
doses  of  atomic  hydrogen  only  during  interface  formation.  Work  in  that  direction  is  currently  in 
progress. 
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Fig.  4:  Raman  spectra  of  two  50-period  Si/Ge  superlattices  grown  without  and  with  AH  exposure. 
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ABSTRACT 

The  adsorption  and  decomposition  of  diethylgermane,  triethylgermane,  and 
digermane  on  the  Ge(lOO)  surface  are  investigated  with  the  intent  of  elucidating  the 
surface  processes  leading  to  the  deposition  of  epitaxial  Ge  films.  Room  temperature 
adsorption  of  diethylgermane  or  triethylgermane  leads  to  the  formation  of  surface 
germanium  hydrides  and  ethyl  groups.  The  ethyl  groups  decompose  at  higher 
temperatures  and  form  ethylene  via  a  p-hydride  elimination  reaction.  Isotopic 
labeling  experiments  are  used  to  confirm  this  reaction  step.  This  is  in  contrast  to  the 
Si(lOO)  surface  where  both  a-  and  p-hydride  elimination  is  observed  for  the 
decomposition  of  surface  ethyl  groups.  The  adsorption  and  reaction  of  digermane 
with  the  Ge  surface  is  also  determined  to  help  provide  a  comparison  with  the 
ethylgermanes.  Low  energy  electron  diffraction  is  used  to  evaluate  the  quality  of  the 
deposited  germanium  films. 

INTRODUCTION 

As  the  development  of  the  semiconductor  industry  continues,  the  size  of 
microelectronic  and  optical  devices  are  smaller  and  the  structure  of  these  devices  is 
more  complex.  The  atomic  level  understanding  of  these  structures  is  crucial  for 
continued  development  of  methods  for  fabrication  of  these  devices.  The  silicon- 
germanium  system  has  become  increasingly  important  because  of  its  potential 
applications  in  electronic  devices  [1-7].  Digermane,  Ge2H6,  and  germane,  GeH4,  are 
the  two  most  common  germanium  containing  molecular  precursors  that  are  used  in 
the  chemical  vapor  deposition  (CVD)  of  Ge  [8-20].  However,  these  two  gases  are 
pyrophoric  and  their  handling  and  disposal  are  important  safety  concerns.  With  these 
concerns  in  mind,  there  is  interest  in  the  development  of  alternative  precursors  for 
germanium.  Alkylgermanes,  such  as  diethylgermane  (GeH2Et2)  and  triethylgermane 
(GeHEta),  are  possible  substitutes  because  they  are  liquids  at  room  temperature  with 
suitable  vapor  pressures  for  CVD,  are  less  reactive  with  air,  and  are  easier  to  handle 
than  conventional  hydride  sources. 

The  thermal  decomposition  of  mono-,  di-,  and,  tri-ethylgermane  on  silicon  have 
been  studied  to  explore  the  possible  use  of  these  molecules  as  CVD  and  atomic  layer 
epitaxy  (ALE)  precursors  [21-29].  Each  of  these  molecules  was  able  to  deposit  Ge  in  an 
ALE  reaction  cycle.  H2  and  C2H4  were  observed  as  the  gas  phase.  A  similar  study 
examining  the  surface  chemistry  of  GeH2Et2  on  Ge(lOO)  was  recently  reported  [30]. 
Again,  as  on  silicon,  surface  ethyl  groups  were  detected.  These  ethyl  groups 
decomposed  to  form  ethylene.  However  little  insight  as  to  the  formation  of  ethylene 
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was  given.  The  pathway(s)  for  ethylene  desorption  from  the  decomposition  of  surface 
ethyl  groups  on  Si(lOO)  and  Si(lll)  were  examined  previously  [31,  32].  Two  possible 
pathways  for  ethyl  group  decomposition  were  determined.  One  reaction  sequence 
was  a-hydride  elimination  followed  by  a  hydrogen  shift  to  generate  ethylene.  The 
other  pathway  was  p-hydride  elimination.  On  silicon  surfaces,  these  previously 
obtained  results  showed  that  both  a-hydride  and  p-hydride  elimination  are  involved 
in  ethylene  formation. 

In  this  paper  we  report  the  reactions  of  diethylgermane  (GeH2Et2), 
triethylgermane  (GeHEts),  and  digermane  (Ge2lT6)  on  the  Ge(lOO)  surface.  These 
studies  provide  a  direct  comparison  to  those  previously  completed  on  silicon  surfaces. 
Room  temperature  exposure  of  GeH2Et2  or  GeHEts  to  Ge(lOO)  results  in  dissociative 
adsorption  of  each  molecule  and  the  formation  of  surface  ethyl  groups.  These  ethyl 
groups  decompose  at  higher  temperatures  to  form  C2H4.  H2  is  also  observed  as  the 
other  desorption  product. 

EXPERIMENT 

The  experiments  are  performed  in  a  custom-built  stainless  steel  UHV  chamber 
and  the  chamber  is  pumped  by  a  500  ^/s  turbomolecular  pump  (Balzers  TPU  520).  The 
main  chamber  is  equipped  with  a  quadrupole  mass  analyzer  (UTI  model  lOOC)  for 
residual  gas  analysis  and  TPD  studies,  a  set  of  reverse-view  low  energy  electron 
diffraction  (LEED)  optics  (Princeton  Research  Instruments),  and  an  ion  gun  for 
sputtering.  The  base  pressure  of  the  system  is  1.5xlO-^o  torr  with  a  typical  working 
pressure  of  2.0x10"^*^  torr. 

The  samples  are  cleaved  into  10  x  25  x  0.2  mm  rectangles  from  n-type  Ge(lOO) 
substrates  (Eagle-Picher,  ±  0.5“  of  the  (100)  plane,  Sb  doped,  0.04-0.4  Q-cm  resistivity). 
Sample  preparation  and  mounting  procedures  are  discussed  in  detail  elsewhere  [33]. 

Digermane  (Voltaix,  ultrahigh  purity  grade,  minimum  purity  99.999%),  GeH2Et2 
(Gelest,  purity  >98%),  and  GeHEts  (Gelest,  purity  >98%)  are  further  purified  by 
several  freeze-pump-thaw  degassing  cycles  and  the  purity  of  the  gases  is  checked  in- 
situ  by  mass  spectrometry.  The  exposures  are  reported  as  Langmuirs  (lL=10-6  torr-sec) 
as  measured  directly  by  the  ion  gauge. 

Temperature  programmed  experiments  are  conducted  with  a  linear  temperature 
ramp  of  5  K  s-^  with  the  crystal  in  line-of-sight  of  the  quadrupole  mass  spectrometer. 
The  coverage  at  saturation  for  hydrogen  on  Ge(lOO)  at  room  temperature  has  been 
determined  as  1  ML  (1  ML=  one  adsorbate  per  surface  Ge  atom)  [30,  34-37].  The 
temperature  programmed  desorption  area  from  a  saturation  coverage  of  H  atoms  is 
then  used  as  a  internal  standard  for  H2  thermal  desorption. 

RESULTS  AND  DISCUSSION 

Figure  1  presents  the  results  of  a  series  of  thermal  desorption  experiments  using 
digermane  as  the  adsorbate.  In  these  experiments,  Ge2H6  is  exposed  to  Ge(lOO)  at  a 
surface  temperature  of  375  K.  The  Ge(lOO)  sample  is  then  heated  and  the  desorbing 
gases  are  monitored  by  mass  spectrometry.  Hydrogen  is  the  only  desorbing  species 
observed.  At  the  lowest  Ge2H6  exposures  (Fig.  la),  a  single  desorption  state  is 
detected  at  570  K.  The  intensity  of  this  state  increases  with  increasing  Ge2H6  exposure. 
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The  peak  area  saturates  for  exposures  greater  than  900  L.  The  hydrogen  desorption 
resulting  from  the  decomposition  of  Ge2H6  is  at  the  same  temperature  as  that 
observed  for  atomic  hydrogen  exposures  to  Ge(lOO)  [38];  meaning  that  the 
decomposition  of  Ge2H6  leads  to  the  same  surface  hydrides  that  are  created  upon 
atomic  hydrogen  exposure  to  Ge(lOO).  The  LEED  pattern  after  H2  desorption  is  a  sharp 
(2x1)  pattern,  indicating  a  high  quality  crystalline  surface  remains  after  Ge  deposition. 

Figure  2  presents  a  series  of  thermal  desorption  spectra  resulting  from  the 
decomposition  of  GeH2Et2  on  Ge(lOO).  Only  two  desorbing  species,  hydrogen  and 
ethylene,  are  observed  as  desorption  products.  The  C2H4  desorption  spectra  (dots, 
lower  portion  of  Fig.  2)  contain  a  single  peak  at  650  K.  This  feature  increases  with 
increasing  GeH2Et2  exposures  and  saturates  for  exposures  greater  than  600  L.  The  H2 
desorption  states  (squares  and  upper  portion  of  Fig.  2)  are  wider  than  the  C2H4 
desorption  states  and  are  also  wider  than  those  observed  for  H2  from  Ge2H6 
decomposition  as  shown  in  Fig.  1.  At  the  highest  exposures  (Fig.  2f),  the  H2 
desorption  peak  maxima  is  coincident  with  the  C2H4  desorption  at  650  K.  This  is  80  K 
higher  in  temperature  than  normal  H2  desorption  from  Ge.  There  is  also  a  shoulder  to 
the  low  temperature  side  of  the  H2  desorption  peak.  At  lower  GeH2Et2  exposures  (Fig. 
2b),  two  H2  peaks  can  be  resolved,  with  one  peak  maxima  near  580  K  and  the  second 


300  400  500  600 


Temperature  (K) 

Figure  1:  TPD  spectra  of  H2  following  different  exposures  of  Ge2H6  at  a  surface 
temperature  of  375  K.  The  exposures  shown  are  (a)  0.09,  (b)  9,  (c)  90,  (d)  390,  and  (e) 
900  L. 
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peak  maxima  at  650  K. 

A  series  of  TPD  experiments  using  GeHEt3  were  also  completed.  Qualitatively, 
the  H2  and  C2H4  desorption  spectra  are  the  same  as  those  obtained  for  GeH2Et2.  The 
main  difference  between  the  two  sets  of  experiments  is  that  the  C2H4  desorption  peak 
area  is  greater  with  GeHEts  for  a  given  exposure  compared  to  GeH2Et2.  The  H2  peak 
areas  show  the  same  trend,  but  in  the  opposite  direction. 

In  these  thermal  desorption  studies  of  GeH2Et2  and  GeHEts  on  Ge(lOO),  no 
parent  fragments  were  detected  in  the  TPD  experiments.  This  result  indicates  that  the 
incident  precursor  molecules  dissociatively  chemisorb  on  the  surface  and  is  consistent 
with  the  dissociative  adsorption  of  GeH2Et2  on  Ge(lOO)  observed  previously  by  high 
resolution  electron  energy  loss  spectroscopy  (HREELS)  [30].  One  peak  is  observed  at 
570  K  and  is  due  to  the  recombinative  desorption  of  H  atoms.  The  second  peak  at 


Figure  2:  TPD  spectra  of  C2H4  (small  dots,  lower  portion)  and  H2  (squares,  upper 
portion)  following  different  exposures  of  GeH2Et2  at  a  surface  temperature  of  375  K. 
The  exposures  shown  are  (a)  0.09,  (b)  0.9,  (c)  9,  (d)  90,  (e)  300,  and  (f)  600  L. 
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650  K  is  due  to  the  desorption  of  H  atoms  generated  by  hydride  elimination  of  surface 
ethyl  groups  [33].  Isotopic  labeling  experiments  [33],  have  shown  that  the  ethyl  group 
decomposition  occurs  by  p-hydride  elimination.  If  the  two  H  atoms  attached  to  Ge  in 
GeH2Et2  are  transferred  to  Ge(lOO)  upon  adsorption,  two  peaks  should  be  observed  in 
TPD  for  H2  with  the  same  area  because  the  hydride  elimination  of  the  two  ethyl 
groups  will  generate  two  H  atoms.  In  the  H2  TPD  results,  there  is  only  one  peak  at  650 
K  with  a  low  temperature  shoulder.  This  peak  was  fit  by  two  Gaussian  peaks  at  575  K 
and  645K.  The  area  for  the  peak  at  570  K  is  only  26%  of  the  peak  at  645  K.  In  the 
GeHEts  TPD  experiments,  the  low  temperature  shoulder  in  the  H2  desorption  peak  at 
650  K  is  smaller  than  that  observed  for  GeH2Et2.  Fitting  the  H2  desorption  spectrum  in 
this  case  revealed  that  the  peak  area  at  590  K  is  9%  of  that  at  655  K.  These  results 
suggest  that  GeH2Et2  and  GeHEts  dissociatively  adsorb  as  more  than  one 
organometallic  species;  such  as  GeH(C2H5)x  (x  =  0  -  3).  If  GeH2Et2  and  GeHEta  transfer 
small  amounts  of  H  to  the  surface  upon  adsorption  to  the  Ge(lOO)  surface,  and  the 
adsorbed  organometallic  species  decompose  at  650  K,  the  above  H2  TPD  spectra  can  be 
obtained. 

CONCLUSIONS 

We  have  studied  the  surface  chemistry  of  GeH2Et2  and  GeHEtj  on  the  Ge(lOO) 
surface.  The  compounds  dissociatively  adsorb  producing  ethyl  groups  and  adsorbed 
hydrogen.  As  the  surface  is  heated,  the  hydrogen  produced  during  the  adsorption  step 
desorbs  at  570  K,  the  temperature  for  the  desorption  of  hydrogen  from  a 
monohydride  covered  Ge(lOO)  surface.  The  ethyl  groups  undergo  p-hydride 
elimination  at  650  K,  leave  the  surface  as  ethylene,  and  deposit  atomic  hydrogen  on 
the  surface.  The  hydrogen  immediately  recombines  to  form  molecular  H2  and 
desorbs  producing  simultaneous  C2H4  and  H2  desorption  peaks. 
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ABSTRACT 

We  describe  physics  and  control  of  Si/SiGe  heterointerfaces.  A  clear  distinction  will  be  made 
between  the  vertical  and  lateral  effects  of  the  Si/SiGe  interface  from  the  viewpoint  of  interface 
engineering.  Ge  surface  segregation  during  nonequilibrium  MBE  growth  and  surfactant-mediated- 
growth  are  highlighted  as  prominent  examples  for  the  vertical  effects  while  interface  microroughness 
is  addressed  for  the  lateral  effects.  The  influence  of  the  interface  effects  on  radiative  recombination  of 
indirect  excitons  is  described  in  the  context  of  SiGe-based  optoelectronic  applications. 

I. Introduction 

Creating  a  sharp  Si/Ge  interface  has  been  the  target  of  extensive  research[l-14]  presumably 
directed  toward  future  device  applications  where  band  engineering  is  expected  to  play  the  central 
role.  A  kinetic  limitation  placed  on  the  motions  of  atoms  is  one  way  to  defeat  thermodynamic 
obstacles  in  growth  whereas,  in  view  of  crystallinity  degradation,  a  growth  mode  close  to  the 
equilibrium  condition  is  desirable.  Most  of  previous  studies  have  dealt  only  with  the  vertical 
directions  so  far,  it  has  gained  a  general  recognition  that  the  lateral  interface  is  of  significance  when 
discussing  electronic  and  optical  properties  of  heterointerfaces.  A  better  understanding  of  kinetics 
and  energetics  of  interface  formation,  and  a  good  command  of  growth  techniques  are  necessary  to 
further  advance  the  potential  of  interface  engineering  to  a  level  for  interface-based  band  engineering 
of  heterostructures. 

In  this  paper,  physics  and  control  of  Si/SiGe  heterointerfaces  are  described  in  reference  to  the 
vertical  and  lateral  effects  from  the  perspective  of  interface  engineering.  The  influence  of  the  both 
interface  effects  on  radiative  recombination  of  indirect  excitons  is  studied  in  the  context  of  SiGe- 
based  optoelectronic  applications. 

ILExperimental 

The  samples  were  grown  either  by  solid-source  molecular  beam  epitaxy  (MBE)  [VG  Semicon 
V80M]  [5,6]or  by  gas-source  molecular  beam  epitaxy  (Daido  Hoxan  VCE  S-2020)[15]  on  nominally 
on-axis  Si(l(X))  wafers.  Elemental  Si  was  ev^orated  from  an  electron  beam  evaporator  while 
effusion  cells  were  used  for  deposition  of  Ge,  Sb,  Ga,  Pr,  and  Er.  The  growth  rate  was  controlled 
by  timed-exposure.  Atomic  hydrogen  (deuterium)  was  produced  by  pyrolysis  on  a  heated  tungsten 
filament.  The  sample  temperature  (Ts)  was  monitored  by  a  thermocouple  to  an  accuracy  +20  °C.  X- 
ray  photoemission  spectroscopy  (XPS)  was  performed  in  vacuo.  SIMS  depth  profiling  was  done  ex 
situ  using  either  oxygen  or  cesium  primary  ions.  Photoluminescence  (PL)  was  recorded  by  a 
standard  lock-in  technique  using  a  visible  laser. 
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III. Results  and  discussion 
III-l.  Vertical  interface  effects 

III-l-l.  Revisiting  the  Ge  surface  segregation  during  MBE 

As  is  well  documented  in  the  literature,  one  observes  the  Ge  surface  segregation  when  growing 
Si/Ge  heterointerfaces  by  solid-source  MBE.  The  Ge  segregation  has  turned  out  to  be  describable 
reasonably  well  by  the  two-state  exchange  model  or  surface  bilayer  model  analogous  to  those 
established  for  dopant  segregation  [1-12].  The  problem  of  these  simple-minded  schemes  is  the 
assumption  ofballistic  or  instantaneous  deposition  of  the  Si  cap.  Recently,  further  sophistication  of 
calculation  has  met  success  to  some  extent[9,16].  However,  the  essence  is  almost  fully  contained  in 
the  surface  bilayer  model  and  hence  a  more  advanced  approach  will  be  left  over  as  the  subject  of 
future  study.  Instead  we  will  focus  on  the  surface  bilayer  model  and  draw  important  results  in  the 
perspective  of  thermodynamics  which  are  directly  derived  from  that  model. 


III-1-2.  Thermodynamic  interpretation  of  "self-limiting"  site  exchange 

A  cut-away  view  along  <1 10>  of  the  surface  and  subsurface  sites  is  illustrated  in  Fig.l.  As  was 
already  pointed  out  by  the  authors,  the  key  feature  of  the  Ge  surface  segregation  within  the  surface 
bilayer  model  is  the  "self-limiting"  site  exchange  [5,7]  that  distinguishes  the  segregation  of  Ge  from 
those  of  dopants.  The  point  is  that  only  a  Si-Ge  exchange  contributes  to  the  Ge  segregation. 
Conversely,  a  Ge-Ge  exchange  event  has  only  the  effect  equivalent  to  an  enhanced  kinetic  limitation 
on  the  Ge  segregation.  Standard  energy  diagram  is  assumed  for  simulation  and  the  relevant  energies 
are  the  kinetic  barrier  Eg  and  the  segregation  energy  Eb.  Let  ni  and  n2  denote  the  population  of 
surface  and  subsurface  Ge,  respectively,  and  the  rate  equation  for  the  kinetics  controlling  the  Ge  site 
exchange  becomes  of  the  form. 


^=~2pni  (l-n2)  +  2qn2(l-ni) ,  (1) 

with  ni+n2=const.  (mass  balance)  unless  the  loss  due  to  Ge  thermal  desorption  is  pronounced.  Note 
that  p=foexp(-Eg/kT)  and  q=p  exp(-Eb/kT)  where  fp  is  an  exchange  frequency. 

As  the  temperature  is  raised,  the  thermal  equilibrium  is  reached  early.  Then  the  Ge  segregation 
becomes  insensitive  to  the  kinetic  barrier.  Eg.  This  is  true  for  Ts>450®C  under  normal  MBE  growth 
conditions.  The  steady-state  solution  rather  than  that  at  thermal  equilibrium  is  obtained  by  putting 
l.h.s.  of  (1)  to  zero,  or  d/dt  =  0.  One  finds  after  a  simple  calculus, 


n2 

l-n2 


.  Eb  X 


(2) 


i.e.,  the  formula  for  the  equilibrium  segregation  of  a  binary  alloy.  On  the  other  hand,  this  is  readily 
obtained  from  thermodynamic  arguments  of  free  energy  F  containing  the  entropy  of  mixing, 


F  =  ni  Eb  -  kT  {-n2  lnn2  -(l-n2)  ln(l-n2)  -  ni  In  m  -(1-ni)  In(l-ni)}.  (3) 


The  bracket  contains  the  configurational  (mbfing)  entropy  terms.  Differentiating  Eq.(3)  with  respect 
to  ni  and  putting  dF/dni  =0  with  dn2  /dni  =-l  (normalization)  yields  Eq.(2).  Therefore,  it  is  seen 
that  the  "self-limitation"  drawn  from  the  purely  kinetic  argument  is  of  physical  significance  and  the 
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FIG.  1  Schematic  representation  of  the  "self-limiting"  site 
exchange  of  Ge  within  the  framework  of  a  two- 
state  or  surface  bilayer  model  (a)  and  the  associated 
energy  diagram  relevant  to  Ge  surface  segregation. 


FIG. 2  Depth  profiles  of  Ge  and  Ga  measured  by  XPS.  Solid  line  has  been  drawn  after  simulation  using  the  surtace- 
bilayer  model  with  self-limiting  site  swap  of  Ge.  Broken  line  is  a  single  exponential  fit.  SMG  stands  for 
surfactant-mediated-growth. 


roles  of  the  corresponding  terms  are  taken  over  by  the  configurational  entropy  in  the  thermodynamic 
representation.  Importantly,  these  terms  are  not  omissible  in  the  kinetic  formalism  within  the  surface 
bilayer  model  in  general. 

The  relationship  of  the  atom  site  exchange  for  dopants  has  been  shown  to  be  of  the  form  [12], 


ni  /  Eb  . 
ni  kT 


(4) 


Essentially,  Eq.(4)  is  a  reduced  form  of  Eq.(2)  in  the  dilute  limit  of  ni(2). 

1II-1-3.  Surfactant-mediated-growth 

The  conventional  wisdom  to  create  abrupt  Si/SiGe  and  Si/Ge  interfaces  is  to  deposit  a  functional 
adlayer  of  a  third  element  known  as  "surfactant"  [2].  The  corresponding  MBE  growth  using 
surfactants  has  been  referred  to  as  either  surfactant-mediated-growth  (SMG)  or  segregant-assisted- 
growth  [17]  depending  on  their  functions.  In  Si/Ge  growth,  SMG  is  performed  by  depositing  a 
surfactant  adlayer  of  appropriate  amount  prior  to  growth.  Since  most  of  surfactants  are  of  strong 
segregation  tendency,  e.g.,  Sb[6],  Ga[3],  Bi[10],  a  single  deposition  rather  than  continuous  supply 
is  sufficient  to  warrant  the  continuous  operation  of  SMG  unless  the  incorporation  loss  of  surfactants 
into  the  overgrown  layer  is  pronounced. 


A.  Ga 

The  compositional  profiles  of  Ge  can  be  monitored  in  situ  or  ex  situ.  A  typical  result  of  in  situ 
XPS  profiling  is  shown  in  Fig.2.  The  Si  cap  thickness  is  expressed  in  units  of  monolayers  (MLs). 
The  growth  temperature  was  400°C  and  the  Si  growth  rate  was  1.0 A/s.  The  solid  line  has  been 
drawn  by  simulating  cumulative  XPS  counts  with  standard  layer-by-layer  deposition  model  using 
Eq.(2).  The  Ge  profile  (open  circles)  corresponding  to  the  surface  segregation  is  well  explained. 
Another  Ge  trace  under  SMG  using  Ga  shown  by  filled  circles  is  describable  by  a  single  exponential 
decay  with  a  1/e  decay  length  of  SA,  indicating  a  sharp  Si/Ge  interface.  The  almost  leveled  Ga  profile 
indicates  that  Ga  atoms  stay  on  the  surface  during  SMG.  Figure  3  shows  SIMS  depth  profiles  of  Ga 
and  Ge  in  a  8-period  Si/Ge  superlattice.  Si  is  300A  while  Ge  is  1  ML.  The  Ga  was  supplied  at  the 
layer  with  the  arrow.  The  higher  magnitudes  of  profile  slopes  for  the  last  4-layers  shown  in  the 
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(a)  SIMS  profiles  of  Ge,  Si  and  Ga  in  a  8-period 
Si(300A)/Ge(3  ML)  strained-layer  superlattice 
grown  on  Si(lOO).  The  last  four  Ge  layers  were  FIG.  5 
grown  by  SMG  using  Ga  of  0.5ML.  The  arrow 
indicates  the  position  of  the  Ga  adlayer  dejwsition. 

(b)  Logarithmic  derivative  of  the  Ge  profile  in  (a). 

The  arrow  indicates  the  profile  sharpening  of  2.5 
times  for  the  Ge  layers  grown  by  SMG  using  Ga. 


Geand  Er  SIMS  profiles  in  a  Ge(IML)/Si(300A) 
superlattice  grown  on  Si(lOO).  The  absence  of 
changes  in  slope  following  the  Er  deposition 
indicates  that  Er  does  not  function  as  a  surfactai  t 
though  Er  is  one  of  strong  segregants  in  Si. 


lower  panel  are  evidence  of  the  interface  sharpening  following  the  Ga-surfactant  deposition.  Clearly, 
the  SMG  is  continuously  operable  for  more  than  150nm  in  thickness  without  appreciable  damping. 
However,  the  Ga  doping  is  evident  as  well.  The  level  of  the  unintentional  Ga  doping  was  measured 
to  amount  to  lO^^-lOi^/cm^.  These  characteristics  are  analogous  to  the  SMG  using  Sb. 


B.  Atomic  hydrogen  (deuterium) 

Recently,  the  authors  and  co-workers  have  reported  the  SMG  using  atomic  hydrogen  (AH)  and 
deuterium  (AD) [18].  The  latter  was  used  to  track  down  the  H(D)  incorporation.  The  choice  of 
hydrogenic  surfactant  is  appropriate  in  view  of  meager  electrical  activity  unlike  Sb  nor  Ga  when 
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FIG. 4  (a)  Experimental  Ge  decay  lengths  vs  substrate  temperature  as  logarithmic  derivatives  of  SIMS  profiles.  The 
sample  was  a  Ge{lML)/Si(300A)  superlattice  grown  on  Si(lOO)  using  AH  as  surfactant.  The  surfactant  ] 
role  of  AH  is  weakened  at  high  temperature  due  to  thermal  recombinative  desorption. 

(b)  Theoretical  Ge  decay  lengths  simulated  by  using  the  relevant  parameters  Ea=L63eV,  Eb=0.28eV  and  the 
desorption  energy  Ej  of  1.84eV  with  trial  frequency  of  lO^s"^  Agreement  with  the  experiment  is  reasonable 
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incorporated [1 1,19,20].  However,  the  bottom  line  is  that  AH(AD)  is  not  of  segregation  tendency 
and  therefore  continuous  supply  is  necessary.  Moreover,  SMG  using  AH(D)  suffers  from  thermal 
desorption  at  high  temperature  while  a  degradation  of  crystallinity  is  inevitable  below  400"C. 
Nevertheless,  the  SMG  using  AH(D)  is  effective  since  the  intrinsic  nature  of  the  Ge  segregation 
makes  it  pronounced  for  the  range  of  Ts=400-450'’C  in  the  normal  MBE  growth  [5]. 

The  1/e  decay  lengths  of  Ge  atoms  are  summarized  as  a  function  of  temperature  in  Fig.4.  The 
decay  lengths  were  obtained  by  taking  the  logarithmic  slope.  Theoretical  values  were  obtained  by 
simulating  Ge  compositional  profiles  using  Eq.(2).  The  model  used  here  is  that  an  adsorbed  AH(D) 
atom  hinders  the  Ge  site  exchange  by  terminating  the  surface.  The  energy  values  used  are 
Ea=1.63eV,  Eb=0.28eV  and  the  desorption  energy  Ed  of  1.84eV  with  a  trial  frequency  of  lO^s'f  In 
the  experiments,  H2  pressure  was  5xl0‘^Torr  with  the  corresponding  hydrogen  coverage  of  IML  in 
10s  [16].  The  overall  agreement  between  the  experiment  and  theory  is  reasonable.  The  increase  of 
decay  lengths  for  Ts>600'C  is  readily  attributed  to  the  AH  desorption. 

C.  Limitation  of  segregant-assisted-grovvth 

The  terminology  of  segregant-assisted-growth  is  based  on  the  recognition  of  the  driving  force. 
Figure  5  shows  SIMS  depth  profiles  of  Er  and  Ge  deposited  in  a  similar  way  to  the  SLS  shown  in 
Fig. 3.  The  observation  of  unchanged  Ge  slopes  before  and  after  Er  deposition  at  the  5th  Ge  layer  is 
clearly  in  conflict  with  the  picture  that  the  weaker  segregant  is  defeated  by  the  second  strong 
segregant.  Clearly,  Er  does  not  function  as  a  surfactant  though  Er  is  a  segregant  of  strong  tendency 
in  Si  compared  to  Ge.  Therefore,  it  is  inferred  that  the  SMG  operation  is  not  a  competitive  kinetic 
processes  of  two  segregants  with  differential  segregation  tendencies,  but  rather  an  argument  taking 
account  of  appropriate  energetics  is  necessary  to  understand  the  underlying  mechanism. 

III-1-4.  Impact  of  the  vertical  effects  on  optoelectronics 

A  perfect  Si/Ge  interface  morphology  in  the  growth  direction  is  the  starting  point  of  discussion 
of  optoelectronic  applications.  The  so-called  Si/Ge  strain-symmetrized  type-II  short-period 
superlattices  (s-SLSs)  represent  a  prominent  example  that  requires  such  properties  as  atomically 
abrupt  interface  transient  as  well  as  perfect  periodicity  [21,22].  Conversely,  s-SLSs  are  vulnerable  to 
vertical  interface  disorder  such  as  layer-width  fluctuation  and  loss  of  periodicity. 

In  general,  the  monolayer  fluctuation  is  controlled  by  thermodynamics  and  therefore  should 
more  or  less  accompany  any  type  of  interfaces.  Consider  a  s-SLS  consisting  of  a  few  monolayers  of 
Si  and  Ge.  If  there  is  a  monolayer  fluctuation  of  ±1ML,  it  is  enough  to  give  a  large  inhomogeneous 
broadening  of  the  ground  state  energy,  AE.  On  the  other  hand,  the  miniband  width  U  is  usually 
small  due  to  the  heavy  electron  mass  of  0.916mo  in  the  growth  direction  where  mo  is  the  free- 
electron  mass.  Therefore  the  criterion  of  Anderson  localization  AE»U  is  readily  fulfilled.  This 
results  in  disruption  of  the  superlattice  effect,  i.e.,  zone-folding,  and  s-SLS  changes  into  a 
disordered  SLS  (d-SLS).  Thus,  what  is  observed  in  experiments  is  nothing  but  the  PL  due  to 
localized  excitons. 

The  envelopes  of  localized  wavefunctions  in  a  model  calculation  are  schematically  shown  in 
Fig.6.  Clearly,  the  conduction  and  valence  band  wavefunctions  are  spatially  separated  from  each 
other  in  the  presence  of  disorder.  As  a  matter  of  fact,  such  split  envelope  functions  are  an  analogue 
of  disordered  superlattices.  The  resultant  small  wavefunction  ova-lap  proportional  to  the  oscillator 
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FIG. 6  Theoretical  variations  of  wavefunction  overlaps 
under  a  vertical  electric  field  in  a  disordered  (d-) 
and  ordered  (o-)  short-period  Si/Ge  superlattices 
(SLS).  The  insets  show  schematic  representations 
of  wavefunction  envelopes. 
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FIG. 8  Room  temperature  PL  spectrum  of  Si. 
No-phonon  transition  is  absent. 


Strength  may  account  for  rather  weak  intensities  of  PL  of  localized  excitons  as  reported  previously 
although  the  exciton  localization  is  expected  to  significantly  reduce  nonradiative  contributions.  This 
could  be  verified  by  observing  a  monotonic  increase  of  PL  by  applying  electric  fields  vertically.  The 
simulated  results  are  shown  in  Fig.6.  Such  variations  of  PL  have  also  been  recently  observed  in 
type-I  strained  Si/SiGe  alloy  disordered  superlattices  by  the  authors. 


III-2.  Lateral  effects 

The  well-known  example  of  the  lateral  effects  of  the  Si/Ge  interface  could  be  Ge  islanding  or 
lateral  clustering  in  the  context  of  the  original  motivation  of  the  SMG[23,24].  In  Ge  islanding,  the 
vertical  effects  also  come  into  play  due  to  its  cross-sectional  morphology.  In  this  sense,  lateral 
"moiphological"  effects  should  be  discussed  along  with  appropriate  vertical  effects.  The  Ge 
islanding  is  known  to  set  in  when  the  Ge  thickness  exceeds  the  critical  thickness.  The  kinetic  critical 
thickness  of  3.7ML  [24]  was  observed  for  gas-source  grown  Ge/Si  while  the  thermodynamic  value 
has  been  found  to  be  3.0ML  after  prolonged  growth  interruption  experiments  [25]. 
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FIG. 7  22-K  PL  spectra 

and  the  corresponding 
cross-sectional 
morphologies  of  Si/Ge/Si 
type-II  quantum  wells  with 
various  Ge  coverages.  The 
doublet  peaks  observed  for 
all  Ge  coverages  are  no¬ 
phonon  (NP)  and  phonon- 
aided  (TO)  transitions  of 
two-dimensional  wetting 
layers  while  the  broad 
bands  at  lower  energies  are 
PL  due  to  3-dimensional 
Ge  islands  or  quantum  dots. 
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FIG.9  Schematic  diagram  of  indirect-gap  interband  transitions.  No-phonon  transition  requires  an  appropriate 
scattering  momentum  for  the  electron  wavefunction  to  have  an  s-like  parity.  The  zone  center  electron 
(exciton)  wavefunction  is  constructed  from  the  orthonormal  set  of  Bloch  functions  at  the  F  point. 


From  the  optoelectronic  point  of  view,  especially  from  the  perspective  of  control  over  interband 
transitions,  the  Ge  islands  are  of  particular  interest  for  use  as  quantum  dots  since  the  valence  band 
offset  amounts  to  840meV.  PL  spectra  and  the  corresponding  cross-sectional  morphologies  are 
summarized  as  a  function  of  Ge  coverage  in  Fig.7.  Note  that  Si-lattice-matched  Si/Ge  QWs  are  of 
type-II  band  lineup  where  the  electrons  are  rejected  by  the  Ge  layer.  The  pairwise  double  peaks  that 
change  emission  energies  systematically  with  changing  Ge  coverage  are  the  signatures  of  2- 
dimensional  wetting  layers.  These  peaks  are  attributed  to  the  no-phonon  (NP)  transition  and  its  TO- 
phonon-replica.  The  broad  peaks  in  the  low  energy  regime  are  the  PL  from  Ge  quantum  dots  or 
islands.  The  PL  from  these  islands  is  fairly  robust  and  survives  up  to  room  temperature,  reflecting 
exciton  localization  due  to  a  deep  trapping  potential. 

Aside  from  the  interest  in  the  quantum  confinement  shift,  the  puzzling  observation  of  Fig.7  is 
the  development  of  the  NP  peaks  [26].  In  Si  where  NP  peaks  are  absent  particularly  at  high 
temperature,  the  momentum  necessary  to  establish  a  dipole-allowed  interband  transition  is  mostly 
taken  up  by  TO-phonons  and  then  the  PL  is  due  to  the  TO-phonon-aided  transition  as  shown  in 
Fig.  8.  Following  the  discussions  of  the  schematic  diagram  and  captions  Fig.9,  the  origin  of  the  NP 
peak  should  be  associated  with  admixture  of  the  electron  (exciton)  wavefunction  at  A  valleys  along  a 
<l(X)>-equi valent  axis  and  the  zone  center  wavefunction.  In  other  words,  appropriate  scattering 
should  take  place  or  localized  wavefunction  should  contain  an  s-like  character  in  the  longitudinal 
direction  in  addition  to  otherwise  p-like  character  of  the  electron  (exciton)  wavefunction. 

Since  the  k-dispersion  in  the  vertical  direction  is  totally  missing  except  for  very  thin  or  thick  Ge 
layers  because  of  the  quantum  confinement,  a  A-F  scattering  event  must  occur  along  the  lateral 
direction.  As  illustrated  in  Fig.  10,  the  observation  of  NP  peaks  for  Si/Ge  quantum  wells  indicates 
the  presence  of  microscopic  roughness  which  is  distributed  laterally  while  sharply  localized  at  the 
heterointerface.  The  roughness  is  expected  to  be  short-ranged  so  that  the  wavelength,  i.e., 
correlation,  is  comparable  to  the  unit-cell  size.  Here  the  type-II  band  alignment  plays  another 
important  role  for  a  A-F  scattering  to  occur  since  the  Hartree  potential  arising  from  the  holes 
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FIG.  10  Schematic  diagram  of  microroughness  at  the 
heterointerface  sensed  by  indirect  excitons. 
Note  the  k-dispersion  is  absent  in  the 
vertical  direction  for  a  quantum  confinement 
system. 


confined  in  the  Ge  layer  forces  the  electrons  to  sense  the  heterointerface.  Within  this  picture,  excitons 
are  allowed  to  move  along  the  interface  plane  almost  freely  thereby  giving  a  normal  PL  line  width 
while  NP  transitions  develop  due  to  the  electron  A-F  scattering  along  one  of  <100>-equivalent  axes, 
which  occur  within  the  exciton  Bohr  radius. 

It  is  further  noted  in  Fig.7  that  the  NP  peak  intensity  for  the  0.7-ML  quantum  wires  (bottom 
trace)  is  diminished  although  the  hole  confinement  at  Ge  and  the  type-II  band  lineup  are  still 
maintained.  This  can  also  be  understood  from  the  above  scenario.  Since  the  Ge  wires  are  aligned 
only  to  <1 10>  step-edge  directions  [27],  a  A-F  scattering  event  along  <l()0>-equivalent  directions  is 
less  likely,  and  therefore  only  a  weak  contribution  of  NP  transition  is  observed  experimentally. 

From  the  foregoing  discussion,  the  interface-based  engineering  of  indirect  optical  transitions 
seems  to  be  promising  if  we  take  advantage  of  the  type-II  lineup  and  the  lateral  A-F  scattering  of  the 
electrons.  The  extreme  example  of  this  is  shown  in  Fig.l  1  where  a  Si  quantum  well  of  the  electrons 
is  placed  adjacent  to  the  SiGe  quantum  well  for  the  holes  with  a  type-II  lineup  (ACP/NCS)  using  a 
graded  SiGe  relaxed  buffer  [28,29].  A  5-fold  increase  of  the  NP  peak  for  is  apparent  as  compared  to 
the  symmetric  type-II  Si  quantum  well  where  the  interface  effect  is  less  pronounced.  Although  the 
detailed  mechanism  is  not  identified  for  the  NP  enhancement,  previous  studies  indicate  strongly  that 
it  is  closely  related  with  the  interface  properties  and  the  PL  is  due  to  radiative  recombination  of 
localized  excitons.  Line  width  characteristics,  prolonged  decay  lifetimes  and  their  temperature 
dependence  as  well  as  the  reduction  of  the  NP  intensity  after  interface  grading  (diffusion)  and  a 
further  enhanced  NP  peak  by  insertion  of  an  islanded  Ge  layer  have  clearly  supported  the  argument 
of  the  relevance  of  the  interface- localized  excitons  and  associated  A-F  scattering. 

Once  the  interface  localization  and  hence  an  enhancement  of  the  NP  transition  is  established,  a 
technique  based  on  quantum  electrodynamics  will  be  ready  to  be  ^plied.  The  microcavity  effects  and 
the  control  of  spontaneous  emission  process  may  be  exploited  for  optoelectronic  applications  [31]. 


NP 


FIG.  II  PL  enhancement  with  interface-localized 
excitons  which  sense  microroughness  of  an 
asymmetric  confinement  potential  established 
by  two  neighboring  confinement  layers  for  the 
electrons  and  holes.  The  quantum  wells  were 
grown  on  a  step-graded  relaxed  SiGe(x=0. 18) 
buffer.  A  5-fold  increase  of  NP  intensity  is 
clearly  observed  as  compared  to  the  symmetric 
single  type-I  quantum  well. 
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III-3.  What  is  a  realistic  Si/Ge  interface? 


A.  Thermodynamic  requirement 

This  is  not  a  simple  question  to  ask.  As  we  have  seen,  it  is  important  to  discriminate  otherwise 
conflicting  concepts  centered  around  the  "interface”.  From  thermodynamic  considerations,  it  is 
obvious  that  we  have  to  take  into  account  the  free-energy  even  if  the  system  is  far  from  equilibrium. 
This  is  plausible  since  the  system  tends  to  reach  a  (local)  free-energy  minimum  which  provides  the 
driving  force  for  the  evolution  of  mass  transport  and  morphological  transformation  along  allowable 
paths.  In  other  words,  the  configurational  (mixing)  entropy  cannot  be  neglected  since  the  MBE 
growth  is  performed  at  elevated  temperatures  which  drive  the  system  closer  to  thermal  equilibrium. 

For  many  applications  using  band  engineering,  an  "abrupt"  compositional  transient  is  desired  in 
the  vertical  direction  whereas  a  "flat"  interface  morphology  is  favored  along  the  lateral  direction. 
However,  thermodynamics  place  a  limitation  on  the  realization  of  "abrupt"  and  "flat"  interface 
morphology  due  to  the  configurational  entropy.  In  some  extreme  cases,  e.g.,  quantum  well 
interfaces  prepared  by  migration-enhanced-epitaxy,  the  interface  morphology  appears  to  fulfill  the 
desired  conditions.  As  such,  the  interface  fluctuations  on  an  atomic  scale  do  occur  while  the  exciton 
probe  is  insensitive  to  these  small  interface  perturbations.  In  contrast,  as  shown  clearly,  the  interface- 
localized  indirect  excitons  are  quite  sensitive  to  such  small  roughness.  As  a  matter  of  fact,  the 
indirect  exciton  probe  has  demonstrated  the  intrinsically  "rough"  nature  of  "abrupt"  Si/SiGe 
interfaces. 

B.  How  to  specify  the  interface 

Summarizing  the  foregoing  scenario,  fundamental  terms  relevant  to  the  interface  come  in  a  pair 
that  a  vertically  "abrupt"  interface  is  "rough"  laterally  while  a  "smooth"  or  "graded"  vertical  transient 
indicates  averaged  characteristics  in  the  lateral  direction  and  therefore  a  "flat"  interface  morphology. 
The  lattar  has  been  experimentally  confirmed  by  the  authors.  We  observed  that  PL  linewidths  of 
strained  InGaAs/GaAs  allow  quantum  wells  are  small  when  the  interface  is  compositionally  graded 
due  to  In  segregation.  On  the  contrary,  the  linewidths  were  broader  for  rectangle  QWs  with  abrupt 
interfaces  which  were  created  by  suppressing  In  segregation  [32]. 

IV.  Summary 

In  summary,  we  have  studied  physics  and  control  of  Si/SiGe  heterointerfaces.  The  vertical  and 
lateral  morphologies  and  their  influence  on  optical  properties  were  discussed  in  the  context  of  SiGe- 
based  optoelectronics.  A  guideline  was  established  to  differentiate  otherwise  confusing  terminologies 
related  to  the  heterointerface  morphology. 
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1  ABSTRACT 

We  investigate  the  kinetic  role  of  a  surfactant  in  the  epitaxial  Si/Ge  crystal  growth  using  ah  initio 
molecule  dynamics  approach.  We  examine  the  previously  suggested  dimer- exchange  mechanisms 
and  find  that  kinetics  plays  a  crucial  role  in  determining  the  exchange  process.  We  further  find 
that  the  diffusion  of  adatoms  on  an  island  in  the  presence  of  a  surfactant  is  quite  different  from 
the  dimer-exchange  process  on  a  flat  surface. 

2  INTRODUCTION 

Despite  the  fact  that  the  current  sophisticated  growth  techniques  provide  various  novel  systems 
of  quantum  structures,  there  exists  an  intrinsic  problem  in  an  heterostructure  formation  that  A 
material  can  grow  easily  on  B  material  whereas  the  opposite  is  always  difficult  to  achieve  due 
to  the  surface  free  energy  difference  between  two  materials.  For  instance,  the  Ge  on  a  Si  layer 
can  grow  layer-by-layer  at  least  a  few  monolayers  whereas  the  followed  Si  deposition  on  the  Ge 
overlayered  structure  does  not  always  leave  an  abrupt  interface  due  to  the  Ge  segregation  to  the 
front  growing  surface,  which  is  induced  by  the  surface  free  energy  difference.  One  way  to  overcome 
this  difficulty  is  to  introduce  a  surfactant  prior  to  the  Ge  deposition.  This  lowers  the  surface  free 
energy  drastically  and  therefore  the  Ge  segregation  is  suppressed  by  surfactants  being  at  the  front 
growing  surface  and  thus  the  interface  becomes  abrupt. 

Several  experiments  have  been  done  to  investigate  the  role  of  surfactants  [1-4].  Since  Tromp  and 
Reuter  suggested  a  needlelike  dimer- exchange  process  based  on  low  energy  electron  microscope 
measurement  that  the  As  dimer  grows  along  the  direction  of  the  dimer  row  [3],  several  calcula¬ 
tions  based  on  the  energetics  have  been  performed  to  explain  surfactcint-mediated  growth  [5,6]. 
Eaglesham  et  al.  have  reported  that  the  post  annealing  of  Ge  islands  on  the  Si(OOl)  surface  in 
the  presence  of  Sb  surfactants  reduces  the  islands  drastically  [4].  These  observations  suggest  that 
the  role  of  surfactants  on  islands  and  on  a  fiat  surface  are  quite  different  and  furthermore  under- 
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standing  these  phenomena  requires  the  evaluattion  of  the  activation  energies  to  assure  the  related 
atomic  motion.  In  this  report  we  emphasize  that  it  is  not  the  energetics  but  the  kinetics  that 
governs  the  dimer- exchange  process  and  the  annealing  of  islands.  Introducing  ab  initio  molecular 
dynzimics  (MD)  method,  we  evaluate  the  previously  suggested  dimer-exchange  mechanisms  by 
constructing  appropriate  pathways  and  examine  the  validity  of  these  models.  We  also  evaluate 
kinetics  on  islands  in  the  presence  of  surfactants  and  prove  that  the  islands  are  annealed  out  hy 
enhancing  the  diffusion  of  adatoms  on  the  island  in  the  presence  of  Sb  at  the  edge  of  islands. 

3  THEORETICAL  APPROACHES 

For  the  dimer- exchange  process  on  a  flat  surface,  we  construct  a  periodic  supercell  which  contains 
four  layers  of  Si  (4x2),  one  monolayer  of  Ge,  and  the  surfactant  (Sb)  along  the  Si(OOl)  direction. 
The  dangling  bonds  of  the  bottom  Si  layer  are  saturated  by  16  H  atoms  and  are  not  allowed  to 
relax.  The  surface  is  simulated  by  a  vacuum  region  of  7  A.  For  the  island  calculation,  we  introduce 
a  rebonded  double  layer  step  (Db)  on  the  Si(OOl)  surface  since  islands  often  possess  {311}  facets 
which  are  composed  of  consecutively  rebonded  Db  steps.  Therefore  we  expect  that  the  diffusion 
phenomenon  on  the  Db  step  is  similar  to  that  on  the  islands  with  experimentally  observed  {311} 
facets.  The  Db  stepped  Si(OOl)  surface  is  simiilatedby  the  periodically  repeated  triclinic  superceU 
of  54  Si  atoms  with  H  atoms  saturating  the  dangling  bonds  of  the  bottom  Si  layer,  similar  to 
the  flat  surface.  The  number  of  layers  at  upper  and  lower  terraces  is  kept  equivalent  in  order  to 
prevent  any  unnecessary  effects  on  both  terraces.  This  unusual  periodic  boimdary  condition  is 
necessary  to  simulate  the  Db  with  the  limited  number  of  atoms.  The  ceU  dimension  is  I  =  17.278 
A  in  the  [110]  direction.  Given  that  the  step  height  ish=  2.715  A  we  get  a  possible  misorientation 
angle  of  7  =  tan~^(/i//)  -  9°,  which  is  approximately  the  maximum  angle  for  a  stable  vicinal 
surface.  Our  calculations  have  been  performed  using  Car-ParrineUo  approach  [8].  The  interaction 
between  ionic  cores  and  valence  electrons  was  described  by  a  fully  nonlocal  pseudopotential  with 
s-only  (for  without  Sb),  s,p  (for  with  Sb)  nonlocality.  We  used  a  plane- wave  basis  set  with  a 
typical  cutoff  kinetic  energy  of  8  Ry  and  Bloch  functions  only  at  the  F  point  of  the  superceU 
surface  BriUouin  zone. 

4  RESULTS  AND  DISCUSSION 

We  first  construct  the  dimerized  flat  surfaces  of  Sh/Ge/Si  and  Ge/Sb/Si  system  which  are  fuUy 
relaxed  by  ab  initio  MD  method.  The  surface  free  energy  is  lowered  by  3.5  eV/dimer  for  Sb/Ge/Si 
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Figure  1;  Constructed  pathway  and  the  corresponding  potential  profile  for  two  Ge  ad-dimers  located  on 
adjacent  two  Sb-dimer  rows.  The  pathway  in  the  dotted  boxes  are  previously  suggested  configurations  which 
are  energetically  favorable  by  Ohno  (Ref.  [5]). 

system  than  for  Ge/Sb/Si  system,  clearly  indicating  a  tendency  that  Sb  prefers  to  float  to  the 
front  growing  surface.  In  order  for  the  surfactant  to  float  to  the  top  surface,  the  exchange  with  the 
adatoms  should  occur.  The  exchange  mechanism  is  possible  only  when  surface  diffusion  barrier 
(Ea)  for  the  adatom  to  diffuse  on  the  surfactant -covered  surface  is  comparable  to  or  higher  than 
the  interdiffusion  barrier  (E^,).  Otherwise  the  surface  diffusion  will  be  dominant  over  the  exchange 
process.  We  first  construct  an  appropriate  pathway  and  calculate  the  surface  diffusion  barrier  for 
the  Ge  ad-dimer  on  the  Sb-covered  surface.  We  find  the  Eg  to  be  1.15  eV  [9]  when  the  Ge  dimer 
moves  perpendicular  to  the  subsurface  Sb  dimer  rows.  This  will  be  a  reference  energy  to  examine 
the  validity  of  the  dimer-exchange  mechanism  of  previously  suggested  models. 

Two  models  have  been  suggested  based  on  the  energetics  [5,6].  We  first  construct  an  appropriate 
pathway  for  Ohno’s  model  [6],  as  shown  in  Fig.  1  and  calculate  the  activation  energy.  This  model 
starts  from  two  Ge  ad-dimers  located  on  two  adjacent  dimer  rows,  which  is  a  local  minimum.  This 
pathway  involves  the  pushing-out  zind  rolling-over  processes  that  give  the  Icirge  diffusion  barrier 
of  2.67  eV.  This  value  is  too  large  compared  to  the  surface  diffusion  barrier  of  1.15  eV,  despite 
the  fact  that  the  model  eventually  leads  to  the  experimentally  suggested  needlelike  dimer  growth 
with  a  significant  energy  gain  of  2.2  eV.  Our  kinetics  suggests  this  model,  which  is  based  on  the 
energetics,  to  be  improbable  due  to  too  large  activation  energy. 

We  next  excunine  another  model  suggested  by  Yu  and  Oshiyama  [5].  This  model  starts  from 
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Figure  2:  Constructed  pathway  and  the  corresponding  potential  profile  for  the  Ge  ad-dimer  located  in  the 
trough  between  two  dimer  rows.  The  pathway  in  the  dotted  boxes  are  previously  suggested  configurations 
which  are  energetically  favorable  by  Yu  and  Oshiyama  (Ref.  [4]). 


the  Ge  ad-dimer  in  the  trough  between  dimer  rows,  as  shown  in  Fig.  2.  Pushing  down  the  Ge 
ad-dimer  to  the  subsurface  direction  requires  an  energy  barrier  of  0.76  eV  only,  as  shown  in  the 
potential  profile.  However,  rolling-over  the  Sb  dimer  across  the  Ge  atoms  in  the  subsurface  as 
shown  in  step  (f)  requires  a  large  activation  energy  of  2  eV  due  to  the  complete  bond-breaking 
of  the  Sb-dimer  with  surface  Sb  atoms.  Although  the  complete  rolling-over  process  (step  (f)) 
which  achieves  the  exchange  process,  gains  the  energy  by  1.4  eV  compared  to  the  original  step 
(a),  the  activation  energy  is  still  too  large  compared  to  the  surface  diffusion  barrier.  Although  the 
dimer-exchange  process  seems  to  occur  in  real  experimental  situations,  the  previously  suggested 
models  for  the  exchange  process  should  be  reevaluated  so  as  to  give  low  activation  energies  in  the 
future  works  [9]. 

In  the  following  we  describe  shortly  the  diffusion  process  on  the  island.  The  detail  has  been 
published  elsewhere  [7].  We  first  search  the  preferable  site  of  the  Sb  dimer  on  step  edge.  We 
find  that  the  Sb  dimer  prefers  to  stay  in  the  dimer  site  near  the  edge  of  the  island.  We  then 
evaluate  the  diffusion  barrier  of  the  adatom  on  island  and  find  that  the  Schwoebel  barrier  for 
a  single  adatom  in  the  presence  of  the  Sb  dimer  at  the  step  edge  requires  the  large  Schwoebel 
barrier  of  2.1  eV  compared  to  0.93  eV  without  the  presence  of  Sb  at  the  edge.  This  strongly 
suggests  that  the  diffusion  on  a  island  is  governed  by  the  dimer  diffusion  rather  than  the  single¬ 
adatom  diffusion.  We  further  examine  the  dimer  diffusion  with  the  various  exchange  processes. 
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Figure  3:  Constructed  pathway  and  the  corresponding  potential  profile  for  a  Si  dimer  that  moves  across 
the  step  edge. 

as  shown  in  Fig.  3.  We  find  that  the  pushing-out  process  is  preferable  to  the  rolling-over  process 
by  an  energy  difference  of  0.84  eV  [7].  Unlike  the  diffusion  on  a  flat  surface  that  the  diffusion 
is  suppressed  by  the  surfactant-mediated  exchange  process,  the  diffusion  on  a  island  is  greatly 
enchanced  by  the  surfactant.  This  excellently  explains  why  the  isleinds  anneal  out  in  the  presence 
of  Sb  surfactant,  as  suggested  in  the  experiment  [4].  In  real  experimental  situation  both  diffusion 
phenomena  wiU  play  an  important  role  in  the  epitaxial  crystal  growth.  Islands  may  be  formed  at 
any  instant  but  those  wiU  soon  be  annealed  out  to  a  flat  surface  so  as  to  promote  the  epitaxial 
growth  by  the  dimer- exchange  process. 
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ABSTRACT 

Growth  of  ZnSe-based  compounds  on  the  GaAs  surface  terminated  by  ultra-thin  Ge 
epitaxial  layer  was  carried  out  by  molecular  beam  epitaxy  and  the  influence  of  Ge  layer 
on  the  growth  of  ZnSe  was  investigated.  When  the  thickness  of  Ge  layer  was  1  atomic 
layer  (AL),  2-dimensional  growth  occurred  in  the  initial  stage  of  ZnSe  layer  growth  and 
anti- phase  boundary  (APB)  free  ZnSe  layer  was  obtained.  For  Ge  layer  thickness  of  10 
AL,  ZnSe  grew  3-dimensionally  and  APBs  were  generated  in  the  ZnSe  layer.  The 
crystalline  quality  of  ZnMgSSe  layer  was  also  strongly  influenced  by  the  thickness  of  Ge 
layer.  These  phenomena  were  identified  to  be  due  to  the  transition  of  Ge  surface 
structure  from  single  domain  to  double  domain  with  increasing  Ge  layer  thickness. 

1.  INTRODUCTION 

ZnSe-based  lasers  have  attracted  much  interest  as  hght  sources  in  the  blue  and  green 
regions  for  use  in  high  density  optical  disks,  fuU  color  displays  and  many  other 
applications.  Heteroepitaxial  growth  of  ZnSe-based  compounds  on  GaAs  substrates  is 
commonly  used  for  fabricating  ZnSe-based  lasers.  It  has  been  revealed  that  stacking 
faults  are  generated  at  the  ZnSe/GaAs  interface  and  the  laser  degradation  is  induced  by 
the  presence  of  such  defects[l,2].  Control  of  the  initial  growth  of  ZnSe  on  GaAs  surface 
is  the  most  important  issue  for  improving  the  property  of  ZnSe-based  lasers. 

Recently,  it  has  been  pointed  out  that  the  existence  of  Ga-Se  bonds  plays  unimportant 
role  in  such  defect  nude ation[ 3].  Termination  of  GaAs  surface  is  an  attractive  method 
for  avoiding  the  direct  absorption  of  Se  atoms  on  GaAs  surface.  Zn  irradiation  onto 
GaAs  surface  is  known  to  be  an  effective  method  to  suppress  the  formation  of  Ga-Se 
bonds  [3-5].  However,  defect  density  as  low  as  10^  cm-^  stih  exists  even  using  Zn 
irradiation  [5] .  One  of  the  reasons  is  that  the  GaAs  surface  is  not  completely  terminated 
by  Zn  layer  since  the  sticking  coefficient  of  Zn  atoms  on  the  As-stabihzed  GaAs  surface  is 
quite  low. 

We  propose  a  termination  of  GaAs  surface  using  ultra  thin  Ge  epitaxial  layer. 
Germanium  is  one  of  the  most  suitable  candidates  as  an  interlayer  at  the  ZnSe/GaAs 
interface  since  the  lattice  constant  of  Ge  is  very  close  to  those  of  ZnSe  and  GaAs. 
Additionally,  Ge  interlayer  can  be  used  for  controlling  the  charge  imbalance  at  the 
ZnSe/GaAs  interface  since  Ge  is  a  Column  IV element.  However,  there  exists  a  severe 
problem  that  such  an  interlayer  of  non-polar  materials  willbecome  the  origin  generating 
anti-phase  boundaries  in  the  ZnSe  layer.  Fundamental  growth  process  of  the 
ZnSe/Ge/GaAs  system  must  be  clarified  to  use  Ge  layer  as  an  interlayer  for  controlling 
the  ZnSe/GaAs  interface. 

In  this  study,  growth  of  ZnSe-based  compounds  on  the  GaAs  surface  terminated  by 
ultra-thin  Ge  epitaxial  layer  was  carried  out  and  the  influence  of  Ge  layer  on  the  growth 
of  ZnSe  was  investigated.  The  relationship  between  ZnSe  initial  growth  and  the 
domain  structure  of  Ge  surface  is  discussed. 
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2.  EXPERIMENTAL  PROCEDURES 


The  crystal  growths  were  carried  out  by  molecular  beam  epitaxy  (MBE)  in  a  system 
having  two  growth  chambers  for  III-V  and  II-VI  compounds,  which  are  connected 
through  ultra-high  vacuum  transfer  chamber.  Si- doped  n-type  GaAs(OOl)  substrates 
were  used.  The  substrates  were  first  introduced  into  the  III-V  chamber.  After  the 
thermal  deoxidization,  500  nm  thick  Si-doped  GaAs  buffer  layers  were  grown  at  600  °C . 
Then,  Ge  layers  with  the  thickness  from  1  to  10  atomic  layer  (AL)  were  grown  onto  the 
GaAs  buffer  layer  at  400  °C.  The  Growth  rate  of  Ge  layer  was  0.1  AL/sec,  which  was 
calibrated  by  the  thickness  measured  by  cross-sectional  TEM  image.  Metal  Ga,  As  and 
Ge  were  used  as  source  materials.  After  the  growth  of  Ge  layers,  the  samples  were 
transferred  into  the  II-VI  chamber  through  the  transfer  chamber.  ZnSe  andZnMgSSe 
layers  were  grown  on  the  Ge-terminated  GaAs  substrates  at  280  °C,  where  poly¬ 
crystalline  ZnSe,  ZnS  and  metal  Mg  were  used  as  source  materials[61.  ZnCL  was  used  as 
the  n-type  dopant. 

Reflection  high-energy  electron  diffraction  (RHEED)  was  used  for  real  time 
observations  of  the  surface  reconstruction  structures  during  MBE  growth.  The 
structures  of  the  ZnSe/Ge/GaAs  interface  were  observed  by  cross-sectional  transmission 
electron  microscopy  (TEM).  Photoluminescence  (PL)  was  used  for  characterizing 
crystalline  quality  of  the  epitaxial  layers.  The  325  nm  line  of  the  He-Cd  laser  was  used  as 
an  excitation  source. 

3.  RESULTS 

3.1.  TEM  observation  of  the  ZnSe/Ge/GaAs  structures 
ZnSe  layer  was  grown  on  the  Ge-terminated  GaAs  surface  and  the  cross-sectional 
structure  was  investigated  by  TEM.  Figure  1  shows  a  cross-sectional  TEM  image  of  the 
ZnSe/Ge/GaAs  structure  where  the  thickness  of  Ge  layer  was  about  4  AL.  Flat  and 
continuous  Ge  layer  is  observed  between  the  ZnSe  layer  and  the  GaAs  substrate.  The 
lattice  spots  are  arranged  in  the  straight  hne  in  the  ZnSe  layer,  Ge  layer  and  GaAs 
substrates.  This  means  that  the  Ge  layer  and  the  following  ZnSe  layer  were  epitaxially 
grown  on  the  GaAs  substrate  without  evident  formation  of  dislocations.  These  results 
show  that  ZnSe  layers  can  be  grown  without  interaction  with  GaAs  substrates  by  using 
Ge -termination  of  GaAs  surfaces. 


ZnSe 

“  Ge 

Fig.  1 

Cross-sectional  TEM  image  of 

the 

ZnSe/Ge/GaAs  stmcture  where  4 

AL 

GaAs 

thick  Ge  layer  was  inserted  between 

ZnSe  and  GaAs. 
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3.2.  Growth  of  ZnSe  on  Ge-terminated  GaAs  surfaces  studied  by 
RHEED  observations 

First,  the  initial  stages  of  the  growth  of  Ge  layers  on  As-stabilized  GaAs  surfaces  were 
studied  by  RHEED  observations.  Figure  2  shows  the  RHEED  patterns  of  the  surfaces 
before  and  after  Ge  growth.  Before  Ge  growth,  the  RHEED  pattern  showed  a  clear 
(2x4)  streaky  pattern  (Fig.  2  (a)),  which  indicates  formation  of  As-stabihzed  GaAs  surface. 
When  the  Ge  layer  with  a  thickness  of  1 AL  was  grown  on  the  GaAs  surface,  the  RHEED 
pattern  changed  from  (2x4)  to  (1x2)  streaky  pattern  (Fig.  2  (b)).  This  transition  of  the 
RHEED  patterns  shows  that  the  two-fold  periodic  structure  was  constructed  by 
formation  of  the  Ge  dimers  along  the  [1-10]  direction. 

When  the  thickness  of  Ge  layer  increased  to  10  AL,  the  RHEED  pattern  changed  to  the 
(2x2)  pattern  (Fig.  2  (c)).  We  identify  that  the  (2x2)  pattern  observed  here  is  the 
(2xl)-(lx2)  mixed  pattern,  which  is  commonly  observed  from  the  surfaces  of  non-polar 
substrates  such  as  Si  or  Ge.  The  transition  of  the  RHEED  pattern  from  (1x2)  to 
(2xl)-(lx2)  mixed  pattern  shows  that  the  Ge  dimers  were  formed  along  both  [110]  and 
[1-10]  directions.  This  means  that  the  surface  structure  of  Ge  layer  changed  from 
single  domain  to  double  domain  with  increasing  Ge  layer  thickness.  The  details  of  the 
transition  of  the  surface  structures  are  discussed  in  Section  4. 

Although  the  reconstruction  pattern  depended  on  the  layer  thickness,  the  RHEED 
patterns  of  the  Ge  surfaces  were  always  streaky,  which  indicates  that  atomically  flatGe 
layer  was  formed  on  the  GaAs  surface.  This  is  in  good  agreement  with  the  results  of  the 
TEM  observation  as  shown  in  the  Fig.  1  . 

[110]  [110] 


(a) 

Fig.  2 

RHEED  patterns  of  the  surfaces  (a)  before 
Ge  growth  (GaAs  surface),  (b)  after  growth 
of  1  AL  thick  Ge  layer,  and  (c)  10  AL  thick 
..  Ge  layer.  (2x4),  (1x2)  and  (2xl)-(lx2) 
^  ^  patterns  are  seen  in  (a),  (b)  and  (c), 
respectively. 


(a) 

Fig.  3 

RHEED  patterns  of  the  surfaces  after  1  nm 
thick  ZnSe  layers  were  grown  on  the  Ge- 
terminated  surfaces.  The  thickness  of  Ge 
layers  were  1  AL  (a)  and  lOAL  (b). 

(b)  (2x1)  streaky  pattern  and  (1x1)  spotty 
pattern  are  seen  in  (a)  and  (b),  respectively. 


[110]  [110] 


[110]  [ifo] 
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Next,  the  initial  stages  of  ZnSe  growth  on  the  Ge- terminated  GaAs  substrates  were 
studied  by  RHEED.  ZnSe  layers  were  grown  on  the  two  different  domain  structure  of 
Ge  surfaces.  Figure  3  (a)  and  (b)  show  the  RHEED  patterns  of  the  surfaces  after  1  nm 
thick  ZnSe  layers  were  grown  on  the  Ge-terminated  GaAs  substrates,  where  the 
thickness  of  Ge  layer  was  1  AL  and  10  AL,  respectively. 

When  ZnSe  layer  was  grown  on  the  1  AL  thick  Ge  layer,  the  RHEED  pattern  of  the 
ZnSe  surface  showed  a  streaky  (2x1)  pattern  (Fig.  3  (a)).  The  streaky  (2x1)  pattern 
indicates  a  formation  of  smooth  Se-stabilized  ZnSe  surface.  This  means  that  the  2- 
dimensional  growth  occurred  even  during  the  initial  stage  of  ZnSe  growth.  Since  the 
two-fold  pattern  was  observed  in  the  [1 10]  direction  only,  it  was  confirmed  that  the  APBs 
were  not  generated  in  the  ZnSe  layer  in  spite  of  the  growth  on  non -polar  material. 

On  the  other  hand,  when  ZnSe  was  grown  on  the  10  AL  thick  Ge  layer,  the  RHEED 
pattern  showed  a  spotty  (1x1)  pattern  (Fig.  2  (b)).  This  means  that  the  3-dimensional 
island  growth  occurred  in  the  initial  stage  and  the  surface  of  the  ZnSe  layer  was  rough. 
When  the  thickness  of  ZnSe  layer  increased  to  more  than  about  20  nm,  the  RHEED 
pattern  changed  to  the  (2xl)-(lx2)  mixed  pattern,  which  indicates  a  generation  of  APBs 
in  the  ZnSe  layer.  The  change  in  the  RHEED  patterns  of  the  ZnSe  layer  grown  on  the 
Ge  layers  with  different  thickness  indicates  that  the  initial  growth  of  ZnSe  is  strongly 
influenced  by  the  domain  structure  of  the  Ge  surfaces.  The  APB  free  ZnSe  layer  can  be 
grown  on  the  Ge-terminated  GaAs  substrate  by  controlling  the  thickness  of  Ge  layer  to 
1  AL. 

3.3.  Crystalline  quality  of  ZnMgSSe  layers  grown  on  the  Ge-terminated 
GaAs  substrates 

Cl-doped  Zno.92Mgo.08So.2Seo, 8  layers  (n=4xl0i'^  cm-^)  with  a  thickness  of  1  /z  m  were 
grown  on  the  Ge-terminated  GaAs  substrates.  25  nm  thick  ZnSe  buffer  layers  were 
inserted  before  the  growth  of  ZnMgSSe  layers.  Crystalhne  quahty  of  the  ZnMgSSe 
layers  grown  on  the  Ge  layers  with  different  thickness  were  investigated  by 
photoluminescence  (PL)  measurements.  Figure  4  shows  the  PL  spectra  of  the  Cl-doped 
ZnMgSSe  layers  measured  at  8  K.  The  sohd  and  dotted  lines  represent  the  cases  where 
the  thickness  of  Ge  layer  was  1  and  10  AL,  respectively.  When  the  thickness  of  Ge  layer 
was  1  AL,  the  bound-exiton  emission  (I2  hne)  was  dominantly  observed  at  419nm  in 
wavelength  and  deep  level  emissions  were  negligible. 
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/ZnSe/Ge/GaAs 
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WAVELENGTH  (nm) 


Fig.  4 

Photoluminescence  spectra  of  Cl-doped 
ZnMgSSe  layers  grown  on  Ge-terminated 
GaAs.  25  nm  thick  ZnSe  layers  were 
inserted  before  ZnMgSSe  growth.  Solid 
and  dotted  lines  represent  the  cases  where 
the  thickness  of  Ge  layer  was  1  AL  and  10 
AL,  respectively. 
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When  the  thickness  of  the  Ge  layer  was  10  AL,  I2  line  at  419  nm  was  observed  to  a 
much  lesser  extent.  The  intensity  of  the  I2  line  was  about  60  times  lower  than  that  of 
the  sample  where  the  Ge  thickness  was  1  AL.  The  deep  level  emission  was  detected  in 
the  range  from  500  nm  to  700  nm.  This  shows  that  the  crystalline  quality  of  the 
ZnMgSSe  layer  grown  on  the  10  AL  thick  Ge  layer  was  worse  than  that  grown  on  the  1 
AL  thick  Ge  layer.  We  consider  that  the  change  in  the  crystalline  quality  was  caused  by 
the  difference  in  the  initial  growth  stage  of  ZnSe  layer  which  is  discussed  in  Section  3.2. 

4.  DISCUSSION 


From  the  results  of  RHEED  observation  and  PL  measurements,  it  was  revealed  that 
the  ZnSe  growth  mode  during  the  initial  stage  and  crystalline  quality  of  ZnMgSSe  layers 
were  strongly  influenced  by  the  thickness  of  the  Ge  layer.  We  discuss  the  relationship 
between  ZnSe  growth  mode  and  the  initial  surface  structure  of  Ge  layer  which  is 
dependent  on  the  thickness  of  Ge  layer. 

Figure  5  shows  a  schematic  of  our  model.  When  1  AL  thick  Ge  layer  was  grown  on  the 
(2x4)  GaAs  surface,  the  RHEED  pattern  showed  the  (1x2)  reconstruction  due  to  the 
formation  of  Ge  dimer  rows  along  the  [1-10]  direction,  as  shown  in  the  Fig.  2  (b).  The  fact 
that  the  direction  of  Ge  dimer  rows  was  rotated  by  90  degrees  against  the  As  dimer  rows 
([110]  direction)  indicates  that  the  Ge  atoms  in  the  1  AL  thick  Ge  layer  occupy  the  Ga 
sites  only  (Fig.  5  (a)).  As  a  result,  the  step  height  of  the  Ge  surface  was  double  atomic 
height,  reflecting  the  step  structure  of  the  GaAs  surface.  After  the  growth  of  ZnSe  on 
this  surface,  the  RHEED  pattern  changed  to  the  Se-stabilized  (2x1)  pattern  as  shown  in 
the  Fig.  3  (a).  Considering  that  the  direction  of  Se  dimer  rows  ([110]  direction)  agrees 
with  that  of  As  dimer  rows,  the  Ge  atoms  make  bonds  with  Se  atoms  at  the  interface  (Fig. 
5  (b)).  ZnSe  layer  is  grown  without  APBs  due  to  double  atomic  step  structure  of  the  Ge 
surface. 

When  10  AL  thick  Ge  layer  was  grown  on  the  GaAs  surface,  the  RHEED  pattern 
showed  the  (2xl)-(lx2)  mixed  pattern.  This  indicates  that  the  Ge  atoms  begin  to  occupy 
both  Ga  and  As  sites  with  increasing  thickness  of  the  Ge  layer.  As  a  result,  step 
structure  changes  from  double  atomic  height  to  single  atomic  height  (Fig.  5  (c)).  When 
the  ZnSe  layer  is  grown  on  this  surface,  APBs  are  formed  at  the  step  sites  (Fig.  5  (d)).  It 
is  supposed  that  the  3-dimensional  island  growth  in  the  initial  stage  of  ZnSe  growth  is 
originated  from  the  nucleation  of  APBs. 


Fig- 5 

Schematic  of  the  model  of  ZnSe 
growth  on  Ge-terminated  GaAs. 

The  atom  arrangement  is  shown  (a) 
after  1  AL  thick  Ge  layer  was  grown 
on  GaAs,(b)after  ZnSe  was  grown  on 
lAL  thick  Ge  layer,  (c)after  more 
than  1  AL  thick  Ge  layer  was  grown 
on  GaAs  surface  ,  and  (d)after  ZnSe 
was  grown  on  more  than  1  AL  thick 
Ge. 
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5.  CONCLUSION 


We  have  investigated  the  growth  process  of  ZnSe-based  compounds  on  the  Ge- 
terminated  GaAs  surfaces.  The  cross-sectional  TEM  image  showed  that  the  ZnSe  layer 
was  epitaxially  grown  on  the  Ge  layer  without  interaction  with  the  GaAs  substrates. 
From  the  results  of  RHEED  observations,  it  was  clarified  that  2-dimensional  growth 
occurred  in  the  initial  stage  of  ZnSe  growth  and  APB  free  ZnSe  layer  was  obtained  when 
the  thickness  of  Ge  layer  was  1  AL.  On  the  other  hand,  in  case  that  the  thickness  of  Ge 
layer  was  10  AL,  ZnSe  grew  3-dimensionally  and  APBs  were  generated  in  the  ZnSe  layer. 
The  crystaUine  quahty  of  the  ZnMgSSe  layers  characterized  by  PL  measurement  was 
also  influenced  by  the  thickness  of  Ge  layer.  The  dependence  in  the  growth  of  ZnSe- 
based  compounds  on  Ge  layer  thickness  is  caused  by  the  transition  of  Ge  surface 
structure  from  single  domain  to  double  domain  with  increasing  Ge  layer  thickness. 

In  conclusion,  the  formation  of  the  single  domain  structure  of  the  Ge  surface  by 
controlling  the  thickness  of  Ge  layer  is  important  for  obtaining  APB  free  epitaxial  layers 
of  ZnSe-based  compounds. 
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ABSTRACT 

We  have  used  cross-sectional  scanning  tunneling  microscopy  to  study  the  atomic-scale 
interface  structure  of  InAs/Gai_Jn,jSb  superlattices  grown  by  molecular-beam  epitaxy.  Detailed, 
quantitative  analysis  of  interface  profiles  obtained  from  constant-current  images  of  both  (llO) 
and  (lio)  cross-sectional  planes  of  the  superlattice  indicates  that  interfaces  in  the  (llo)  plane 
exhibit  a  higher  degree  of  interface  roughness  than  those  in  the  (llO)  plane,  and  that  the 
Ga,_„In,;Sb-on-InAs  interfaces  are  rougher  than  the  InAs-on-Gaj^Jr^Sb  interfaces.  The  roughness 
data  are  consistent  with  anisotropy  in  interface  structure  arising  from  anisotropic  island 
formation  during  growth,  and  in  addition  with  a  growth-sequence-dependent  interface 
asymmetry  resulting  from  differences  in  interfacial  bond  structure  between  the  superlattice 
layers.  Roughness  data  are  compared  with  measurements  of  anisotropy  in  low-temperature  Hall 
mobilities  of  the  samples. 

INTRODUCTION 

InAs/Ga,_Jn,,Sb  strained-layer  superlattices  have  shown  great  promise  for  application  in 
mid-to-long  wavelength  infrared  imaging  applications.'"’  However,  the  atomic-scale  interfacial 
properties  of  the  superlattice  structures  have  been  found  to  be  of  crucial  importance  in 
determining  material  and  device  properties.  Because  both  Group  III  and  Group  V  constituents 
change  from  one  superlattice  layer  to  the  next,  two  distinct  bond  configurations  -  InSb-like  and 
Ga,„Jn,jAs-like  -  can  be  present  at  each  interface.  Gai_Jn,(Sb/InAs  superlattices  grown  with 
InSb-like  interfacial  bonds  have  been  demonstrated  to  possess  superior  device  characteristics 
compared  to  those  grown  with  Ga,_Jn,,As-like  bonds.'®  Previous  studies  provided  evidence  of 
atomic-scale  interface  roughness  and  asymmetry  in  InAs/GaSb’"'®  and  InAs/Gai_Jn,^Sb" 
superlattices.  A  detailed  understanding  of  the  atomic-scale  structural  and  compositional 
properties  of  these  interfaces  is  therefore  essential  to  the  optimization  of  electrical  and  optical 
properties  of  device  structures  based  on  the  InAs/Gai^Jn^Sb  and  related  material  systems. 

In  this  paper  we  describe  a  detailed,  quantitative  analysis  of  interface  structure  in 
InAs/Gai_Jn,jSb  superlattices  using  cross-sectional  scanning  tunneling  microscopy  (STM).  STM 
data  are  used  to  investigate  directly  and  quantitatively  the  degree  of  directional  anisotropy  and 
growth-sequence  dependence  in  interface  structure.  To  quantify  the  interface  structure  observed 
by  STM,  individual  interface  profiles  are  extracted  from  the  images  and  their  roughness  spectra 

calculated.  The  roughness  spectra  show  that  interfaces  in  the  (llo)  plane  of  the  superlattice 
exhibit  larger  roughness  amplitudes  and  correlation  lengths  than  interfaces  in  the  (llO)  plane, 
and  that  interfaces  in  which  Ga,_Jn,jSb  has  been  grown  on  InAs  exhibit  larger  roughness 
amplitudes  and  correlation  lengths  than  interfaces  in  which  InAs  has  been  grown  on  Ga,_Jn^Sb. 
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We  attribute  these  features  in  interface  structure  to  anisotropy  in  island  formation  during  sample 
growth,  and  to  a  dependence  on  growth  sequence  of  bond  configurations  at  the  interfaces. 
Results  obtained  from  STM  studies  are  also  compared  with  low-temperature  Hall  mobility 
studies  of  similar  structures  grown  on  GaAs  substrates. 

EXPERIMENT 

The  InAs/Ga,_Jn,,Sb  superlattices  used  in  the  STM  study  were  grown  by  solid-source 
molecular-beam  epitaxy  (MBE)  in  a  VG  V80  MKII  MBE  system  on  «-type  GaSb  (001) 
substrates.  The  growth  system  and  substrate  preparation  techniques  have  been  described 
elsewhere.^  The  superlattice  consisted  of  50A  GaovjIriozsSb  alternating  with  17A  InAs  for  150 
periods,  capped  with  500A  GaSb.  The  epitaxial  layers  were  grown  at  380°C  on  a  lOOOA  GaSb 
buffer  layer.  At  each  interface  in  the  superlattice  layers,  a  5-sec.  Sb  soak  was  used  to  induce  the 
formation  of  InSb-like  bonds.  The  average  composition  and  overall  structural  quality  of  the 
sample  were  confirmed  by  high-resolution  x-ray  diffraction. 

STM  experiments  were  conducted  in  an  ultra-high  vacuum  system  at  a  base  pressure  of 
approximately  l-2xl0  ‘°  Torr.  Superlattice  samples  were  cleaved  in  situ  to  expose  either  a  (1 10) 
or  a  (lio)  cross-sectional  face  on  which  STM  imaging  of  the  epitaxial  layers  was  performed. 
While  atomically  flat  cross-sectional  surfaces  were  obtained  for  both  the  (1 10)  and  (llo)  planes, 

we  found  that  cleaving  to  expose  the  (llO)  surface  was  generally  more  successful.  Both  Pt-Ir 
and  W  tips  cleaned  in  situ  by  electron  bombardment  were  used  for  these  studies.  Because  the 
cleaved  surfaces  are  atomically  flat,  the  contrast  seen  in  constant-current  STM  images 
corresponds  primarily  to  variations  in  the  local  electronic  structure  of  the  sample,  rather  than  to 
actual  physical  topography  of  the  surface. 

Hall  measurements  were  obtained  for  samples  consisting  of  75-period  50A 
GaojsIriojjSb/nA  InAs  superlattices  grown  on  GaSb  buffer  layers  on  semi-insulating  GaAs 
substrates.  Van  der  Pauw  structures  were  fabricated  on  the  samples,  and  temperature-dependent 
mobility  measurements  were  taken  along  both  the  [l  10]  and  [l  T  o]  directions  of  the  superlattice. 

RESULTS 

Figure  1  shows  a  200Ax500A  high-resolution  constant-current  cross-sectional  image  of 
the  superlattice  structure,  obtained  at  a  sample  bias  voltage  of  -1.5  V  and  a  tunneling  current  of 
0.1  nA.  Contrast  between  the  darker  InAs  and  brighter  Gao  75lno25Sb  layers  can  clearly  be  seen  in 
the  image,  as  can  monolayer-level  roughness  at  the  interfaces  between  the  InAs  and  the 
Ga,_Jn,jSb  layers.  A  large  number  of  images  of  similar  quality  were  obtained  over  regions  up  to 
lOOOAxlOOOA  in  size  from  both  (l  10)  and  (lIo)  cross-sections  of  the  sample. 

Individual  interface  profiles  are  extracted  from  the  images  by  enhancing  the  contrast 
between  the  InAs  and  Ga]_,^Ii\Sb  layers,  and  then  using  an  edge-detection  algorithm. 
Quantitative  profiles  a(x)  are  obtained  by  measuring  the  distance  between  the  interfaces  and  a 
baseline  corresponding  to  the  profile  of  the  atomic  bilayers  in  the  image  from  which  the 
interfaces  have  been  extracted.  Figure  2  shows  representative  interface  profiles  extracted  from 
images  similar  in  quality  to  that  of  Figure  1.  In  total,  several  dozen  interface  profiles,  each  500A 

in  length,  were  extracted  from  multiple  images  of  both  (1 10)  and  (llo)  cross-sectional  surfaces. 
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FIG.  1;  200Ax5CX)A  conslanl-currenl  STM 
image  of  the  Ga^-sIno.sSb/InAs  superlatlice, 
obtained  at  a  sample  bias  of  -1,5  V  and  a 
tunneling  current  of  0.1  nA.  The  gray-scale 
range  of  the  image  is  2.5A.  Profiles  of  the 
interfaces  between  the  InAs  lavers  and  the 

Ga,_,In^Sb  layers  are  extracted  from  se\cral 
such  images. 
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FIG.  2:  Rcprcscntali\c  interface  prol'iles 
obtained  from  (a)  (l  lO)  and  (b)  (iTo)  cross- 
sectional  STM  images  of  the 
Gao-5lnu.5Sb/lnAs  supcrlattice  sample.  The 
10011  growth  direction  is  indicated. 


The  roughness  spectra  ol  the  interlaces  are  calculated  b\  taking  discrete  Fourier  transforms  of  the 
extracted  proliles.  The  roughness  frequency  components  arc  gi\  cn  by 
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w  here  c/  =  Imijl. ,  L  is  the  length  of  the  interface,  and  d  is  the  spacing  betw  een  data  points  along 

the  interface  (to  pically  O.sA).  The  power  spectrum  of  each  interface,  lA/,  is  fitted  to  a  Lx>renl/,ian 
function, 


2A'-(A/2;r) 

1  +  {qKllji) 

C-) 

where  A  is  the  roughness  amplitude  and  A  the  correlation  length.  We  find  the  Lorenl/ian  to  be  a 
better  fit  to  our  data  than  a  Gaussian  or  other  functional  fonns.  The  Lcrrent/ian  spectral  distribution 
corresponds  to  an  expemential  correlation  in  real  space,  and  is  expected  for  a  random 
distribution  of  steps  at  the  interface.'-  Figure  3  shows  a  plot  of  the  power  spectra  and  also  of 


149 


Lorentzian  fits  to  the  power  spectra  for  Gao.75lno25Sb-on-InAs  and  InAs-on-Gao  75lno25Sb  interfaces 
from  both  (110)  and  (lio)  cross-sections.  Table  I  lists  the  roughness  parameters  for  each 
interface  type.  The  spectra  shown  are  averages  of  individual  roughness  spectra  from  at  least  6 
different  profiles  for  each  interface  type.  Note  that  interfaces  imaged  in  the  (lio)  cross-sectional 
plane  are  oriented  parallel  to  the  [110]  direction  in  the  sample. 

As  indicated  in  Table  I,  the  interfaces  in  the  (lio)  plane  exhibit  larger  roughness 

amplitudes  and  correlation  lengths  than  those  in  the  (l  10)  plane.  This  observation  is  consistent 
with  anisotropic  island  formation  during  growth,  a  phenomenon  that  has  been  observed,  using 
both  reflection  high-energy  electron  diffraction  (RHEED)'^  and  STM,*'*  '^  in  growth  of  (001) 
GaAs.  These  studies  showed  that  islands  on  the  GaAs  surface  tend  to  be  elongated  in  the  [l  I O] 
direction.  Similar  island  formation  during  growth  of  the  InAs/Gao  75lno  25Sb  layers  should  lead  to 
anisotropic  interface  structure:  interfaces  from  the  (llO)  cross-section,  which  profile  the 


elongated-island  cross-sections  present  along 
the  [iTo]  direction,  would  be  expected  to 
contain  smaller  roughness  components  in  their 
roughness  spectra  than  interfaces  from  the 

(no)  cross-section,  which  profile  the  shorter- 

island  cross-sections  found  along  the  [llO] 
direction.  The  quantitative  results  obtained 
from  our  interface  roughness  analysis  are 
consistent  with  this  interpretation. 

The  parameters  in  Table  I  also  show  a 
substantial  dependence  of  interface  roughness 
on  growth  sequence,  with  the  Gaj.^^In^Sb-on- 
InAs  interfaees  being  substantially  rougher 
than  the  InAs-on-Ga,_Jn,.Sb  interfaces.  In 
earlier  studies  of  InAs/GaSb  superlattices 
using  STM,  a  substantial  growth-sequence 
dependence  in  interface  structure  was 
observed,  with  the  degree  of  asymmetry 
depending  upon  growth  conditions.*  '®  X-ray 
diffraction  studies  of  InAs/Gai.Jn^Sb 
superlattice  samples  have  suggested  that  the 
Ga,_Jn,jSb  layers  are  terminated  with  InSb- 
like  bonds,  while  the  InAs  layers  are 
terminated  by  roughly  equal  numbers  of  InSb- 
like  and  Gai_Jn,,As-like  bonds.^  The  Ga,_ 
Jn,,Sb-on-InAs  interfaces  would  then  be  of 
mixed  InSb-like  and  Gai_Jn,,As-like  character, 
while  the  InAs-on-Gai_Jn,,Sb  interfaces  would 
be  of  a  more  homogenous  InSb-like  eharacter. 
Since  STM  is  sensitive  to  nanometer-scale 
changes  in  electronic  structure,  differences 


(110)  Cross-Section 


FIG.  3:  Interface  roughness  power  spectra 
(symbols)  and  Lorentzian  fits  to  the  spectra 
(lines)  for  Gao75lno25Sb-on-InAs  and  InAs-on- 
Gao75lno25Sb  interfaces  from  (a)  (llO)  and  (b) 
(lio)  cross-sections  of  the  superlattice. 
Roughness  amplitudes  and  correlation  lengths 
for  each  interface  type  are  listed  in  Table  I. 
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TABLE  I;  Roughness  amplitudes  and  correlation  lengths  obtained  from  fitting  a  Lorentzian  to 
the  interface  roughness  power  spectra  calculated  for  Gao75lno25Sb-on-InAs  and  InAs-on- 

Gao^jInoasSb  interfaces  from  (llO)  and  (lio)  cross-sectional  images. 


Cross-Section 

Interface 

Amplitude  A  (A) 

Correlation 
Length  A  (A) 

(liO) 

Gai.Jn,<Sb-on- 

InAs 

4.3±0.2 

327±38 

InAs-on- 

Ga,.Jn«Sb 

2.8±0.2 

174±21 

(no) 

Gai.^n^Sb-on- 

InAs 

3,2±0.2 

301 ±39 

InAs-on- 

Gai.Jn,(Sb 

1.9±0.1 

112±16 

such  as  these  in  interfacial  bond  structure  would  be  refleeted  in  the  roughness  as  measured  by 
STM,  and  could  account  for  the  observed  growth-sequence  dependence  of  the  superlattice 
interface  structure. 

The  results  of  the  interface  roughness  analysis  described  previously  have  been  compared 
with  results  obtained  from  low-temperature  Hall  measurements  of  mobility.  Interface  roughness 
scattering  has  been  found  to  dominate  the  electron  mobility  of  InAs/Ga|_xIn^Sb  superlattices 
under  almost  all  conditions  of  interest.'*  Furthermore,  anisotropic  Hall  mobilities  in  high- 
mobility  modulation-doped  AfGaj.^^As/GaAs  heterostructures  have  been  attributed  to  an 
anisotropy  of  interface  islands.”  Temperature-dependent  measurements  of  Hall  mobility  were 

taken  along  both  the  [l  lO]  and  [l  1  O]  directions  of  the  superlattice  on  samples  consisting  of  75 
periods  of  superlattice  structure  nominally  identical  to  that  in  the  STM  samples  (50A 
Gao75lno25Sb  alternating  with  17A  InAs),  but  grown  on  GaSb  buffer  layers  on  semi-insulating 
GaAs  substrates.  These  measurements  demonstrated  that  a  substantial  anisotropy  in  Hall 

mobility  exists  in  the  superlattice;  observed  mobility  was  larger  in  the  [l  1 0]  direction  than  in  the 
[no]  direction,  and  the  degree  of  anisotropy  increased  at  lower  temperatures.  This  correlates 
with  the  directional  anisotropy  in  interface  roughness  seen  in  the  STM  roughness  analysis: 

images  of  the  (llo)  cross-section,  which  show  a  greater  degree  of  roughness,  eorrespond  to 
interfaces  along  the  [no]  direction.  The  greater  roughness  along  this  [110]  direction  would  be 
expected  to  lead  to  more  interface  roughness  scattering  for  transport  in  the  [llO]  direction  than 
in  the  [l  1 0]  direction,  and  will  contribute  to  a  decrease  in  mobility  along  the  [110]  superlattice 
direction.  Continuing  work  is  under  way  to  measure  Hall  mobilities  of  superlattice  samples 
grown  on  GaSb  substrates,  as  well  as  to  correlate  the  measured  mobilities  with  results  of 
theoretical  modeling  incorporating  detailed  band  structure  calculations  and  the  interface  structure 
observed  by  STM. 

CONCLUSIONS 

In  summary,  we  have  used  cross-sectional  STM  to  investigate  directly  the  atomic-scale 
interface  morphology  of  InAs/Ga,_,,In,,Sb  superlattices  grown  by  MBE.  Spectral  analysis  of 
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interface  roughness  observed  by  STM  shows  that  interfaces  in  the  (lio)  cross-sectional  plane 

have  larger  roughness  amplitudes  and  correlation  lengths  than  those  in  the  (l  10)  cross-sectional 
plane;  this  directional  anisotropy  in  the  interface  structure  of  the  superlattice  layers  is  interpreted 
as  arising  from  anisotropic  island  formation  during  growth.  The  roughness  spectra  also  indicate 
the  presence  of  a  growth-sequence  dependent  interface  asymmetry:  interfaces  in  which  the 
Gai.Jn^Sb  has  been  grown  on  InAs  are  rougher  than  interfaces  in  which  InAs  has  been  grown  on 
Ga,_Ji\Sb.  This  directly  supports  earlier  studies  suggesting  a  more  homogenous  InSb-bond 
character  at  the  IrLAs-on-Ga,_xInxSb  interfaces  than  at  the  Ga]_^InxSb-on-InAs  interfaces.  Our 
STM  results  have  also  been  found  to  be  consistent  with  measured  anisotropic  low-temperature 
Hall  mobilities  of  the  superlattice  structures. 
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INTERFACE  ROUGHNESS  IN  STRAINED  Si/SiGe  MULTILAYERS 
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ABSTRACT 

Diffuse  x-ray  reflection  from  a  SiGe/Si  multilayer  grown  pseudomorphically  on  slightly 
miscut  Si(OOl)  substrates  has  been  studied  theoretically  and  experimentally.  In  the 
framework  of  the  Distorted-Wave  Born  Approximation  (DWBA),  we  demonstrated  that 
the  distribution  of  the  diffusely  scattered  intensity  gives  conclusive  informatioii  on  both 
the  amount  and  the  in-plane  and  inter-plane  correlation  properties  of  the  interface 
roughness.  The  best  model  for  the  description  of  the  interface-morphology  was  found  to 
be  a  combination  of  a  two-level  model  and  a  staircase  model. 


INTRODUCTION 

The  assessment  and  control  of  the  interface  roughness  is  important  for  the  electrical  [1,2] 
and  optical  properties  of  semiconductor  epi-layers.  In  multilayers,  the  evolution  of  the 
roughness  with  increasing  number  of  periods  is  of  interest.  For  thin  layers,  uncorrelated 
roughness  of  the  two  hetero-interfaces  leads  to  substantial  well  width  fluctuations, 
whereas  correlated  roughness  does  not.  Therefore  a  comprehensive  picture  of  the 
interface  morphology  and  its  correlation  parallel  and  perpendicular  to  the  growth 
direction  is  desirable. 

The  only  non-destructive  method  for  the  characterization  of  the  roughness  of  the 
surface  and  buried  interfaces  is  x-ray  reflectivity,  in  particular  two-dimensionally 
resolved  measurements.  X-ray  scattering  from  rough  interfaces  in  SiGe  multilayers  has 
been  studied  by  several  authors  [3-6].  Their  experimental  results  were  that  the  interface 
profiles  of  different  interfaces  are  strongly  correlated,  and,  moreover,  the  direction  of  the 
highest  correlation  does  not  coincide  with  the  growth  direction.  In  the  case  of 
multilayers  grown  on  miscut  [001]-substrates,  the  distribution  of  the  diffusely  scattered 
intensity  in  reciprocal  space  reflects  the  terraced  structure  of  the  interfaces.  The  mean 
width  and  height  of  the  terraces  are  correlated  via  the  miscut  angle  (between  the  growth 
direction  n  and  [001])  and  the  direction  along  the  steps  is  always  perpendicular  to  the 
plane  determined  by  n  and  [001].  In  [5],  the  shape  of  the  terraces  has  been  studied.  The 
authors  found  that  steps  are  created  by  bunching  of  existing  substrate  steps  which 
results  in  a  wavy  shape  of  the  interfaces.  However,  this  finding  was  supported  only  by 
qualitative  considerations. 

In  this  paper,  we  use  the  concepts  introduced  in  [10]  to  simulate  the  reciprocal  space 
maps  of  diffuse  x-ray  reflection  from  a  SiGe  multilayer.  The  simulation  of  the  scattering  is 
based  on  the  Distorted-Wave  Born  Approximation  (DWBA,  [7])  and  the  roughness 
replication  model  described  in  [13].  From  the  analysis  the  most  suitable  model  for  the 
interface-morphology  is  found. 

THEORETICAL  CONSIDERATIONS 

Theoretical  works  on  diffuse  x-ray  reflectivity  from  multilayers  [7-9]  allow  the  simulation 
the  reciprocal  space  maps,  if  the  correlation  function  of  the  roughness  profiles  of 
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different  interfaces  is  known.  The  correlation  properties  of  a  single  terraced  surface  can 
be  formulated  using  the  concept  of  Markov  random  processes  [10].  This  procedure 
yields  a  formula  for  the  conditional  probability  w(Ax,  Az)  of  finding  a  surface  scatterer  in 
the  point  (Ax,  Az)  provided  that  the  point  (0,0)  is  occupied  by  another  surface  atom.  In 
the  cited  works,  surfaces  with  both  infinite  and  finite  number  of  levels  have  been 
treated.  The  former  are  represented  by  an  infinite  number  of  terrace  steps,  the  latter 
correspond  to  surfaces  with  a  "castellated"  roughness  profile  (see  insets  in  Fig.  1).  The 
correlation  of  the  roughness  profiles  of  different  interfaces  (roughness  replication)  has 
been  studied  thoroughly  in  [11,12]. 

A  reciprocal  space  map  represents  the  two-dimensional  dependence  of  the  diffusely 
scattered  intensity  I  on  the  x-  and  z-components  of  the  wave  vector  transfer  Q  =  K2  - 
Ki,  where  Ki,2  are  the  wave  vectors  of  the  incident  and  scattered  radiation, 
respectively,  x  and  z  are  the  coordinates  parallel  and  perpendicular  to  the  mean  sample 
surface.  The  intensity  scattered  by  a  sample  with  rough  interfaces  consists  of  coherent 
and  incoherent  components.  The  coherent  component  is  concentrated  along  the  Qz-axis 
(Qx  =  0)  of  the  reciprocal  plane  (the  truncation  rod)  and  it  represents  the  specularly 
scattered  intensity,  the  incoherent  component  is  the  diffuse  scattering. 

In  the  following,  we  will  only  deal  with  the  diffuse  scattering.  The  DWBA  method 
yields  the  following  general  formula  for  the  diffusely  scattered  intensity 

ITT  P 

I(Qx,Qz)=  const  ^  I  ^k*  exp(iqz  (zj-zk))  JdAx  exp(i  Qx  Ax)  Cjk(Ax,  qz)  (1) 

l^lzl  j-k 

where  Ti^2  are  the  transmittivities  of  the  interface  between  vacuum  and  an  effective 
layer  having  the  average  refractive  index  of  SiGe  and  Si  layers,  these  transmittivities  are 
calculated  for  the  direction  of  the  primary  and  scattered  beams,  respectively,  qz  is  the 
vertical  component  of  Q  corrected  for  refraction  and  absorption  in  the  effective  layer. 
The  double  summation  is  performed  over  all  the  interfaces,  zj  is  the  depth  of  the  j-th 
interface  below  the  mean  free  surface.  5j  denotes  the  difference  of  the  refractive  indices 
above  and  below  the  j-th  interface. 

The  essential  quantity  describing  the  interface  roughness  is  the  correlation  function 

Cjk(x-x',  qz)  =  (  exp(i  qz  [Uj(x)-Uk(x')])  )  (2) 

of  the  roughness  profiles  Uj,k(x)  of  the  j-th  and  k-th  interfaces.  Let  us  assume  that  the 
roughness  profiles  of  different  interfaces  are  partially  correlated  in  the  direction  making 
an  angle  %  with  the  surface  normal  n.  According  to  [13]  we  assume  an  exponential 
dependence  of  this  correlation  on  zj-zk,  thus, 

Cjk(Ax,  qz)  =  const  +  C(Ax  +  (zj  -zk)tanx,  qz)  exp(-lzj  -  zkl  /  A^),  (3) 

where  Ai  is  the  effective  length  of  the  vertical  replication.  The  constant  term  plays  no 
role  if  Qx  0  and  it  will  be  omitted  subsequently. 

The  correlation  function  C(Ax,  qz)  of  an  interface  is  simply  connected  with  the 
above  mentioned  conditional  probability  w(Ax,  Az)  by  the  Fourier  transformation 

C(Ax,  qz)  =  J  dAz  w(Ax,  Az)  exp(i  qz  Az)  (4) 

From  eq.  (1)  it  is  obvious  that  the  intensity  distribution  in  reciprocal  space  is 
substantially  influenced  by  the  Fourier  transformation  of  the  conditional  probability 

wPT(Qx,qz)  =  JdQx  exp(i  Qx  x}  C(Ax,qz)  e 
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j  d Ax  j  dAz  w(Ax,  Az)  exp(i(Qx  Ax  +qz  Az))  (5) 

which  depends  on  the  model  of  the  interface  morphology.  On  the  basis  of  the  theory  in 
[10],  we  have  simulated  the  reciprocal  plane  distribution  of  wPT(Qx,qz)  for  four  different 
models  (see  Fig.  1).  In  all  these  models,  the  x-axis  is  perpendicular  to  the  terraces,  i.e.  it 
lies  in  the  plane  of  n  and  [001]. 

•  two  level  model  -  this  model  represents  a  "castellated"  interface  having  two  levels 
separated  by  steps  with  heights  ±  d,  The  level  widths  are  random  and  they  are 
distributed  according  to  the  Gamma  distribution  of  the  m-th  order  with  the  mean 
values  Li,2-  The  averaged  interface  is  parallel  to  the  levels. 

•  staircase  model  -  the  model  has  an  infinite  number  of  levels  creating  a  staircase 
structure.  The  step  widths  are  distributed  according  to  the  Gamma  distribution  of  the 
m-th  order  and  the  mean  value  L.  The  step  height  is  d.  The  surfaces  of  the  steps  are 
parallel  and  they  make  an  angle  0  =  arctan(d/L)  with  the  mean  surface.  This  model 
seems  to  be  the  most  appropriate  one  for  the  description  of  a  vicinal  surface,  0 
corresponds  to  the  miscut  angle  and  the  step  surfaces  are  (001). 

•  roof  model  -  is  a  symmetric  modification  of  the  previous  model,  both  the  step  (001) 
surfaces  and  the  slopes  have  the  same  angle  0  with  the  mean  surface.  The  surfaces 
and  the  slopes  have  the  same  mean  width  L,  the  order  of  the  Gamma  distribution  of 
their  widths  is  m. 


Fig.  1:  Simulations^of  wFT(Qj^,q2)  in  the  reciprocal  plane,  (a)  Two-level  model  (L  =  1 
pm,  m  =  3,  d  =  20  A),  (b)  many-level  staircase  model  (L  =  1  pm,  m  =  3),  (c)  many-level 
roof  model  (L  =  1  pm,  m  =  3)  and  (d)  Gaussian  surface  (A  =  1  pm).  In  models  (b)  and  (c) 
the  heights  are  chosen  to  correspond  to  the  miscut  angle  ©  =  0.25°. 

w^T  of  the  two-level  model  is  symmetrical  with  respect  to  the  qz-axis.  Distinct  subsidiary 
maxima  can  be  seen  being  parallel  to  this  axis,  the  sharpness  of  this  maxima  depends  on 
the  order  m  of  the  width  distribution.  For  m  ->  the  subsidiary  maxima  create  a 
periodical  sequence  with  the  period  2tc/(Li+L2). 
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The  staircase  model  yields  an  asymmetrical  distribution.  The  main  maximum  of  is 
elongated  in  the  direction  perpendicular  to  the  (001)  step  surfaces.  In  the  case  of  larger 
mp,  this  maximum  is  modulated  by  a  periodical  sequence  of  further  maxima,  whose 
separation  is  27c/L.  These  maxima  are  parallel  to  the  mean  surface.  The  distribution  of 
wFT  for  the  roof  model  is  symmetrical.  Two  main  maxima  are  perpendicular  to  the  (001) 
surfaces  and  the  slopes,  respectively,  thus  they  make  an  angle  20.  Similarly  to  the 
previous  models,  the  Gamma  distribution  of  the  lengths  of  the  surfaces  and  the  slopes 
gives  rise  to  a  periodical  series  of  the  maxima  perpendicular  to  the  mean  surface.  Their 
distance  is  27i/L  if  the  order  m  is  large  enough.  The  distribution  of  w^T  for  a  Gaussian 
surface  is  shown  in  Fig.  1  as  well.  This  distribution  contains  only  one  central  maximum 
along  the  qz-axis,  no  subsidiary  maxima  can  be  seen. 

The  reciprocal  plane  distribution  of  the  intensity  diffusely  scattered  from  a  rough 
multilayer  equals  the  product  of  w^T  with  the  term 

IT  T  1^ 

Z(Qx,Qz)  =  const  -  2  ^  ^k*  exp(i(qz  -  Qx  tan%)(zj-zk))  exp(-Izj  -  zkl  /  Ai)  (6) 

'Qz'  j.k 

This  term  depends  on  the  correlation  of  the  roughness  profiles  of  different  interfaces.  If 
these  profiles  are  at  least  partially  correlated,  Z(Qx,Qz)  has  a  series  of  maxima  stretched  in 
the  direction  perpendicular  to  the  direction  of  maximum  correlation,  i.e.  they  make  angle 
X  with  the  Qx-axis  (so  called  resonant  diffuse  scattering  -  RDS  -  see  [8]).  If  the  multilayer 
is  periodical,  the  pattern  of  these  maxima  is  periodical  as  well,  their  distance  is  27i:/D, 
where  D  is  the  multilayer  period.  Due  to  x-ray  refraction,  these  maxima  are  slightly 
curved  which  gives  them  a  banana-like  shape.  The  lateral  correlation  is  described  by 
wFT  and,  therefore,  it  influences  mainly  the  intensity  distribution  along  the  RDS 
maximum.  The  correlations  of  different  interfaces  are  characterized  by  the  parameters  % 
and  and  they  contribute  to  Z(Qx,Qz).  Therefore,  this  correlation  is  responsible  for  the 
intensity  profile  across  the  RDS  maximum. 

Further  details  of  the  theoretical  treatment  will  be  published  elsewhere  [15]  along 
with  the  discussion  of  the  experimental  results  of  a  series  of  samples  prepared  at 
different  growth  conditions. 


DISCUSSION 

The  investigated  SiGe/Si  multilayer  sample 
(10  periods)  has  been  grown  by  molecular 
beam  epitaxy  (MBE)  on  an  unintentionally 
miscut  (miscut  angle  0  =  0.25°)  Si  (001) 
substrate.  The  x-ray  scattering  measure¬ 
ments  have  been  performed  at  the  OPTICS 
beamline  of  the  ESRF,  Grenoble.  A 
wavelength  of  A.  =  1 .05  A  just  below  the  Ge 
absorption  edge  has  been  used. 

From  the  measurement  of  the  specular 
reflectivity,  the  individual  layer  thicknesses, 
the  Ge  content  of  the  SiGe  layers  as  well  as 
the  root  mean  square  (r.m.s.)  roughness  of 
the  interfaces  have  been  determined  :  the 
multilayer  period  is  209  ±  1  A,  the  ratio  of 
the  layer  thicknesses  is  Tsi/TsiGe=7.6  ±  0.2 


Fig.  2:  Measured  (points)  and  simulated 
(line)  specular  reflectivity. 
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and  the  Ge-concentration  in  the  SiGe  layers  is  40  ±  10  %.  The  r.m.s.  roughness  of  the 
interfaces  are  5.2  ±  0.2  A,  the  surface-roughness  is  6  ±  0.2  A.  The  thickness  of  the  Si- 
cap  layer  is  225  ±  10  A.  The  specular  reflection  curve  is  shown  in  Fig.  2.  The  good 
coincidence  of  the  measured  and  the  simulated  curves  is  an  evidence  of  a  excellent 
homogeneity  and  structural  quality  of  the  sample. 


-0.8  -0.6  -0.4  -0.2  0.0  0.2  0.4  0.6  -0.8  -0.6  -0.4  -0.2  0.0  0.2  0.4  0.6  0.8 


(0  (deg)  fi)  (deg) 


Fig.  3:  Measured  (points)  and  simulated  (lines)  (0-scans  across  the  3rd,  the  4th  and  the 
5th  superlattice  satellites.  The  azimuthal  angle  was  (p  =  45°  (a)  and  0°  (b). 


The  inter-plane  correlation  of  the  roughness  profiles  follows  from  measured  20- 
scans,  where  the  angle  of  incidence  co  has  been  kept  constant.  Thus,  the  measured 
intensity  is  a  function  of  the  exit  angle.  The  20-scans  have  been  measured  for  two 
azimuthal  directions  -  (p  =  0°  and  (p  =  45°.  Besides  the  coherent  (specular)  maximum, 
peaks  corresponding  to  the  cross-sections  of  the  measurement  trajectory  with  the  RDS 
bananas  can  be  seen.  From  the  comparison  of  the  width  and  shape  of  those  maxima  with 
the  parameters  of  the  coherent  peaks,  the  vertical  correlation  length  can  be  derived. 
Since  the  widths  are  nearly  equal,  the  roughness  profiles  of  all  the  interfaces  in  the  stack 
are  almost  entirely  correlated. 

In  Fig.  3,  the  measured  and  simulated  co  scans  through  the  3rd,  the  4th  and  the  5th 
satellite  maximum  of  the  specular  reflectivity  are  plotted.  During  the  co-scan,  the  angle 


between  the  primary  beam  and  the  detector  is  constant,  only  the  sample  is  rotated.  The 
_ _  trajectory  of  the  co-scan  in  reciprocal  space 


-0,002  -0,001  0,000  0,001  0,002 
q.[A'i 


is  therefore  nearly  parallel  to  the  RDS 
banana. 

The  co-scans  across  the  terraces  exhibit 
two  distinct  maxima.  Their  intensities  are 
slightly  asymmetric  so  that  the  two-level 
model  does  not  fully  describe  the  actual 
structure.  Unlike  to  the  20-scans,  the  co¬ 
scans  substantially  depend  on  the  azimuth 
angle  cp.  Across  the  terraces  (cp  =  45°),  the 
peak  separation  is  larger  than  at  cp  =  0°  due 
to  the  smaller  projected  terrace  step  length. 
Using  the  two-level  model,  we  determined 
the  mean  widths  of  the  terraces  L1-1-L2  = 


Fig.  4:  Two-dimensional  distributions  of  1-6  -  0-2  fim  (cp  -  45  )  and  L1+L2  --  2.3 
the  diffusely  scattered  intensity  for  (p=0°.  0-2  qm  (cp  =  0°) ,  their  heights  d  =  15  A.  The 
The  increment  between  the  (logarithmic)  iso-  attempts  to  compare  the  measured  co-scans 
intensity  contours  is  100-2, 
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with  those  following  from  the  other  models  were  not  successful.  Most  likely,  the  true 
structure  can  be  represented  by  some  "mixture"  of  the  two-level  and  staircase  models. 
This  will  be  the  subject  of  further  investigations. 

We  have  also  measured  the  two  dimensional  distribution  of  the  scattered  intensity 
(reciprocal  space  map,  Fig.  4)  for  a  similar  sample.  We  found  distinct  banana-shaped 
maxima  having  the  angle  a  =  60°  ±  5°  with  the  vertical  axis.  In  the  map  measured  with 
the  sample  rotated  by  180°  around  the  surface  normal  (not  shown),  the  sense  of  rotation 
of  the  RDS  maxima  is  opposite,  thus  this  inclination  is  not  an  experimental  artefact. 
Similarly  to  the  oo-scans,  the  intensity  distribution  in  a  RDS  maximum  is  slightly 
asymmetric  which  cannot  be  explained  by  the  two-level  model  alone. 

CONCLUSIONS 

The  distribution  of  the  diffusely  scattered  intensity  in  reciprocal  space  yields  information 
on  both  in-plane  and  inter-plane  correlations  of  the  roughness  profiles  in  multilayers.  In 
the  direction  parallel  to  the  miscut,  a  well  pronounced  spatial  frequency  maximum  has 
been  found  and  the  distribution  of  the  scattered  intensity  can  be  explained  by  a  two- 
level  model.  However,  a  slight  asymmetry  of  distribution  indicates  that  the  actual 
morphology  could  be  described  by  a  combination  of  the  castellation  and  staircase 
models. 
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Surface  Roughening  and  Composition  Modulation  of 
ZnSe-related  II- VI  epitaxial  films 
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Abstract 

We  have  investigated  ZnSSe  and  ZnMgSSe  epitaxial  layers  lattice-matched  to 
GaAs  (001)  substrates  grown  by  molecular  beam  epitaxy  using  atomic  force 
microscopy  and  transmission  electron  microscopy.  Under  Il-rich  conditions  with 
c(2x2)  surface  reconstruction,  surface  morphology  exhibited  corrugation  aligned 
in  the  [ITO]  direction  and  composition  modulation  was  observed  in  the  same 
[ITO]  direction.  Under  Vl-rich  condition  with  (2x1)  surface  reconstruction,  the 
surface  morphology  becomes  rounded  grain-like  and  composition  modulation 
was  not  observed.  The  formation  of  composition  modulation  is  associated  with 
the  surface  corrugated  structures. 

1.  Introduction 

Ternary  ZnSSe  and  quaternary  ZnMgSSe  alloy  materials  lattice  matched  to 
GaAs  substrates  have  been  playing  significant  role  as  guiding  and  cladding 
layers  in  ZnSe  based  blue/green  II- VI  laser  diodes  [1].  Composition  modulation 
has  been  observed  in  many  III-V  alloy  epilayers  such  as  InGaAsP.  However,  to 
date,  there  have  been  only  a  few  reports  on  TEM  investigations  of  composition 
modulation  of  quaternary  ZnMgSSe  alloys  [2,3].  In  this  paper,  we  report  for  the 
first  time  the  relationship  between  the  surface  morphology  and  composition 
modulation.  We  will  show  that  the  surface  roughening  is  responsible  for  the 
composition  modulated  structures. 

2.  Experimental 

The  samples  investigated  in  this  study  were  ZnSe,  ternary  ZnSSe  alloy  and 
quaternary  ZnMgSSe  alloy  epitaxial  layers  and  laser  structures  containing  these 
alloy  layers  grown  on  semi-insulating  GaAs  (001)  substrates  using  MBE  using 
elemental  Zn,  Se,  Mg  and  compound  ZnS  as  source  materials.  The  growth 
temperatures  ranged  from  250  "C  to  350  'C .  Growth  was  performed  under  group 
Il-rich  conditions  with  (2x1)  surface  reconstruction  and  under  group  Vl-rich 
conditions  with  c(2x2)  surface  reconstruction.  The  detailed  II- VI  laser  structures 
have  been  reported  elsewhere  [1]. 

Atomic  Force  Microscope  (AFM)  measurements  of  the  surface 
morphology  were  performed  with  a  Digital  Instrument  Nanoscope  II,  in  contact 
mode.  AFM  images  were  obtained  for  a  5  iLim2  area  in  the  middle  of  each 
sample.  The  average  compositions  of  the  epilayers  was  determined  using  the 
double  crystal  X-ray  rocking  curve  and  electron-probe  microanalysis  (EPMA). 
Transmission  Electron  Microscope  (TEM)  experiments  were  performed  using 
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Hitachi  H-700H,  HF-2000  and  JEOL  4000FXS  electron  microscopes  operating  at 
200  kV  and  400kV.  Nano-probe  X-ray  energy  dispersive  spectrometer  (EDS) 
analysis  was  also  carried  out  with  1  nm  probe  size  in  the  HF-2000.  Cross- 
sectional  and  plan-view  TEM  samples  were  prepared  by  mechanical  polishing 
followed  by  ion-milling  and  chemical  etching. 

3.  Results  and  Discussion 

Figure  1(a)  and  (b)  shows  AFM  images  of  ZnSe  and  ZnSo,07Seo.93  alloy 
layers  grown  on  GaAs  (001)  at  280  under  Il-rich  conditions.  A  c(2x2)  surface 
reconstruction  was  observed  in  the  reflection  high-energy  electron  diffraction 
during  growth.  Th&  image  shows  the  formation  of  elongated  corrugations 
oriented  in  the  [110]  direction.  The  average  periods  and  amplitude  of  the 
corrugations  in  Fig.  1(a)  and  (b)  was  about  10  nm  and  about  60  nm,  respectively. 
A  similar  morphology  was  also  observed  in  Zn0.93Mg0.07S0.i8Se0.82  alloy  layers 
grown  at  280  °C  under  a  II  rich  condition  with  c(2x2)  reconstruction  (Figs.  1(c)). 
The  average  amplitude  and  the  average  period  of  the  corrugations  was  about  6  nm 
and  about  45  nm.  The  smaller  amplitude  and  period  in  Fig.  1  (c)  may  be  due  to 
the  shorter  diffusion  length  of  Mg  atoms,  which  adhere  more  easily  to  the  surface 


Figure  2.  AFM  image  of  ZnS0.07Se0.93  epilayers  grown  at  a  temperature  of  280  °C  under 
two  different  VI/II  ratio  of  a)  0.34  and  c)  1.5.  Corrugated  structures  are  not  seen  in  b). 
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Figure  3.  Plan  view  TEM  image  of  ZnS0.07Se0.93  epilayers  grown  at  a  temperature  of 
280  °C  under  two  different  VI/II  ratio  of  a)  0.34  and  b)  1.5. 

than  Zn  atoms  [4].  Cross-sectional  high  resolution  TEM  observations  reveals 
that  the  corrugations  have  a  sinusoidal  shape  [5]. 

Figure  2  sho\vs  AFM  images  of  ternary  ZnS0.07Se0.93  alloy  layers  grown  at 
280  C  under  two  different  VI/II  ratios.  Corrugated  structures  was  formed  with 
small  VI/II  ratios  with  c(2x2)  reconstruction.  At  higher  VI/II  ratios  with  (2x1) 
reconstruction,  rounded  grains  form  instead  of  corrugated  structures.  Our 
detailed  AFM  observation  reveals  that  surface  roughening  is  mainly  due  to 
growth  kinetics  and  is  not  misfit  stress-driven  [5]. 

Figures  3(a)  and  (b)  show  002  dark  field  plan- view  TEM  images  of  ternary 
ZnS0.07Se0.93  alloy  layers  grown  at  280  °C  under  two  different  VI/II  ratios.  The 
corresponding  surface  morphology  is  shown  in  figures  2(a)  and  (b).  In  figure 
3(a),  regula^periodic  stripes  of  bright  and  dark  bands  approximately  aligned 
along  the  [110]  direction  are  seen.  The  average  period  of  the  strip  contrast  is 


Figure  4.  a)  Cross-sectional  dark  filed  TEM  image  of  Zno.93Mgo,07So.i8Seo,82  epilayers 
grown  at  a  temperature  of  280  C  under  group  Il-rich  conditions  with  substrate  rotation, 
b)  Schematics  of  Figure  of  a). 
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Figure  5.  a)  Cross-sectional  dark  filed  TEM  image  of  Zno.93Mgo.07So.l8Seo.82  epilayers 
grown  at  a  temperature  of  280  °C  under  group  Il-rich  conditions,  b)  Nano-probe  EDS 
analysis  were  performed  along  arrow-line,  which  is  10  nm  below  the  valleys  of  the 
corrugations,  c)  Result  of  EDS  analysis 

about  60  nm  and  corresponds  to  the  period  of  the  surface  corrugations.  On  the 
other  hand,  no  such  contrast  was  observed  in  Fig.  3  (b).  This  contrast  is  due  to 
the  modulated  composition  of  S  and  Se. 

Figure  4  (a)  shows  a  cross-sectiond  TEM  image  of  quaternary 
Zn0.93Mg0.07S0.i8Se0.82  alloy  viewed  from  the  [ITO]  direction.  Figure  4(b)  shows 
a  schematic  representation  of  fig.  4(a).  The  sample  was  rotated  during  epitaxial 
growth.  Lateral  stripes  were  observed  in  the  ZnMgSSe  alloy  and  these  stripes 
were  caused  by  the  compositional  oscillation  due  to  the  substrate  rotation.  We 
can  use  this  lateral  stripes  as  the  marker  of  the  growth  front.  The  growth  front  is 
flat  at  the  beginning  and  then  becomes  corrugated.  Vertical  stripes  were  also 
observed  with  a  period  of  45  nm.  When  the  growth  front  becomes  corrugated, 
the  vertical  stripes  appear.  Vertical  stripes  were  also  caused  by  the  composition 
modulation.  This  indicates  that  vertical  composition  modulation  was  associated 
with  the  corrugated  structures. 

To  clarify  the  modulated  contrast  in  the  TEM  image,  we  performed  nano¬ 
probe  EDS  analysis  of  the  ZnMgSSe  alloy.  Figure  5(a)  shows  a  002  dark  field 
cross-sectional  TEM  image  of  the  ZnMgSSe  alloy  grown  on  GaAs  without 
sample  rotation.  A  sinusoidal  corrugated  interface  was  observed.  EDS 
measurement  was  performed  10  nm  below  the  interface  as  indicated  in  Fig. 5(b). 
The  result  is  shown  in  Fig. 5(c).  The  top  of  the  corrugation  is  Mg  and  Se-rich  and 
Zn  and  S-deficient,  while  the  valley  of  the  corrugation  is  Zn  and  S-rich  and  Mg 
and  Se-deficient.  We  note  that  in  Fig.5  (a),  the  interface  contrast  is  somewhat 
darker.  This  contrast  is  due  to  additional  strain  created  by  the  corrugations. 

Next,  we  will  discuss  the  mechanism  of  formation  of  the  composition 
modulation.  The  corrugated  structures  observed  here  were  formed  mainly  due  to 
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Figure  6.  Schematic  illustration  showing  the  stress  relaxation  at  the  regions  of  peaks  and 
stress  concenteration  at  the  regions  of  valleys  for  a  sinusoidally  corrugated  surface. 

growth  kinetics  [5].  In  addition,  the  corrugated  structures  were  formed  not  only 
in  ternary  ZnSSe  and  quaternary  ZnMgSSe  epilayer  but  also  in  binary  ZnSe 
epilayer  as  was  observed  in  Fig.l.  Thus  the  formation  of  the  one-dimensional 
composition  modulation  is  not  necessary  for  the  driving  force  of  the  formation  of 
corrugated  structures.  On  the  contrary,  the  formation  of  corrugated  structures 
creates  the  composition  modulation,  as  we  will  discuss  below.  When  the  surface 
becomes  corrugated,  an  additional  stress  field  is  caused.  The  lattice  spacing  in 
the  valleys  and  at  the  peaks  is  affected  by  compressive  and  tensile  stress, 
respectively  as  illustrated  in  Fig.6.  The  stress  tangential  to  the  surface  of  a 
sinusoidally  corrugated  surface  has  been  considered  by  Gao  [6]  as, 

a,{x)  =  Gs  l  +  4;r^cos|^^A:j  (1) 

Here,  Ob  is  the  normal  bulk  stress  in  epitaxial  layer,  2A  is  the  corrugation  height, 
X  is  the  period  of  the  corrugation,  and  x-axies  is  defined  along  the  [110]  direction 
in  this  case.  For  ZnSSe  in  Fig.  1(b),  X  is  60  nm  and  2 A  is  10  nm,  therefore, 
0^/06=2.047  at  the  valley.  The  stress  at  the  valleys  is  higher  than  the  stress  at  the 
peaks.  Thus,  the  strain  energy  density  at  the  peaks  is  lower  than  the  strain  energy 
density  at  the  valleys.  This  difference  in  strain  energy  densities  creates  a  gradient 
in  surface  chemical  potential  given  by  [7], 

^l(x)  =  n'  +  (2) 

where  /z*  is  the  chemical  potential  of  the  unstressed  flat  surface,  £2  is  the  atomic 
volume,  and  y  is  the  surface  free  energy  per  unit  area.  The  second  term, 
involving  the  surface  free  y  energy  per  unit  area  and  the  surface  curvature  ic  , 
reflects  the  fact  that  the  surface  would  prefer  to  become  flat  in  order  to  minimize 
the  surface  energy.  The  third  term,  involving  the  atomic  volume  and  the 
Young's  modulus  E,  represents  local  elastic  energy  correction  for  a  stressed 
surface.  Since  the  lateral  diffusion  of  adatoms  is  driven  by  the  gradient  in  surface 
chemical  potential,  adatoms  tend  to  move  from  the  regions  of  high  strain  energy 
(valleys)  to  the  regions  of  low  strain  energy  (peaks). 

Now,  let  us  consider  when  epilayer  is  composed  of  several  species.  We 
have  several  species  adatoms  such  as  Zn,  Mg,  S  and  Se.  Each  adatom  feels  a 
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different  stress  field  depending  on  the  species  when  they  landed  on  the  surface. 
To  take  into  account  of  this  effect,  we  simply  modify  j^{x)  and  Ob  of  eq.(2)  into 
fliix)  and  G^bU),  respectively,  where  the  superscript  i  denotes  the  adatom  species, 
and  G«b(x)  is  the  modified  local  bulk  stress  of  species  i.,  which  is  taken  account  of 
adatom  size.  We  observed  that  the  valleys  contained  more  Zn  and  S  and  the 
peaks  contained  more  Mg  and  Se.  The  lattice  constants  of  the  binary  compounds 
of  Zn,  Mg,  S  and  Se  have  the  following  size  order  [8]: 

ZnS(0.541)  <  MgS(0.562)  <  GaAs(0.565)  <  ZnSe(0.567)  <  MgSe(0.586), 
where  the  number  in  the  bracket  is  the  lattice  constant  in  nm.  The  compounds 
containing  Zn  and  S  tend  to  have  smaller  lattice  constant,  while  the  compounds 
containing  Mg  and  Se  tend  to  have  larger  lattice  constant.  The  average  lattice 
constants  of  ternary  alloy  ZnSSe  and  quaternary  alloy  ZnMgSSe  in  this  study  are 
close  to  that  of  GaAs.  Thus,  Zn  adatoms  and  S  adatoms  migrate  towards  the 
valleys  and  Mg  and  Se  adatoms  migrate  towards  the  peaks  to  minimize  strain 
energy. 

4.  Summary 

We  have  investigated  surface  roughening  and  composition  modulation  of 
ZnSe-related  II- VI  epitaxial  films  grown  by  MBE.  Under  Il-rich  conditions  with 
a  c(2x2)  surface,  corrugations  aligned  in  the  [110]  direction  are  observed.  Under 
Vl-rich  conditions  with  a  (2x1)  surface,  rounded  grains  form.  Composition 
modulation  along  the  [110]  direction  was  observed  in  both  ZnSSe  and  ZnMgSSe 
alloy  epitaxial  layers  and  corresponds  to  surface  roughness.  Since  the  corrugated 
surface  produces  additional  strain,  composition  modulation  occurs  in  order  to 
minimize  strain  at  the  surface  of  the  film. 
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ABSTRACT 

Currently,  there  are  no  direct-bandgap  alloy  semiconductors  that  can  be  grown  lattice- 
matched  to  GaP  substrates.  A  strained  layer  of  GalnP  can  be  grown  on  GaP,  however,  with 
difficulties.  First,  GalnP  is  an  indirect-bandgap  material  for  In  concentrations  up  to  ~30%. 
Second,  the  band  alignment  between  GalnP  and  GaP  is  type-II  for  In  concentrations  up  to  ''-60%. 
The  Mathews-Blakeslee  critical  thickness  of  GalnP  layer  on  GaP  is  prohibitively  small  in  the 
useful  In  concentration  range.  GalnP  is  known  to  grow  in  an  ordered  phase  in  certain  growth 
conditions.  By  changing  the  growth  conditions,  a  heterojunction  of  ordered  GalnP  and 
disordered  GalnP  can  be  grown.  The  conduction  band  offset  going  from  a  disordered  GalnP 
phase  to  an  ordered  GalnP  phase  has  been  reported  to  be  about  150  meV.  Using  a  layer  of 
ordered  GalnP,  a  QW  with  type-I  band  alignment  may  be  grown  on  GaP  for  a  wider  range  of 
composition. 

We  have  grown  a  series  of  approximately  60  A  thick  GaP/GaInP/GaP  strained  quantum 
wells  of  various  compositions  using  OMVPE.  Strong  photoluminescence,  which  exhibited  an 
unusual  temperature  dependence,  has  been  observed  on  many  samples.  A  study  of  the  QW's 
using  X-ray  diffraction,  TEM,  and  variable  temperature  PL  reveals  behaviors  consistent  with 
direct  bandgap  GalnP  quantum  wells  containing  ordered  and  disordered  domains. 

INTRODUCTION 

One  of  the  hurdles  in  achieving  integration  of  optoelectronics  into  Si-based  electronics  is 
the  lack  of  light  emitting  materials  that  can  be  grown  on  Si  with  few  defects.  III-V  compounds 
such  as  Gap  and  AlP  have  lattice  constants  close  to  that  of  Si.  GaP  can  be  grown  on  Si  with  a 
low  defect  density  [2,3].  GaP  and  AlP  have  indirect  bandgaps,  and  therefore  they  cannot  be  used 
as  the  active  regions  of  light-emitting  diodes  or  laser  devices.  Strained  layers  of  other  direct 
bandgap  III-V  compounds  such  as  GalnP  can  be  used  as  the  active  region.  Thus,  if  one  can  grow 
a  light-emitting  structure  with  a  strained  GalnP  layer  on  GaP,  in  conjunction  with  the  ability  to 
grow  GaP  on  Si,  one  can  achieve  the  goal  of  monolithic  integration  of  optoelectronics  into  Si- 
based  electronics. 

Recently,  growth  of  direct-bandgap  GaInP/GaP  strained  quantum  well  has  been  reported. 
[3,4]  It  was  suggested  that  GalnP  contained  both  ordered  and  disordered  phases,  based  on 
photoluimnescence  observations.  [4]  In  this  paper,  we  present  further  evidences  to  substantiate 
the  claim,  and  determination  of  the  energy  levels  and  the  ordering  parameter  of  the  quantum 
wells. 

EXPERIMENTAL 

A  series  of  GalnP  strained  layers  of  various  compositions  were  grown  on  vicinal  [001] 
GaP  substrates  by  low-pressure  metalorganic  chemical  vapor  deposition  (MOCVD).  According 
to  TEM,  the  quantum  wells  consisted  of  a  lOOOA  GaP  buffer  layer,  a  80A  -  90A  thick  InGaP 
layer,  and  a  lOOOA  GaP  cap  layer.  TEGa,  TMIn,  and  PH3  were  used  as  source  materials.  The 
quantum  wells  were  grown  at  650°C  in  a  76  Torr  H2  ambient.  The  growth  rate  was  -  4800A/hr. 
A  363  nm  line  from  an  Ar  ion  laser  was  used  as  the  pump  for  the  photoluminescence 
measurement.  The  photoluminescence  spectra  were  taken  after  the  samples  were  cooled  down  to 
79K.  A  thick  layer  (5000A)  of  GalnP  was  grown  on  GaP  and  was  analyzed  with  high-resolution 
x-ray  diffraction.  Using  the  composition  of  the  thick  layer  determined  with  x-ray  diffraction  as  a 
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calibration  point,  the  compositions  of  the  quantum  wells  were  estimated  from  the  group  III 
precursor  flow  rates.  High-resolution  cross-section  TEM  was  employed  to  measure  the 
thicknesses  of  the  quantum  wells. 

RESULTS  AND  DISCUSSIONS 

According  to  the  model-solid  calculation  (reviewed  in  Ref.  5),  the  band  line-up  between 
GalnP  and  GaP  is  type-II  for  In  concentrations  up  to  58%;  the  T-point  GalnP  band  edge  does  not 
fall  below  the  X-point  GaP  band  edge  until  the  In  concentration  goes  up  to  58%.  Therefore,  an 
electronic  confined  state  does  not  exist  for  much  of  In  concentrations.  Without  both  electrons 
and  holes  confined,  low  emission  efficiency  is  expected  for  low  In  concentrations  (<58%). 
However,  quantum  well  photoluminescence  was  observed  for  In  concentrations  as  low  as  45%. 
The  quantum  well  emission  was  at  around  634  nm  as  soon  as  it  became  observable.  The 
emission  wavelength  didn't  vary  much  with  increasing  In  concentration.  When  it  did,  the  shift  in 
emission  wavelength  was  abrupt;  at  In  concentration  of  ~  62%,  a  yellow-green  580  nm  emission 
appeared,  (Fig.  1)  and  then  at  higher  In  concentrations  the  red  634  nm  emission  vanished. 
Another  peculiar  feature  about  the  quantum  well  photoluminescence  was  its  temperature 
dependence.  (Fig.  2)  At  low  temperatures  (<100K),  photoluminescence  became  significantly 
weaker,  as  if  there  were  another  electronic  state  in  which  charge  carriers  did  not  contribute  to 
radiative  transition,  with  comparable  density  of  states  as  the  quantum  well  electronic  state.  The 

Fig.  1.  79K  photoluminescence  from 
GaInP/GaP  quantum  well  with  In 
concentration  of  62%.  GalnP  quantum  well 
contains  both  ordered  and  disordered  domains. 
Light  and  heavy  hole  degeneracy  is  lifted  by 
presence  of  elastic  strain  and  ordering. 
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Fig.  2.  Photoluminescence  peak  intensity  vs. 
sample  temperature  for  various  In 
concentrations.  Circles,  squares,  triangles,  and 
rhombi  are  experimental  data.  Solid  curves 
are  calculated  curvefits.  For  40%,  50%,  and 
55%,  the  points  are  the  peak  intensities  of  640 
nm  peak.  For  72%,  the  points  are  the  peak 
intensities  of  580nm  peak. 
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temperature  at  which  the  emission  intensity  was  the  maximum  depended  on  the  GalnP 
composition.  Note  that  the  580nm  peak  exhibits  behavior  expected  from  a  regular  quantum  well. 

One  possible  explanation  is  that  GalnP  in  the  quantum  well  undergoes  spontaneous  long- 
range  ordering  during  growth,  and  the  quantum  well  contains  both  ordered  and  disordered  phases 
of  GalnP.  Spontaneous  ordering  of  GalnP  has  been  reported  to  shrink  the  bandgap.  [6]  In  the 
disordered  domains,  the  band  lineup  between  GalnP  and  GaP  is  type-II,  and  no  electronic 
confined  states  exist.  In  the  ordered  domains,  the  band  lineup  is  type-I,  and  an  electronic 
confined  state  exists.  According  to  ref.  7,  the  band  lineup  between  ordered  GalnP  and  disordered 
GalnP  is  type-II  with  valence  band  of  the  ordered  phase  lower  than  that  of  the  disordered  phase. 
Therefore,  the  boundary  between  the  ordered  and  disordered  domains  of  the  quantum  well  form 
an  interface  with  type-II  band  line-up  with  the  hole  energy  level  in  the  ordered  domain  lower 
than  the  hole  energy  level  in  the  disordered  domain.  (Fig.  3a.) 

At  low  temperatures,  electrons  are  confined  to  the  ordered  domains,  and  holes  are 
confined  to  the  disordered  domains;  electrons  and  holes  are  spatially  separated,  thus  reducing 
radiative  recombination  efficiency.  At  high  temperatures,  holes  excite  into  the  ordered  GalnP 
domains;  electrons  and  holes  are  confined  together  thus  boosting  radiative  recombination 
efficiency.  Based  on  these  assumptions,  an  expression  for  emission  intensity  as  a  function  of 
temperature  can  be  derived.  [8,9] 


1  ,  \ 


(1) 


P  is  the  photo-excitation  rate  in  the  barriers.  Rd  and  Ri  are  the  radiative  recombination  rate 


constants  for  the  direct  and  the  spatially-separated  transitions.  U  and  U  ^re  the  capture 

rate  into  and  the  escape  rate  from  the  quantum  well  of  electron-hole  pair  complexes,  respectively. 
Ui  is  the  thermal  escape  rate  from  the  quantum  well  of  individual  carriers.  R'  is  the  rate  of  non- 
radiative  recombination  in  the  barriers.  AEy  is  the  energy  difference  between  the  hole  energies  in 
the  ordered  GalnP  domain  and  the  disordered  GalnP  domain.  AEa  is  the  energy  difference 
between  the  GaP  indirect  band  gap  and  quantum  well  luminescence  energy.  Ei  is  the  lesser  of 
the  electron  and  hole  confinement  energies.  The  curvefits  are  plotted  in  Fig.  2.  The  excellent 
agreement  between  the  experimental  data  and  the  calculated  curves  supports  the  validity  of  our 
assumptions. 
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Fig.  3a.  A  schematic  of  band  structure  of  a 
GaInP/GaP  ordered/disordered 
heterogeneous  quantum  well. 
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Fig.  3b.  Various  energy  levels  in  quantum  well 
extracted  from  the  curvefit.  Energies  are  indicated 
in  Fig.  3a. 
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Fig.  4.  Lx)ng-range  ordering  parameter  of 
ordered  GalnP  domains  versus  In 
concentration.  The  extent  of  ordering  reduces 
with  increasing  In  concentration. 
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As  the  In  concentration  is  increased,  even  the  disordered  domains  eventually  become 
type-I  quantum  well.  Thus  ordered  domains  produce  the  red  634  nm  emission,  and  the 
disordered  domains  produce  the  yellow-green  580nm  emission.  At  high  In  concentrations, 
excessive  strain  prevents  spontaneous  ordering  from  occurring,  and  only  ordered  domains 
remain;  only  the  yellow-green  emission  is  observed.  The  intensity  of  the  yellow-green  emission 
versus  the  temperature  shows  the  usual  behavior.  (Fig.  2) 

From  the  curvefit,  all  the  energy  levels  in  the  quantum  well  can  be  extracted.  The 
electron  confinement  energy,  the  hole  confinement  energy,  and  the  energy  barrier  between  the 
disordered  and  the  ordered  domains  as  functions  of  the  In  concentration  are  plotted  in  Fig.  3b. 

Another  quantity  of  interest  is  the  degree  of  ordering  in  GaInP.  The  degree  of  ordering  is 

described  in  terms  of  the  long-range  ordering  parameter,  y].  ri  is  defined  as  follows;  GalnP 
crystal  consists  of  alternating  (111)  planes  of  Gax.Ti/2lnx+Ti/2P  and  Gax+Ti/2lnx-Ti/2P-  The  effect  of 
spontaneous  ordering  to  the  band  structure  of  GalnP  has  been  previously  reported.  [10]  The 
ordering  produces  shift  of  band  edges  in  addition  to  any  shift  produced  by  elastic  strain.  In 
particular,  the  splitting  between  the  heavy-hole  band  and  light-hole  band  can  be  used  determine 
the  ordering  parameter.  Following  the  method  described  in  Ref.  10,  the  band-edges  of  GalnP 
versus  composition  taking  into  account  the  elastic  strain  and  the  ordering  have  been  calculated. 
Then  from  these  energies,  emission  energies  of  transitions  involving  the  heavy-hole  and  the 
light-hole  were  calculated.  The  calculated  values  were  compared  to  the  experimentally  measured 
differences  between  the  heavy-hole  and  the  light-hole  transitions  to  determine  the  ordering 
parameter.  Thus  determined  ordering  parameter  is  plotted  in  Fig.  4.  As  suggested  earlier,  the 
extent  of  ordering  reduces  as  the  In  concentration  is  increased. 

CONCLUSIONS 

Strained  GalnP  layers  were  grown  on  GaP  by  MOCVD.  Even  though  the  quantum  wells 
were  thicker  than  the  critical  layer  thickness,  strong  photoluminescence  was  observed.  Careful 
study  of  photoluminescence  revealed  that  the  quantum  well  consisted  of  both  ordered  and 
disordered  GalnP.  Electronic  energy  levels  within  the  quantum  well  structure  were  determined. 
The  ordering  parameter  of  GalnP  quantum  were  was  also  determined  from  photoluminescence. 
Some  quantum  wells  had  photoluminescence  persisting  at  room  temperature  suggesting  this 
material  structure  could  be  used  as  the  active  region  of  light-emitting  devices  on  GaP  as  well  as 
on  Si  substrates. 
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ABSTRACT 

We  proposed  use  of  a  new  CdF2/CaF2  heterointerface  for  the  formation  of  large  conduction 
band  discontinuities  to  apply  quantum  effect  devices  fabricated  on  Si  substrates.  Resonant 
tunneling  diodes  using  this  heterointerface  on  Si  were  fabricated  and  negative  differential 
resistance  whose  ?fV  current  ratio  of  24  at  highest  was  observed  at  room  temperature. 


INTRODUCTION 

Quantum  effect  devices  fabricated  on  Si  substrate  will  be  very  attractive  in  future  [1]. 
Abrupt  heterointerfaces  which  have  the  large  conduction  band  discontinuity  (AEc)  are  very 
desirable  for  them.  Such  heterointerfaces  are  very  useful  not  only  for  the  operation  of  electrical 
devices  such  as  resonant  tunneling  devices  but  also  for  short  wave  length  emission  of 
intersubband  laser  [2].  A  lot  of  different  materials  such  as  CaF2  [3],  Si02  [4-8],  ZnS  [9],  ternaries 
based  on  Mg  and  Se,  and  SiGeC  [10]  were  proposed  for  application  in  quantum  effect 
devices. To  date,  most  successful  resonant  tunneling  diode  (RTD)  fabricated  on  Si  substrates  has 
been  obtained  by  the  III-V  heterojunctions  on  Si  [1 1].  However,  in  the  III-V  on  Si  case,  a  fairly 
thick  buffer  layer  of  IIl-V  is  necessary  in  order  to  obtain  good  crystallinity.  Moreover, 
autodoping  between  III-V  and  Si  becomes  problem  in  device  fabrication  process.  Thus,  materials 
and  structures  which  do  not  have  such  problems  and  make  it  possible  to  realize  quantum 
structures  directly  formed  on  Si  surface  are  very  desirable. 

We  suggested  a  use  of  new  CdF2/CaF2  interface  for  the  formation  of  large  AEpS  which  is 
fabricated  on  Si.  Some  properties  of  CdF2  and  CaF2  are  summarized  in  Table  1  comparing  with 
that  of  Si  [12-15].  CdF2  and  CaF2  have  the  fluorite  lattice  stmcture  nearly  lattice  matched  to  Si, 
so  one  can  e:q)ect  that  they  can  be  grown  on  Si  epitaxially.  Recently  we  realized  epitaxial  growth 
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Si 


Table  1  Material  constants  of  CdF2, 
CaF2  and  Si  at  room  temperature. 


Materials 

CdFj 

CaFj 

Si 

Structure 

Fluorite 

Fluorite 

Diamond 

Lattice  constant  (A) 

5.388 

5.463 

5.431 

Mismatch  with  Si(%) 

-0.8 

0.6 

- 

Melting  point  (®C) 

1100 

1360 

1414 

Themial  expansion 
coef.atRT  (deg  ') 

2.1x10’ 

1.82x10’ 

2.5x10’ 

Energy  bandgap  (eV) 

8.0 

12.11 

1.1 

Electron  affinity  (cV) 

4.1 

0< 

CdF2  CaF2 


t 

AEc=2.9  eV 


AEc=2.3  eV 
i 


|l.1eV 


12.1  eV 


8.0  eV 


AEv=8.7  eV 


Ev - i — 

AEv=1.2eV 


Fig.l  Energy  band  diagram  for  the  CdF2/CaF2 
/Si(ll  1)  heterostructure  obtained  by  XPS. 


CdF2  on  CaF2/Si(n  1)  for  the  first  time  [16]. 

In  addition,  it  was  found  that  an  epitaxial  CdF2  film  can  be  grown  with  high  crystalline 
quality  on  a  Si  substrate  by  using  a  CaF2  buffer  layer  which  is  coherently  grown  on  the  Si 
substrate  (pseudomorphic  CaF2)  [17-18],  and  abrupt  interfaces  of  CdF2/CaF2  were  confirmed  by 
double  crystal  x-ray  difffactometory  (XRD)  observation  of  a  short -period  CdF2/CaF2  superlattice 
(SL)  which  was  grown  on  CaF2/Si(l  1 1)  [19].  Moreover,  an  important  property  of  the  CdF2/CaF2 
heterointerface,  large  AEc  can  be  e;q)ected  from  the  difference  of  the  electron  affinities  of  them. 
Indeed,  we  have  revealed  throu^i  the  x-ray  photoelectron  spectroscopy  analysis  that  CaF2 
provides  lar^  AEc  of  CdF2/CaF2  and  CaF2/Si,  these  values  are  2.9eV  and  2.3eV,  respectively  and 
conduction  band  edge  (Ec)  of  CdF2  is  located  0.6eV  below  that  of  Si  as  shown  in  Fig  1  [20].  Based 
on  these  fundamental  results,  CdF2/CaF2/Si(l  1 1)  heterostructure  is  considered  to  be  an  attractive 
candidate  for  the  applications  mentioned  above. 

In  this  paper,  we  propose  a  use  of  new  CdF2/CaF2  heterointerface  for  the  formation  of  large 
AEcS  to  apply  quantum  effect  devices  fabricated  on  Si  substrates  and  demonstrate  CdF2/CaF2 
RTD  grown  directly  on  Si(l  1 1)  substrate  to  confirm  these  large  AEcS. 


EPITAXIAL  GROWTH  OF  C<IF2 

Epitaxial  growth  of  CaF2  is  established  technology  and  there  are  a  lot  of  reports  concerning 
this  tecimology  [21-22].  But  in  the  case  of  CdF2,  it  was  no  report  before  our  success  of  epitaxial 
growth  of  CdF2  by  molecular  epitaj^  method.  In  order  to  obtain  epitaxial  CdF2,  we  investigated 
the  growth  conditions  for  it.  It  was  shown  that  use  of  a  thin  CaF2  buffer  layer  was  very  effective 
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to  obtain  gpod  CdF2  epitaxial  film  on  Si(lll)  [19].  Figure  2  shows  0  scanning  of  XRD  rocking 
curve  of  a  CdF2(50nm)/CaF2(10nm)/Si(lll)  structure,  grown  in  Tokyo  Institute  of  Technolog/. 
Growth  temperature  of  CdF2  was  50”C.  CaF2  buffer  layer  was  grown  by  two  step  growth 
technique  where  several  monolayers  were  grown  at  600°C  followed  by  succeeding  growth  at 
100”C  until  the  total  thickness  reached  lOnm  [23].  Minimum  value  of  full  width  of  half  maximum 
(FWHM)  of  67  arcsec  was  obtained.  In  the  case  of  growth  at  300°C  the  rocking  curve  became  too 
broad  to  evaluate  FWHM.  Although  an  origin  of  the  degradation  at  the  hi^er  growth 
temperatures  is  not  clear  at  moment,  it  was  found  that  CdF2  layer  should  be  grown  at  fairly  lower 
temperature. 

Figure  3  shows  6-20,  double  crystal  XRD  patterns  obtained  from  a  short -period  SL  of 
[CdF2-0.9nm/CaF2-0.9nm]io  which  was  grown  at  Ioffe  Physico-Technical  Institute  on  the 
pseudomorphic  CaF2  layer  in  previous  work  [17-18].  The  growth  temperature  of  SL  was  100”C. 
These  satellite  peaks  show  that  the  layered  heterostructure  has  remained  without  being  smeared  at 
all  by  interdiffussion.  In  addition,  the  pronounced  oscillating  structure  shows  well  flatness  of  the 
SL  structure.  Because  each  layer  in  this  SL  consisted  only  of  three  fluoride  monolayer,  one  can 
conclude  that  the  CaF2/CdF2  interface  is  abrupt  and  its  average  rou^ness  is  less  than  one 
monolayer. 


14  14.2  14.4  14.6  14.8  15  20.0  25.0  30.0  35.0 


®  (degree)  20  (degree) 


Fig.2  0  scanning  of  XRD  rocking  curve  of  Fig.3  Double  crystal  XRD  patterns  obtained  from 

C!dF2(50nm)/CaF2(10nm)/Si(l  1 1)  structure.  a  short-period  SL  of  [CdF2-0.9nm/CaF2-0.9nm]|o 

which  was  grown  on  the  psudomorphic  CaF2  layer. 
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RESONANT  TUNNELING  DIODE 


Process  of  fabrication 

Figure  4  shows  the  cross-sectional  structure  of  a  RTD  fabricated  in  this  work  and  a 
corresponding  conduction  edge  energy  diagram  of  the  structure.  This  diagram  was  drawn  based  on 
the  energy  band  diagram  of  CdF2/CaF2/Si(lll)  which  was  shown  in  Fig  1  [19].  The  diode 
structure  is  asymmetric  in  which  the  double  barrier  structure  of  CaF2/CdF2/CaF2  is  sandwiched 
between  n'^-Si  in  one  side  and  A1  in  the  other  side.  Thus,  negative  differential  resistance  (NDR) 
characteristic  is  e^qjected  to  be  observed  only  when  the  Si  side  is  negatively  biased.  The  previous 
work  showed  that  thin  but  more  than  0.9nm  CaF2  buffer  layer  was  necessary  to  obtain  good  CdF2 
cpilayer  on  Si(l  11)  [19].  This  buffer  layer  served  as  the  first  barrier  layer  of  the  double  barrier 
structure  in  this  RTD. 

The  RTD  structure  was  grown  by  MBE  method  as  follows  on  the  clean  Si(lll)  substrate 
referred  to  the  results  as  we  mentioned  above.  An  n-type  (ND~2xlO^®cm'^)  Si(l  1 1)  substrate  was 
cleaned  by  the  Shiraki-Ishizawa  method  [24],  then  its  surface  was  terminated  with  hydrogen  by 
2%  diluted  HF  dip  cleaning  After  that,  it  was  loaded  into  the  hi^  vacuum  chamber  (~10'*Torr), 
followed  by  thermal  flashing  at  600°C  for  15min.  The  first  CaF2  layer  (0.9nm)  combining  a  buffer 
and  a  barrier  layer  was  grown  at  600°C.  Then,  3.1nm-thick  CdF2  layer  was  grown  at  50'’C  as  the 
well  layer  referring  to  the  result  shown  in  Figl.  After  that,  the  second  CaF2  layer  was  grown  at 
200°C  as  the  other  barrier  layer.  Finally,  back  contact  and  top  electrodes  were  formed  by  vacuum 
evaporation  of  Al.  The  top  electrodes  were  patterned  with  circular  pattern  ((j)100-800gm)  using  a 
hard  mask.  No  photolithography  technique  was  used  for  fabrication  of  the  RTD. 

Currcnt-voltaec  characteristics 

The  current-voltage  (I-V)  characteristics  were  measured  at  room  temperature  (RT)  using  a 
HP-4145B  parameter  analyzer.  Figure  5  shows  a  I-V  curve  with  the  P/V  current  ratio  of  24  which 
was  the  largest  value  observedto  date.  Tlie  diameter  of  Al  top  electrode  was  800|im.  However, 
correlation  between  the  electrode  size  and  current  was  weak.  One  origin  of  the  scattered 
characteristics  and  the  nonuniform  current  in  plane  was  considered  to  be  localized  leakage  current 
throu^  some  defects  or  nonunifomi  tunnel  current  due  to  fluctuation  of  thickness  of  each  layer. 
Especially,  since  very  large  barrier  heiglit  and  very  thin  layers  are  used  in  this  structure,  very 
small  fluctuation  of  structure  can  cause  tunnel  current  concentrated  in  a  few  limited  small  regions. 
The  bias  voltage  at  which  the  first  NDR  should  be  observed  is  0.84  V  from  a  simple  theoretical 
calculation  using  the  effective  mass  of  CdF2,  m*cdF2=0-45  mo  [25],  which  corresponds  to  resonant 
tunneling  throu^  third  quantum  level  schematically  shown  in  Fig4(b).  This  voltage  was  observed 
from  0.8V  to  2.0V  for  most  samples.  The  fairly  large  deviation  from  the  calculated  value  can  be 
partly  due  to  the  voltage  drop  by  the  serial  resistances  and  partly  due  to  fluctuation  of  thickness 
of  the  layers. 

Although  further  study  of  growth  method  and  control  of  quality  of  the  structure  is  necessary, 
the  large  PA^  current  ratio  at  RT  indicates  a  possibility  of  quantum  well  structure  with  large  AEc 
which  can  be  directly  coupled  with  Si. 
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Fig.4  (a)  RTD  structure,  (b)  conduction  pig  5  xhc  best  1-V  curve  with  large  PA^  current  ratio, 

band  edge  energy  diagram  of  the  structure. 


CONCLUSIONS 

We  proposed  use  of  a  new  CdF2/CaF2  heterointerface  for  the  formation  of  laigp  AEcS  to 
apply  quantum  effect  devices  fabricated  on  Si  substrates.  RTDs  using  this  heterointerface  were 
fabricated  on  Si  and  NDR  whose  PA^  current  ratio  of  24  at  hipest  was  observed  at  RT.  CdF2  and 
fluoride  heterointerfaces  including  it  will  be  one  of  promising  material  for  future  devices  based  on 
Si. 
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ABSTRACT 

Silicon  CCDs  have  limited  sensitivity  to  particles  and  photons  with  short  penetration  depth,  due 
to  the  surface  depletion  caused  by  (he  inherent  positive  charge  in  the  native  oxide.  Because  of 
surface  depletion,  internally-generated  electrons  are  trapped  near  the  irradiated  surface  and 
therefore  cannot  be  transported  to  the  detection  circuitry.  This  deleterious  surface  potential  can 
be  eliminated  by  low-temperature  molecular  beam  epitaxial  (MBE)  growth  of  a  delta-doped  layer 
on  the  Si  surface.  This  effect  has  been  demonstrated  through  achievement  of  100%  internal 
quantum  efficiency  for  UV  photons  detected  with  delta-doped  CCDs. 

In  this  paper,  we  will  discuss  the  modification  of  the  band  bending  near  the  CCD  surface  by  low- 
temperature  MBE  and  report  the  application  of  delta-doped  CCDs  to  low-energy  electron 
detection.  We  show  that  modification  of  the  surface  can  greatly  improve  sensitivity  to  low- 
energy  electrons.  Measurements  comparing  the  response  of  delta-doj^  CCDs  with  untreated 
CCDs  were  made  in  the  50  eV-1.5  keV  energy  range.  For  electrons  with  energies  below 
300  eV,  the  signal  from  untreated  CCDs  was  below  the  detection  limit  for  our  apparatus,  and 
data  are  presented  only  for  the  response  of  delta-doped  CCDs  at  these  energies.  The  effects  of 
multiple  electron  hole  pair  (EHP)  production  and  backscattering  on  the  observed  signals  are 
discussed. 

INTRODUCTION 

Imaging  systems  for  low  energy  particles  generally  involve  the  use  of  microchannel  plate  electron 
multipliers  followed  by  position  sensitive  solid  state  detectors,  or  phosphors  and  position 
sensitive  photon  detectors.  These  systems  work  well  and  can  process  up  to  lO^  electrons/sec., 
however,  the  spatial  resolution  of  these  compound  systems  is  considerably  less  than  that  of  a 
directly  imaged  CCD.  Also,  these  systems  have  difficulties  with  gain  stability  and  they  require 
high  voltages.  The  present  large  format  of  CCDs,  up  to  4000x4000  pixels,  could  represent  a 
major  advance  for  the  imaging  of  low  energy  particles.  CCDs  exhibit  a  highly  linear  response 
which  is  advantageous  for  quantitative  detection  applications.  The  full  well  capacity  of  buried 
channel  CCDs  corresponds  to  a  collected  electron  density  of  about  10^^  electrons/cm^,  which 
together  with  the  low  readout  noise,  gives  CCDs  a  large  dynamic  range. 

Charge  coupled  devices  (CCDs)  are  high  resolution  imaging  devices  which  are  typically  n- 
channel  fabricated  in  a  p-type  substrate  and  frontside,  or  processed-side,  illuminated.  Incident 
radiation  is  required  to  penetrate  the  CCD  polycrystalline  silicon  gates  (typically  ~5(XX)  A)  before 
being  able  to  generate  electron-hole  pairs  (EHP)  in  the  pixel.  This  configuration  makes  radiation 
of  low  penetration  depth  undetectable.  One  attempt  to  eliminate  this  problem  involves  turning  the 
chip  around  in  order  to  illuminate  from  the  back  side,  thus  eliminating  attenuation  due  to  the  CCD 
processed  layers.  Backside  illumination  requires  removal  of  the  thick  p+  substrate  in  order  to 
bring  the  exposed  back  surface  in  close  proximity  to  the  intended  frontside  potential  well. 
However,  thinning  the  CCD  by  chemically  removing  the  substrate  is  not  sufficient  to  obtain  high 
quantum  efficiency,  because  positive  charge  in  the  native  oxide  traps  electrons  generated  near  the 
back  surface  of  the  CCD.  Termination  of  a  Si  surface  with  Si02  leads  to  depletion  of  carriers  at 
the  surface,  and  in  p-type  Si  the  band  bending  due  to  surface  depletion  serves  to  create  a  surface 
potential  well  for  electrons.  This  potential  well  can  extend  approximately  0.5  pm  into  the  p- 
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doped  epilayer  which  comprises  the  back  surface  of  the  thinned  CCD,  making  the  CCD 
insensitive  to  radiation  which  generates  electrons  near  the  surface.  Moreover,  the  width  of  the 
potential  well  is  sensitive  to  illumination,  leading  to  hysteresis  in  the  response  of  the  thinned 
CCD.  Electrons  generated  in  this  surface  potential  region,  or  diffusing  to  this  region,  recombine 
and  are  never  detected.  Hoenk  et  al  have  successfully  eliminated  this  effect  for  detection  of  UV 
light  by  MBE  modifying  the  back  surface  with  a  p++  delta  layer.  Internal  quantum  efficiencies 
of  unity  were  achieved Mn  the  UV  as  well  as  visible  wavelength  regimes,  and  stability  over  years 
has  been  demonstrated.2  The  100%  internal  quantum  efficiency  implies  the  detection  of  every 
electron  generated  by  UV  photons  that  have  penetration  depths  of  40-100  A. 

Low-energy  electrons  also  have  short  penetration  depths  in  Si  and  transfer  a  fraction  of  their 
energy  to  the  crystal  through  electron-hole  pair  (EHP)  production,  motivating  the  attempt  to 
extend  application  of  the  delta-doped  CCD  to  direct  electron  imaging.  Previous  work  on  electron 
detection  with  CCDs  modified  by  ion  implantation^  and  flash  gate  treatment  demonstrated 
sensitivity  down  to  electron  energies  of  0.9  keV.4  Using  delta-doped  CCDs,  we  have 
successfully  detected  electrons  down  to  50  eV  with  high  efficiency.  This  paper  will  briefly 
discuss  the  MBE  modifications  made  to  fully-processed  CCDs  and  discuss  the  experimental 
results  of  application  of  the  CCD  to  low  energy  electron  detection. 

Electrons  with  energies  above  1.8  keV  are  capable  of  generating  x-rays  in  silicon  that  can  damage 
the  gate  oxide  on  the  process-side  of  the  device.  While  backside  illumination  provides  some 
protection  due  to  the  10-15  pm  membrane  of  material  between  the  region  where  incident 
electrons  are  likely  to  deposit  their  energy  and  the  frontside  gate  oxide,  low  dark  current  for  the 
device  requires  minimizing  exposure  to  electrons  of  energy  above  1.8  keV . 

Delta-Doped  CCDs 

Delta-doped  CCD  processing  is  a  recent  development  at  JPL  which  uses  MBE  to  enhance  the  UV 
response  of  back-illuminated  CCDs  by  removing  the  dead  layer  associated  with  these  devices. 
The  general  processing  procedure  is  as  described  by  Hoenk  et  al.^  MBE  modifications  are  made 
to  the  back  surface  of  thinned,  fully-processed  CCDs  by  growing  at  low-temperature,  10  A  of 
boron-doped  Si  followed  by  deposition  of  2x10*4  B/cm2,  and  a  final  15  A  layer  of  undoped 
silicon.  The  delta-doping  process  is  possible  due  to  the  development  of  low-temp)erature  MBE 
technology,  MBE  allows  for  the  growth  of  atomically  sharp,  high  concentration  doping  profiles 
and  low-temperature  growth  ensures  that  the  processing  temperatures  do  not  approach  500®C, 
thereby  avoiding  dissolution  of  the  silicon  beneath  the  Al  metallization,  or  spiking,  of  fully 
processed  devices.  During  the  in-situ  preparation  and  subsequent  MBE  modification  of  the 
surface,  the  maximum  temperature  of  the  device  is  450°C  for  a  duration  of  four  minutes.  Boron 
diffusion  is  extremely  slow  at  this  temperature  and  therefore  allows  for  an  extremely  thin  layer  of 
charge  to  be  produced  5  A  from  the  Si/  Si02  interface.  TEM  analysis  has  demonstrated  that  this 
low-temperature  MBE  modification  is  defect  free  and  unlike  ion  implantation,  will  not  require 
annealing  to  remove  damage  or  to  incorporate  boron  onto  lattice  sites.5 

Delta-doped  CCDs  have  been  extensively  tested  and  have  shown  100%  internal  quantum 
efficiency  in  the  ultraviolet  and  visible  part  of  the  spectrum  indicating  that  the  deleterious 
backside  potential  well  responsible  for  the  detector  dead  layer  has  been  effectively  eliminated. 

EXPERIMENT 

To  gain  an  understanding  of  different  aspects  of  low-energy  electron  response  of  delta-doped 
CCDs,  we  performed  measurements  using  various  electron  sources  and  different  device 
configurations.  The  various  setups,  electron  sources,  device  configurations,  and  the  specific 
points  that  can  be  gleaned  from  each  measurement  are  described  below.  The  CCDs  used  in  these 
experiments  were  thinned,  back-illuminated  EG&G  Reticon  CCDs.  All  measurements  were 
repeated  with  both  delta-doped  and  untreated  CCDs.  In  some  of  the  measurements,  direct 
comparisons  of  delta-doped  CCDs  with  untreated  CCDs  were  made  on  the  same  device,  using  a 
delta-doped  CCD  which  included  a  controlled  (untreated)  region.  The  controlled  region  was 
provided  on  the  back  surface  of  the  array  by  masking  off  a  portion  of  the  surface  during  the  MBE 
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growth.  All  devices  were  fully-characterized  prior  to  the  electron  measurements  using  UV 
illumination.  Due  to  enhancement  of  quantum  efficiency  (QE)  in  the  UV  by  the  delta-doping 
process,  the  untreated  region  of  the  partially  delta-doped  device  were  readily  apparent  as  dark 
regions  in  the  image  made  with  uniform  exposure  to  incident  light  radiation,  i.e.  flat-field 
exposure,  using  250  nm  photons.  For  250  nm  light,  with  absorption  length  of  approximately 
70  A  in  silicon, 6  the  untreated  region  exhibited  zero  quantum  efficiency  whereas  the  delta-doped 
region  exhibited  reflection-limited  response. 

One  set  of  measurements  was  performed  in  an  SEM  to  take  advantage  of  its  highly-focused 
electron  beam.  The  SEM  apparatus  was  a  JEOL,  model  JSM  6400,  and  the  measurements  were 
made  with  beam  energies  ranging  between  200  eV  and  1  keV.  While  it  was  not  possible  for 
modifications  to  be  made  to  the  SEM  in  order  to  accommodate  the  electronics  necessary  for 
collecting  CCD  images,  performing  photo-diode  mode  measurements  was  quite  straightforward 
and  informative.  A  CCD  can  be  operated  in  such  a  way  as  to  integrate  the  entire  signal  collected 
over  the  surface  of  the  device,  photo-diode  mode,  by  grounding  all  pins  except  for  the  output 
amplifiers.  The  signal  is  then  read  from  the  pin  of  one  of  the  output  amplifiers,  giving  the 
compounded  response  of  each  of  the  pixels  in  the  irradiated  region  of  the  device.  Photo-diode 
mode  measurements  indicate  the  integrated  response  of  the  CCD  to  ineident  radiation  and 
demonstrate  the  effect  of  the  delta-doping  treatment  on  overall  collection  efficiency.  The  fact  that 
these  measurements  compound  the  response  of  all  irradiated  pixels  into  one  measurement 
effectively  averages  out  much  of  the  error  that  would  result  in  a  pixel  by  pixel  measurement 
With  the  highly-focused  beam  of  the  SEM,  we  were  able  to  make  measurements  in  the  untreated 
region  as  well  as  delta-doped  regions  and  therefore  directly  observe  the  effect  of  the  delta-doping 
process  on  collection  efficiency.  For  each  position  measured  on  the  surface  of  the  device  and  for 
each  energy,  beam  currents  were  first  measured  with  a  Faraday  cup.  CCD  response  to  the 
electron  beam  at  each  position  was  measured  in  photo-diode  mode,  and  finally,  the  beam  current 
was  again  measured  with  the  faraday  cup  to  insure  the  stability  of  the  beam  current.  Since  the 
CCD  is  very  sensitive  to  background  light,  response  of  the  CCD  was  measured  while  deflecting 
the  electron  beam  and  it  was  found  to  be  negligible. 

Another  set  of  measurements  was  made  in  a  UHV  system  in  photo-diode  mode.  For  this  mode 
of  measurement,  each  CCD  in  turn  was  mounted  in  plane  with  a  Faraday  cup  and  a  phosphor 
screen  onto  a  manipulator.  Using  the  custom  UHV  system  afforded  the  use  of  two  different 
electron  sources,  one  of  very  low  energy  and  one  of  similar  energies  as  used  in  the  SEM 
measurements.  The  low-energy  electron  gun  is  a  hot-filament  cath^e  that  produces  electron 
energies  of  several  10  eV  while  generating  a  strong  light  background.  Comparison  was  made 
between  the  observed  response  of  the  CCD  and  the  response  of  the  CCD  with  the  electron  beam 
magnetically  deflected.  Because  of  the  strong  CCD  response  to  the  background  light 
measurements  with  this  electron  gun  beam  are  reported  only  qualitatively.  The  higher  energy 
electron  source  which  is  a  modifi^  cathode  ray  tube  (CRT)  has  reasonably  stable  be^  energies 
varying  from  300  eV  to  several  keV.  Photo-diode  mode  measurements  were  made  with  b^m 
energies  ranging  from  300eV  to  lOOOeV.  Because  it  is  an  indirectly-heated  cathode,  this  gun  has 
very  small  background  light,  as  was  verified  with  our  measurements.  This  background 
illumination  was  quantified  by  magnetically  deflecting  the  electron  beam.  Repeated 
measurements  were  made  on  each  CCD  with  cdibration  of  the  beam  current  in  the  Faraday  cup 
both  before  and  after  each  CCD  measurement  to  insure  beam  stability.  In  this  ehamber  geometry 
the  beam  spot  was  about  one  centimeter  in  diameter  at  the  CCD.  A  circular  aperture  of  0.64  cm 
diameter  (the  same  as  the  Faraday  cup  opening)  was  defined  by  a  grounded  aluminum  sheet  in 
front  of  the  CCD  to  allow  the  exposure  for  the  Faraday  cup  and  the  CCD  to  the  same  part  of  the 
electron  beam. 

The  UHV  system  set-up  further  allowed  for  the  later  attachment  of  the  electronics  necessary  for 
operating  the  CCD  in  imaging  mode.  This  mode  of  operation  allows  for  observation  of  electron 
irradiation  on  operating  parameters  only  apparent  in  imaging  mode  such  as  charge  transfer 
efficiency  (CTE),  individual  pixel  response,  and  surface  charging.  For  using  the  CCD  in  the 
imaging  mode,  we  mounted  a  camera  directly  onto  the  UHV  chamber.  The  electron  source  used 
for  these  measurements  was  the  indirectly-heated  cathode  gun.  Because  of  the  highly-sensitive 
imaging  mode  of  opeiation,  the  incoming  flux  of  electrons  was  controlled  by  using  a  mechanical 
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shutter  thereby  taking  snap  shots  of  the  beam  in  10  msec  to  2  second  exposures.  Preliminary 
measurements  have  teen  made  at  500  eV  and  more  measurements  are  underway. 

At  electron  beam  energies  lower  than  the  silicon  Kq  edge,  there  is  no  risk  of  damage  to  the 
silicon  CCD  due  to  die  low  absorption  length  of  x-rays  in  silicon  for  this  energy  range. 
Electrons  at  energies  higher  than  approximately  1.8  keV  are  capable  of  producing  silicon  Ka  x- 
rays,  which  can  penetrate  the  ~10-15  pm  silicon  membrane  and  damage  the  sensitive  gate  oxide 
on  the  front  surface  of  the  CCD.  We  verified  the  CCD’s  high  tolerance  to  electrons  at  energies 
below  the  silicon  Ka  edge  by  exposing  the  delta-doped  CCD  to  1.5  keV  electrons  for  several 
hours.  Extensive  UV  testing  was  performed  after  this  exposure  as  a  test  of  effect  of  electron 
beam  on  the  delta-doping  treatment.  No  degradation  of  device  performance  was  observed  to 
result  from  exposure  to  electrons. 


RESULTS 

The  response  of  a  delta-doped  CCD  and  an  untreated  backside-thinned  CCD  to  electrons  were 
repeatedly  measured  in  the  range  of  200  eV  through  1000  eV  using  the  modified  CRT  and  the 
SEM  as  sources.  In  figure  1,  the  electron  quantum  efficiency  is  plotted  as  a  function  of  incident 
energy.  Quantum  ef&iency  was  calculated  by  dividing  the  measured  current  from  the  CCD 
configured  in  photodiode  mode  to  the  measured  electron  beam  current  (measured  by  a  Faraday 
cup),  which  is  equivalent  to  the  number  of  electron-hole  pairs  detected  divided  by  the  number  of 
incident  electrons.  Because  portions  of  the  delta-doped  CCD  were  masked  during  processing  to 
serve  as  control  regions,  data  taken  in  the  UHV  system  were  corrected  to  account  for  the  fraction 
of  untreated  exposed  CCD  area.  Due  to  the  negligible  response  of  the  untreated  back-illuminated 
CCD  at  these  energies,  it  was  assumed  that  the  control  region  of  the  delta-doped  CCD  does  not 
contribute  to  the  signal.  The  measured  quantum  efficiency  of  the  delta-doj>ed  CCD  increases 
with  increasing  energy  of  the  incident  team.  The  dependence  of  quantum  efficiency  on  incident 
energy  is  due  to  the  complicated  interaction  of  electrons  with  silicon  which  results  in  the 
generation  of  multiple  electron-hole  pairs  in  the  cascade  initiated  by  each  incident  electron.  A 
significant  fraction  of  the  incident  energy  is  undetected,  due  to  backscattering  of  incident 
electrons  and  other  energy  dissipation  mechanisms  (e.g.,  secondary  and  Auger  electron 
emission),  as  discussed  in  the  next  section.  Multiple  electron-hole  pair  production,  also  known 
in  the  literature  as  quantum  yield,  is  also  observed  in  the  measured  UV  and  x-ray  response  of 
delta-doped  CCDs  and  other  devices.  Quantum  yield  greater  than  unity  has  teen  previously 
observed  in  backside-illuminated  CCDs  modified  using  the  flashgate^  and  ion  implantation'^  at 
electron  energies  greater  than  1  keV.  Further  discussion  follows  in  the  next  section. 
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Figure  1  Ratio  of  detected 
electrons  to  incident 
electrons  as  a  function  of 
energy.  The  response  of 
the  CCD  increases  with 
increasing  energy  as  result 
of  multiple  electron-hole 
pair  generation. 
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The  delta-doped  CCD  is  the  first  CCD  shown  to  respond  to  electrons  with  energies  lower  than 
0.3  keV.  At  the  previously  reported  lower  limit  of  900  eV  and  1  keV  for  the  flashgate  CCD,  the 
quantum  efficiency  of  the  delta-doped  CCD  is  approximately  twice  as  great.  In  the  UHV 
chamber,  the  untreated  backside-thinned  CCD  showed  a  dramatically  lower  quantum  efficiency 
than  the  delta-doped  CCD.  The  response  of  the  untreated  CCD  to  electrons  was  unstable, 
decaying  with  a  time  constant  on  the  order  of  20  minutes  at  an  incident  electron  energy  of  1  keV. 
This  decay  was  not  reversible  by  a  thermal  anneal  at  a  temperature  of  90°C.  In  the  SEM,  the 
control  regions  of  the  delta-doped  CCD  showed  no  response  to  electrons  at  energies  less  than 
300  eV.  Even  at  1  keV,  the  response  was  very  low  and  unstable  in  these  control  regions.  The 
delta-doped  CCD  exhibited  a  response  above  the  noise  at  energies  as  low  as  50  eV,  using 
electrons  from  a  directly  heated  filament  source.  In  measurements  with  the  hot  filament,  the 
electron  signal  was  distinguished  from  the  background  light  signal  by  measuring  the  CCD 
response  before  and  after  magnetically  deflecting  the  electron  beam. 

In  preliminary  measurements  conducted  in  our  laboratory,  we  report  the  first  use  of  CCDs  to 
image  electrons.  Flat-field  images  of  500  eV  electrons  with  the  delta-doped  CCD  show  excellent 
qualitative  similarity  to  UV  images  at  250  nm,  with  nearly  identical  contrast  between  the  delta- 
doped  and  control  regions  of  the  CCD.  Some  small  dark  blemishes  are  apparent  in  one  comer  of 
the  electron  flat-field  image  that  are  not  seen  on  the  UV  flat-field,  but  this  could  be  due  to  dust  or 
debris  that  has  been  introduced  to  the  membrane  surface  in  the  course  of  handling,  transporting, 
and  storing  the  device  in  the  months  following  the  date  when  the  UV  flat-field  image  was  taken. 
Additional  studies  of  electron  imaging  with  the  delta-doped  CCD  are  under  way. 


DISCUSSION 

In  the  ultraviolet,  the  measured  quantum  efficiency  of  a  CCD  is  the  product  of  three  important 
quantities:  the  transmission  coefficient,  the  quantum  yield,  and  the  internal  quantum  efficiency  of 
the  CCD.2  The  transmission  coefficient  accounts  for  reflection  from  the  surface  and  absorption 
in  the  native  oxide,  the  quantum  yield  accounts  for  the  statistically-averaged  number  of  electron- 
hole  pairs  produced  at  the  energy  of  the  incident  photon,  and  the  internal  quantum  efficiency 
accounts  for  internal  losses  in  the  CCD,  such  as  recombination  of  electron-hole  pairs  at  the  back 
surface  of  the  CCD.  Ultraviolet  measurements  of  the  delta-doped  CCD  indicate  that  the  internal 
quantum  efficiency  is  very  nearly  100%,  even  at  270  nm  where  the  absorption  length  in  silicon  is 
only  4  nm.  The  UV  data  suggest  that  the  internal  quantum  efficiency  of  the  delta-doped  CCD  is 
approximately  100%  for  electrons-provided  the  CCD  is  not  damag^  during  the  measurements. 
As  discussed  in  the  experimental  section,  we  verified  that  the  electron  exposure  did  not  degrade 
the  performance  of  the  CCD. 

Incident  electron  radiation  deposits  energy  in  semiconductors  through  low-energy  processes. 
Some  of  these  mechanisms  include  secondary  electron  generation.  Auger  processes,  Compton 
scattering,  and  backscattering.  Part  of  the  incident  electron  energy  is  transferred  to  the 
semiconductor  through  generation  of  EHPs.  The  average  fraction  of  energy  dissipated  through 
these  processes,  EHP  generation  and  all  other  losses,  is  a  characteristic  of  the  material.8  For 
silicon,  the  statistical  average  number  of  EHPs  generated  by  high-energy  electrons  or  photons, 
also  known  as  quantum  yield,  can  be  estimated  by  dividing  the  incident  energy  by  3.63  eV  over  a 
wide  range  of  incident  energies.^  The  quantum  yield  has  been  measured  for  silicon  using  x-ray 
and  ultraviolet  radiation.  The  quantum  yield  for  low-energy  electrons  has  never  been  measured. 

Among  the  important  factors  that  influence  the  observed  response  to  incident  electron  irradiation 
is  backscattering  of  electrons.  A  large  fraction  of  electrons  are  lost  in  backscattering  as  energetic 
electrons  impinge  upon  the  surface  of  the  material.  It  is  therefore  necessary  to  have  a  good 
estimate  of  the  backscattering  coefficient  in  order  to  interpret  the  measured  CCD  quantum 
efficiency.  Theoretical  and  experimental  studies,  alike,  have  concentrated  on  the  backscattering 
coefficient  of  higher  energy  electrons  (generally  for  energies  greater  than  5  or  10  keV).  Drescher 
etal.  have  measured  backscattering  of  10-25  keV  electrons  from  silicon  and  aluminum  targets^^ 
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and  Darlington  et  al.  have  measured  backscattering  from  aluminum  of  electrons  of  energies  down 
toO.SkeV.  These  are  shown  in  figure  2  along  with  theoretical  estimates  from  Staub  et  al. 

The  theory  does  not  correlate  well  with  the  low-energy  Al  measurements.  An  estimate  for  the 
low  energy  backscattering  coefficients  of  Si  can  be  obtained  by  using  a  fit  to  Darlington’s 
experimental  Al  data  and  then  extrapolating  the  fit  to  200  eV.  While  using  this  model  gives  some 
qualitative  indication  of  the  effect  of  back-scattering  on  quantum  efficiency  of  the  delta-doped 
CCD  for  low-energy  electron  irradiation,  the  backscattering  coefficient  of  low-energy  electrons 
from  silicon  has  not  yet  been  measured.  Using  the  measured  backscattering  coefficient  of  Al  as 
an  estimate  for  silicon,  we  have  estimated  that  the  backscattering  coefficient  for  silicon  is 
approximately  40-50%  in  the  200-1500  eV  energy  range.  Even  after  taking  backscattering  into 
account,  we  are  not  detecting  enough  electrons  to  give  us  one  electron  for  every  3.63  eV  of 
incident  energy.  This  means  that  either  the  actual  quantum  yield  is  lower  for  electrons  in  this 
energy  range,  (or  3.63  eV  does  not  apply  in  this  range)  or  other  electron  interactions  contribute 
significantly  to  the  transmission  factor  for  low-energy  electrons. 
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Figure  2. 
Experimental  and 
theoretical 
backscattering 
results  with 
extrapolation  down 
to200eV. 


Analogous  to  the  UV  quantum  efficiency  discussed  above,  our  electron  response  measurements 
represent  the  product  of  the  effective  quantum  yield,  the  transmission  factor  (a  factor  representing 
the  fraction  of  incident  beam  absorbed  in  the  device  which  includes  backscattering  coefficient), 
and  the  quantum  efficiency  of  the  device.  Assuming  that  all  the  generated  electrons  are  detected 
by  the  delta-doped  CCD  (internal  QE~100%),  our  measurements  will  represent  the  product  of  the 
effective  quantum  yield  of  silicon  and  the  transmission  factor  for  low-energy  electrons.  If  the 
transmission  factor  is  dominated  by  the  backscattering  coefficient,  i.e.,  40-50%  for  200-15(X)  eV 
electrons,  we  have  measured  the  effective  quantum  yield. 

While  separating  the  effects  of  transmission  and  quantum  yield  is  interesting  from  a  theoretical 
standpoint,  the  convolution  of  the  two,  as  measured  in  these  experiments,  is  the  quantity  of 
interest  for  solid-state  electron  detectors.  It  is  significant  that  no  other  solid-state  devices  detect 
low-energy  electrons  as  efficiently  as  the  delta-doped  CCD,  due  to  the  presence  of  a  dead  layer 
near  their  surfaces.  In  addition  to  its  high  efficiency,  the  delta-doped  CCD  also  has  the  capability 
to  image  low-energy  particles,  which  may  prove  valuable  in  energy-selective  particle  detector 
applications. 
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CONCLUSIONS 


Because  of  their  high  resolution,  linearity,  and  large  dynamic  range,  CCDs  could  make  major 
advances  in  particle  detection.  Delta-doped  CCDs  have  been  used  for  low-energy  electron 
detection  in  the  50-1500  eV  energy  range,  this  represents  the  first  measurements  using  CCDs  to 
detect  electrons  in  this  energy  range.  Using  delta-doped  CCDs,  we  have  extended  the  energy 
threshold  for  detection  of  electrons  by  approximately  two  orders  of  magnitude.  We  have  also 
demonstrated  the  highest  gain  achieved  to  date  by  b^k-illuminated  CCDs  in  response  to  low- 
energy  electrons.  Surface  modification  by  delta-doping  using  MBE  has  demonstrated  the  highest 
quantum  yield  yet  achieved  for  a  backside  electron-irr^iated  CCD.  For  the  first  time,  electrons 
have  been  imaged  with  a  CCD  for  the  case  of  500  eV  electrons  with  a  delta-doped  CCD. 
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ABSTRACT 

We  have  studied  the  effect  of  surface  orientation  on  the  optical  and  morphological 
characteristics  of  coherently-strained  InP  islands  grown  on  GaInP/GaAs.  The  differences 
between  islands  grown  on  the  (100)  orientation  and  the  (311)A  orientation  are  studied. 
Islands  grown  on  the  (311) A  orientation  are  more  dense  than  the  islands  grown  on  the 
(100)  orientation.  For  the  (100)  orientation,  the  island  height  distribution  is  bimodal 
peaked  at  20  A  and  220  A.  For  the  (31 1)A  orientation,  the  island  height  distribution  is  also 
bimodal  peaked  at  15  A  and  60  A.  Photoluminescence  measurements  for  the  (311)A 
orientation  show  a  peak  at  1.9  eV  attributed  to  small  islands.  This  peak  is  shifted  to  higher 
energies  in  comparison  to  the  corresponding  peak  for  the  (100)  orientation  which  is  at  1.77 
eV.  This  peak  shift  is  due  to  the  fact  that  the  small  islands  on  the  (311)A  orientation  are 
smaller  than  the  corresponding  islands  on  the  (100)  orientation. 

INTRODUCTION 

The  ability  to  fabricate  a  self- assembling  quantum  structure  without  using  ex-situ 
techniques  is  a  desirable  alternative  to  some  of  the  lithography  and  etching  techniques 
presently  used  in  device  fabrication  [1].  Yet,  self- assembling  growth  techniques  still  lack 
the  control  achievable  with  ex-situ  techniques.  In  order  to  more  precisely  control  growth 
and,  in  turn,  produce  high  quality  materials,  it  is  helpful  to  have  an  understanding  on  a 
fundamental  level.  Specifically,  it  is  desirable  to  have  a  fine  level  of  control  oyer  the 
density  and  size  of  the  quantum  structures  as  these  two  parameters  determine  the 
optoelectronic  characteristics  of  the  material. 

Recently,  the  utilization  of  self-assembling  islands  resulting  from  the  coherent 
Stranski-Krastanov  [2]  growth  mode  as  quantum  dots  has  been  attracting  interest  [3].  The 
island  size  and  density  and,  in  turn,  the  optical  characteristics  of  the  islanded  surface  can  be 
altered  by  varying  such  growth  parameters  such  as  temperature  and  growth  rate  [4-8].  One 
particular  growth  parameter  that  has  been  a  focus  is  the  crystallographic  orientation  of  the 
growth  surface  [9-10].  In  this  work,  we  have  grown  self-assembled  InP  islands  on 
GaInP/GaAs(311)A  and  GaInP/GaAs(100)  and  compared  the  surface  morphology  and 
photoluminescence  (PL)  of  the  two  orientations. 

METHODOLOGY 

The  samples  used  in  this  study  were  grown  by  metalorganic  chemical  vapor  deposition 
under  conditions  similar  to  those  reported  in  detail  elsewhere  [11].  GaAs(lOO)  and 
GaAs(311)A  substrates  were  loaded  into  the  growth  chamber  to  undergo  simultaneous 
deposition.  After  an  anneal  in  an  arsenic-containing  environment,  a  1000  A  GaAs  buffer 
layer  was  grown,  followed  by  a  300  A  Gao.51Ino.49P  layer  which  is  lattice  matched  to 
GaAs.  The  InP  was  then  deposited.  For  PL  samples,  a  500  A  GalnP  capping  layer  was 
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grown.  Growth  was  stopped  and  the  sample  was  cooled  in  a  phosphorus-containing 
environment.  The  estimated  InP  deposition  rate  is  one  monolayer  per  second  for  lattice 
matched  growth  on  (100). 

Morphological  characterization  was  done  with  tapping-mode  atomic  force 
microscopy  performed  in  air.  Island  sizes  were  measured  using  the  cross-section  profile 
routine  in  the  microscope  software.  PL  was  performed  at  2  K  using  the  488  nm  emission 
of  an  Ar-ion  laser,  dispersed  by  a  one  meter  monochromator.  The  luminescence  was 
detected  using  a  GaAs  photomultiplier. 

RESULTS  AND  DISCUSSION 

Different  amounts  of  InP  were  deposited  on  GaInP/GaAs  surfaces  of  both 
orientations.  An  example  of  such  surfaces  are  shown  in  Fig.  1.  These  atomic  force 
micrographs  are  top  views  of  the  InP/GalnP  surfaces  after  4  s  of  InP  deposition  on  both 
the  (311)A  (cf.,  Fig.  1(a))  and  the  (100)  orientation  (cf.,  Fig.  1(b)).  The  gray  features  are 
short  InP  islands,  and  the  white  features  are  taller  InP  islands.  Qualitatively,  we  see  that  the 
islands  are  laterally  smaller  and  more  dense  on  the  (3 11) A  orientation  than  on  the  (100) 
orientation. 

The  difference  between  types  of  islands,  both  for  a  given  orientation  or  between 
different  orientations,  is  size.  In  general,  small  islands  are  formed  in  the  first  stage  of 
three-dimensional  growth.  With  additional  deposition,  medium-sized  islands  evolve  and 
co-exist  with  the  small  islands.  If  any  of  the  islands  develop  strain-relieving  defects  they 
become  larger  than  the  other  islands  growing  linearly  with  time  [11].  For  this  study,  we 


Fig.  1  Atomic  force  micrographs  of  InP/GaInP/GaAs  after  4  s  of  InP  deposition. 
Deposition  of  InP  on  GaInP/GaAs(311)A  is  shown  in  (a),  and  deposition  of  InP 
on  GaInP/GaAs(100)  is  shown  in  (b).  The  micrographs  represent  top  views  of 
the  two  orientations.  The  gray  features  are  small  islands,  and  the  white  features 
are  tall  islands.  The  dark  streaks  in  (b)  are  artifacts  of  the  imaging.  Both 
micrographs  are  3  pm  by  3  pm.  The  height  ranges  are  150  A  and  300  A  for  (a) 
and  (b),  respectively.  Both  images  were  plane-fitted  and  flattened  using  an  third 
order  polynomial. 
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Fig.  2.  Island  height  distribution  for  InP/GaInP/GaAs(31 1)A  and  (100)  after  4  s 
of  InP  deposition.  The  lines  serve  as  guides  to  the  eye.  Notice  that  even  though 
the  distributions  for  both  orientations  are  bimodal  the  islands  for  the  (311)A 
orientation  are  shorter. 

have  interrupted  growth  prior  to  forming  a  large  population  of  defected  islands;  we  are 
studying  a  population  of  primarily  coherent  islands.  This  is  seen  by  the  bimodal 
distributions  of  island  heights  shown  in  the  histograms  in  Fig.  2.  For  the  (311)A 
orientation,  small  islands  have  a  height  distribution  centered  around  15  A  and  the  medium 
islands  have  a  height  distribution  centered  around  60  A.  Moving  to  the  (100)  orientation, 
the  island  height  distribution  is  peaked  at  approximately  30  A  and  approximately  240  A. 
Also,  notice  that  the  height  of  the  peaks  for  the  (311)A  distribution  are  larger  than  the 
corresponding  peaks  for  (100)  indicating  that  the  island  density  on  the  (31 1)A  orientation  is 
higher  than  the  island  density  on  the  (100)  orientation. 

Table  I  gives  a  summary  of  the  size  measurements  for  both  types  of  islands  on  the 
two  surfaces.  As  previously  discussed,  there  are  two  different  heights  of  islands  for  both 
surfaces.  The  smallest  islands  formed  on  both  orientations  are  comparable  in  height.  Yet, 
for  the  (31 1)A  orientation,  the  medium  islands  are  smaller  than  the  equivalent  islands  on  the 
(100)  orientation.  Furthermore,  the  small  and  medium  islands  are  closer  in  height  for  the 
(311) A  orientation  than  are  the  small  and  medium  islands  on  the  (100)  orientation.  For 
each  surface  studied,  the  small  and  medium  islands  have  the  same  base  width.  The  base 
width  for  the  islands  on  the  (3 1 1)A  orientation  is  smaller  (750  A)  than  the  base  width  of  the 
islands  on  the  (100)  orientation  (1200  A).  Thus,  for  a  complete  ensemble  of  islands,  the 
(311)A  orientation  gives  islands  that  are  smaller  in  dimension. 


Table  I.  Peak  values  of  island  size  distributions  for  InP/GaInP/GaAs. 


(311)A 

(100) 

height  of  small  islands 

15  A 

20  A 

height  of  medium  islands 

60  A 

240  A 

base  width  of  small  islands 

750  A 

1200  A 

base  width  of  medium  islands 

750  A 

1200  A 
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Fig.  3.  PL  spectra  for  IrLP/GaInP/GaAs(311)A  and  (100)  after  2  s  of  InP 
deposition.  Notice  that  the  small  island  peak  for  the  (31 1)A  orientation  at 
1.9  eV  is  shifted  to  higher  energy  in  comparison  to  the  small  island  peak 
for  the  (100)  orientation  which  is  at  1.77  eV. 


The  differences  in  island  dimensions  between  the  two  surface  orientations  give  rise 
to  differences  in  optical  properties.  The  PL  spectra  for  InP  island  samples  grown  on  both 
the  (311)A  and  the  (100)  orientations  of  GalnP  are  shown  in  Fig.  3.  We  see  several 
features  for  the  (100)  orientation.  The  peaks  attributed  to  GaAs  are  around  1.5  eV  and  the 
peak  attributed  to  GalnP  peak  is  at  1.88  eV.  The  peak  at  1.6  eV  is  attributed  to  the  medium 
islands,  and  the  peak  at  1.77  eV  is  attributed  to  the  small  islands.  This  spectrum  is  typical 
of  the  (100)  orientation  over  a  range  of  deposition  times  [12,13].  One  effect  observed  for 
the  (311)A  orientation  is  that  at  short  deposition  times,  only  small  islands  are  observed 
[14].  Examining  the  spectrum  for  a  short  deposition  on  (311)A  (cf..  Fig.  3),  we  again 
see  the  peaks  attributed  to  GaAs  at  around  1.5  eV.  The  peak  attributed  to  GalnP  for 
(311)A  is  at  1.94  eV.  The  shift  in  the  GalnP  peak  to  higher  energies  for  the  (311)A 
orientation  is  attributed  to  less  atomic  ordering  of  the  GalnP.  For  (31 1)A,  we  only  see  one 
peak  at  1.9  eV  which  is  attributed  to  the  InP  islands. 

In  comparing  the  spectra  from  the  two  surfaces,  note  that  the  InP  island  PL  peak  for 
the  (311)A  orientation  is  shifted  to  higher  energies  in  comparison  to  the  (100)  small  island 
peak.  The  primary  reason  for  this  shift  is  that  the  small  islands  on  the  (31 1)A  orientation 
are  smaller  than  the  equivalent  islands  on  the  (100)  orientation,  (cf..  Table  I).  There  are 
also  some  other  reasons  that  may  lead  to  a  shift  in  the  luminescence  emission  energy  such 
as  an  increase  in  the  band  gap  of  the  barrier  materials  (i.e.,  GalnP)  or  the  different 
orientation.  As  seen  by  other  studies  of  self-assembled  quantum  dots  on  different 
orientations  [15],  the  effects  of  different  orientations  often  have  nominal  effects  on 
emission  energy.  We  believe  that  the  primary  cause  of  the  energy  shift  is  the  smaller 
islands. 
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SUMMARY 


We  have  studied  the  effect  of  surface  orientation  on  the  morphological  and  optical 
characteristics  of  InP  islands  on  GaInP/GaAs(31 1)A  and  (100).  The  island  density  on  the 
(311)A  orientation  is  higher  than  for  the  (100)  orientation.  The  islands  on  the  (311)A 
orientation  are  smaller  in  height  and  base  width  than  for  the  corresponding  islands  on  the 
(100)  orientation.  The  PL  pe^  for  the  smaller  islands  on  the  (311)A  orientation  is  shifted 
to  higher  energies  in  comparison  to  the  corresponding  island  peak  for  the  (100)  orientation. 
With  this  work  we  have  shown  it  is  possible  to  adjust  the  dimensions  and  optical 
characteristics  of  self-assembled  islands  by  altering  the  growth  surface  orientation. 
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ABSTRACT 

In-situ  organization  of  InSb  quantum  dots  on  Alo.5Gao.5Sb  is  reported.  Samples  were 
grown  on  just  (100),  5°ofF  (100)  towards  [0-1-1],  (311)A,  and  (311)B  surfaces  of  GaAs  by 
molecular  beam  epitaxy.  The  growth  mechanism  and  characteristics  of  quantum  dots  were 
analyzed  using  reflection  high-energy  electron  diffraction,  atomic  force  microscopy,  and 
photoluminescence.  Observed  photoluminescence  peak  shift  towards  lower  energy  side  with 
InSb  thickness  was  interpreted  by  the  development  of  quantum  dots.  Substrate  orientation  effect 
was  examined  and  found  to  be  useful  to  increase  the  dot  density.  As  a  result,  as  high  as  ~3xl0^ 
cm’^  dot  density  was  achieved  on  the  (3il)B  substrate  whereas  the  typical  value  on  the  (100) 
was  -2x10*  cm‘^. 

1.  INTRODUCTION 

Strain  induced  three-dimensional  growth  has  stimulated  many  research  groups  to  realize 
novel  heterostructures  containing  nanoscale  islands  acting  as  quantum  dots  (QDs)  with  relative 
ease.  In  the  last  several  years,  many  previous  studies  using  molecular  beam  epita^ty  (MBE)  have 
focused  on  InAs/GaAs  [1,2]  and  InGaAs/GaAs  [3]  systems  to  imderstand  the  island  growth, 
Stranski-Krastanov  (S-K)  mode  growth.  More  recently,  this  in-situ  approach  of  fabricating  QDs 
has  been  extended  to  other  material  systems  [4-6].  According  to  the  report  by  Bennett  et  al.  [6], 
S-K  mode  MBE  growth  is  also  effective  to  yield  QDs  of  InSb  on  (100)  GaAs  substrates.  They 
observed  a  photoluminescence  (PL)  emission  at  around  1.1  eV  and  related  it  to  the  radiative 
recombination  between  the  electrons  in  the  GaAs  and  the  holes  in  the  InSb  QDs  [7].  They 
explained  the  transition  energy  assuming  a  type  II  band  alignment  combined  with  a  Hartree 
potential  at  the  interface. 

In  this  work,  the  S-K  mode  MBE  growth  of  InSb  QDs  on  Alo.5Gao.5Sb  is  reported  for  the 
first  time.  Since  InSb/Alo.5Gao.5Sb  is  expected  to  form  a  type  I  band  alignment,  this  experiment 
can  provide  simpler  examples  to  understand  the  electron  confinement  in  the  InSb  QDs.  This 
material  system  is  also  promising  for  device  applications  such  as  long  wavelength  QD  lasers. 
We  have  grown  the  InSb  QDs/Alo.5Gao.5Sb  using  (100)  and  high-index  GaAs  substrates  to  study 
the  S-K  mode  growth  on  off-angle  surfaces.  Their  structural  and  optical  characteristics  are 
discussed. 

2.  EXPERIMENTAL 


Samples  were  grown  from  elemental  sources  using 
an  MBE  machine  equipped  with  non  clacking  K-cells. 

Substrates  of  (311)A,  (311)B,  5°off  (100)  towards  [0-1-1], 
and  just  (100)  GaAs  were  mounted  side  by  side  on  a  same 
substrate  holder.  Due  to  8  %  larger  lattice  constant  than 
that  of  GaAs,  the  Alo.5Gao.5Sb  epilayer  is  expected  to  be 
strained  compressively.  In  order  to  accommodate  the 
strain,  we  employed  a  GaSb/AlSb  superlattice  followed  by 
a  thick  GaSb  buffer  layer  on  the  GaAs  substrates.  A 
schematic  sample  structure  is  shown  in  Fig.  1.  After  oxide 
desorption  at  580  °C,  smoothing  layers  of  a  300  nm  GaAs 
and  a  10  nm  AlAs  were  grown  at  600  ®C.  Then,  the 
antimonide  layers  consisted  of  a  100  nm  AlSb,  a  15  period  Fig.l  Schematic  sample  structure. 
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of  (GaSb)2o/(AlSb)2o,  a  1  M,m  GaSb,  and  a  15  nm  Alo.fGao.sSb  were  grown  at  550  °C. 
Subsequently,  the  growth  was  interrupted  until  the  substrate  had  cooled  down  to  400  °C.  On  top 
of  the  Alo.sGao.sSb  whose  lattice  constant  is  about  6  %  smaller  than  that  of  InSb,  we  grew  InSb 
QDs  at  a  rate  of  0.03  ML/s.  For  samples  to  measure  PL  spectra,  a  50  nm  Alo.sGaojSb  cap  layer 
was  grown  on  the  InSb  QDs.  The  whole  growth  process  was  in-situ  monitored  by  reflection 
high-energy  electron  diffraction  (RHEED).  The  surface  morphology  of  the  film  was  ex-situ 
characterized  in  air  by  atomic  force  microscopy  (AFM)  at  room  temperature.  The  PL  from  the 
samples  was  measured  at  17  K  using  the  excitation  of  the  514.5  nm  line  of  a  50  mW  Ar  ion 
laser. 

3.  GROWTH  ON  (100)  SUBSTRATES 

Growth  on  just  (100)  GaAs  substrates  is  discussed  in  this  section.  During  the 
Alo.5Gao.5Sb  growth,  we  observed  a  RHEED  pattern  of  streaked  (1x3)  indicating  an  Sb- 
stabilized  surface.  The  succeeding  growth  interruption  made  the  reconstruction  much  sharper 
due  to  the  flattening  of  the  surface  in  an  atomic  scale.  During  the  InSb  growth,  this  streaked 
(1x3)  reconstruction  continued  up  to  2.5  ML  and  then  gradually  changed  to  a  faint  chevronlike 
pattern.  In  Fig.2,  we  show  an  in-situ  measured  response  of  the  specular  spot  intensity  in  the 
RHEED  pattern.  The  electron  beam  was  introduced  in  the  [010]  direction.  After  2.5  cycles  of 
oscillations,  the  RHEED  intensity  started  a  rapid  and  monotonous  decrease,  which  indicates  the 
change  of  growth  mode  from  two-dimensional  (2D)  to  3D  at  2.5  ML.  These  experimental  data 
suggest  that  the  coherent  growth  to  Alo.5Gao.5Sb  is  limited  within  the  initial  2.5  ML  of  the  InSb. 
The  2D/3D  transition,  however,  depended  on  the  growlh  condition  as  is  observed  generally  in 
other  material  systems,  and  the  chevronlike  pattern  also  developed  after  closing  the  cell  shatter 
even  though  the  InSb  growth  was  interrupted  at  less  than  2.5  ML.  This  change  can  be 
understood  by  a  formation  of  3D  islands  to  relax  the  excess  strain  in  the  2D  InSb  film  via 
surface  transport.  Because  such  accommodation  was  not  observed  for  films  less  than  1 .4  ML, 
we  can  conclude  that  the  critical  thickness  under  thermal  equilibrium  was  about  1 .4  ML  for  the 
nucleation  of  3D  islands  on  the  2D  wetting  layer. 


Time  (sec) 


Fig.2  In-situ  measured  [010]  RHEED  patterns  and  corresponding 
change  of  the  specular  spot  intensity. 

In  agreement  with  the  RHEED  experiment,  an  AFM  observation  revealed  no  3D  islands 
characteristic  of  S-K  mode  growth  on  samples  with  1.4  ML  InSb.  At  1.6  ML,  square-cone 
shaped  islands,  QDs,  developed  clearly  although  their  areal  density  was  relatively  low,  -1x10^ 
cm'^.  The  QD  density  increased  with  InSb  thickness  and  reached  to  -1x10*  cm'^  at  around  2 
ML,  and  then  saturated  to  -2x10*  cm'^  at  around  6  ML.  In  this  saturation  region,  from  2  to  6 
ML,  the  increase  in  the  total  volume  of  the  QDs  roughly  corresponded  to  the  total  amount  of  the 
InSb  deposited.  More  than  6  ML,  however,  the  QD  density  gradually  decreased  with  increasing 
the  average  QD  size.  This  change  in  more  than  6  ML  probably  due  to  beginning  of  coalescence 
since  many  QDs  have  closely  coupled  each  other  forming  a  partly  overlapped  island  shape.  For 
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the  QD  growth  on  (100)  substrates,  we  obtained  nearly  the  same  thickness  dependence  over  the 
wide  range  of  Sb/In  beam  equivalent  pressure  ratio,  BEP(Sb/In),  between  25  and  100.  A  typical 
AFM  image  from  a  4.8  ML  InSb  sample  grown  at  BEP(Sb/In)=100  is  shown  in  Fig.3.  The 
average  values  of  density,  width,  and  height  of  the  QDs  were  about  2.6x10^  cm'^,  180  nm,  and 
45  nm,  respectively.  It  was  indicated  by  the  chevronlike  RHEED  pattern  during  growth  that  the 
QD  side  planes  consisted  of  (122)  facets. 


Fig.3  A  typical  AFM  image  from  a  4.8ML  InSb 
sample  grown  at  BEP(Sb/In)=100. 

Low  temperature  PL  spectra  from  three  different  samples  covered  with  a  50  nm  thick 
Alo.5Gao.5Sb  are  shown  in  Fig.4.  The  average  InSb  thicknesses  for  these  spectra  (a),  (b),  and  (c) 
were  1.4,  1.6,  and  4.8  ML,  respectively.  From  the  1.4  ML  sample,  on  which  no  QDs  were 
confirmed  by  AFM,  only  a  single  and  intense  emission  was  observed  in  the  PL  spectrum  being 
strongly  shifted  to  hi^er  energy  side  with  respect  to  InSb  band  gap  (0.24  eV).  To  understand 
the  PL  peak  of  Fig.4(a),  we  estimate  the  transition  energy  of  electrons  in  the  InSb  wetting  layer 
clad  with  Alo.5Gao.5Sb.  In  the  calculation,  a  model  solid  theory  [8]  combined  with  deformation 
potentials  and  an  envelope  function  approximation  are  used.  We  assume  that  the  InSb  layer  is 
coherently  strained  under  the  biaxial  strain  due  to  the  lattice  mismatch.  The  effect  of 
nonparabolic  InSb  conduction  band  is  included  in  the  subband  calculation  using  a  Kane  model 
[9].  This  calculation  leads  to  the  transition  energy  of  1.11  eV  from  the  lowest  electronic 
subband  to  the  heavy  hole  subband  (from  Ei  to  HHi)  in  the  type  I  quantum  well.  Although  the 
energy  is  0.07  eV  smaller  than  the  experiment,  the  agreement  is  fairly  good. 


Fig.4  PL  spectra  from  three  different  covered  samples  at  1 7K. 

The  thicknesses  of  InSb  are  (a)  1.4ML,  (b)  1.6ML,  (c)  4.8ML, 
respectively. 


195 


The  formation  of  the  InSb  QDs  resulted  in  a  strong  modification  of  the  PL  spectra.  From 
the  1.6  ML  sample  with  -1x10^  cm*^  QDs,  a  new  broad  emission  band  appeared  at  around  0.92 
eV,  as  shown  by  the  spectrum  Fig.4(b),  in  addition  to  the  sharp  peak  from  the  wetting  layer. 
This  broad  band  is  considered  to  be  Ae  emission  from  the  quntized  states  in  the  QDs.  We 
attributed  the  multiple  peaks  in  the  broad  band  to  the  widely  distributed  QD  size  at  the  initial 
islanding  stage  of  Ae  S-K  transition.  With  increasing  the  InSb  deposition,  the  emission  band 
from  the  QDs  shifted  to  the  lower  energy  side.  In  the  PL  spectrum  from  the  4.8  ML  sample  with 
-2x10*  cm‘^  QDs,  Fig.4(c),  the  signal  from  the  wetting  layer  disappeared  and  instead,  a  new 
peak  at  0.78  eV  appeared  to  dominate  the  emission.  The  observed  peak  shift  is  reasonably 
understood  by  the  increased  QD  size  with  the  InSb  thickness.  However,  these  emission  peaks  in 
spectra  (a),  (b),  and  (c)  have  larger  energies  compared  with  the  theoretical  calculations  on  the 
electron  transitions  in  the  respective  quantum  structures.  According  to  the  recent  Raman 
scattering  study  on  AlSb  QDs/GaAs  [10],  the  strain  due  to  the  lattice  mismatch  enhances 
interdiffusion  of  component  elements  and  leads  to  an  alloyed  composition  (AlGa)Sb  in  the  QDs. 
Therefore,  although  not  probed  yet  in  our  experiment,  this  deviation  is  presumably  caused  by 
the  alloyed  (AlGaln)Sb  composition  of  the  QDs.  Its  larger  band  gap  with  respect  to  InSb  can 
explain  the  increased  emission  energy. 

4.  GROWTH  ON  HIGH-INDEX  SUBSTRATES 

We  report,  in  this  section,  preliminary  experimental  results  of  the  substrate  orientation 
effect  on  QD  growth.  Since  step  density  and  surface  chemistry  vary  with  the  orientation, 
different  growth  kinetics  might  be  possible  for  high-index  substrates.  For  instance,  Lubyshev  et 
al.  have  reported  that  PL  from  QDs  depends  considerably  on  the  substrate  orientation  [11].  As 
well,  we  can  expect  an  improvement  of  the  low  QD  density  on  (100)  substrates  (~10^  lower  than 
typical  experimental  data  on  InAs  QDs/GaAs)  by  using  high-index  substrates  since  the 
migration  length  in  general  becomes  short  with  increasing  the  off-angle. 

In  order  to  study  the  orientation  effects,  we  compared  four  different  samples  with  the 
same  InSb  thickness  of  4.8  ML  simultaneously  grown  at  BEP(Sb/In)=100.  The  dot  densities 
observed  are  2.6x10*,  4.8x10*,  1.1x10^  and  1.6x10^  cm'^  for  just  (100),  5W(100),  (311)A, 
and  (311)B  substrates,  respectively.  The  QD  density  on  the  high- index  substrates  considerably 
increased,  roughly  twice  on  the  5°off  (100)  and  four  times  on  both  of  the  (311)A  and  B,  as 
compared  wiA  ftiat  on  the  just  (100)  substrate.  In  Fig.5(a)  to  (d),  we  show  the  height 
distributions  of  QDs  on  these  samples.  These  histograms  nearly  correspond  to  the  size 
distribution  since  the  width/height  ratio  of  QDs  was  about  4,  which  is  independent  of  the 
substrate  orientation.  On  the  just  (100)  substrate,  as  shown  by  Fig.5(a),  most  of  QDs  were 
higher  than  40  nm  although  another  isolated  peak  presumably  due  to  embryonic  QDs  appeared 
at  5  nm.  On  the  S^off  (100),  Fig.5(b),  the  most  frequent  QDs  were  around  35  nm  in  height  and 
only  QDs  lower  than  45  nm  were  observed.  On  the  contrary,  both  histograms  of  Fig.5(c)  and  (d) 
for  the  QDs  on  (311)A  and  B  did  not  have  clear  peak  but  widely  distributed  from  the  smallest 
size,  5  nm.  Note  that  the  percentage  of  the  small  size  dots  became  large  on  these  high-index 
substrates.  These  results  strongly  suggest  that  the  QD  growth  kinetics  is  closely  connected  with 
the  surface  orientation. 

Next,  we  explored  the  QD  growth  process  by  changing  the  amount  of  the  InSb 
deposited.  We  found  that  the  QD  density  on  the  (311)B  dramatically  increased  and  reached  to 
-5x10^  cm‘^  within  the  initial  2.0  ML  growth  (0.6  ML  from  the  S-K  transition  at  1.4  ML).  Then, 
the  QD  density  once  decreased  to  -1x10^  cm'^  with  the  succeeding  1.0  ML  InSb  deposition  and 
again  increased  to  -2x10^  cm'^  at  around  6  ML.  On  the  5°off  (100),  the  initial  increase  was  also 
dramatic  but  saturated  at  ~lxl0’  cm‘^  and  then  the  density  decreased  to  -5x10*  cm'^  at  around  3 
ML.  More  than  3  ML,  the  density  did  not  change  till  6  ML.  Compared  with  these  two  cases,  the 
initial  rise  on  the  (31 1)A  was  a  little  slow  and  reached  to  -1x10^  cm'^  at  around  2.5  ML.  Further 
InSb  deposition  till  6  ML  did  not  change  the  density  but  increased  the  size.  On  the  just  (100), 
however,  much  more  gradual  increase  was  observed  for  the  QD  density  as  discussed  in  the 
previous  section. 
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Fig.5  Dot  height  histograms.  The  total  amount  of  the  deposited  InSb  is  4.8ML,  and 
the  substrates  used  are  (a)  just(lOO),  (b)  5°  off(100),  (c)  (31 1)A,  and  (d)  (311)8. 

The  AFM  measurement  for  the  samples  on  (31 1)8  and  5°off  (100)  also  revealed  that  the 
decrease  of  the  QD  density  after  peaking  was  accompanied  with  an  increase  of  the  QD  size,  in 
other  words,  their  high  density  QDs  just  after  the  S-K  transition  mostly  consisted  of  small  size 
dots.  In  Fig.6,  an  AFM  image  and  its  height  distribution  obtained  from  the  1.8  ML  InSb  sample 
grown  on  (3 1 1)8  are  shown.  It  is  seen  that  3.0x10^  cm'^  of  very  small  QDs,  ~2.5  nm  height  and 
~30  nm  width,  have  developed  on  the  surface.  This  size  distribution  is  quite  different  from  the 
4.8  ML  case  in  Fig.5(d),  indicatmg  a  substantial  change  in  the  growth  kinetics.  On  the  other 
hand,  the  corresponding  QDs  on  just  (100),  ~6xl0^  cm'^at  1.8  ML,  contained  much  more  large 
size  islands.  Their  distribution  was  close  to  that  of  the  4.8  ML  case  in  Fig.5(a)  although  the 
percentage  of  the  embryonic  dots  became  large,  ~50  %,  and  the  most  frequent  height  for  the 
larger  size  group  was  a  little  smaller,  ~35  nm.  On  5°off  (100)  and  (311)A,  their  QD  size 
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Fig.6  A  typical  AFM  image  and  its  QD  height  histogram  observed  from  the 
1,8ML  InSb  sample  grown  on  (31 1)8. 
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dependencies  on  thickness  were  found  to  be  intermediate  between  the  cases  on  just  (100)  ^d 
(311)B.  These  results  imply  that  the  high-density  dot  formation  is  due  to  the  reduced  migration 
length  of  adatoms  on  hi^-index  substrates. 

Since  S-K  transition  is  expected  to  be  governed  by  local  strains  dependmg  on  steps, 
defects,  thickness  fluctuation,  and  repulsive  force  between  islands  [12],  it  is  reasonable  to  re^te 
the  hi^  density  QDs  with  the  characteristics  of  the  growth  on  high-index  substrates.  After 
developing  initial  small  size  QDs,  surface  transport  will  coalesce  them  since  larger  size  islands 
should  be  the  most  stable.  The  growth  on  (100)  can  be  understood  by  this  type  of  QD  formation 
indicating  a  sufficient  migration  length.  On  the  contrary,  short  migration  length  may  be 
responsible  for  the  growth  on  high-index  substrates.  The  critical  size  for  island  formation  is 
reached  before  the  substantial  surface  transport  has  occurred  and  more  QDs  of  smaller  height 
are  formed  [13].  This  understanding  was  supported  in  part  by  the  terrace-like  Alo.5Gao.5Sb 
growth  on  hi^-index  substrates.  The  terrace-like  structure  with  steplines  along  [-233]  and  [0- 
11]  became  predominant  on  (311)B  and  5°off  (100)  substrates,  respectively.  These  terraces  on 
Alo5Gao5Sb,  ~1.5pm  width  and  ~15  nm  height  for  both  substrates,  were  presumably  due  to 
bunching  growth  and  can  hinder  the  surface  transport  across  the  stepline.  Clearly  we  must 
examine  much  more  details  to  explain  these  orientation  effects.  Our  findings  show  the 
importance  of  substrate  orientation  in  correlation  with  the  surface  transport  for  the  growth  of 
hi^-density  QDs. 


5.  SUMMARY 

We  have  studied  the  S-K  mode  MBE  growth  of  InSb/Alo.5Gao.5Sb  on  (100)  and  hi^- 
index  GaAs  substrates.  Development  of  InSb  QDs  by  the  S-K  transition  was  confirmed  by  using 
in-situ  RHEED  and  ex-situ  AFM  measurements.  PL  spectra  from  the  samples  were  reasonably 
understood  assuming  a  type  I  band  alignment  for  the  wetting  layer  and  QDs.  Increase  of  QD 
density  was  realized  by  using  the  high-index  substrates.  Characteristic  QD  growth  on  these 
high-index  surfaces  was  examined  preliminary  and  interpreted  qualitatively  by  considermg  an 
insufficient  migration  length. 
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ABSTRACT 

Self-organized  Ge-dots  on  (OOl)-oriented  Si-substrates  have  been  studied  using  two- 
dimensionally  resolved  high  resolution  x-ray  diffraction  and  reflectivity.  The  degree  of 
the  vertical  correlation  of  the  dot  positions  ("stacking")  has  been  derived  as  well  as  a 
lateral  ordering  of  the  dots  in  a  (disordered)  square  array  with  main  axes  parallel  to  [100] 
and  [010]. 

INTRODUCTION 

The  fabrication  of  quantum  dots  by  self-organizing  processes  [1,2]  during  molecular 
beam  epitaxial  or  MOCVD-growth  has  attracted  increasing  attention  in  the  past  years 
[3,4].  The  dots  occur  when  the  thickness  of  the  epi-layers  exceeds  a  critical  value  and 
the  growth  mode  changes  from  two-dimensional  strained  layer  growth  to  a  three- 
dimensional  one  (Stranski-Krastanow  growth).  In  the  Si-Ge  system,  the  transition  of  this 
crossover  in  the  growth  mode  has  been  studied  using  photoluminescence  (PL)  and 
transmission  electron  microscopy  (TEM)  [3,5-7],  atomic  force  microscopy  (AFM)  [6],  and 
scanning  tunneling  microscopy  [8].  Lateral  undulations  of  Si/SiGe  interfaces  have  been 
studied  by  high  resolution  x-ray  diffraction  [9]. 

The  remaining  two-dimensional  wetting  layers  are  thinned  due  to  the  formation  of 
the  islands.  In  contrast  to  reactive  ion  etched  lateral  structures,  which  have  been  studied 
previously  by  x-ray  diffraction  [10,11],  these  self-organized  nanostructures  do  not 
exhibit  surface  damage.  In  this  article,  we  report  on  high  resolution  x-ray  reciprocal 
space  mapping  of  self-assembled  Ge  quantum  dot  multilayer  structures  and  analyse  the 
coherent  and  diffuse  scattering.  Information  on  vertical  and  lateral  ordering  is  obtained. 

EXPERIMENTAL 

Multilayer  samples  [12]  have  been  grown  on  (OOl)-oriented  Si  substrates  using  solid 
source  molecular  beam  epitaxy  (MBE)  in  a  Riber  Siva-32  MBE  at  the  growth 
temperature  of  670°C  and  a  Ge-growth  rate  of  0.075  A/s.  The  samples  contain  19 
periods  of  nominally  5.5  ML  Ge  separated  by  Si-spacers  with  thicknesses  in  the  range 
from  10  to  40  nm.  X-ray  diffraction  measurements  have  been  performed  with  a 
laboratory  diffractometer  with  a  four  crystal  Ge-monochromator  using  the  CuKai  line 
and  at  the  OPTICS  beamline  of  the  ESRF  and  the  D4  beamline  of  HASYLAB,  Hamburg. 
For. the  reciprocal  space  maps  (RSMs)  a  two  crystal  Ge(220)  analyzer  has  been  used, 
with  an  angular  resolution  of  12  arcsec. 

The  samples  were  characterized  by  PL  and  AFM  [12].  The  Ge-layer  thickness  has 
been  chosen  in  order  to  prevent  misfit  dislocation  formation  in  the  multilayer. 

In  conjunction  with  the  Si  spacer  layers  the  wetting  layers  form  a  two-dimensional 
multi  quantumwell  (MQW).  Far  from  any  dot  the  in-plane  lattice  constant  of  these  layers 
is  the  same  as  in  the  Si  substrate.  This  MQW  gives  rise  to  narrow  ("coherent")  diffraction 
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peaks  at  the  same  lateral  reciprocal  coordinate  as  the  Si  substrate  peak.  Due  to  strain 
relaxation,  the  elastic  strains  above  and  below  the  islands  are  tensile,  whereas  between 
the  dots,  the  Si  spacer  is  compressively  strained.  Hence,  the  in-plane  lattice  constant  in, 
above  and  below  the  dots  is  larger  than  the  Si  bulk  lattice  constant,  whereas  it  is  smaller 
in  the  region  between  them.  Therefore,  we  expect  additional  diffracted  intensity  on  both 
sides  of  the  coherent  signal  due  to  the  formation  of  the  islands. 

In  Fig.  1,  we  present  double-crystal  (DCD)  (004)  rocking  curves  (solid  line)  of  the 
samples  with  30  nm  Si  spacer  thickness  as  well  as  a  simulation  using  dynamical 
diffraction  theory  (dashed  line),  which  neglects  the  formation  of  Ge-islands.  MQW- 
satellites  up  to  the  8th  order  are  visible,  which  serve  as  a  qualitative  measure  of  the 
overall  crystalline  quality  of  the  dot-multilayer.  From  the  fitted  curves  the  period  29.4 
nm  and  the  average  Ge-content  of  2.04  %  are  obtained.  Due  to  layer  width  fluctuations 
and  the  fact  that  the  height  of  the  Ge-island  increases  towards  the  surface,  the  measured 
MQW-satellites  are  broader  than  in  the  simulated  curves. 

In  Fig.  2,  the  measured  asymmetric  RSMs  of 
the  40  nm  spacer  sample  are  shown.  The 
intense  peak  labelled  "S"  is  the  Si  substrate 
peak.  Above  and  below  the  substrate  peak, 
the  MQW  satellites  of  zeroth  (SLq)  and  first 
(SL±i)  orders  can  be  seen.  They  originate 
in  the  remaining  two-dimensional  MQW, 
which  consists  both  of  wetting  and  Si 
spacer  layers.  Their  FWHM  in  lateral 
direction  is  determined  by  the  experimental 
resolution.  The  RSMs  have  been  measured 
in  a  low  incidence  geometry.  On  the  left 
and  right  hand  sides  of  the  coherent  peaks 
in  both  RSMs  additional  diffuse  maxima  are 
visible,  which  stem  from  the  dots  and  the 
strained  regions  around  them.  The  RSMs  of 


Omega  (deg.) 


Fig.  1  :  (004)  rocking  curves  of  the  30  nm 
spacer  sample  and  dynamical  simulation, 
the  30  nm  spacer  sample  were  nearly  identical,  in  the  case  of  10  and  20  nm  spacers,  the 
diffuse  maxima  were  much  broader  in  Gz-direction. 


DISCUSSION 

X-ray  diffraction  from  an  arrangement  of  self-assembled  quantum  dots  is  influenced  by 
the  strains  inside  and  outside  the  dots  as  well  as  by  the  shape  of  these  dots  and  their 
relative  positions.  For  an  understanding  of  the  diffraction  patterns,  we  have  acquired 
RSMs  around  several  reciprocal  lattice  points  (RELPs)  (hkl)  (see  Fig.  2).  The  most 
prominent  signatures  of  the  presence  of  dots  are  the  side  peaks  on  the  right  hand  side  of 
SLo  (labelled  Do  in  Fig.  2)  and  on  the  left  hand  side  of  SLi  (labelled  Di)  as  well  as  a 
more  or  less  broad  distribution  of  diffuse  scattering  around  SLq. 

Since  x-ray  diffraction  is  a  reciprocal  method,  only  small  regions  in  reciprocal  space 
need  to  be  probed  for  the  study  of  e.g.  long-range  correlations  or  large  crystallites.  On 
the  other  hand,  for  the  investigations  of  such  tiny  structures  as  quantum  dots,  the 
scattered  intensity  is  distributed  over  a  wide  range  in  reciprocal  space.  This  qualitative 
argument  implies  that  peaks  close  to  the  coherent  signal  (where  27r/lql  is  much  larger 
than  the  size  of  the  dots)  originate  in  regions  in  "real  space"  far  from  the  dot  center. 
Consequently,  in  order  to  assess  detailed  information  on  the  strain-fields  inside  the  dots, 
the  peaks  with  a  larger  separation  from  the  coherent  signal  must  be  investigated. 
(Unfortunately,  the  diffracted  intensity  diminishes  rapidly  with  increasing  distance  from 
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the  Bragg  peaks).  Far  away  from  the  dots,  the  strain  fields  in  the  Si-spacers  are 
compressive  and  the  lattice  constant  is  decreased,  therefore  a  corresponding  diffraction- 
peak  should  have  a  larger  Gx-coordinate  than  the  unstrained  Si-substrate.  The  opposite 
is  true  for  peaks  originating  in  the  dots  themselves  or  in  the  regions  above  and  below 
them. 


0.742 


0.74 


0.738 


G,(A->) 
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Fig.  2  :  Asymmetrical  RSMs  around  the  (113)  (a),  (224)  (b)  and  (404)  (c)  RELPs. 


In  view  of  the  above  arguments,  we  can 
now  identify  the  peak  Dq  as  corresponding 
to  the  regions  around  the  dots,  whereas  Di 
corresponds  to  the  regions  in  and 
above/below  the  islands.  However,  a  closer 
look  at  the  RSMs  revealed  that  the 
separation  between  SLq  and  D©  is  identical 
for  (113)  and  (224)  and  (-2-24)  -  the  latter  is 
not  shown.  This  means  that  it’s  position  is 
not  due  to  a  decreased  lattice  constant  but 
due  to  a  lateral  periodicity  in  the  dot 
separation.  It  is  best  seen  in  Fig.  3;  where 
integrations  of  the  reciprocal  space  maps  in 
Gz-direction  are  presented. 

If  the  dots  were  perfectly  periodic,  a 
series  of  satellites  with  equal  spacing  would 
be  visible.  Since  there  is  at  best  only  a  short 
range  ordering  in  the  dot  ensemble,  the  higher  satellites  are  suppressed  or  concealed  in 
the  diffuse  scattering.  The  reason  why  it  appears  on  the  right  hand  side  of  the  coherent 
signal  is  due  to  the  compressive  strain  in  the  barriers  and  is  discussed  in  Ref.  [10]  for  a 
perfectly  periodic  arrangement  of  strained  scatterers. 

Most  interestingly,  the  separation  between  SLq  and  Dq  does  change  in  the  (404) 
RSM  and  approximately  by  a  factor  of  V2 .  The  latter  was  measured  in  an  azimuth  of 
45°  relative  to  the  sample  orientation  in  the  (113)  and  (224)  measurements  (i.e.  the 
sample  was  rotated  around  the  surface  normal  by  45°.  This  finding  is  consistent  with  a 
short  range  ordering  of  the  dots  in  a  square  array  with  a  lattice  constant  of  520  ±  70  nm 
and  main  axes  parallel  to  [100]  and  [010].  The  same  phenomenon  has  been  observed  by 
Tersoff  et  al  [4]  in  AFM-investigations  of  SiGe  dot  multilayers  grown  at  lower 
temperatures,  with  an  identical  orientation  of  the  main  axes.  This  preferred  alignment 
along  the  <100>-crystal-axes  is  due  to  the  anisotropy  of  the  elastic  properties  -  the 
stiffness  of  Si  and  Ge  has  a  pronounced  minimum  along  the  <100>-axes  (see  Fig.  4). 


gx(io-‘'A-i) 


Fig.  3:  Integration  of  the  RSMs  of  the  30  nm 
spacer  sample  around  the  (113),  (224)  and 
(404)  RELPs  in  qz-direction. 
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Fig.  4  :  Polar  diagram  of  Young's  modulus 
for  Si  and  Ge 


In  contrast  to  Dq,  the  separation  of  Di  an  SL]  increases  significantly  from  (113)  to  (224) 
and  even  more  so  in  the  (404)  RSM.  It  scales  with  the  in-plane  projection  (h^+k^)!/^  of 
the  reciprocal  lattice  vector  (hkl).  Some 
ambiguity  is  introduced  by  the  asymmetry 
and  low  intensity  of  the  Di -peaks,  but  the 
tendency  is  clearly  visible  in  Fig.  2. 

Therefore,  the  position  of  Di  reflects  the 
elastic  relaxation  of  the  quantum  structure. 

Previously,  uncapped  single  Ge-dot  layers 
have  been  studied  by  grazing  incidence 
diffraction  by  Williams  et  al.  [13]  and 
Steinfart  fl/.  [14]. 

So  far  the  vertical  correlation  (stacking) 
of  the  dots  has  been  studied  by  TEM  [3], 
which  is  a  destructive  method.  Theoretical 
models  for  the  non-destructive  assessment 
of  the  correlation  of  interface-profiles  in 
multilayers  using  x-ray  diffraction  and  in 
particular  x-ray  reflection  have  been 
developed  in  the  last  years  [15].  These  concepts  are  also  applicable  for  dot-multilayers. 
In  Fig.  5,  we  have  depicted  the  measured  and  simulated  specular  reflectivity  of  the  20 
nm  spacer  sample.  The  specular  reflectivity  is  mainly  influenced  by  the  MQW  and  the 
r.m.s.  values  of  the  interface- "roughness".  The  multilayer  period  was  determined  as  D  = 
19  nm  and  the  wetting  layer  thickness  as  Tw  =  5  A.  However,  the  specular  reflectivity  is 
not  sensitive  to  the  correlation  of  the  interface  profiles  throughout  the  multilayer.  In 
order  to  determine  the  latter,  one  has  to  measure  the  diffuse  scattering  which 
accompanies  the  coherent  multilayer  peaks  in  the  reciprocal  plane.  As  it  is  discussed  in 
Ref.  [15]  in  the  framework  of  the  Distorted  Wave  Born  Approximation  (DWBA),  in  the 
case  of  a  rough  multilayer,  the  width  and  height  of  the  so-called  Resonant-Diffuse- 
Scattering  (RDS)-maxima  is  very  sensitive  to  the  vertical  correlation  of  the  interface- 
profiles.  Since  this  diffuse  signal  is  weak,  the  use  of  synchrotron  sources  is  necessary.  In 
Fig.  6,  a  20-scan  is  shown,  which  corresponds  to  a  curved  trajectory  in  reciprocal  space 
intersecting  the  coherent  signal  at  one  point  and  many  RDS-maxima  in  the  vicinity  of 
this  intersection  point.  From  the  simulation  (full  and  dashed  lines  in  Fig.  6)  we  obtained 
the  vertical  correlation  length  as  50  ±  10  %  of  the  total  multilayer  thickness. 


Fig.  5  :  Specular  reflectivity  of  the  20  nm 
spacer  sample 


Fig.  6  :  20-scan  of  the  20  nm  spacer 
sample 
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In  our  experiments  for  the  30  and  40  nm  spacer  samples,  the  width  of  all  the  diffuse 
maxima  in  qz-direction  is  nearly  the  same  as  the  FWHM  of  the  coherent  peaks.  This  is  a 
clear  indication  that  the  vertical  correlation  along  the  growth  direction  is  nearly  100  %. 
As  discussed  above,  the  diffuse  maxima  of  the  samples  with  thinner  spacer  layers  (10 
and  20  nm)  are  broader  in  qz-direction.  This  decrease  in  the  vertical  correlation  is  not 
due  to  a  variation  in  the  dot  positions  but  rather  caused  by  changes  in  the  dot  shape. 
This  conclusion  was  confirmed  by  TEM  studies  showing  an  increase  in  the  dot  radius 
and  height  towards  the  free  surface.  This  change  is  most  pronounced  for  the  sample 
with  the  thinnest  spacer  layers  [16]. 

CONCLUSIONS 

In  summary,  we  have  investigated  the  structural  properties  of  self-organized  Ge-islands 
on  silicon  using  high  resolution  x-ray  diffraction  and  reflection.  The  vertical  correlation 
(stacking)  of  the  dots  and  their  lateral  ordering  has  been  studied. 
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ABSTRACT. 

We  present  results  of  the  manipulation  of  antimony  clusters  on  Si(OOl)  by  means  of  a  scanning 
tunneling  microscope.  By  adjusting  tip-sample  separation  and  pulse  voltage,  an  antimony  cluster  can 
be  removed  from  the  sample  surface  without  damaging  it.  The  success  rate  of  the  removed-cluster 
redeposition  from  the  tip  back  onto  the  surface  is  30%.  In  the  remainder  of  the  attempts  a  square 
shaped  structure  is  created  that  had  a  hillock  in  the  center.  The  hillock  exhibits  a  metallic-like  I-V 
curve.  Such  a  structure  cannot  be  created  without  an  Sb  cluster  previously  removed  from  the 
surface  and  located  on  the  tip. 


INTRODUCTION. 

The  ability  to  create  atomic-scale  structures  with  the  scanning  tunneling  microscope  (STM) 
plays  an  important  role  in  the  development  of  nanoscale  technology.  For  the  investigation  of 
nanoscale  test  structures  and  the  development  of  practical  nanoscale  devices,  it  is  desirable  to 
produce  atomically  ordered  and  clean  structures  of  any  geometry.  By  using  atomic  manipulation 
with  an  STM,  one  can  modify  an  already  well  ordered  surface  under  conditions  of  UHV  cleanliness. 

In  the  STM,  strong  chemical  forces  can  be  exerted  on  sample  atoms  and  enormous  current 
densities  and  electric  fields  can  be  achieved  using  relatively  small  voltages  and  currents.  These 
interactions  have  been  utilized  to  create  isolated  nanoscale  structures  by  a  number  of  methods: 
mechanically  scribing  a  surface  [1-3],  creating  an  etch  mask  [4-8],  decomposing  precursor 
molecules  [9-13],  and  manipulating  atoms  [14-38]. 

Basically  there  are  three  modes  of  atomic  manipulation:  lateral  motion,  deposition,  and 
removal.  Reproducible  atomic  manipulation  and  atomic-scale  fabrication  of  general  structures  was 
demonstrated  by  Eigler  at  al.  [15-17],  who  utilized  an  STM  to  move  adsorbed  atoms  on  a  metal 
surface  at  cryogenic  temperatures.  Other  nanoscale  structures  were  created  by  moving  islands  of  Cs 
atoms  [23]  on  GaAs(l  10)  to  make  larger  island  complexes  and  by  accumulating  Si  atoms  under  the 
tip  to  create  nanocolumns  [24],  crystalline  nanoscale  pyramids  [25],  and  nanoneedles  [26]. 
Additional  examples  of  lateral  motion  include  displacing  adsorbed  atoms  of  Si  on  Si(l  1 1)  [18]  and 
Cl  on  Si(OOl)  [19],  rotating  dimers  of  Sb  on  Si(OOl)  [20],  and  moving  vacancies  on  GaP(llO) 
[21,22]. 

Deposition  of  a  single  Ge  atom  onto  Ge(lll)  surface  from  the  STM  tip  was  demonstrated  in 
1987  [14].  In  1990,  clusters  of  atoms  from  a  gold  tip  were  reliably  deposited  onto  various  surfaces 
[27,28],  Individual  atoms  of  hydrogen  were  deposited  onto  Si(lll)  surfaces  from  a  Ptir  tip 
supplied  with  hydrogen  molecules  from  an  ambient  gas  [29],  Recently,  the  assembly  of  atomic-scale 
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structures  was  accomplished  at  room  temperature  by  depositing  silicon  atoms  from  a  W  tip  onto 
the  Si(lll)  surface  [30],  The  atoms  were  placed  onto  the  tip  by  first  extracting  them  from  the 
surface. 


EXPERIMENTAL. 

Our  experiments  were  conducted  using  a  custom  made  STM  in  ultrahigh  vacuum  (UHV)  with 
STM  tips  prepared  from  polycrystalline  tungsten  wire.  The  UHV  chamber  has  a  base  pressure  of 
-1*10'*^  torr.  Sb  was  deposited  by  evaporating  from  a  thoroughly  outgassed  tantalum  basket.  The 
Sb  exposure  was  controlled  by  a  shutter  that  was  placed  directly  in  front  of  the  basket,  and 
exposure  time  was  from  10  sec  to  2.5  min.  During  evaporation,  the  pressure  in  the  chamber  was 
higher  than  the  base  pressure  by  0.6*10’*®  torr.  The  deposition  rate  was  estimated  as  O.OlML/sec. 
Samples  were  directly  heated  by  passing  a  current  through  them.  The  experiments  were  carried  out 
on  many  samples  cut  from  different  p-type  wafers  having  a  resistivity  of  10  fl  *cm  and  cleaned  in 
situ  using  a  standard  procedure  [39].  The  dopant  level  was  10^^  cm‘^. 

RESULTS  AND  DISCUSSION. 

Initially,  we  were  trying  to  induce  Sb  cluster  diffusion  with  the  tip’s  electric  field.  The  STM  tip 
was  kept  over  the  Sb  cluster  covered  surface  for  periods  of  time  from  1  sec  to  2  min  at  different 
tip-sample  separations  in  the  range  from  1  to  5  A  (the  method  for  measuring  the  tip-sample 
separation  has  been  described  previously  [34]),  and  the  tip  bias  in  the  range  from  -6V  to  +10V.  No 
changes  in  cluster  positions  were  observed. 

Previous  studies  [20,40]  have  shown  that  upon  deposition  of  a  small  fraction  of  a  monolayer  of 
Sb  onto  Si(OOl)  kept  at  room  temperature,  five  distinct  types  of  Sb  clusters  were  produced.  Four 
types  can  be  converted  to  the  final  state  and  displacement  of  the  final-state  dimers  can  be  frequently 
induced  by  the  STM  tip.  The  STM  caused  conversion  and  displacement  of  the  clusters  at  high  tip 
biases  (more  than  3V)  when  the  tip  was  right  on  top  or  around  the  cluster,  i.e.  the  conversion  and 
displacement  were  local  effects. 

In  our  work  we  conclude  that  the  tip  influence  over  Sb  clusters  on  Si(OOl)  is  strictly  local,  and 
it  is  impossible  to  assemble  larger  island  complexes  by  means  of  long  range  electric-field-induced 
diffusion  similar  to  that  reported  for  Cs:GaAs(l  10)  system  [23]. 

To  remove  Sb  clusters  from  the  sample  surface,  the  STM  feedback  circuit  is  disengaged,  the  tip 
is  displaced  (with  zero  volts  on  the  tip)  toward  the  sample  by  a  known  amount  to  give  a  desired  tip- 
sample  separation,  and  the  tip  voltage  is  pulsed  to  a  selected  value  for  200  ms.  It  was  possible  to 
pick  up  an  antimony  cluster  by  means  of  tip  displacement  towards  the  surface  by  2.4  A  from  an 
initial  tip-sample  separation  4.4  A,  while  the  tip  located  directly  over  a  cluster,  and  pulsing  the  tip 
voltage  to  -5V.  The  redeposition  procedure  for  the  cluster  on  the  tip  is  identical  to  the  procedure  of 
removal,  but  needs  the  tip  voltage  reversed  to  +5V.  We  have  been  able  to  pick  up  an  antimony 
cluster  that  contains  four  atoms  and  to  redeposit  it  at  any  chosen  destination.  Close  to  30% 
attempts  to  return  a  cluster  onto  silicon  surface  are  successful  while  it  is  possible  to  remove  a 
cluster  from  the  surface  in  90%  of  attempts .  In  70%  of  redeposition  attempts  the  nanostructures 
described  below  were  created.  Figure  1  and  fig.  2  illustrate  the  process  of  cluster  manipulation. 
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FIG.  1.  Removal  and  subsequent  deposition  of  a  single  Sb  cluster  on  Si(lOO).  (a)  A  STM 
image  of  the  Si(lOO)  surface  covered  by  a  small  concentration  of  Sb  clusters.  An  Sb  cluster 
is  chosen  (framed)  to  be  removed,  (b)  The  cluster  is  removed  and  placed  on  the  tip.  While 
obtaining  the  image,  the  tip  is  unstable.  The  surface  is  not  damaged  at  the  spot  where  the 
cluster  was  located,  (c)  The  cluster  is  redeposited  at  another  site.  The  tip  further 
deteriorates.  The  images  size  is  220x220  A. 


FIG.  2.  The  70x70  A  structure  creation,  (a)  A  STM  image  identical  to  fig.lc.  Another  Sb 
cluster  is  chosen,  (b)  The  cluster  is  removed  and  located  on  the  tip.  After  the  procedure  of 
removal  the  tip  is  improved  euid  is  capable  of  obtaining  a  better  quality  image,  (c)  While 
redepositing  the  cluster  from  the  tip  a  nanostructure  was  created.  The  size  of  the  structure 
is  approximately  70x70A  and  its  sides  are  oriented  perpendicular  and  parallel  to  substrate 
dimer  rows.  The  hillock  inside  is  approximately  lOA  tall  and  about  17A  in  diameter. 

At  the  beginning,  the  tip  is  positioned  over  the  surfaces  (fig- la)  at  a  tip-sample  separation  of  4.4 
A,  with  a  tunneling  current  of  0.2nA.  The  surface  is  not  damaged  when  a  cluster  is  removed 
(fig. lb).  The  cluster  is  redeposited  at  a  deliberately  chosen  site  (fig.lc).  In  other  removal  and 
redeposition  attempt  (fig.  2a- 2b),  the  return  onto  the  surface  leads  to  creation  of  a  “sombrero¬ 
like”  structure  that  has  a  rather  square  shape  with  a  hillock  surrounded  by  a  moat  inside  (fig.  2c).  It 
should  be  pointed  out  that  the  quality  of  the  images  is  different  after  each  of  the  pulses,  implying 
tip  atom  rearrangement.  It  is  impossible  to  predict  which  of  the  redeposition  attempts  can  be 
successful  or  can  create  the  structure,  but  we  have  not  been  able  to  obtain  such  a  structure  without 
an  Sb  cluster  placed  on  the  tip. 


Voltage, Volts 


FIG.  3.  Current-voltage  characteristics  of  a  nanostructure,  (a)  Each  curve  was  acquired  at  a 
constant  tip-sample  separation  while  the  tip  was  located  over  the  hillock  (1)  in  the  center  of 
the  nanostructure,  and  over  the  outer  ring  at  locations  (1)  and  (3).  (b),  (d)  I-V  curves  have 
a  semiconductor  type  shape,  (c)  I-V  curve  of  the  hillock  has  a  metallic  behavior. 

The  size  of  the  structure  (fig.  3a)  is  approximately  70x70A  and  its  sides  are  always  oriented 
perpendicular  and  parallel  to  substrate  dimer  rows.  The  hillock  inside  which  is  usually  less  than  lOA 
tall  and  about  17A  in  diameter,  can  be  higher  or  lower  than  the  outer  structure.  It  is  impossible  to 
estimate  how  deep  the  moat  is,  because  the  tip  radius  is  apparently  greater  than  the  gap  between  the 
hillock  and  the  outer  structure. 

Currently  we  are  not  able  to  propose  a  mechanism  to  explain  the  shape  of  the  structure,  but  we 
can  make  some  speculations  based  on  results  published  previously.  Nanoneedle  structures  have 
been  created  by  slowly  increasing  the  tip  bias  voltage  to  around  -lOV  for  about  3  to  30  s,  and 
maintaining  the  tunneling  current  at  0.2nA  [26].  According  to  the  authors,  the  needle  formation 
conditions  do  not  depend  on  the  tip  material,  and  the  sample  surface  becomes  quite  rough.  That 
implies  that  silicon  atoms  move  from  their  reconstructed  position  and  diffuse  under  the  tip  apex 
area,  resulting  in  formation  of  a  nanoneedle.  In  work  on  Si(lll)  [31],  three  types  of  surface 
modifications  were  observed:  a  hill,  a  hill  surrounded  by  a  moat,  and  a  pit.  The  pit  corresponds  to 
the  complete  removal  of  atoms  from  the  surface  and  the  other  two  types  of  features  result  from 
incomplete  removal  of  atoms.  Based  on  monitoring  the  tip-sample  current  during  the  formation  of 
the  hill-and-moat  structure,  it  was  suggested  that  during  the  voltage  pulse  a  bridge  of  atoms 
between  the  tip  and  sample  is  being  created  [31].  The  bridge  stretches  and  breaks  when  the  tip  is 
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retracted,  during  the  return  to  the  imaging  mode  at  the  end  of  a  removal  attempt.  The  hillock  in  the 
middle  of  the  nanostructures  described  in  this  paper  points  to  either  the  bridge  mechanism  or 
mechanism  responsible  for  creation  of  the  nanoneedles.  It  is  possible  that  the  outer  structure  is 
created  by  a  silicon  atom  transfer  from  the  tip  back  to  the  surface.  Only  the  area  of  the  surface 
under  the  tip  is  involved  in  the  transfer,  while  areas  outside  of  the  structure  are  substantially 
unperturbed. 

Fig.3b-3d  presents  current-voltage  measurements  on  both  the  outer  structure  (fig.3b  and  fig.3d) 
and  the  inner  hillock  (fig.  3c).  Unexpectedly,  we  discovered  that  the  I-V  characteristics  when  the  tip 
was  positioned  directly  over  the  hillock  had  metallic  behavior  (fig.  3c).  The  I-V  curves  of  the  outer 
structure  are  characteristic  of  semiconductors  (fig.3a-c)  and  are  similar  to  the  I-V  characteristics  of 
the  silicon  surface,  but  we  can  not  draw  any  conclusions  about  the  density  of  states  because  the  tip 
could  have  been  contaminated  previously. 

In  the  case  of  degenerate  doping  of  Si  by  Sb,  it  is  possible  to  obtain  metallic  behavior  of  a 
silicon  surface  [41].  If  we  take  into  account  the  volume  of  the  hillock  and  assume  that  one  Sb 
cluster  has  four  atoms,  we  can  evaluate  the  doping  level  which  in  this  case  is  close  to  degenerate, 
cm‘^ 

We  can  not  rule  out  the  possibility  that  some  tungsten  atoms  from  the  tip  have  also  been 
deposited,  but  we  have  not  found  any  evidence  for  such  a  transfer  either  from  published  results  or 
from  our  experience. 

CONCLUSIONS. 


We  have  demonstrated  the  use  of  the  STM  for  the  manipulation  of  antimony  clusters  on  the 
Si(OOl)  surface.  Further  studies  are  needed  to  improve  redeposition  process  of  Sb  clusters  already 
located  on  the  STM  tip  back  onto  the  surface.  Without  such  an  improvement,  it  is  highly 
problematic  to  utilize  this  technology  for  assembling  larger  cluster  complexes.  Square  shaped 
nanostructures,  which  had  metallic  behavior  in  the  middle,  were  created.  These  structures  might  be 
of  interest  for  the  quantum  dot  physics.  We  can  confirm  previous  studies  that  Sb  clusters  have 
negligible  thermal  diffusion  at  room  temperature,  which  gives  an  experimenter  long  enough  time  to 
create  nanostructures  on  the  surface  without  investment  in  cryogenic  equipment.  It  is  possible  to 
induce  Sb  cluster  diffusion  on  the  Si(OOl)  surface  at  room  temperature  by  STM  tip  voltage  pulses, 
but  the  probability  of  the  process  is  too  low  to  have  any  practical  significance. 
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ABSTRACT 

GaAs  micro  crystals  in  line  were  grown  on  a  sullur-lerminated  GaAs  surface 
by  low  energy  focused  ion  beam.  Ga  ions,  picked  out  from  a  liquid  Ga  ion  source, 
were  accelerated  up  to  10  KV  to  obtain  a  focused  ion  beam.  The  ions  were  given  a 
positive  bias  to  reduce  their  kinetic  energy  by  retarding  lens.The  Ga  ions  landed  on 
the  surface  softly  and  formed  a  series  of  Ga  droplets.  By  subsequent  As  molecule 
supply  to  the  Ga  droplet,  GaAs  micro  crystals  in  line  were  grown.  This  method  was 
found  to  be  useful  to  make  fine  structures  directly  on  the  semiconductor  materials. 


INTRODUCTION 

Recently  carrier  confinement  in  low  dimension  has  been  attempted  for  practical  device 
application  as  well  as  fundamental  interests[l].  Especially  the  quantum  dot  has  been  studied 
intensively  because  of  its  potential  for  laser  application [2].  To  fabricate  the  quantum  dots,  various 
type  of  methods  had  been  proposed [3 -5].  As  a  sophisticated  fabrication  method,  a  “  Droplet 
Epitaxy”,  where  GaAs  micro  crystals  grow  from  Ga  droplets  on  Se  or  S  terminated  GaAs  surface, 
was  proposed  and  successful  results  have  been  reported [6,7J.  However,  the  position  of  GaAs 
micro  crystals  could  not  be  controlled.  In  addition,to  improve  optical  properties,  a  position  control 
of  GaAs  micro  crystal  is  required.  For  this  purpose,  a  low  energy  focused  ion  beam  system  (  LE- 
FIB)  with  new  idea  was  proposed.  Here,  Ga  droplet  position  is  controlled  by  low  energy  focused 
ion  beam  at  first.  Subsequently  Arsenic  molecules  are  supplied  to  the  droplets  to  grow  GaAs  micro 
crystals.  This  concept  is  shown  in  the  figure  1. 

In  general,  a  serious  problem  in  LE-FIB  has  been  a  difficulty  in  making  fine  structures  due 
to  its  expanded  beam  diameter  in  retarding.  However,  a  combination  of  LE-FIB  and  the  "  Droplet 
Epitaxy"  brings  a  great  advantage.  Namely  it  is  possible  to  form  Ga  droplets  which  have  smaller 
diameter  than  ion  beam  size.  This  leads  to  an  expectation  of  fine  GaAs  micro  crystal  growth  from 
the  Ga  droplets.  By  this  method,  a  direct  GaAs  micro  crystal  growth  on  the  S-terminated  GaAs 
surface  was  challenged. 


LOW  ENERGY  FOCUSED  ION  BEAM  SYSTEM  (LE-HB) 

In  the  past,  several  types  of  focused  ion  beam  with  retarding  system  has  been  proposed  for 
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etching  and  deposition 
by  kinetic  energy  control 
[8-11].  The  newly 
proposed  LE-FIB  system 
with  a  liquid  Ga  ion 
source  had  four  static 
lens  groups.  The  first 
one  was  used  for  Ga  ion 
to  be  picked  up  from  the 
source  to  the  acceleration 
column  at  7.0-8.0  kV. 

The  second  lens  was 
biased  up  to  10.0  KV  for 
making  a  fine  beam.  The 
third  lens  was  biased  for 
focusing  around  4.0  kV. 

The  characteristic  point 
of  this  system  is  that  the 
last  one  had  four 
isotropic  electronodes  for 
retarding. 

The  isotropic  retarding 
in  the  cylindrical  column 
suppressed  the  ion  beam 
expanding  to  some 
extent. 

The  retarding  bias  was  applied  up  to  9.97KV.  Reflectors  in  middle  of  the  collum  scanned  the  beam 
and  secondary  electrons  caused  by  ion  bombardment  were  detected  by  multi-channel  plate  to  obtain 
surface  images  in  the  same  manner  of  scanning  electron  microscopy  (SEM).The  end  of  the 
retarding  part  was  set  2.0  cm  apart  from  the  sample  in  the  ultra  high  vacuum  (  UHV)  chamber.  To 
keep  the  sample  at  the  grand  level  electrically,  the  LE-FIB  system  is  insulated  from  the  earth  level. 
This  LE-FIB  system  is  illustrated  schematically  in  the  figure  2. 

The  sample  holder  was  shared  commonly  between  a  scanning  tunneling  microscopy  (STM),  which 
was  equipped  in  anther  UHV  chamber,  and  a  conventional  molecular  beam  epitaxy  (MBE)  system 
to  supply  Arsenic  molecules.  The  three  system  (  LE-FIB,  STM,  and  MBE)  were  connected  in 
UHV.  The  sample  holder  was  transferred  in  three  systems  without  breaking  vacuum.The  sample 
heating  was  carried  out  by  direct  current  supply  . 

EXPERIMENTS 

GaAs  buffer  layer  was  grown  on  GaAs(OOl)  substrate  by  another  MBE  system.  The 
surface  showed  (2x4)  reconstructed  structure  after  the  growth.  Subsequently  sulfur  molecules 

were  supplied  to  the  surface  at400  °C  to  form  a  sulfur-terminated  (2x6)  reconstructed  surface[12]. 
Then  the  surface  was  covered  by  Arsenic  at  room  temperature  to  form  a  protection  layer  lor 
carrying  the  sample  from  the  MBE  chamber  to  the  LE-HB  system.  In  the  UHV  chamber  of  the  LE- 
FIB  system,  the  As  protection  layer  was  removed.  On  the  surface,  Ga  ions  were  supplied  at  30  eV 
to  form  Ga  droplets  at  room  temperature  in  line  scanning  mode.  The  ion  beam  current  was  about  1 
nA.  The  scanned  width  was  500  pim.  The  scanning  speed  was  25  cm/sec  and  total  scanning  time 
per  line  was  7.0  min.  As  molecules  were  supplied  to  the  Ga  droplets  to  grow  GaAs. 

Surface  morphologies  were  observed  by  SEM  and  the  surface  states  were  characterized  by 
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Fig.l  Position  control  of  GaAs  micro  crystal  by  combination 
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Fig.2  A  schematic  illustration  of  the  proposed  low  energy  focused  ion  beam  system. 


scanning  tunneling  spectroscopy  (STS)  of  STM. 

RESULTS 

A  series  of  Ga  droplets  800  nm  in  size  were  observed  on  the  sulfur-terminated  GaAs 
surface  when  the  kinetic  energies  of  ions  were  around  30  eV.  The  Ga  droplets  are  shown  in  Fig.3, 
The  Ga  droplets  were  observ'ed  in  the  center  region  of  the  scanned  ion  beam  line.  The  spacing 
between  droplets  was  about  6.3  pm.  In  this  case,  the  beam  diameter  was  10  pm  because  of  the  ion 
repulsion  in  the  column  in  retarding,  though  the  original  ion  beam  size  is  about  300  nm  before 
retarding.  Here,  it  was  found  that  fine  Ga  droplets,  which  had  smaller  diameter  size  than  that  of  the 
ion  beam  size,  were  formed  on  the  Sulfur-terminated  GaAs  surface. 

After  the  As  molecule  supply,  three  dimensional  growth  of  micro  crystal  was  observed. 

The  size  of  GaAs  micro  crystal  was  about  500  nm  and  the  spacing  was  14.5  pm.  From  the  past 
results  in  our  “  Droplet  Epitaxy”,  the  micro  crystals  were  thought  to  be  GaAs.  The  size  and 
spacing  difference  are  thought  to  be  due  to  ion  beam  current  Iractuation  ( ion  flux  fractuation  )  and 
different  focusing  condition  in  two  samples. 

To  estimate  a  surface  damage  caused  by  ion  bombardment  and  soft-landing  of  Ga  ions,  a 
STS  measurement  was  carried  out.  The  initial  sulfur  terminated  GaAs  surface  was  found  to  have 
little  surface  states  because  a  significant  band  bending  was  not  observed.  However,  when  the  Ga 
ions  were  supplied  at  30  eV  to  cover  20%  of  the  surface  with  Ga  atoms,  the  Fermi  level  began  to 
move  to  the  center  of  the  GaAs  bandgap.  This  means  that  some  of  the  Ga  ions  made  surface  states, 
resulting  in  the  Fermi  level  pinning.  Surface  defect  of  a  few  percent  for  surface  sites  is  enough  for 
the  Fermi  level  to  be  pinned.  From  the  results,  most  of  the  Ga  ions  were  thought  to  land  on  the 
surface  softly. 
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DISCUSSION 


The  Ga  ion  beam  has  an 
energy  distribution  when  it  is 
taken  from  the  liquid  ion 
source.  This  distribution  is  kept 
after  the  retarding.  The  value  is 
estimated  to  be  +-10  eV  for  the 
liquid  Ga  ion  source  [13J.  If 
the  higher  energy  of  Ga  ions  is 
focused  to  the  beam  center  to 
hit  the  sulfur  terminated  GaAs 
surface,  defect  such  as 
\'acancies  will  be  formed  by  ion 
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bombardment.  These  defects 
will  become  nucleation  sites  for 
Ga  to  form  droplets.  Another 
Ga  ions,  which  have  lower 
kinetic  energy,  are  under 
focused,  landing  on  the  surface 
softly  ,  and  migrate  on  the 
surface.  Some  of  them  may  be 
trapped  by  the  defects  to  form 
Ga  droplets.  As  a  result,  a 
scries  of  Ga  droplets  are 
thought  to  be  formed  in  the 
center  of  the  scanned  region. 

This  model  is  illustrated 
schematically  in  Fig.5 

Defect  density  at  the 
surface  may  affect  the  Ga 
diffusivity  in  the  scanning 
direction.  If  the  scanned  region 
has  more  defect  density,  a 
diffusion  length  of  Ga  becomes 
shorter.  In  this  case,  spacing  of 
Ga  droplets  becomes  narrow. 

On  the  other  hand,  less  density  of  defects  leads  to  the  longer  diffusion  length,  resulting  in  the 
relatively  separated  Ga  droplets.  If  the  proposed  model  would  be  correct,  the  ion  beam  current 
density  affects  the  defect  density  at  the  surface,  leading  to  the  dilTerent  spacing  as  observed  in  Fig.3 
and  Fig.4.  The  focusing  condition  changes  the  Ga  ion  llux,  leading  to  the  droplet  size  difference  as 
observed  in  the  two  figures. 

From  the  STS  analysis,  it  was  found  that  the  most  of  Ga  ions  landed  on  the  surface  sol  tly 
without  generating  surface  states  but  some  of  them  made  surface  defects,  leading  to  the  Fermi  level 
pinning.  These  results  agree  with  the  proposed  model  that  higher  energy  ions  make  surface  defects 
for  nucleation  and  lower  energy  ions  land  softly  on  the  surlace  to  grow  Ga  droplets  as  speculated 
in  Fig.5. 

An  expected  advantage  of  this  method  was  that  fine  structures  might  be  formed  even  though 
the  beam  diameter  was  expanded  during  retarding.  This  expectation  was  confirmed  correct  because 


Fig3  Gci  droplets  in  line  formed  by  30  eV 

Ga  droplets  800  nm  in  size  were  observed. 

The  spacing  between  droplets  is  6.3  pm  in  average. 


ig.4  GaAs  micro  crystals  in  line  after  Arsenic  molecule  sappy. 
Micro  crystal  500  nm  in  size  were  observed. 
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the  smaller  size  micro  crystals  were 
observed,  compared  with  the  ion 
beam  size.  From  the  obtained  results, 
the  LE-FIB  deposition  combined 
with  the  "Droplet  Epitaxy"  seems  to 
have  a  great  potential  for  fabricating 
fine  structures,  such  as  the  quantum 
dot. 

CONCLUSION 

As  a  summary,  a  series  of 
GaAs  micro  crystal  was  grown  on 
the  sulfur  terminated  GaAs  surface 
when  the  kinetic  energy  of  the 
supplied  Ga  ions  was  30  eV.  This 
method  could  provide  an  idea  that 
fine  structures  could  be  realized  by 
low  energy  focused  ion  beam 
system. 


Fig.5  A  schematic  illustration  of  defect  formation 
by  ion  bombardment  and  growth  of  Ga 
droplets  by  surface  diffusion. 
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SURFACE  ADSORPTION  KINETICS  OF  GA  WIRE  ARRAYS  ON  SI(112) 
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ABSTRACT 

The  growth  and  energetics  of  Ga  chains  on  a  Si(112)  facet  surface  have  been  investigated. 
Low  energy  electron  diffraction  (LEED)  and  Reflectance  Difference  Anisotropy  (RDA) 
experiments  have  been  performed  in  UHV  to  examine  the  kinetics  of  the  Ga  atom  chain 
formation  process  along  the  Si  steps.  This  is  a  self-limiting  process  for  substrate  temperatures  in 
the  400°C  to  500°C  range,  since  the  binding  energy  of  the  metal  atoms  at  the  step  edges  is  greater 
than  that  on  the  (1 1  l)-type  terraces.  At  saturation  coverage,  the  Ga  chains  exhibit  sixfold 
periodicity  along  the  step  edges,  but  below  saturation,  these  chains  exhibit  fivefold  periodicity.  A 
model  has  been  suggested  from  these  results  in  which  the  periodicities  of  the  chains  are 
determined  by  the  metal  atom  vacancies,  which  balance  the  tensile  stress  created  by  the  larger 
metal  atoms.  We  have  used  RDA  to  study  the  time  evolution  of  the  surface  kinetics  and  changes 
in  the  surface  reconstruction  of  Ga  deposited  on  these  facet  (1 12)  Si  surfaces,  as  a  function  of 
substrate  temperature  and  Ga  deposition  rate.  The  RDA  measurement  is  shown  to  be  sensitive  to 
the  formation  of  both  the  5x1  as  well  as  6  x  1  reconstructions  and  to  island  formation  at  low 
substrate  temperatures.  The  diffusion-controlled  Ga  line  formation  process  at  low  temperatures 
has  also  been  characterized  as  well  as  the  evaporation  controlled  regime,  which  is  evident  at 
substrate  temperatures  over  400°C. 

INTRODUCTION 

The  areas  of  nanostructure  formation  and  their  resultant  properties  have  been  receiving 
considerable  attention  recently.  This  is  due  to  the  fact  that  as  device  structures  decrease,  there  is 
a  need  to  understand  novel  ways  of  defining  nanostructures  and  studying  their  materials,  optical 
and  electrical  properties.  One  approach  to  form  lower  dimension  structures  involves  the  use  of 
lithography,  combined  with  various  dry  etching  techniques.  However,  in  many  cases,  the  dry 
etching  step  can  lead  to  significant  damage,  resulting  in  poor  electronic  and  optical  properties  of 
such  structures.  Issues  such  as  passivation  of  the  etched  surfaces  to  reduce  damage  are  very 
important  and  under  current  investigation.  Due  to  the  surface  damage  problems,  an  alternate 
method  of  creating  reduced-dimension  structures  is  also  under  investigation,  involving  the  direct 
formation  of  nanostructures  by  properly  chosen  growth  conditions  and  surfaces.  One  example 
involves  the  growth  of  nanoscale  structures  on  facet  surfaces.  This  technique  relies  on  the  fact 
that  certain  thermodynamically  stable  surfaces  exhibit  ordered  steps  and  ledges,  which  can  be  used 
as  templates  for  metal  atom  deposition.  This  is  the  case  for  the  Si(112)  facet  surface,  which 
consists  of  (1 1 1)  terraces  and  (100)  steps  [1]  and  which  exhibits  more  stable  bonding  of  certain 
metal  ad  atoms  at  the  step  edges.  This  can  lead  to  a  stabilized  stepped  surface  structure  with 
specific  adatom  periodicities  along  these  steps.  For  example,  in  the  case  of  Ga  and  Al,  higher 
binding  energies  of  these  metal  adatoms  at  the  step  edges  have  led  to  the  formation  of  Ga  or  Al 
chains  along  these  steps,  exhibiting  a  5x1  or  6x1  reconstruction  [2],  depending  on  the  coverage. 

A  model,  in  which  the  periodicities  of  the  chains  are  determined  by  the  density  of  metal  atom 
vacancies  along  these  steps,  has  been  proposed  [3]  (model  shown  in  Fig.  1)  and  confirmed 
experimentally  using  angle-resolved  Auger  electron  spectroscopy  [4].  Although  steady  state  data 
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is  available  in  this  system,  there  exists  no  real  time  information  about  the  changes  in  surface 
structure  and  hence  details  of  the  kinetic  processes  that  are  responsible  for  the  formation  of  these 


SifnZ')  (6x1  VGa  surface 


Fig.  1  Model  for  Ga  adatom 
self  assembly  along  step 
edges  of  a  facet  Si  (112) 
surface.  From  ref  3. 


chains.  Thus,  we  have  used  an  optical  technique,  reflectance  difference  anisotropy  (RDA),  to 
monitor  the  behavior  of  this  surface  in  real  time,  as  a  function  of  Ga  atom  deposition  and 
desorption  [5].  We  show  that  we  can  easily  observe  submonolayer  coverage  of  the  Si  surface  by 
Ga  and  a  change  from  a  5x1  to  a  6x1  periodicity,  as  well  as  observe  kinetic  regimes  for  Ga  line 
formation  ranging  from  diffusion  to  evaporation  limited  regimes,  depending  on  substrate 
temperatures  and  Ga  atom  deposition  rates. 

EXPERIMENTAL 

All  experiments  were  performed  in  situ  in  a  UHV  chamber  having  a  base  pressure  of 
3xl0'^°torr  and  which  included  Auger  and  LEED  spectrometers,  and  optical  access  to  the  RDA 
set  up.  The  Ga  deposition  was  performed  using  a  Knudsen  evaporation  cell  and  the  Ga 
depositions  were  performed  at  substrate  temperatures  between  300°C  and  550°C,  at  a  pressure  of 
3  X  10'^  torr.  The  samples  were  initially  cleaned  using  a  modified  Shiroki  etch,  involving  alternate 
dips  in  hydrofluoric  acid  (HF),  boiling  Nitric  acid,  followed  by  boiling  in  a  solution  of  peroxide 
and  ammonium  hydroxide. 

The  RDA  apparatus  used  in  this  work  [5]  included  two  HeNe  lasers  operating  at  either 
632.8nm  or  543.0nm,  a  polarizer  and  a  Hinds  International  photoelastic  modulator.  The 
modulated  light  was  reflected  at  near  normal  incidence  from  the  sample,  which  was  inside  the 
vacuum  chamber  and  located  at  the  focal  point  of  the  Ga  and  A1  K-cells.  The  reflected  light  was 
detected  with  a  Si  photodiode  and  the  modulated  component,  AR,  was  detected  at  twice  the 
modulation  frequency  with  a  PAR  5210  lock-in  amplifier. 

RESULTS 

In  Fig.  2,  the  change  in  surface  reflectivity  as  measured  by  RDA  is  shown  as  a  function  of 
Ga  atom  deposition  time  at  a  substrate  temperature  of  402°C.  The  time  at  which  the  shutter  was 
opened  and  closed  is  marked  in  the  figure.  The  reflectivity  consists  of  a  very  steep  initial  rise. 


218 


followed  by  two  distinct  peaks  in  the  signal.  Since  the  RDA  signal  remains  stable  upon  the 
closure  of  the  deposition  shutter,  it  was  possible  to  examine  the  surface  structure  at  the  maxima  of 
the  two  peaks  using  LEED.  In  this  way,  it  was  determined  that  the  first  signal  maximum 
corresponds  to  a  5x1  surface  reconstruction  and  the  second  maximum  corresponds  to  a  6x1 
reconstruction.  The  drop  of  the  RDA  intensity  between  these  two  maxima  corresponds  to  a  local 
rearrangement  of  the  Ga  chains  from  a  four  atom  to  a  five  atom  average  length  [3,5]. 


The  behavior  of  the  surface  can  also  be  monitored  in  real  time  as  a  function  of  substrate 
temperature  as  well  as  a  function  of  different  Ga  atom  fluxes,  as  shown  in  Fig.  3  a,b.  In  Fig.  3a, 
the  changes  in  the  surface  RDA  signal  are  shown  for  the  same  Ga  atom  deposition  rate  and 
various  substrate  temperatures.  At  the  lowest  substrate  temperature  studied  (T  =  350°C),  the 
RDA  signal  rises  and  then  continuously  drops,  indicating  that  Ga  island  formation  on  the  terraces 
is  occurring  [5],  which  leads  to  a  reduction  of  the  surface  anisotropy  and  thus  the  RDA  signal.  As 
the  substrate  temperature  is  increased  to  500°C,  the  signal  reaches  a  maximum,  after  which  it 
remains  relatively  stable  as  a  function  of  deposition  time,  indicating  that  the  Ga  line  formation  is  a 
self-limiting  process  under  these  conditions.  At  this  temperature,  the  Ga  adatom  surface  diffusion 
and  desorption  rate  from  the  (111)  terraces  are  high  enough  to  preclude  Ga  island  formation  on 
the  terraces.  This  leads  to  Ga  chain  formation  at  the  step  edges  only,  since  these  sites  have  been 
shown  to  have  a  higher  activation  energy  for  desorption  than  the  (1 1 1)  terrace  sites  [2].  At 
higher  temperatures,  such  as  550°C,  the  Ga  line  formation  never  achieves  maximum  coverage  due 
to  the  high  rate  of  evaporation.  If  the  Ga  atom  flux  is  reduced,  the  time  necessary  to  fill  the 
maximum  allowed  step  edge  sites  increases,  resulting  in  a  slower  initial  signal  rise  and  a  shift  of  all 
the  RDA  curves  to  longer  times  (Fig.  3b).  The  total  step  edge  coverage  obtained  at  500°C, 
however,  is  the  same  after  longer  deposition  time,  since  the  RDA  maximum  signal  is  the  same  in 
Fig.  3a  and  3b. 

It  is  also  possible  to  monitor  the  Ga  line  self-assembly  from  a  diffusion-dominated  regime 
at  low  substrate  temperatures  to  an  evaporation  dominated  regime  at  higher  temperatures,  which 
is  evident  from  Fig.  4.  At  low  substrate  temperatures  (300°C),  the  rate  of  the  RDA  signal  is 
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proporational  to  Dt^^,  characteristic  of  a  diffusion  controlled  regime.  At  higher  temperatures,  the 
atoms  which  land  evaporate  quickly,  so  that  only  atoms  which  land  directly  on  the  step  edge  sites 
can  form  the  wire  arrays.  In  this  case,  the  wire  formation  should  be  proportional  to  (F-E)t,  where 
F  is  the  atom  flux  and  E  is  the  evaporation  rate.  Note  that  in  this  case,  the  RDA  signal  is  linear 
with  time  t,  as  is  evident  from  Fig.  4. 


Fig.  3  RDA  signal  as 
a  function  ofGa 
deposition  time  for 
three  substrate 
temperatures. 


Fig.  4  RDA  signal  as 
afiincion  ofGa 
deposition  time  for 
three  substrate 
temperatures.  The  Ga 
flux  rate  is  lower  than 
in  Fig.  3. 
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Fig.  5  The  time  evolution  of  the  RDA  signal  as  a  function  of  sample  temperature.  The  solid  lines 
through  the  data  are  fits  to  AR/R  =  R(t-to)  (400°C  and  500°C)  and  to  AR/R  =  [D(t-to)]^^ 


CONCLUSION 

The  formation  kinetics  of  Ga  atom  line  self  assembly  on  facet  Si  (1 12)  surfaces  have  been 
studied  using  RDA  and  LEED.  The  RDA  technique  can  examine  the  Ga  line  formation  and  the 
5x1  and  6x1  reconstructions  directly  in  real  time.  Furthermore,  at  very  low  substrate 
temperatures,  island  formation  begins  to  overtake  Ga  line  formation,  and  at  very  high 
temperatures,  the  desorption  rate  overwhelms  the  Ga  line  formation  process,  leading  to  small  Ga 
line  coverages  and  thus  a  much  reduced  RDA  signal.  The  diffusion-controlled  Ga  line  formation 
process  at  low  temperatures  has  also  been  characterized  as  well  as  the  evaporation  controlled 
regime,  which  is  evident  at  substrate  temperatures  over  400°C. 
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ABSTRACT 

The  morphologies  of  nanoscale  epitaxial  islands  of  TISi2  are  studied.  The  islands  are 
prepared  by  deposition  of  ultrathin  Ti  (3-20A)  on  both  smooth  and  roughened  .Si(001)  substrates. 
The  island  formation  is  initiated  by  annealing  to  800- 1000’ C.  The  roughened  substrates  are 
prepared  by  etching  with  atomic  H  produced  in  a  plasma.  The  morphologies  of  the  substrate 
before  and  after  island  formation  are  examined  by  atomic  force  microscopy  (AFM).  In  particular, 
the  influence  of  surface-roughness  on  both  the  formation  of  islands  and  the  size  distribution  of 
islands  is  investigated.  On  a  rough  substrate  islands  with  a  latearal  dimension  of  ~350A  and  a 
vertical  dimension  of  ~25A  were  observed  with  size  uniformity  of  ~20%.  Also  it  was  observed 
that  the  roughness  of  the  surface  reduced  the  island  size  and  affected  the  island  distribution.  The 
results  are  discussed  in  terms  of  surface  energy  and  the  strain  field  around  the  islands. 

INTRODUCTION 

Previous  studies  have  shown  the  tendency  of  TiSi2  on  Si  to  foim  epitaxial  island  structures. 
These  islands  can  be  easily  prepared  from  very  thin  Ti  (8-50A)  deposition  on  clean  Si 
substrates [1,2,3]  followed  by  high  temperature  annealing.  There  is  great  potential  in  these 
nanoscale  island  structures  for  a  wide  range  of  possible  electronic  and  optoelectronic  device 
structures.  Previously,  CoSi2  islands  in  Si  have  been  shown  to  exhibit  strong  response  in  the  IR 
and  ultrafast  response  for  above  gap  light[4].  Furthermore  electrical  probing  of  single  nanoscale 
islands,  could  display  quantum  effects  in  the  current-voltage  characteristics[5,6].  In  order  to 
observe  these  unique  transport  and  optical  properties,  the  characteristic  dimensions  of  the  islands 
should  be  less  than  lOnm. 

The  formation  of  TiSi2  by  reaction  of  Ti  with  Si  is  an  important  process  in  Si  IC 
technology.  The  process  proceed  through  the  formation  of  C49  TiSi2  for  annealing  at  less  than 
6(X)°C  followed  by  the  transition  to  the  low  resistivity  C54  phase  at  higher  annealing  temperatures. 
The  C49  phase  is  metastable,  meaning  that  it  is  not  found  in  the  bulk  binary  phase  dia^am. 
However,  for  very  thin  films  produced  with  <5nm  of  Ti  on  Si,  the  transition  to  C54  TiSi2  is  not 
observed  for  annealing  up  to  lOOO^C  and  epitaxial  island  structures  are  often  observed. 

The  growth  of  nanoscale  Ti  silicide  islands  involves  an  understanding  of  island  formation 
mechanisms.  Since  the  sample  preparation  only  involves  deposition  and  annealing,  the  processes 
employed  could  be  describ^  as  self  assembled  or  even  as  self  organized.  Our  previous  studies 
have  shown  that  the  Ti  silicide  island  size  and  shape  is  very  dependent  on  the  growth  conditions 
(Ti  layer  thickness  and  annealing  temperature)  [1].  The  island  structures  reported  previously  were 
-lOOnm. 

In  this  study  ,  the  effect  of  the  substrate  surface  morphology  is  considered.  The  formation 
of  nanoscale  Ti  silicide  islands  is  investigated  with  ultrathin  Ti  deposition  on  smooth  and  H-plasma 
induced  rough  Si(OOl)  substrates.  The  rough  substrates  are  still  highly  crystalline,  but  should 
exhibit  preferred  nucleation  sites  and  also  an  increase  in  the  overall  substrate  surface  energy.  Afta 
island  formation  the  surfaces  are  analyzed  with  AFM.  In  particular,  It  is  shown  that  the  H-plasma 
exposed  rough  surface,  which  has  the  same  high  quality  crystallinity  as  smooth  surface,  affects  the 
island  nucleation.  Also  the  size  and  distribution  of  islands  is  investigated  and  related  to  the  surface 
and  interface  energies  and  the  strain  field  around  the  islands. 

EXPERIMENT 

Silicon  (001)  wafers  (n-type,  P-doped,  resistivity  0.8- 1.2  O-cm,  25  mm  diameter)  were 
used  as  substrates.  The  wafers  were  clean^  first  by  uv-ozone  exposure  and  then  by  an  HF  based 
spin  etch  (HF;H2O:ethanol=l:l:10).  After  ex-situ  cleaning,  the  wafers  were  introduced  into  UHV 
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through  a  load  lock  and  then  transferred  to  the  UHV-MBE  chamber  which  has  a  base  pressure  of 
<lxlO‘^°  Torr.  Before  'll  deposition,  the  smooth  cleaned  Si  substrates(RMS  value:  <3A)  were 
prepared  by  in  situ  heat  cleaning  at  a  temperature  of  550°C  for  10  minutes  to  desorb  the  residual 
contamination  and  hydrogen.  Following  heat  cleaning,  the  LEED  showed  a  2x1  diffraction  pattern 
typical  of  the  Si(lOO)  reconstructed  surface. 

To  obtain  roughened  Si  substrates,  the  wafers  were  transferred  to  the  H-plasma  chamber 
(base  pressure  2x10'®  Torr).  They  were  exposed  to  the  H-plasma  under  the  following  conditions  : 
process  pressure=20mTorr,  flow  rate  of  gas=80sccm,  rf-power=20W,  substrate 
temperature=150°C  and  exposure  time=l-60min.  'The  variation  of  roughness  can  be  controlled  by 
H-plasma  exposure  time  and  substrate  temperature.  Titanium  was  deposited  from  an  in  situ  hot- 
filament  titanium  source  in  the  MBE  chamber  with  the  sample  at  room  temperature.  The  titanium 
layer  thickness  was  3-20A  with  a  deposition  rate  of  0.2A/S.  Following  the  Ti  deposition  no  T  .FRT) 
pattern  was  observed,  indicating  uniform  metal  coverage  of  the  silicon  substrate.  To  form  sihcide 
islands  the  substrates  were  annealed  in  UHV  at  temperatures  ranging  from  8(X)°C  to  1000°C  for  10 
minutes.  After  annealing,  a  2x1  diffraction  pattern  reappeared.  'This  was  interpreted  as  evidence  of 
island  formation  and  attributed  to  exposure  of  the  silicon  substrate  between  the  islands.  After  the 
substrates  were  unloaded,  ex-situ  AJ^  was  performed  to  investigate  the  surface  morphologies. 
The  size,  shape  and  density  of  the  Ti  silicide  islands  were  obtained  from  an  image  processing 
program  included  with  AFM.  Also  the  RMS  value  of  the  surface  roughness  was  obtained  both  for 
the  roughened  substrate  and  after  island  formation. 

RESULTS 

Figure  1  presents  AFM  images  of  the  C49  TiSi2  islands  grown  by  deposition  of  3-20A  Ti 
on  smooth  Si(lOO)  substrates,  and  annealed  in  UHV  at  9(X)°C.  For  3A  Ti  deposition,  the  small 
cap-shaned  islands  were  randomly  distributed  with  a  mean  diameter  of  ~350A  and  vertical  height 
of  ~20A  (Fig.  1-a).  For  SA  deposition  we  observe  the  coexistence  of  small  rounded  islands  and 
larger  coalesced  islands  with  evidence  of  faceting  (Fig.  1-b),  These  faceted  large  islands  are  well 
aligned  along  the  <1 10>  directions  of  silicon  substrate.  When  the  Ti  thickness  is  increased  beyond 
lOA  most  of  the  islands  are  coalesced  and  transformed  into  large  faceted  islands  (Fig.  1  c-d). 
Furthermore,  it  is  observed  that  the  islands  are  well  separated.  As  Ti  deposition  thickness 
increases,  the  average  size  of  the  islands  increases  laterally  (from  350  to  860A)  and  vertically  (from 
~20  to  120A).  These  results  are  consistent  with  our  previous  studies  [1,3,7]. 

To  observe  the  influence  of  surface  roughness  on  the  formation  of  the  islands,  roughened 
substrates  were  prepared  with  H-plasma  exposure  from  l-60min.  'The  roughness  of  the  substrate 
depends  on  the  H-plasma  exposure  time[8].  Fig.  2-a  shows  the  morphology  of  islands  of  the 
rough  surfaces  (RMS  value:  1(X)A  before  Ti  deposition).  Compared  with  the  island  distribution  on 
the  smooth  surface  (Fig.  1-c),  the  islands  on  the  rough  surface  are  distributed  more  uniformly  and 
are  smaller.  Figure  2-c  displays  the  diameter  distribution  of  the  islands  and  it  is  evident  that  the 
diameter  distribution  of  the  islands  on  the  rough  surface  both  narrows  and  shifts  toward  a  smaller 
size  than  on  the  smooth  surface.  Also  the  shape  and  location  of  islands  are  affected  by  the  surface 
roughness.  For  a  very  rough  surface  from  a  long  H-plasma  exposure  (RMS  value:  220A),  we 
find  (Fig.  2-b)  that  large  islands  form  near  the  pe£^s  while  the  islands  on  the  slopes  are  more  flat 
and  smaller. 

To  investigate  the  annealing  temperature  dependence  of  the  size  distribution  and  shape  of 
the  islands,  a  series  of  samples  of  SA  Ti  were  annealed  at  temperatures  from  800-1000°C.  This 
was  repeated  for  both  smooth  and  rough  surface  were  prepared.  It  was  found  that  increasing  the 
annealing  temperature  resulted  in  the  areal  density  of  islands  to  decrease  by  approximately  one 
order  of  magnitude  while  the  diameter  increases  by  a  factor  of  2.  This  trend  is  observed  in  both  the 
rough  and  smooth  substrates  (Fig.  4).  At  all  temperatures  the  average  diameter  of  islands  on  the 
rough  surfaces  are  smaller  than  those  on  smooth  surfaces.  'The  smallest  islands  were  observed  for 
Ti  (5 A)  on  rough  surfaces  annealed  at  8{X)°C.  The  islands  exhibited  a  mean  diameter  of  ~180A, 
and  Aey  were  isolated  yet  very  dense.  While  at  1()(X)°C  annealing  temperature,  a  very  uniform  size 
distribution  of  larger  islands  was  found  (standard  deviation  of  island  diameter:  16%)  and  the  island 
separation  increased  (average  spacing  between  the  islands:  12(X)A). 
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DISCUSSION 


Consider  first  the  difference  in  the  island  density  for  Ti  deposited  on  smooth  and 
roughened  substrates.  The  results  indicate  a  larger  density  of  smaller  islands  for  the  roughened 
surfaces.  Both  surfaces  are  highly  crystalline  whde  the  roughened  surfaces  will  have  an  increased 
surface  area,  more  surface  steps,  peaks  and  valleys  that  may  act  as  nucleation  sites  and  probably 
more  surface  defects.  The  increased  surface  area  itself  wUl  result  in  a  thinner  Ti  film  coverage 
which  could  be  expected  to  result  in  smaller  islands.  Furthermore,  diffusion  across  peaks,  valleys, 
and  edges  may  limit  the  growth  and  consequently  the  island  size.  Lastly,  the  surface  energy  of  die 
roughened  surface  will  be  increased  just  due  to  the  increased  area,  but  locally  an  opposite  effect 
may  occur  due  to  the  fact  that  low  energy  <1 1 1>  surfaces  are  exposed  in  the  H-plasma  process[8]. 
Previous  results  have,  however,  indicated  that  the  interface  energy  of  TiSij  islands  on  <11 1> 
surfaces  is  also  lower. [2, 3]  Therefore  the  surface  ener^  terms  wUl  likely  not  play  a  strong  role. 
All  of  the  other  effects  (thinner  Ti  layer,  limited  diffusion  range  and  increased  nucleation  sites  at 
steps  and  defects)  would  tend  to  form  smaller  islands  for  the  roughened  surfaces.  Unfortunately  at 
this  time  it  is  impossible  to  determine  which  if  any  of  the  effects  dominates  the  process. 

For  the  very  rough  surfaces  there  appear^  to  be  a  strong  preference  to  forming  relatively 
large  islands  at  the  peaks.  The  surface  energies  may  be  expected  to  be  highest  locally  at  the  peaks 
of  the  rough  surface  due  to  the  high  density  of  dangling  bonds.  Thus  it  would  be  expected  that  the 
TiSij  would  nucleate  preferentially  at  the  peaks.  The  formation  of  these  larger  islands  minimizes 
the  total  surface  energy. 

While  many  effects  may  contribute  to  the  island  formation  process  on  the  roughened 
substrates,  it  is  apparent  that  control  of  the  substrate  roughness  can  be  an  important  factor  in 
obtaining  the  highest  density  of  small  islands. 

It  is  interesting  to  note  that  most  islands  have  simUar  size  and  relatively  uniform  separation 
for  the  high  density  structures.  The  simUar  size  and  shape  indicates  that  the  surface  and  interface 
energetics  are  relatively  uniform.  The  uniform  separation  suggests  another  effect.  It  has  recently 
been  suggested  that  the  strain  field  in  the  substrate  around  the  epitaxial  islands  could  lead  to  a 
repulsive  interaction  between  the  islands[9].  We  have  previously  shown  that  the  C49  islands  are 
indeed  epitaxial  with  a  small  lattice  mismatch[l].  Thus  it  is  likely  that  the  relatively  uniform 
spacing  of  the  island  structures  represents  a  self  organized  effect  with  the  island  separation  due  to 
interactions  through  the  strain  field. 

We  observed  that  as  the  annealing  temperature  is  increased  the  average  size  and  spacing  of 
islands  increases  while  the  areal  density  of  the  islands  decreases  (Fig.  3).  Two  effects  may 
contribute  to  this  observation.  One  possibility  is  that  the  islands  diffuse  on  the  surface  and 
coalesce  when  they  come  into  close  proximity.  The  nearly  sperical  shape  would  suggest  a  high 
surface  energy.  The  other  possibility  is  that  the  islands  remain  relatively  in  place,  but  that  ±e 
island  growth  is  due  to  surface  diffusion  of  Ti  from  one  island  to  the  next.  We  note  that  the 
surfaces  between  the  islands  exhibit  a  2x1  LEED  typical  of  clean  Si  which  may  argue  against  this 
model.  It  may  be  possible  to  model  the  two  effects  to  determine  is  either  is  the  dominant  effect. 


CONCLUSION 

In  this  study  it  was  observed  that  surface  roughness  of  the  Si  substrate  affects  the 
formation  of  Ti  silicide  islands.  The  size  of  the  islands  is  reduced  and  a  relatively  high  density  of 
uniformly  spaced  structures  are  observed.  The  smallest  islands  (lateral  dimension  of  ~  350A  and 
vertical  dmension  of  ~25A)  were  obtained  with  sA  Ti  deposition  on  the  roughened  surface 
followed  by  annealing  at  800°C.  As  the  annealing  temperature  increases,  the  size  of  islands 
increases  and  the  density  decreases.  We  suggest  that  several  effects  including  increased  surface 
area,  limited  diffusion  and  more  nucleation  sites  contribute  to  the  higher  density  of  small  islands. 
We  also  propose  that  the  strain  field  associated  with  the  small  lattice  mismatch  plays  a  role  in 
obtaining  uniformaly  separated  islands. 
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Fig.  1  A  series  of  1x1  |jm"  atomic  force  microscopy  images  of  Ti  silicide  islands  formed 
with  varying  deposition,  annealed  at  900  C.  Ti  deposition  thickness  is  3.  5,  10,  20  A  for  (a) 
through  (d),  respectively. 
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Diameter  of  islands(A) 


Fig.  2  (a)  A  Ixl  (am-  AFM  image  of  10  A  Ti  annealed  al  900  C  on  10  min.  H-plasma 
exposed  rough  Si  substrate:  (b)  A  2x2  pm-  AFM  image  of  10  A  Ti  annealed  at  900  C  on 
very  rough  surface  (Fl-plasma  exposed  for  60  minutes):  (c)  The  size  distribution  of  islands 
for  10  A  annealed  at  900  C  on  smooth  and  rough  substrate  (H-plasma  exposed  for  10 
minutes) 


Fig.  3  A  series  ol'  1x1  |am-  AFM  images  of  5  A  Ti  deposition  on  rough  substrate  (H-plasma 
exposed  for  10  minutes)  varying  annealed  temperature  (a)  800  C  (b)900  ’C  (c)  1000  C 


annealing  (einperatureOC ) 


annealing  temperalureOC ) 


Fig,  4  (a)  the  meam  diameter  of  islands  on  both  rough  and  smooth  surface  as  a  function  of 
annealing  temperatures  (b)number  density  of  islands  grown  on  the  rough  substrate  as  a 
function  of  annealing  temperature 
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Control  of  Growth  III: 
Selected  Area  Epitaxy 


STRUCTURAL  DEFECTS  IN  THICK  InGaAs  LAYERS  GROWN 
BY  LPEE  ON  PARTIALLY  MASKED  GaAs  SUBSTRATES 


T.  BRYSKIEWICZ,  Crystar,  A  Johnson  Matthey  Company,  721  Vanalman  Ave. 
Victoria,  BC  V8Z  3B6,  Canada 


ABSTRACT 

Defect  formation  in  thick  In^Gai.^As  layers,  0.06  <  x  <  0.17,  grown  by  liquid 
phase  electroepitaxy  (LPEE)  on  partially  masked  GaAs  substrates  has  been  studied.  The 
In^Gai.^As  ingots  were  6  mm  in  thickness  and,  in  some  cases,  more  than  53  mm  long  in 
one  direction.  Prior  to  the  LPEE  growth,  a  thin  Si02  layer  was  deposited  on  the  (100) 
oriented  GaAs  substrate  by  plasma  enhanced  chemical  vapor  deposition  (PECVD),  and 
patterned  by  photolithography  with  oxide  free  seeding  windows  of  different  geometry. 
The  growth  of  a  ternary  crystal  from  a  slightly  supercooled  melt  originated  in  the  form 
of  islands  within  the  window  areas  and  extended  laterally  over  the  Si02  layer  to  result, 
as  the  growth  proceeded  by  LPEE,  in  a  continuous  layer  with  no  apparent  boundaries 
between  merging  islands.  The  two  main  structural  defects  have  been  identified  in  these 
compositionally  uniform  ternary  crystals;  microtwins  and  microcracks.  They  were  found 
to  result  from  the  crystal/substrate  misfit  stress,  when  insufficiently  suppressed  by  the 
Si02  layer,  and/or  from  improper  seeding  window  geometry.  The  microcrack  and 
microtwin  formation  in  large  diameter  In^Gai.^As  crystals  has  been  suppressed  by  the 
right  choice  of  the  seeding  window  geometry  as  well  as  by  minimizing  damage  to  the 
Si02  layer  caused  by  the  H2  atmosphere  and  high  growth  temperature. 


INTRODUCTION 

Alloy  semiconductors  such  as  In^Gai.^As,  0  <  x  <  1,  in  the  form  of  bulk  crystals 
or  strain  relaxed  buffer  layers  grown  on  commercially  available,  lattice  mismatched 
substrates  are  of  interest  as  substrates  for  novel  device  structures  [1,2].  The  growth  of 
ternary  crystals  by  liquid  encapsulated  Czochralski  (LEG)  and  float  zone  methods  is 
actively  pursued  by  Fujitsu  [3]  and  Johnson  Matthey  [4].  Recently,  liquid  phase 
electroepitaxy  (LPEE)  has  been  identified  as  the  most  cost  effective  tool  for  growing 
and  studying  structural  defects  in  these  novel  electronic  materials  [5].  It  has  been 
demonstrated  that  highly  uniform,  compositional  inhomogeneity  I  Ax  I  <  0.001  over 
several  millimeter  wide  area  [5,6],  and  strain  relaxed  In^Gai.^As  ingots,  0  <  x  <  0.2,  can 
be  grown  by  LPEE  on  partially  masked  GaAs  substrates  despite  the  substrate/crystal 
lattice  mismatch  [7-9].  Prior  to  the  LPEE  growth,  the  GaAs  substrate  is  coated  with  a 
0.1-  0.2  pm  thick  Si02  layer  by  plasma  enhanced  chemical  vapor  deposition  (PECVD) 
and  patterned  by  photolithography  with  oxide  free  seeding  windows.  The  growth  of  the 
In,jGai.xAs  islands  from  a  slightly  supercooled  In-Ga-As  melt  originates  within  seeding 
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windows  and  extends  laterally  over  the  Si02  layer.  This  nearly  two  dimensional  growth 
occurs  on  terraces  formed  by  both  the  dislocations  and  small  misorientation  of  the  GaAs 
substrate  from  the  (100)  plane.  In  order  to  assure  an  efficient  overgrowth  of  the  Si02 
layer,  the  longer  edge  of  seeding  windows  must  be  tilted  away  from  the  [110]  and  [100] 
directions.  Subsequently,  as  the  growth  proceeds  by  LPEE,  the  islands  merge  to  create  a 
continuous,  monocrystalline  layer  with  no  apparent  boundaries  between  merging  ternary 
islands  [7-9]  .Thus,  both  the  substrate  preparation  and  initial  stages  of  growth  are  similar 
to  the  previously  developed  liquid  phase  epitaxy  (LPE)  of  Si  [10-13],  GaAs  [14-17], 
GaP  [18]  and  SiGe  [19,20]  layers  on  Si,  GaAs  and  GaP  substrates.  A  selective  LPEE 
growth  of  isolated  GaAs  islands  on  partially  masked  Si  substrates  has  also  been  reported 
[21,22]. 

In  this  work,  the  impact  of  different  seeding  window  geometry  on  the  structural 
perfection  of  the  LPEE  grown  In^Gaj.^As  ingots,  as  well  as  the  impact  of  other  factors 
such  as  strength  of  the  Si02  layer,  is  studied. 


LPEE  GROWTH  PROCEDURE 

InxGai.,,As  crystals,  x  =  0.06  -  0.17,  were  grown  in  a  vertical  LPEE  system 
described  elsewhere  [23].  At  the  beginning  of  each  growth  run,  the  In-Ga-As  melt  made 
of  In,  Ga  and  InAs  components  was  kept  apart  from  both  the  GaAs  substrate  and  ternary 
source  material,  while  saturating  at  a  constant  temperature  in  the  flow  of  high  purity 
hydrogen.  Both  the  growth  temperature,  which  was  in  the  710-780°C  range,  and 
composition  of  the  melt  appropriate  for  the  growth  of  a  ternary  crystal  of  expected 
composition  were  evaluated  from  the  In-Ga-As  phase  diagram  [24].  In  order  to  initiate 
fast  lateral  growth  of  terraces  within  seeding  windows  but  to  avoid  the  two  dimensional 
nucleation,  the  melt  was  slowly  supercooled  by  2-3“C  and  subsequently  put  in  contact 
with  the  GaAs  substrate  from  the  bottom  and  with  a  ternary  source  material  from  the 
top.  Immediately,  the  growth  of  a  ternary  crystal  originated  in  the  form  of  islands  within 
oxide  free  seeding  windows  and  extended  over  the  Si02  layer,  as  shown  in  Fig. la.  After 
an  hour,  a  direct  electric  current  was  turned  on  and  the  growth  proceeded  by  LPEE  at  a 
constant  temperature.  The  islands  gradually  merged  to  create  a  continuous  layer  with  no 
apparent  boundaries  between  the  islands  [7-9],  as  shown  in  Fig. lb.  The  In^Gai.^As 
crystals  grown  for  this  study  were  6  mm  in  thickness  and  in  some  cases  extended  by 
more  than  53  mm  in  one  direction  [25].  High  compositional  homogenity,  I  Ax  |  <  0.001 
[6],  of  the  LPEE  grown  ternary  crystals  has  been  assured  by  choosing  the  right 
composition  of  the  source  material. 


DEFECT  FORMATION  VERSUS  WINDOW  GEOMETRY 

A  cross  section  of  the  In^Gui.^^As  /Si02/GaAs  structure  is  shown  in  Fig.2.  In  this 
case,  an  impact  of  the  crystal/substrate  lattice  mismatch  on  defect  formation  in  the 
ternary  crystal  is  expected  to  be  largely  suppressed  by  the  Si02  layer  and  strictly  limited 
to  the  seeding  window  area  [9],  in  accordance  with  Saint-Venant’s  principle  [26-28]. 
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(a) 


(b) 

Fig.  l.Top  view  of  an  epitaxial  layer  at  the  initial  stages  of  the  selective  LPE(E)  growth: 
(a)  an  overgrowth  of  the  Si02  layer  by  isolated  islands  prior  to  merging,  (b)  the 
onset  of  island  merging.  The  growth  originated  in  20  pm  wide  seeding  windows. 
Note  lack  of  any  apparent  boundaries  between  merging  islands. 


Fig.2.  Microphotograph  of  a  cross  section  of  the  Ino,o6Gao,94As/Si02/GaAs  structure. 
The  seeding  windows  are  20  pm  wide  and  extend  across  the  entire  length  of  the 
GaAs  substrate.  Note  lack  of  any  apparent  boundaries  between  merging  islands. 
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Indeed,  ealeulations  based  on  the  Suhir  and  Luryi  model  [26,28]  for  long  oxide  free 
windows  and  for  the  window  separation  much  larger  than  the  window  width  have  shown 
that  the  crystal/substrate  misfit  stress  exponentially  decays  with  a  distance  from  the 
window  area.  It  turns  out  that  an  effective  height  of  the  strained  area  within  the  In^  Gai. 
xAs  crystal  does  not  exceed  15%  of  the  window  width  [28].  For  narrow  enough  seeding 
windows,  in  the  range  of  a  few  microns  or  less,  the  strained  zone  height  may  become 
smaller  than  the  critical  layer  thickness  for  a  massive  misfit  dislocation  formation.  In 
this  case,  the  Suhir  and  Luryi  model  predicts  feasibility  of  very  thick  and  low 
dislocation  density  ternary  layers  despite  the  layer/substrate  lattice  mismatch. 

A  successful  growth  of  18  mm  diameter,  In^Gai.^As  crystals  by  LPEE,  x  <  0.2, 
on  the  GaAs  substrates  patterned  with  2-20  pm  wide  and  long  seeding  windows  has 
been  demonstrated  [7-9].  However,  we  have  found  this  particular  window  geometry  (see 
Fig.Sa)  insufficient  for  a  successful  growth  of  large  diameter  ternary  crystals.  The 
dominant  structural  defect  revealed  in  such  crystals  was  a  microcrack,  as  shown  in 
Fig.4a.  Apparently,  the  crystal/substrate  misfit  stress  was  suppressed  only  in  one 
direction,  as  recently  predicted  by  A.  Atkinson  et  al  [27].  The  best  seeding  window 
geometry  for  an  effective  suppression  of  the  crystal/substrate  stress  in  all  possible 
directions  seems  to  be  a  square  or  a  circle.  However,  our  crystal  growth  experiments 
with  such  windows  (see  Fig. 3b)  have  been  unsuccessful  so  far.  Ternary  crystals  revealed 
very  high  concentration  of  microtwins,  a  clear  indication  of  inefficient  lateral 
overgrowth.  This  finding  is  consistent  with  the  results  of  the  selective  LPE  growth  of  Si 
layers  in  circular  seeding  windows  [13].  Apparently,  the  oxide  free  windows  have  to  be 
elongated  in  one  direction  to  achieve  enough  lateral  overgrowth  of  the  Si02  layer  and  to 
prevent  from  the  facet  formation  at  the  front  of  expanding  ternary  islands  prior  to 
merging  [10-13,15-20]. 

The  above  conclusion  is  supported  by  our  crystal  growth  experiments  with  the 
rectangular,  10  pm  x  200  pm  windows  separated  by  75  pm  from  each  other  (see 
Fig.3c).  Inoo8Gao92As  crystals  grown  by  LPEE  on  such  seeding  windows  were 
microcrack  free  and  revealed  only  a  few  microtwins  with  a  small  stacking  fault  width. 
Apparently,  the  crystal/substrate  mismatch  stress  has  effectively  been  suppressed  in 
these  ternary  crystals,  while  the  window  segments  were  still  too  short  for  an  efficient 
lateral  overgrowth.  This  finding  is  consistent  with  the  results  of  Suzuki  et  al  [13]  with 
the  selective  LPE  growth  of  Si  layers.  Finally,  we  have  found  that  for  the  seeding 
window  segments  somewhat  longer  than  200  pm,  the  microtwins  were  eliminated  and 
microcracks  did  not  form  even  in  ternary  crystals  which  extended  by  more  than  53  mm 
in  the  lateral  direction. 


DEFECT  FORMATION  DUE  TO  OTHER  FACTORS 

We  have  found  the  mechanical  and  chemical  strength  of  the  Si02  layer  crucial  to 
a  successful  growth  of  lUxGaj.xAs  crystals  by  the  selective  LPEE  growth  method.  The 
Si02  layer  turns  out  to  be  exposed  to  two  damaging  factors:  decomposition  by  hydrogen. 
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(a) 


(b) 


(c) 


Fig.3.  The  GaAs  substrate  coated  with  the  Si02  layer  and  patterned  with  oxide  free 
seeding  windows  of  different  geometry:  (a)  20  pm  wide  trenches,  (b)  20  pm 
diameter  circles,  and  (c)  10  pm  x  200  pm  windows. 


(a)  (b) 

Fig.  4.  The  main  structural  defects  revealed  in  large  diameter  In^Gai.^As  crystals: 

(a)  a  microcrack  formed  while  employing  long,  oxide  free  seeding  windows, 

(b)  a  microtwin  formed  due  to  the  partial  dissolution  of  the  Si02  layer. 
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indispensable  during  electroepitaxy  to  assure  high  purity  environment,  and  mechanical 
damage  at  a  comparatively  high  LPEE  growth  temperature  due  to  a  considerable 
difference  in  the  thermal  expansion  coefficients  between  SiOj  and  GaAs.  Partial  damage 
to  the  Si02  layer  resulted  in  quite  large  uncovered  areas  on  the  GaAs  substrate.  In  this 
case,  the  crystal/substrate  misfit  stress  was  not  sufficiently  suppressed  and  has  led  to  the 
enhanced  microtwin  formation,  as  shown  in  Fig.4b.  Note  high  stacking  fault  width  of 
the  stress  induced  microtwin.  An  effort  to  compromise  purity  with  the  strength  of  the 
Si02  layer,  by  growing  ternary  crystals  in  the  He  atmosphere  for  example,  may  lead  to 
both  the  microtwin  and  microcrack  formation  as  shown  in  Fig.5.  We  have  learned 
that  in  terms  of  the  defect  formation  suppression  in  the  LPEE  grown  In^  Gui.^As 
crystals,  the  best  results  were  achieved  when  the  Si02  coating  sustained  the  H2 
atmosphere  and  no  other  gases  were  involved. 

Both  the  theoretical  calculations  [26-28]  and  experimental  data  [7,8]  reveal  a 
clear  impact  of  the  seeding  window  width  on  the  effectiveness  of  the  crystal/substrate 
stress  suppression  in  the  LPEE  grown  ternary  crystals.  The  crystal/substrate  lattice 
mismatch  is  the  prime  cause  of  an  enhanced  dislocation  formation  in  these 
compositionally  uniform  materials.  Such  dislocations  may  also  climb  or  glide  to  a 
growing  ternary  crystal  through  the  oxide  free  windows,  as  shown  in  Fig.6.  It  turns  out 
that  very  narrow  seeding  windows,  presumably  well  below  1  pm  in  width,  are  required 
to  be  able  to  grow  low  dislocation  density  In^Ga^.^As  crystals  in  the  x  >  0.1  range  [28]. 
Such  narrow  seeding  windows  constitute  a  challenge  not  only  to  the  photolithography 
but  most  of  all  to  the  LPEE  growth  process  itself  Simply,  poor  wetting  of  such  windows 
by  the  In-Ga-As  melt  is  anticipated.  In  addition  to  this,  the  LPE(E)  method  is  known  to 
be  inferior  to  the  gas  phase  epitaxy  in  growing  low  dislocation  density,  lattice 
mismatched  layers  [29].  Therefore,  a  ternary  buffer  layer  grown  by  MBE  or  MOCVD 
on  the  GaAs  substrate,  prior  to  coating  with  the  Si02  layer  and  patterning,  is  always 
expected  to  result  in  a  great  improvement.  Indeed,  the  misfit  dislocations  were  found  to 
be  well  confined  to  the  buffer  layer  and  only  slightly  affected  the  Ino  o9Gao  9iAs  crystals 
[8,30],  while  employing  seeding  windows  as  wide  as  10  pm.  The  dislocation  density  in 
the  Ino  ogGao.gi As  crystals  was  in  the  high  10'^  cm'^  range  [8],  the  lowest  value  achieved 
for  the  LPEE  grown  ternary  crystals  so  far,  and  much  lower  than  in  the  buffer  layer. 
Without  a  buffer  layer  such  a  confinement  would  have  not  been  possible  for  this  type  of 
windows  and  for  this  compositional  range  [7]. 

However,  our  attempts  to  grow  In^Gai.^As  crystals,  x  «  0.2,  on  patterned  GaAs 
substrates  have  revealed  that  the  misfit  dislocation  confinement  to  the  ternary  buffer 
layer  may  become  difficult  to  achieve,  as  shown  in  Fig.7.  High  indium  content  in  the 
buffer  layer  inevitably  leads  to  an  enhanced  dislocation  formation  within  the  layer  as 
well  as  at  layer/substrate  interface.  Both  the  residual  stress  within  the  layer  and  the 
electric  current  that  drives  the  LPEE  growth  are  expected  to  contribute  to  uncontrolled 
dislocation  migration.  In  this  case,  not  only  narrow  windows  (2  pm  in  width  or  less)  but 
presumably  a  new  sort  of  a  ternary  buffer  layer  are  expected  to  become  indispensable  in 
order  to  effectively  suppress  the  glide  or  climb  of  threading  dislocations  into  the  ternary 
crystal. 


236 


Ga  As 


2  50  (xm 


Fig.5.  Microphotograph  of  a  cross  section  of  the  Ino  ogGao.92As/Si02/GaAs  structure. 
The  ternary  crystal  has  been  grown  in  the  He  atmosphere.  Note  both  the  micro¬ 
twin  and  microcrack  formed  in  the  contaminated  seeding  windows. 


Fig.6.  Microphotograph  of  a  cross  section  of  the  In0.06G30.94As/SiO2/GaAs  structure 
and  dislocation  etch  pits  revealed  in  hot  KOH.  The  seeding  windows  are  long, 
20  pm  wide  trenches.  Note  the  dislocations  gliding  and/or  climbing  through  the 
oxide  jfree  windows. 
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Fig.7.  Microphotograph  of  a  cross  section  of  the  Ino  i6Gao  84As/Si02/  Ino  uGag  geAs/ 
GaAs  structure.  The  seeding  windows  are  10  pm  wide  and  longer  than  200  pm. 
Note  the  misfit  dislocations  “diffusing”  from  the  Ino.^Gao  seAs  buffer  layer  into 
the  GaAs  substrate. 


CONCLUSIONS 

In^Ga^.^As  crystals,  0  <  x  <  0.17,  which  extend  by  more  than  53  mm  in  one 
direction  can  successfully  be  grown  by  LPEE  on  the  GaAs  substrate  partially  masked  by 
a  thin  Si02  layer,  despite  the  crystal/substrate  lattice  mismatch. 

In  order  to  achieve  efficient  enough  overgrowth  of  the  Si02  layer  by  ternary 
islands  that  originate  within  oxide  free  seeding  windows  and  subsequently  merge  to 
create  a  continuous  layer  and  to  avoid  the  microtwin  formation  at  boundaries  of  the 
merging  islands,  the  seeding  window  segments  have  to  be  as  long  as  possible.  On  the 
other  hand,  in  order  to  avoid  crack  formation  in  large  diameter  ternary  crystals,  the 
oxide  free  windows  have  to  be  as  short  as  possible.  Thus,  an  optimum  seeding  window 
geometry  exists  for  a  given  composition  x  of  the  In^Gai.^As  crystals  that  fulfills  both 
conflicting  requirements. 

The  chemical  and  mechanical  strength  of  the  Si02  layer,  resistant  to  a  detrimental 
influence  of  both  the  high  growth  temperature  and  H2  atmosphere,  is  essential  to  the 
successful  growth  of  In^Gai.^As  crystals  by  LPEE. 
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Facet  Formation  in  Submicron  Selective  Growth  of  Si/SiGe 


K.  L.  Wang  and  Dawen  Wang,  Device  Research  Laboratory,  Department  of  Electrical 
Engineering,  University  of  California,  Los  Angeles,  Los  Angeles,  CA  90095 


Abstract 

The  paper  reviews  the  work  in  mostly  Si  and  SiGe  epitaxy  and  some  DI-V  work  on  patterned 
substrates.  Results  of  metalorganic  chemical  vapor  deposition  (MOCVD),  low  pressure 
chemical  vapor  deposition  (LPCVD),  gas  source  molecular  beam  epitaxy  (GSMBE),  and  solid 
source  molecular  beam  epitaxy  (MBE)  were  discussed  in  the  context  of  facet  formation  and  mass 
accumulation.  A  model  was  shown  to  explain  the  facet  formation  and  its  evolution  in  the  process 
of  growth.  Further  work  on  surface  diffusion  and  nucleation  processes  as  functions  of 
temperature  and  other  growth  parameters  will  provide  needed  information  for  accurate  modeling 
of  the  facet  growth  process. 


I.  Introduction 

As  the  scale  of  integration  of  electronic  devices  continues  to  increase,  the  feature  size  must  be 
reduced.  It  will  approach  below  100  nm  at  the  turn  of  the  Century.  Thus  there  is  a  great  deal  of 
interest  in  studying  structures  of  reduced  dimensions  and  in  fabricating  nanometer  scale 
structures.  In  the  past,  advanced  crystal  growth  techniques,  such  as  molecular  beam  epitexy 
(MBE)  and  chemical  vapor  deposition  (CVD),  have  made  it  possible  to  fabricate  two- 
dimensional  structures  such  as  heterojunctions,  quantum  wells  and  superlattices  with  layer 
thickness  on  the  atomic  scale.  However  further  reduction  of  lateral  dimensions  in  forms  of  one¬ 
dimensional  quantum  wires,  zero-dimensional  quantum  dots  and  nanometer  scale  structures  in 
general  has  faced  technological  difficulties. 

Most  widely  used  methods  for  the  fabrication  of  nanostructures  such  as  quantum  wires  and 
quantum  dots  are  based  on  ex-situ  lateral  patterning  techniques  which  combine  lithography  with 
dry  or  wet  chemical  etching  to  achieve  desired  patterns.  Despite  of  the  fact  that  e-beam 
lithography  can  achieve  structures  with  dimensions  smaller  than  10  nm  [1],  there  exist  a  lot  of 
problems  such  as  surface  damages  and  irregularities  in  the  shape  and  size  of  nanostructures. 
Therefore,  there  is  an  impetus  for  the  development  of  new  alternative  techniques  to  form 
nanometer  scale  structures.  Among  them,  the  direct  growth  of  nanostructures  has  a  potential  to 
form  damage-free  structures,  making  this  technique  desirable  for  studying  the  properties  of 
nanostructures. 

To  directly  grow  nanostructures,  the  substrate  should  be  structured,  i.e.  there  is  a  controlled 
starting  surface  pattern  present  on  the  substrate.  There  have  been  several  kinds  of  structured 
substrates  used  and  they  are,  for  example,  nonplanar  patterned  substrates [2],  planar  masked 
substrates  [3],  and  planar  high  index  surfaces  [4].  When  films  are  selectively  grown  on  these 
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structured  substrates,  mesas  are  often  formed  on  the  substrates.  Independent  of  growth 
techniques,  the  sidewalls  of  these  mesas  inevitably  form  facets.  More  than  one  facet  may  result 
This  is  because  the  adatoms  migrate  on  the  top  surface  of  the  mesa  and  the  sidewalls  to  minimize 
the  total  free  energy  during  growth.  The  possible  facets  and  their  development  depend  on  the 
substrate  orientation,  surface  pattern  alignment,  and  growth  conditions. 

In  this  paper,  we  review  selective  growth  (SG)  of  semiconductors  using  CVD  and  MBE, 
especially  gas  source  MBE  (GSMBE),  focusing  on  the  facet  growth  and  the  facet  evolution  of  Si- 
based  films.  SG  is  ofteruused  for  pattern  growth.  Compared  with  III-V  materials,  there  have 
only  been  a  few  pieces  of  published  work  on  the  SG  of  SiGe  nanostructures.  Some  of  IH-V  facet 
growth  results  were  also  discussed  in  the  paper. 


II.  Selective  growth  by  CVD 

The  most  frequently  used  SG  technique  is  CVD,  such  as  metalorganic  chemical  vapor 
deposition  (MOCVD)  and  low  pressure  chemical  vapor  deposition  (LPCVD)  for  IH-V  materials. 
The  growth  mechanism  is  mainly  determined  by  adsorption-desorption  processes  and  surface 
reactions. 

Kim  et  al.,  [5]  have  investigated  the  facet  evolution  of  Alo.sGao.sAs/GaAs  multilayers  grown 
on  mesa-  or  V-groove  patterned  GaAs  substrates  by  MOCVD  as  a  function  of  growth 
temperature  and  the  flow  rate  of  the  p-type  dopant  (CCI4).  For  parallel  stripes  patterned  along 
the  <01T>  direction  on  (100)  oriented  n"^  GaAs  substrate,  a  (511)A  or  a  (411)A  facet  was 
observed,  instead  of  the  conventional  (433)A  sidewall  facet  for  undoped  Alo.sGao.sAs/GaAs 
multilayers  on  a  mesa.  For  InAlGaAs  selective  growth,  there  are  only  a  few  papers  reported  in 
low  pressure  metalorganic  vapor  phase  epitaxy,  because  the  growth  is  difficult  due  to  the  high 
reactivity  of  the  Al  species  with  dielectric  masks  used  on  patterned  substrates  [6,7,8]. 

For  Si-based  materials,  usually  CVD  techniques  with  chlorine  containing  gases  are  used  for 
selective  deposition,  in  which  the  presence  of  HCl  prevents  the  Si  deposition  on  Si02  and  full 
selectivity  can  be  obtained.  HCl  is  either  introduced  intentionally  along  with  SiH4,  or  SiH2Cl2  or 
is  formed  from  the  decomposition  of  SiH2Cl2. 

SEG  on  oxide  windows  patterned  on  Si  (100)  substrates  has  been  performed  by  LPCVD  [9]. 
Under  the  conditions  which  result  in  uniform  and  planar  selective  growth,  facets  usually  develop 
around  the  corners  of  the  grown  mesas.  For  the  sidewalls  aligned  with  the  <1 10>  direction,  the 
{ 1 1 1 }  and  { 3 1 1 }  facets  can  be  observed  at  the  edges  of  the  windows  with  the  size  down  to  400 
nm  width.  The  {111}  facet  began  first  and  then  the  { 3 1 1 }  facet  developed  afterward.  For  small 
oxide  windows  of  140  to  200  nm,  addition  facets,  such  as  {41 1 }  and  (433),  were  observed.  For 
the  sidewalls  aligned  along  with  the  <100>  direction,  the  {110}  facet  developed.  Because  of  the 
facet  growth,  the  dimension  of  the  top  area  of  the  grown  mesa  usually  decreases  as  the  growth 
continues.  So  far,  sizes  of  the  (100)  top  parts  as  small  as  50  nm  for  {31 1 }  facets  and  200  nm  for 
{110}  facets  have  been  achieved,  respectively. 
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III.  Selective  growth  by  GSMBE 

GSMBE  uses  gas  sources  instead  of  solid  sources  to  grow  crystal.  The  growth  mechanism  is 
the  dissociative  adsorption  of  gas  molecules,  followed  by  incorporation  of  dissociated  products 
which  leave  such  as  Si  or  Ge  atoms  to  be  incorporated  into  the  epitaxial  layer  on  substrates.  The 
most  important  feature  of  GSMBE  is  selective  growth  of  semiconductor  layers,  that  is,  the 
epitaxial  growth  takes  place  only  on  the  semiconductor,  i.e.,  on  the  Si  and  Ge  surfaces  where 
epitaxy  occurs  on  patterned  windows  with  a  dielectric  film  such  as  Si02  [10]  and  Si3N4  [11]  as 
masks.  For  Si-based  GSMBE,  the  most  common  used  gases  are  Si2H6  and  GeH4.  This  selectivity 
comes  from  the  difference  in  the  sticking  probabilities  of  Si2H6  molecules  between  Si  and  Si02. 
The  molecule  dissociatively  adsorbs  on  Si  surfaces.  The  Si  atoms  are  incorporated  into  the 
grown  film  while  this  process  does  not  occur  on  Si02  surface.  For  CVD,  the  selectivity  is  found 
to  improve  with  increasing  GeH4  flow  both  due  to  an  increase  in  incubation  time  and  in  growth 
rate  [12].  The  faceting  occurs  on  the  sidewalls  of  the  grown  mesas  to  minimize  the  total  free 
energy  of  the  film,  thus  resulting  in  changes  of  the  size  and  the  shape  of  mesas. 

1.  SG  on  V-groove  patterned  substrates 

SEG  of  GaAs,  AlAs  and  AlGaAs  on  V-groove  patterned  GaAs  substrates  by  MBE  has  been 
reported  [13].  It  is  found  that  the  growth  of  AlAs  leads  to  form  a  very  smooth  surface,  both  on 
(lll)A  sidewalls  of  the  V-groove  and  on  (lll)A  flat  substrates.  For  the  V-groove  case,  a 
sharpen  structure  at  the  bottom  of  the  V-groove  is  formed.  On  the  other  hand,  no  such  effect 
occurs  for  GaAs  and  AlGaAs  growth.  By  using  the  sharpening  effect  of  AlAs  at  the  bottom  of 
the  V-groove,  GaAs/AlAs  multiple  quantum  wires  have  been  fabricated  [13]. 

Similar  to  GaAs  SEG  [13],  successful  growth  of  Si  quantum  wires  (QWR)  on  a  V-groove 
patterned  Si  substrate  has  been  demonstrated  by  GSMBE  [14].  Because  the  sticking  probability 
of  Si2H6  molecules  depends  on  the  orientation  of  Si  substrates,  the  growth  rate  varies  for 
different  crystal  orientations,  and  this  fact  makes  it  possible  to  obtain  a  crescent-shaped  Si  and 
SiGe  layer.  When  V-groove  patterns  are  fabricated  on  a  Si(lOO)  surface  by  chemical  etching, 
(111)  sidewall  facets  are  formed.  When  the  growth  is  carried  out  on  this  type  of  patterned 
substrate,  the  pattern  is  considerably  deteriorated  with  increasing  growth  temperatures,  as  shown 
in  fig.  3-1.  This  is  because  at  higher  temperatures,  the  growth  rate  on  the  (100)  surface  is  higher 
than  that  on  the  (111)  side  wall;  therefore  low  temperature  growth  is  necessary  to  maintain  the 
sharpness  of  the  V-groove  shape  and  to  achieve  desired  optical  properties  of  QWR  formed  on  the 
V-groove. 

2.  SG  on  Si  substrates  with  oxide  windows 

Facet  formation  and  inter-facet  mass  transport  in  SEG  of  Si  on  Si02-masked  Si  (100)  and 
Si(llO)  substrate  were  studied  using  GSMBE  [10,  15].  For  Si(lOO)  surface,  the  smallest  lateral 
feature  size  of  the  SEG  mesa  obtained  to  date  is  about  80  nm  with  a  height  of  about  85  nm,  as 
shown  in  fig.  3-2. 
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(a).  Before  Growth 


(c).  200  nm,  740  C 

Fig.  3-1.  Cross-sectional  SEM  image  of  Si  layers:  (a)  before  growth,  (b)  200  nm 
film  grown  at  600  °C,  and  (c)  700  °C. 


Fig.  3-2.  Three  dimensional  AFM  image  of  an  Si  array  of  the  80  nm  dots  grown 
by  GSMBE.  The  picture  was  obtained  after  the  Si02  layer  used  for  patterned 
growth  was  removed  [10]. 
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For  the  (100)  Si  surface,  when  windows  were  patterned  along  the  <110>  direction,  (311), 
(111)  and  (110)  facets  were  observed.  Because  of  different  growth  rates  for  the  (100),  (311),  and 
(111)  substrates,  faceting  was  observed  to  evolute  from  the  initial  (311)  to  (111).  For  Si(llO) 
surface  [15],  when  the  sidewalls  were  aligned  along  with  the  [110]  baseline,  both  (311)  and  (1 1 1) 
facets  were  observed.  For  the  sidewalls  aligned  along  with  the  [100]  baseline,  only  the  (100) 
facet  was  observed.  Fig.  3-3  (a)  shows  the  line  analyses  for  the  beginning  stage  of  growth  (top) 
and  for  the  final  stage  of  growth  (  bottom)  on  Si(lOO)  surface  after  the  Si02  layer  used  for 
patterned  growth  was  removed.  Fig.3-3  (b)  and  (c)  show  the  AFM  line  analyses  of  SEG  mesa 
edges  along  the  [100]  and  [110]  directions  on  Si(llO)  substrates,  respectively,  after  the  Si02 
layer  was  removed.  For  all  the  cases,  mass  accumulation  around  the  edges  of  the  top  surface  was 
observed.  The  mass  accumulation  is  believed  to  due  to  mass  transport  from  the  sidewalls  to  the 
top  surfaces,  similar  to  that  observed  in  IQ-V  growth  on  patterned  substrates  [16].  The  driving 
force  for  mass  transport  may  be  attributed  to  surface  migration  in  minimizing  the  total  free 
energy  during  the  SEG  growth.  In  other  words,  the  mass  transport  will  be  directed  to  the 
energetically  favored  facet  to  minimize  the  total  free  energy. 


IV.  SEG  of  Solid  Source  MBE 

Solid  source  MBE  is  a  physical  process  and  offers  little  selectivity,  in  contrast  with  the  cases 
of  CVD  and  GSMBE.  However  the  faceting  can  still  occur.  Using  a  micro  shadow  mask  to  limit 
the  deposition  area  [17],  self-assembled  mesa  growth  can  be  performed.  Faceting  was  reported 
for  growth  on  ridge-type  patterned  nonplanar  substrates  [18]  and  V-grooved  substrates  [13]. 

1 .  Self-assembled  growth  on  micro  shadow  masks 

The  fabrication  process  of  the  micro  shadow  masks  and  the  subsequent  growth  process  of  Si 
are  illustrated  in  fig.  4-1  [17].  The  silicon  nitride  shadow  mask  was  formed  by  over  etching  the 
underlying  Si02  as  shown  in  fig.  4-1  (a),  (b)  and  (c).  After  growth,  free-standing  mesa  islands 
were  obtained  as  shown  in  (d). 

The  shape  and  quality  of  the  mesa  strongly  depend  on  the  growth  temperature  [19].  Only  at 
an  intermediate  temperature  (400  °C  ~  700  °C)  region,  perfect  faceted  (111)  sidewalls  can  occur. 
Fig.  4-2  shows  the  facet  evolution  as  the  growth  continues  for  a  500  growth  temperature.  The 
deposition  of  MBE  growth  aligns  with  the  mask  opening  initially  (fig.  4-2  (a)).  As  the  growth 
continues,  (111)  facets  are  formed  at  the  sidewalls  as  the  result  of  the  process  in  minimizing  the 
total  free  energy.  Because  of  the  high  diffusion  length  of  the  atoms  on  the  (111)  sidewalls,  the 
vertically  impinging  adatoms  diffuse  along  the  facet  underneath  the  shadow  mask  (fig.  4-2  (b)). 
The  maximum  length  of  the  (1 1 1)  mesa  sidewall  underneath  the  shadow  mask  is  thus  limited  by 
the  diffusion  length  of  the  deposited  species  on  the  (111)  sidewall.  When  the  diffusion  limit  is 
reached,  vertical  (Oil)  sidewalls  are  formed  at  the  end  of  the  (1 1 1)  surfaces,  while  the  size  of  the 
(111)  facets  remains  constant  (fig.  4-2  (c)).  For  higher  growth  temperatures,  e.g.  730  °C,  the 
(111)  facet  vanishes  and  the  (311)  facet  appears.  For  a  moderate  temperature,  e.g.  570  °C,  a 
crossover  from  the  (1 1 1)  to  the  (31 1)  facet  was  clearly  observed. 
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Fig.  3-3.  AFM  line  analyses  of  SEG  grown  mesa  edges:  On  (100)  surface,  (a)  for 
baseline  along  <110>  direction.  The  top  fig.  is  for  the  beginning  stage  of  growth, 
i.e.,  for  thin  film  and  the  bottom  one  is  for  the  final  stage  of  a  relatively  thick  film 
growth.  On  (110)  surface,  (b)  for  baseline  along  <100>  direction  and  (c)  for 
baseline  along  <  110>  direction.  All  the  lines  were  obtained  after  the  Si02  layer 
used  for  patterned  growth  was  removed. 
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Fig.  4-1.  Fabrication  process  of  micro  shadow  masks  for  self-assembled  Si  MBE 
growth:  (a)  deposition  of  masking  material,  (b)  patterning  of  the  masking  layer, 
(c)  etching  of  oxide  spacer,  and  (d)  MBE  growth  [17]. 


Fig.  4-2.  SEM  micrograph  of  mesa  side  walls  grown  at  different  stages  with  a  310 
nm  mask  opening  (T  =  500  °C)  [17]. 


2.  Self-assembled  growth  on  ridge-type  patterned  nonplaner  substrates  [18] 

The  concept  of  self-assembled  growth  has  been  used  in  Si/Ge  MBE  growth  on  nonplanar 
substrates.  The  growth  process  takes  the  advantage  of  the  diffusion  mechanism  to  reduce  the 
lateral  dimensions  of  a  mesa.  On  the  substrate  consisted  of  a  truncated  pyramid  template  with 
{111}  sidewalls  and  the  (100)  tops,  the  MBE  growth  showed  that  {113}  facets  began  to  form  on 
the  (100)  surface  at  a  growth  temperature  between  650  ~  700  °C.  Lateral  dimensions  of  the  (100) 
top  as  small  as  20  nm  have  been  reported  [18}.  At  higher  temperatures  (-  800  °C),  the  {113} 
facets  remain  stable  but  the  {111}  facets  no  longer  exist.  Thus  by  using  small  mesas  on 
substrates,  quantum  dots  were  successfully  fabricated  by  strained-layer  epitaxy,  as  shown  in  fig, 
4-3. 


Fig.  4-3.  TEM  micrograph  of  Si/Sii-^Gcx  MQWs  grown  on  a  pyramid  with  10  nm 
top  mesa.  Note  that  two  pyramids  are  shown  in  the  image. 

V.  Modeling  ofSEG 

Despite  of  the  infancy  of  the  research  in  facet  growth,  theoretical  modeling  has  been  done.  A 
model  for  SEG  on  small  windows  was  developed  by  taking  both  surface  migration  and  surface 
free  energy  into  consideration  [20}.  In  the  model,  each  facet  is  divided  into  several  small 
divisions  with  the  dimension  of  the  migration  length.  The  adatoms  migrate  between  adjacent 
divisions.  Two  kinds  of  migrations  are  considered;  (1)  interfacet  migration  between  the  divisions 
at  the  edge  of  two  facets  and  (2)  intrafacet  migration  between  the  divisions  on  the  same  facet. 
The  intrafacet  migration  is  diffusion-like,  which  is  determined  by  the  adatom  spatial  density 
gradient.  The  interfacet  migration  depends  on  the  free  energy,  the  adatom  density  of  the  division, 
and  the  growth  temperature. 


248 


The  results  show  that  on  (100)  surface  for  a  window  size  on  the  order  of  microns,  the  (31 1)  is 
the  only  observable  sidewall  facet  at  the  beginning  of  the  growth  (thin  film).  However,  as  the 
growth  continues  (and  the  film  becomes  thicker),  the  (111)  facet  dominates,  as  illustrated  in 
fig.5-1  (a)  and  (b).  The  calculated  mesa  cross  section  in  fig.  5-1  (a)  and  (b)  also  show  ridges  near 
the  edge  of  the  top  (100)  surfaces,  indicating  the  mass  transport  from  the  sidewall  facets  to  the 
top  surface.  These  simulation  results  are  in  good  agreement  with  our  experimental  observation 
shown  in  the  insets.  Similar  results  for  the  SEG  growth  on  (110)  surface  are  shown  in  fig.  5-1 
(c). 

Although  this  mode  illustrates  the  special  case  of  Si-base  GSMBE,  the  basic  idea  in  the  mode 
is  also  suitable  for  the  other  growth  methods  controlled  by  the  diffusion  and  migration  of  the 
adatoms.  To  minimize  the  total  free  energy,  the  adatoms  migrate  between  different  facets  and 
thus  the  energy  favorable  facets  are  finally  formed.  For  accurate  modeling,  we  also  need  to  know 
the  surface  diffusion  and  other  growth  parameters  at  different  growth  environments,  especially 
the  growth  temperature  and  growth  rate.  In  this  mode,  only  (111),  (110)  and  (311)  facets  were 
taken  into  consideration,  thus  no  information  about  higher  index  facets  is  included  for  explaining 
the  experimental  results. 


X  (nm) 


nm 


X  (nm) 


Fig.  5-1  Simulated  cross  sections  of  mesas  on  a  large  pattern  for  (a)  tg  =  25,  (100) 
surface,  (b)  tg  =  100,  (100)  surface,  and  (c),  tg  =  5,  10,  and  50,  (1 10)  surface.  (The 
insets  in  fig.  (a)  and  (b)  are  the  AFM  scanned  mesa  profiles,  tg  is  given  in  an 
arbitrary  scale). 

For  m-V  materials,  simulation  has  also  been  done  [21,  22].  W.  Wegscheider  et  al.,  [22]  used 
a  model,  which  describes  kinetically  limited  MBE  growth  over  patterned  GaAs  surfaces.  The 
simulation  is  structured  in  terms  of  differential  equations  that  describe  the  time  dependence  of  Ga 
or  Al  adatoms  on  the  growth  surface.  By  assigning  each  type  of  adatoms  a  life-time  before 
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epitaxial  incorporation  for  each  orientation,  the  results  show  the  details  of  experimental 
observations,  such  as  the  spontaneous  development  of  new  facets  and  the  sharpening  of  facet 
edges. 

VI.  Application 

There  have  been  a  great  deal  of  work  on  the  application  of  patterned  growth  using  the 
selective  growth  and  faceting  features.  Self  passivation  is  an  important  characteristics  in 
selective  growth.  Using  these  techniques  described  above,  passivated  nanostructures  such  as 
quantum  wire  structures  may  be  grown.  Potential  applications  also  include  the  formation  of 
ordered  “self-organized”  quantum  dots  on  high  index  substrates  for  advanced  electronics  devices 
and  low  threshold  current  lasers  [4].  Future  work  on  surface  diffusion  and  nucleation  process, 
both  in  theoretically  and  experimentally,  will  help  understand  the  facet  growth  and  its  control 
and  thus  new  applications, 
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ABSTRACT 


A  study  of  selective  area  epitaxy  (SAE)  of  GalnP  lattice  matched  to  GaAs  is  presented.  The 
selectively  regrown  GalnP  is  used  as  the  emitter  of  a  novel  heterojunction  bipolar  transistor 
(HBT)  device  structure.  Successful  SAE  of  GalnP  on  both  dark  field  (mostly  covered)  and  light 
field  (mostly  open)  Si02  masks  is  compared.  To  characterize  the  critical  regrown  heterojunction, 
diodes  and  HBTs  were  fabricated  and  measured.  It  is  found  that  a  pre-growth  pause  of  either 
TEGa  or  PH3  results  in  forward  bias  characteristics  with  low  leakage  and  an  ideality  factor  of 
-1.25,  indicating  low  interfacial  defect  density.  Non-self  aligned  regrown  emitter  HBTs  grown 
with  a  dark  field  mask  scheme  have  been  fabricated.  Devices  with  an  emitter  area  of  3x12  pm 
exhibit  small  signal  current  gain  up  to  80  with  an  /t  and  /max  of  22  GHz  and  18  GHz, 
respectively.  To  further  improve  the  performance  of  these  devices,  a  structure  with  a  self-aligned 
refractory  metal  base  contact  and  light  field  regrowth  is  proposed. 

INTRODUCTION 


A  key  issue  for  future  generations  of  III-V  HBTs  is  the  reduction  of  device  dimensions  both 
vertically  and  horizontally.*  The  motivation  to  scale  HBTs  stems  from  the  desire  to  reduce 
parasitic  components  such  as  base  resistance,  Rb,  and  junction  capacitances,  Cbe  and  Cbc,  which 
in  turn  leads  to  lower  power  consumption,  higher  integration  density,  and  higher  device 
performance.  However  in  recent  years  the  minimum  feature  size  for  production  III-V  HBTs  has 
hovered  just  above  1  pm  while  that  for  Si  devices  has  continued  to  march  well  into  the  sub¬ 
micron  range.  In  addition  to  the  photolithographic  limitations  of  the  current  mesa  device 
technology,  the  effects  of  emitter  edge  recombination  are  exacerbated  for  small  dimension  GaAs 
HBTs.^'^  State  of  the  art  technology  requires  a  depleted  emitter  ledge*^'^  of  finite  dimension  to 
counter  the  effects  of  surface  recombination,^  thus  putting  a  lower  limit  on  device  dimensions  as 
well  as  increasing  overall  base  resistance  and  device  size.  Moreover,  the  vertical  scaling  of  base 
thickness  is  a  trade-off  between  reducing  minority  carrier  transit  time  and  increased  base  sheet 
resistance. 

In  order  to  move  beyond  these  current  limitations,  a  scheme  utilizing  selective  area 
epitaxy  to  customize  the  lateral  as 
well  as  vertical  structure  can  be 
devised.  While  regrowth  technology 
has  been  widely  used  for  opto¬ 
electronic  applications,  it  has  only 
recently  found  its  way  towards  use 
in  electronic  devices  such  as  HBTs.^’ 

Here,  a  novel  HBT  structure  that 
incorporates  multiple  epitaxy  to 
selectively  regrow  the  emitter  is 
demonstrated.  This  HBT  seen  in 


Emitter 


II'  GaAs  Collector 


P++  GaAs 
p+  GalnP 
l^p  GaAs 

Collector 


Figure  1.  Schematic  of  proposed  regrown  emitter  HBT. 
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figure  1  has  a  number  of  advantages  over  a  conventionally  fabricated  device: 

•  The  wide  bandgap  extrinsic  base  produces  a  larger  tum-on  than  the  intrinsic  base, 
suppressing  emitter  edge  current.  This  passivation  scheme  can  be  significantly 
smaller  in  dimension  than  the  depleted  emitter  ledge. 

•  The  use  of  GalnP  instead  of  AlGaAs  precludes  the  problems  with  DX  center 
defects^^'^®  as  well  as  facilitating  the  process  through  the  use  of  wet  etchants  selective 
between  GalnP  and  GaAs.  In  addition,  it  has  been  shown  that  regrowth  with 
phosphorus  containing  materials  has  superior  compositional  uniformity  than  arsenic 
compounds. 

•  The  three  layer  extrinsic  base  stack  gives  a  lower  overall  base  resistance,  leading  to 
high /max  with  low  base  transit  time. 

•  The  emitter  dimension  is  reduced  from  the  photolithographic  stripe  size  with  Si02 
sidewall  spacers,  similar  to  Si  bipolar  technology 

To  successfully  fabricate  this  device,  a  significant  amount  of  regrowth  technology  must  be 
demonstrated.  First,  the  selective  growth  of  high  quality  Ga52ln.48P  lattice  matched  to  GaAs  in 
the  presence  an  Si02  dielectric  mask  must  be  demonstrated.  Then  it  is  necessary  to  investigate 
the  forward  biased  I-V  characteristics  of  the  critical  regrown  base-emitter  junction.  As  a  final 
measure  of  the  SAE  quality,  complete  devices  should  be  fabricated  and  measured. 

EXPERIMENT 


All  sample  growths  were  done  on  [001]  S.I.  GaAs  substrates.  The  base  and  collector  layers  of 
the  diode  and  device  samples  prior  to  regrowth  were  grown  by  MBE.  The  collector  consists  of  a 
6000A  n+  GaAs  buffer  Si  doped  at  -5x10^®  cm'^,  a  lower  collector  layer  3000A  thick  doped  to 
3xl0'^  cm‘^,  and  an  upper  collector  layer  3000A  thick  doped  to  3xl0’^  cm'^.  The  base  layers  are 
composed  of  a  three  layer  stack:  500A  p-i-  GaAs  intrinsic  base  layer  Be  doped  to  1x10^^  cm'^, 
500A  p+  GalnP  wide  bandgap  extrinsic  base  layer  Be  doped  to  1x10^^  cm‘^,  and  1500A  p-n  GaAs 
base  contact  layer  Be  doped  to  Ixio'^  cm'^.  Approximately  3500A  of  Si02  was  deposited  over 
these  by  PECVD  at  300°C.  The  Si02  was  patterned  by  photolithography  with  either  a  wet 
buffered  HF  etch  solution  or  an  anisotropic  dry  etch  using  CHF3  plasma. 

Test  diodes  for  regrowth  evaluation  had  the  simplified  structure  shown  in  figure  2.  The 
top  p+GaAs  layer  was  etched  off  prior  to  Si02  deposition.  After  etching  the  Si02  pattern,  the 
exposed  GalnP  was  selectively  wet  etched  in  an  HC1:H3P04:H20  solution.  Prior  to  regrowth 
samples  were  solvent  degreased  then  dipped  in  a  dilute  NH40H:H20  surface  etch.  A  detailed 
description  of  the  complete  HBT  device  process  has  been  discussed  previously. 

Selective  area  regrowth  was  accomplished  by  low  pressure  (20  Torr)  metal-organic  vapor 
phase  epitaxy  (LP-MOVPE).  The  system  consists  of  a  horizontal  two  inch  diameter  quartz 
reactor  with  a  tilted  graphite  susceptor.  Details 
involving  the  growth  of  high  quality  IH-V 
semiconductors  with  this  system  have  been 
published  elsewhere.^^  GalnP  lattice  matched  to 
GaAs  was  done  at  600°C  at  a  rate  of  ~2.8A/second. 

The  wide  bandgap  n-  emitter  layer  was  nominally 
doped  by  SiH4  at  5xl0’^  cm'^  with  a  thickness  of 
lOOOA.  N+  GaAs,  grading,  and  InGaAs  cap  layers 
for  contact  were  grown  at  maximum  doping  level 


^  p+  GalnP 

p  GaAs 


Figure  2.  Schematic  of  simplified  regrown 
p-n  junction  diode. 


254 


with  thicknesses  of  500A,  300A,  and  lOOOA,  respectively. 

After  regrowth,  metallization  of  the  diodes  and  HBTs  was  accomplished  by  conventional 
liftoff  techniques.  The  diode  contacts  for  n-  and  p-type  material  were  AuNiGe  and  AuZn, 
respectively.  Photoluminescence  (PL)  and  X-ray  diffraction  (XRD)  rocking  curves  were  used  to 
characterize  the  regrown  GalnP  material.  An  HP  4145B  semiconductor  parameter  analyzer  was 
used  to  measure  the  I-V  characteristics  of  the  p-n  diodes  and  HBTs.  Finally  the  high  speed 
performance  of  microwave  HBTs  were  measured  by  an  HP  8510B  network  analyzer. 

RESULTS 


Two  basic  growth  schemes  were  studied  in  characterizing  the  selective  regrowth  of  GaInP. 
These  involve  the  use  of  either  a  dark  field  (mostly  covered)  or  a  light  field  (mostly  open)  Si02 
mask.  In  the  former,  only  the  emitter  areas  (-10%)  are  open  to  growth.  In  the  latter  only  the 
base  mesa  is  covered  by  Si02  so  that  the  emitter  as  well  as  all  areas  outside  the  base  mesa  are 
open  for  growth  (-90%).  As  expected,  dark  field  (DF)  epitaxy  exhibited  a  growth  rate 
enhancement  of  five  to  six-fold  compared  to  unpatterned  deposition.  In  addition,  the  growth  rate 
enhancement  increased  with  proximity  to  the  mask  edges.  These  phenomena  occur  due  to  lateral 
gas  phase  diffusion  of  unused  growth  species  above  the  mask  and  into  the  growth 
windows.^^’^^’^^  With  the  DF  scheme,  the  increased  partial  pressure  of  unincorporated  species 
caused  nucleation  on  the  mask  surface  and  hence  non-selective  growth.  To  prevent  this  the 
group  in  flow  rates  were  reduced  such  that  the  growth  rate  dropped  back  to  the  nominal  value  of 
-2.8A/second.  Indeed  this  rate  represents  the  upper  limit  for  selective  epitaxy  at  the  given 
growth  conditions. 

On  the  other  hand,  selective  epitaxy  on  a  light  field  (LF)  mask  was  more  easily 
accomplished.  Such  growth  compares  closely  to  conditions  of  unpattemed  deposition  such  that 
growth  rate  enhancement,  both  overall  and  near  mask  edges,  is  minimized.  Moreover  the 
possibility  of  compositional  shifts  and  variations  is  also  reduced.  X-ray  rocking  curves  of  the  LF 
patterned  GalnP  show  virtually  no  change  composition  from  lattice  matched  unpatterned  GaInP. 
No  x-ray  signal  could  be  obtained  from  the  DF  growth,  most  likely  due  to  the  small  surface  area. 
Low  temperature  PL  spectra  were  taken  to  further  investigate  the  compositional  dependence  of 
the  patterned  growths.  As  seen  in  figure  3, 
other  than  a  slight  decrease  in  intensity,  the 
overall  composition  and  linewidth  of  the  LF 
growth  is  almost  identical  to  the  reference 
unpattemed  GalnP.  In  contrast  the  DF 
spectmm  is  significantly  shifted  to  lower 
energy  as  well  as  having  a  wider  FWHM.  The 
peak  shift  corresponds  to  approximately  a  7% 

(atomic)  increase  in  indium  composition.  This 
increase  in  indium  content  can  be  attributed  to 
the  higher  gas  phase  diffusion  mobility  of 
TMIn  compared  to  TEGa.^^  This  leads  to  a 
increased  relative  rate  of  indium  incorporation 
dependent  on  the  amount  of  mask  coverage  and 
distance  from  the  mask  edge.  Hence  to  grow 
lattice  matched  GalnP  on  a  dark  field  mask,  the  flowrate  ratio  of  TMIn  to  TEGa  must  be  adjusted 
from  the  unpattemed  calibration. 


6200  6400  6600  6800  7000 

Wavelength  (A) 

Figure  3.  Low  temperature  PL  at  ~8K 
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Figure  4.  Forward  bias  I-V  characteristics  of 
regrown  B-E  junction. 


The  forward  bias  I-V 
characteristics  of  regrown  p-n 
junction  diodes  were  measured  to 
evaluate  interface  defects  that  can 
cause  excess  recombination.  In 
figure  4,  the  forward  biased  base- 
emitter  logarithmic  I-V 
characteristics  of  the  various 
samples  are  plotted.  Most  samples 
had  a  one  second  PH3  pause  before 
commencing  GalnP  growth.  One 
remaining  sample,  P66,  incorporated 
a  one  second  TEGa  pause  before 
growth.  This  strategy  was  attempted 
to  further  improve  the  quality  of  the 
interface,  as  implied  in  the 
literature.^®  The  unpattemed 
reference  diode  (U67)  shows  a  well 

behaved  curve  with  an  ideality  factor  nf  of  The  baseline  patterned  diode  (P67)  with  the 

same  PH3  pause  shows  identical  characteristics,  indicating  that  the  interface  is  not  compromised 
by  the  presence  of  a  dielectric  mask.  It  is  interesting  to  note  that  sample  P66  with  the  TEGa 
pause  did  not  noticeably  improve  the  I-V  characteristics.  Though  it  may  improve  the  interface 
from  an  optical  or  x-ray  point  of  view^®,  the  I-V  was  minimally  affected.  The  most  noticeable 
excursion  from  the  other  samples  is  the  extremely  high  leakage  from  the  sample  with  RIE  SiOa 
(P65).  Dry  etching  to  obtain  a  sidewall  is  crucial  to  the  device  fabrication.  To  remove  the 
deleterious  effects  of  the  plasma  etch,  the  sample  underwent  O2  plasma  treatment  for  five 
minutes  and  the  GalnP  was  wet  etched  for  lOX  the  nominal  time  (P616).  After  this,  the  I-V  was 
recovered  to  nearly  the  same  curve  as  the  reference.  A  sample  with  the  O2  plasma  but  only  a  2X 
GalnP  wet  etch  recovered  only  partially  (P615)  while  the  sample  without  O2  plasma  but  with  a 
lOX  GalnP  wet  etch  did  not  improve  at  all  (not  shown). 

As  an  ultimate  test  for  the  quality  and  feasibility  of  the  regrown  interface,  HBT  devices 
were  fabricated  and  analyzed.  The  devices  fabricated  to  date  originate  from  the  dark  field 
regrowth  scheme.  Shown  in  figure  5  are  the  Ic- 
VcE  family  of  curves  for  a  3xl2|xm  emitter 
device.  A  maximum  current  gain  of  (3-80  is 
obtained  at  a  collector  current  density  of  Jc  = 

4x10“*  A/cm^.  The  cutoff  frequency /t  for  the 
3xl2|Lim  device  was  22  GHz  and /max  was  18 
GHz.  From  extracted  scattering  parameters,  the 
overall  base  resistance  Rb  was  estimated  to  be 
~17  Q  and  base-collector  capacitance  Cbc  was 
~160fF.  The  reason  for  these  high  parasitic 
values  can  be  attributed  to  a  non-optimized 
maskset  and  process.  The  high  Rb  is  partially 
due  to  the  non-self  aligned  nature  of  the  base 
metal  contact  and  also  possibly  from  additional 
interface  resistance  between  the  three  base 
layers.  Calculations  show  that  the  contact 


Figure  5.  Iq-Vce  plot  of  3xl2]Lim 
regrown  emitter  HBT. 
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resistance  through  the  two  interfaces  with  the  current  doping  scheme  is  a  significant  -1.5x10'^ 
Higher  doping  of  the  wide  bandgap  p+GalnP  up  to  3x10^^  cm‘^  reduces  this  value  to  an 
negligible  8x10'®  Q*cm^,  The  large  value  of  Cbc  comes  from  a  combination  of  the  non-self 
aligned  base  contact  and  a  junction  area  that  incorporates  the  collector  contact  area. 
Minimization  of  Rb  and  Cbc  is  paramount  for  improving  fy  and  /max  and  can  be  accomplished 
with  a  self-aligned  base  contact  process.  This  can  be  done  by  using  a  refractory  metal  such  as 
tungsten  as  a  self-aligned  contact  deposited  prior  to  regrowth.  The  thermal  stability  of  this 
contact  will  allow  it  to  withstand  the  heat  cycle  of  the  regrowth  without  significant  degradation. 
With  these  improvements,  a  state  of  the  art  overall  base  resistance  of  less  than  10  Q.  should  be 
attainable.  Finally,  the  self-aligned  contact  also  shrinks  the  overall  device  size  hence  decreasing 
Cbc  and  increasing  potential  packing  density. 

CONCLUSIONS  AND  FUTURE  WORK 

In  summary,  the  feasibility  of  selectively  regrown  GalnP  for  HBTs  has  been  demonstrated.  The 
material  characteristics  for  SAE  GalnP  on  light  field  and  dark  field  masks  were  studied.  While 
the  LF  growth  was  very  similar  to  unpattemed  bulk  growth,  the  DF  growth  exhibited  a  high 
degree  of  growthrate  enhancement  resulting  in  an  increase  of  indium  incorporation.  Regrown 
emitter  p-n  diodes  were  fabricated  to  study  the  I-V  characteristics  of  the  interface.  Samples  with 
either  a  PH3  or  a  TEGa  pause  scheme  both  showed  acceptable  forward  bias  characteristics  with 
an  ideality  factor  of  -1.25.  Finally,  HBTs  fabricated  from  a  DF  regrowth  demonstrated  a  current 
gain  of  up  to  80  with  an/x  and /max  of  22  GHz  and  18  GHz,  respectively. 

As  mentioned  earlier,  there  are  several  points  of  improvement  for  the  devices.  Growth  on 
a  LF  mask  should  improve  the  device  uniformity  and  base-emitter  characteristics.  Doping  the 
wide  bandgap  p-l-GalnP  up  to  3xl0'^  cm'^  should  help  improve  the  base  resistance.  Self-aligned 
processing  should  significantly  reduce  Rb  and  Cbc-  With  these  improvements,  the  successful 
application  of  SAE  to  HBTs  can  advance  device  technology  to  the  next  level  of  performance  and 
scaling. 
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Abstract 

We  propose  and  demonstrate  a  new  mask  material  of  AlGaAs  native  oxide  for  selective  area 
metalorganic  vapor  phase  epitaxy  (MOVPE)  which  has  several  advantages  over  conventional  SiNx 
or  SiOj  masks.  GaAs  selective  area  growth  occurs  on  masked  substrate  of  AlGaAs  native  oxide 
whose  A1  composition  is  0.4,  and  the  wire  structures  with  trapezoidal  cross  section  are  formed 
along  [100]  direction  on  (001)  GaAs  substrates  with  line  &  space  mask  pattern.  Furthermore,  after 
annealing  the  selectively  grown  GaAs  wire  samples,  GaAs  layers  can  be  regrown  with  atomically 
smooth  surface,  in  which  GaAs  wires  are  perfectly  buried.  The  results  show  that  this  novel 
selective  area  MOVPE  technique  using  AlGaAs  native  oxide  masks  are  promising  for  quantum 
nano-structure  device  fabrication. 

Introduction 

Recently,  low  dimensional  quantum  structures  have  been  fabricated  by  various  methods,  in 
order  to  apply  to  future  generation  devices  which  are  expected  to  exhibit  novel  electrical  and  optical 
properties.  Selective  area  MOVPE  on  masked  substrates  is  one  of  the  most  promising  method 
because  smaller  size  quantum  structures  compared  to  the  substrate  patterns  can  be  fabricated,  and  it 
does  not  introduce  any  damage  nor  contamination  during  their  fabrication  processes.  For  example, 
quantum  wires  on  V-grooves  \  facet  quantum  wires^^  and  tetrahedral  quantum  dots^^  were  formed 
on  patterned  or  masked  substrates  by  MOVPE.  Furthermore,  the  highly  uniform  quantum 
structures  were  performed  utilizing  self-limited  growth  mechanism  on  SiN^  masked  substrates'’^®^ 

However,  when  SiN^  or  SiOj  films  deposited  by  thermal  CVD  or  plasma  CVD  were  used  as 
mask  materials,  many  defects  exist  at  mask-substrate  interface  .  Such  defects  may  fatally  influence 
on  the  quality  of  small  quantum  structures  which  are  formed  close  to  the  substrate.  In  addition, 
although  quantum  structures  should  be  buried  planarly  by  the  subsequent  overgrowth  process  for 
the  device  application,  it  is  very  hard  to  bury  them  because  no  crystal  growth  occurs  on  the  masked 
region. 

In  this  paper,  we  propose  and  demonstrate  selective  area  MOVPE  using  AlGaAs  native  oxide 
as  a  new  mask  material.  Stable  thin  oxide  layer  can  be  formed  on  AlGaAs  surface  simply  by 
exposing  to  air.  After  AlGaAs  and  GaAs  thin  layer  growth,  GaAs  top  layer  is  partially  removed  by 
lithography  and  etching  processes  as  defined  by  the  mask  pattern.  The  underlying  AlGaAs  exposed 
area  works  as  a  mask  for  next  GaAs/AlGaAs  selective  area  growth  because  stable  oxide  are  formed 
on  AlGaAs  surface.  We  also  confirm  the  possibility  of  the  regrowth  on  the  masked  region  of  the 
air-exposed  AlGaAs  surface  after  annealing  under  AsH^/Hj  or  H2^^  ambient. 

Experimental  procedure 

A  low-pressure  horizontal  MOVPE  system  was  used.  The  working  pressure  during  crystal 
growth  was  76  Torr.  Purified  hydrogen  (H2)  was  used  as  a  carrier  gas,  and  the  total  gas  flow  rate 
was  3.0  i  /min.  The  source  materials  were  trimethylgallium  (TMGa),  triethylaluminum  (TEAl)  and 
20%  arsine  (ASH3)  in  Hj.  The  partial  pressure  of  TMGa  and  TEAl  were  1 .9X  10'^®atm  and  4.5  X 
lO'^atm,  respectively.  AsHj  partial  pressure  and  growth  temperature  were  6.7X  10‘®atm,  650^)  for 
selective  area  growth,  and  5.0  X  10'’atm  and  650 T)  for  regrowth  on  the  masked  region.  Growth 
rate  of  GaAs  was  1.4  A/sec. 

The  preparation  procedure  of  masked  substrates  is  schematically  shown  in  Fig.  1.  First,  GaAs 
buffer  layer,  lOOnm  Al^Gui.^^As  and  lOnm  GaAs  top  layer  were  grown  on  (001)  GaAs  substrate  by 
MOVPE.  A1  compositions  of  the  AlGaAs  layer  were  0.1,  0.2,  0.3  and  0.4.  Next,  line  and  space 
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Fig.l.  Schematic  view  of  preparation  procedure  of  substrates, 
(a)  First,  GaAs/AlGaAs/GaAs  layers  were  grown  by 
MOVPE.  (b)  Next,  native  oxide  mask  with  line  &  space 
patterns  was  formed  on  AlGaAs  for  selective  area  growth. 


patterns  were  defined  by  electron  beam  lithography.  Then,  GaAs  top  layer  was  etched  off  using 
Citric  acid/H202  /HjO  solution.  The  solution  has  high  selectivity  for  etching  rate  between  GaAs  and 
Al^Gai.^As^\  Figure  2  shows  an  atomic  force  microscope(AFM)  image  of  AlGaAs  native  oxide 
mask.  The  widths  of  GaAs  line  and  AlGaAs  space  were  400nm  and  70nm,  respectively,  and  the 
pattern  was  aligned  along  the  [100]  direction.  Air-exposed  AlGaAs  areas  (space)  are  expected  to 
work  as  a  mask  in  selective  area  MOVPE  growth. 

In  order  to  investigate  the  selectivity,  GaAs  layers  were  grown  on  these  masked  substrates. 
Before  the  growth,  the  substrates  were  annealed  for  5  minutes  within  the  furnace  under  ASH3/H2 
atmosphere,  which  was  the  standard  thermal  cleaning  process. 


500nm 


Fig.2.  AFM  image  of  AlGaAs  native  oxide  masked  substrate. 
Gray  and  black  areas  show  GaAs  and  AlGaAs  layer,  respectively. 


Results  and  discussion 

The  dependence  on  A1  composition  of  Al^Gaj.^As  native  oxide  mask  was  investigated.  Figure 
3  shows  the  AFM  images  of  GaAs  grown  on  the  masked  substrates  with  Al^Gaj.^As  native  oxide 
masks  with  A1  compositions,  x,  of  (a)  0.3  and  (b)0.4.  As  shown  in  Fig. 3,  the  pattern  structures 
on  masked  substrate  for  x=0.3  were  buried  planarly  and  selective  area  growth  did  not  occur.  For 
AIq  4GaQ  gAs  native  oxide  mask,  GaAs  wires  with  a  trapezoidal  cross  section  consisting  of  {110} 
facet  sidewalls  were  formed  as  shown  in  Fig. 3(b),  which  is  similar  to  that  for  SiN^  mask.  The 
nominal  thickness  of  the  epitaxial  layer  for  planar  substrate  was  200nm.  The  SEM  image  of  wire 
structures  on  Alg  4GaQ  gAs  native  oxide  mask  is  shown  in  Fig. 3(c).  These  results  show  that  native 
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Fig.3.  (a)AFM  images  of  selective  area  growth  on  Al^Caj.^As 
native  oxide  masks  for  x=0.3  and  (b)x=0.4,  and  (c)SEM  image  of 
GaAs  selective  area  growth  on  the  AIq  4GaQ  ^As  native  oxide 
masked  substrate. 


oxide  on  AIq  4GaQ  ^As  surface  can  be  used  as  a  mask  for  selective  area  growth. 

Next,  in  order  to  investigate  the  possibility  of  regrowth  on  the  Al^,  4Gao  ^As  masked  region,  the 
substrates  were  annealed  to  remove  the  oxide  film  prior  to  GaAs  growth.  Figures  4(a),  (b)  show 
AFMJmages  of  GaAs  surfaces  grown  on  the  masked  substrates  after  annealing  under  (a)AsH3/H2 
(850°C,  30min.)  and  (b)H2  (400 “C,  15min.)  ambient.  The  nominal  thickness  of  GaAs  layer  for 
planar  substrate  was  60nm.  Selective  area  growth  did  not  occur  and  the  mask  patterns  were 
perfectly  buried  for  both  cases.  When  the  annealing  was  performed  under  AsH^/H2  ambient  at  850 
C ,  partly  rough  surfaces  were  observed,  while  under  Hj  ambient  at  400  C ,  atomically  flat 
surfaces  were  obtained.  The  results  suggest  that  the  oxide  on  Al^  4Gao  gAs  was  partly  removed 
during  thermal  annealing  processes,  hence,  the  regrowth  was  performed.  The  experimental  results 
are  summarized  in  Table  1,  For  x=0.4  of  Al^Ga, .^As,  both  selective  area  growth  and  planar 
growth  can  be  performed  on  the  native  oxide  masks.  This  means  that  selective  area  growth  and 
planar  growth  on  the  masked  substrate  can  be  controlled  using  the  thermal  annealing  process.  For 
the  device  application  the  quantum  nano-structures  should  be  buried  planarly  by  subsequent 
overgrowth  process.  However,  when  the  conventional  SiNx  mask  was  used,  the  buried  surface 
was  wavy  and  the  poly-crystals  were  often  deposited  on  the  mask  area.  By  using  the  AlGaAs 
native  oxide  mask,  the  quantum  structures  are  expected  to  be  buried  planarly  by  subsequent 
overgrowth  process. 


(b)  500nm 


Fig.4.  AFM  images  of  GaAs  grown  on  AIq ^GaQ  6As  native  oxide 
masked  substrates  after  (a)AsH3/H2  annealing  at  850  °C  and  (b)  H2 
annealing  at  400^ . 
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Table  1.  GaAs  growth  modes  on  the  masked  substrates  as  mask  materials 
and  annealing  conditions.  Thick  frame  for  x=0.4  shows  the  possibility  of 
both  selective  area  growth  and  planar  growth. 


materials 

annealing 

Al^Gai.^As  native  oxide 

SiN, 

O.l^x^O.3 

X 

II 

0 

none 

• 

0 

0 

850°C(AsH3/H2) 

30  minutes 

•* 

•* 

0 

400'’C(H2) 

15minutes 

• 

m 

0 

O  selective  area  growth 
0  planar  growth 
( iti  rough  surface  ) 


Next,  we  performed  the  H2  annealing  and  GaAs  regrowth  processes  for  GaAs  wire  structures 
with  a  trapezoidal  cross  section  grown  on  masked  substrates.  The  result  is  shown  in  Fig. 5.  GaAs 
wires  were  perfectly  buried,  and  atomically  smooth  planar  surface  was  observed  by  AFM.  In  this 
case,  average  thickness  of  regrown  GaAs  layer  was  lOOnm. 

These  results  indicate  that  the  native  oxide  on  AIq  4GaQ  gAs  layer  is  effective  as  a  mask  material 
as  well  as  SiN^  or  SiOj.  Furthermore,  since  crystal  growth  is  also  possible  on  masked  region 
using  pre-annealing  technique  under  Hj  ambient,  quantum  nano-structures  can  be  buried  planarly 
by  using  these  characteristics. 


H2  anneal  >►1 


(a)  (b)  500nm 

Fig.5.  AFM  images  of  selectively  grown  wire  structures  and  GaAs  regrown 
surfaces  on  (a)AlGaAs  native  oxide  mask  and  (b)SiNx  mask.  GaAs  regrowths 
were  performed  after  H2  annealing  at  400  “C  for  15  minutes. 
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Conclusions 

We  proposed  and  demonstrated  the  new  mask  material  of  AlGaAs  native  oxide  which  has 
several  advantages  over  conventional  SiN^  or  SiOj  mask.  When  A1  composition  of  AlGaAs  native 
oxide  was  0.4,  the  selective  area  growth  of  GaAs  occurred  for  AlGaAs  native  oxide  mask,  which 
indicates  that  native  oxide  on  AlGaAs  is  effective  as  mask  materials.  Furthermore,  it  is  also  possible 
to  grow  on  the  masked  region  of  AlGaAs  native  oxide  using  pre-annealing  technique  under 
ASH3/H2  or  Hj  atmosphere.  Therefore,  quantum  wire  or  quantum  dot  structures  formed  by 
selective  area  growth  using  AlGaAs  native  oxide  mask  can  be  buried  planarly  by  the  regrown  GaAs 
within  the  same  growth  run.  The  results  show  that  selective  area  MOVPE  using  AlGaAs  native 
oxide  mask  is  promising  method  for  quantum  nano-structure  device  application. 
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ABSTRACT 

Selective  epitaxial  growth  (SEG)  of  silicon-germanium  (SiGe)  films  on  patterned-oxide 
silicon  substrates,  using  a  tubular  hot-wall  low  pressure  chemical  vapor  deposition  (LPCVD) 
system,  is  demonstrated  in  this  study.  This  conventional  system  is  proposed  as  a  low  cost 
alternative  for  SiGe  epitaxial  growth.  Three  process  improvements  needed  to  achieve  quality 
growth  are  discussed.  First,  the  hydrogen  bake  process  is  modified  to  eliminate  Ge-outgassing. 
Secondly,  a  Si  SEG  buffer  layer  is  deposited  prior  to  SiGe  SEG.  Finally,  a  small  flow  of 
dichlorosilane  is  introduced  during  the  temperature  ramp-down  period  prior  to  SiGe  SEG.  The 
growth  results  are  discussed  in  terms  of  growth  selectivity,  thickness  uniformity,  growth  rate, 
defect  density,  SiGe  film  composition,  and  electrical  properties. 

INTRODUCTION 

Conventional  tubular  hot-wall  LPCVD  systems  are  a  very  good  low  cost  alternative  for  SiGe 
epitaxial  growth.  While  these  systems  may  offer  as  good  material  quality  as  UHV/CVD  systems 
do,  LPCVD  reactors  appear  to  be  far  more  amenable  to  industrial  application.  LPCVD  systems  are 
widely  used  in  the  extremely  cost  competitive  silicon  semiconductor  industry,  offering  high  wafer 
capacity,  good  temperature  control,  and  excellent  growth  rate  uniformity  across  the  wafer.  More 
importantly,  selective  epitaxial  growth  conditions  can  be  achieved  in  an  LPCVD  system.  Selective 
epitaxial  growth  on  patterned-oxide  substrates  has  been  developed  to  extend  the  range  of  silicon 
device  applications  [1].  In  the  case  of  SiGe  devices,  SEG  provides  much  more  flexibility  in  the 
design  of  novel  high-speed  device  structures.  In  addition,  by  not  using  blanket  growth,  SiGe  SEG 
limits  defect  propagation  and  reduces  misfit  and  threading  dislocation  densities  [2]. 

The  objective  of  this  work  is  to  explore  the  possibility  of  using  a  conventional  high-capacity, 
tubular  hot-wall  LPCVD  system  to  selectively  grow  electronic  quality  SiGe  epitaxial  layers.  By 
utilizing  LPCVD,  SiGe  selective  epitaxial  growth  can  be  easily  integrated  with  current  silicon 
processes  so  that  heterojunction  structures,  for  example,  can  be  more  easily  manufactured.  The 
LPCVD  system,  the  process  improvements,  and  the  results  of  SiGe  SEG  are  reported  in  this 
paper. 

EXPERIMENTAL 

The  LPCVD  system  for  this  study  composed  of  a  Tempress  280  three  zone  furnace  which 
had  a  15  cm  diameter  quartz  tube,  a  system  control  panel,  a  Leybold  Dry  vac  MIOOS  dry- 
compression  vacuum  pump,  and  a  Controlled  Dissociation  Oxidation  (CDO)  system  connected  to 
the  exhaust  line.  The  2. 1  m  long  quartz  tube  could  accommodate  50  or  more  wafers  per  run.  The 
wafers  stood  vertically,  parallel  to  each  other  in  the  quartz  boat  and  perpendicular  to  the  gas  flow. 
Dichlorosilane  (DCS)  and  dilute  germane  (9%  GeHa  in  H2)  were  used  as  the  silicon  and 
germanium  source  gases,  respectively,  while  H2  was  used  as  the  carrier  gas.  The  gases  flowed 
into  the  reactor  via  two  injection  tubes  through  the  water-cooled  stainless  steel  front  door.  Rear 
injection  of  N2  prior  to  the  pump  inlet  port  not  only  helped  to  control  the  system  pressure,  but  also 
effectively  diluted  the  remaining  reactant  gases  flowing  into  the  pump.  A  more  detailed  description 
is  available  in  [3]. 

Selective  epitaxial  growth  of  SiGe  was  initiated  on  3-inch  (100)  silicon  substrates.  Wafers 
were  cleaned  using  a  piranha  cleaning  procedure  (H2S04:H202=  2:1),  and  then  2000  A  of  Si02 
was  grown  at  1050  °C  in  wet  oxygen.  Photolithography  and  BHF  (buffered  HF)  wet  etch  were 
used  to  define  oxide  patterns,  which  were  aligned  to  the  <100>  directions  on  the  wafers.  The 

^Presently  with  the  Department  of  Chemical  Engineering,  University  of  Illinois  at  Chicago 
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wafers  were  cleaned  using  a  piranha  cleaning  procedure  again,  followed  by  a  5  second  BHF  dip 
and  a  thorough  deionized  water  rinse,  prior  to  being  loaded  into  the  hot-wall  reactor.  The 
capability  of  growing  quality  Si  SEG  was  first  demonstrated  in  the  system  [3].  For  Si  SEG,  the 
typical  growth  conditions  studied  were  900-950  °C,  0.75  Torr,  and  flow  rates  of  25  and  500  seem 
for  DCS  and  H2,  respectively.  Then  the  SiGe  SEG  followed  based  on  the  process  flow  as 
determined  from  Si  SEG.  The  typical  SiGe  SEG  conditions  were  650-800  °C,  0.8  Torr,  with  flow 
rates  of  DCS  and  H2  of  27  and  750  seem,  respectively.  GeH4  (9%  in  H2)  flow  rate  was  varied 
between  20  and  50  seem.  However,  several  process  improvements  were  found  to  be  needed  and 
were  implemented  in  chganging  from  Si  SEG  to  high  quality  SiGe  SEG.  Figure  1  outlines  the 
typical  process  temperature  profiles  of  the  experiments  for  Si  and  SiGe  SEG.  The  process 
improvements  are  discussed  in  the  next  section. 


Time  (min) 

Figure  1.  LPCVD  reactor  temperature  profiles  used  for  the  selective  epitaxial 
growth  of  Si  (a)  and  SiGe  (b).  Steps  in  (a):  1.  Load  wafers,  N2  purge;  2.  H2 
bake;  3.  Si  SEG;  4.  N2  purge;  and  5.  Unload  wafers.  Steps  in  (b):  I.N2  purge; 
2.  H2  bake;  3.  Si  deposition;  4.  N2  purge,  load  wafers;  5.  H2  bake;  6.  SEG 
buffer  layer  of  Si;  7.  SiGe  SEG;  and  8.  N2  purge,  unload  wafers. 


PROCESS  IMPROVEMENTS 
Two-Step  Hydrogen  Bake  -  Ge  Outgassing 

The  hydrogen  bake  conditions  used  for  Si  SEG  in  the  reactor  of  this  study  were  T=950  °C 
and  P=0.9  Torr  for  30  minutes.  They  resulted  in  a  good  initial  growth  surface  and  good  electronic 
quality  was  achieved  [3].  However,  these  hydrogen  bake  conditions  were  found  to  be  ineffective 
for  SiGe  SEG  growth.  Substrate  surface  was  contaminated  by  Ge  particles  after  the  hydrogen 
bake  as  observed  by  scanning  electron  microscopy  (SEM)  and  energy  dispersive  spectroscopy 
(EDS)  analysis  [4].  Thermod^ynamic  analyses  revealed  that  Ge  outgasses  at  conditions  of  high 
temperature  and  low  pressure  [4].  Because  the  system  had  hot-walls,  there  was  deposition  of 
SiGe  on  the  reactor  wall  from  previous  runs.  The  deposition  on  the  wall  thus  provided  a  Ge 
source  for  Ge  outgassing.  Therefore,  fundamental  knowledge-driven  modifications  in  the 
hydrogen  bake  process  were  devised  and  adopted.  A  hydrogen  bake  of  the  empty  reactor  at  1000 
°C,  in  0.75  Torr  of  flowing  hydrogen  for  1  hour  prior  to  substrate  wafer  insertion  was  found  to 
significantly  improve  the  quality  of  the  SiGe  SEG  films  later  on.  These  conditions  favored  high 
Ge/Si  ratios  in  the  gas  phase,  and  Ge  from  the  deposits  on  the  reactor  wall  thus  entered  the  gas 
phase  was  carried  away  by  the  H2.  After  this  bake,  a  DCS  flow  was  introduced  at  the  same 
conditions  for  10  minutes.  This  resulted  in  a  thin  Si  film  over  everything  in  the  reactor,  thus 
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further  reducing  the  possibility  of  Ge  outgassing,  if  any  was  left.  A  N2  purge  and  loading  of  the 
wafers  were  then  done  followed  immediately  by  a  second  hydrogen  bake.  The  typical  conditions 
for  this  process  were  900  "C,  0.95  Torr,  for  40  min,  with  the  objective  to  eliminate  native  silicon 
oxide  from  the  wafer  surfaces  (steps  2-5  in  Figure  1  (b)). 

Si  SEG  Buffer  Laver  Prior  to  SiGe  SEG 

In  order  to  eliminate  surface  imperfections  after  the  high  temperature  hydrogen  bake,  and  to 
reduce  the  possibility  of  impurity  accumulation  at  the  Si/SiGe  interface,  a  Si  buffer  layer  was 
grown  immediately  after  the  second  hydrogen  bake  procedure.  Cross-sectional  transmission 
electron  micrograph  (XTEM)  illustrated  the  purpose  of  Si  SEG  buffer  layer  (Figure  2).  An 
interface  between  the  Si  substrate  and  the  Si  SEG  buffer  layer  was  visible.  A  plausible  explanation 
is  the  following:  to  minimize  the  Ge  outgassing  problem  and  avoid  high  substrate  temperatures,  the 
second  (lower  temperature)  hydrogen  bake  might  not  completely  remove  all  native  oxide. 
Therefore,  the  growth  of  SiGe  films  immediately  after  the  bake,  without  the  growth  of  a  Si  SEG 
buffer  layer,  might  not  result  in  a  quality  SiGe  film  because  of  these  remaining  oxide  patches. 
Since  the  growth  conditions  were  chosen  so  that  selectivity  was  achieved,  the  Si  buffer  layer  grew 
only  from  the  oxide-free  surface,  and  then  proceeded  to  bury  the  residual  oxide  through  an 
epitaxial-lateral-overgrowth  (ELO)  fashion  [1]. 
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Figure  2.  Cross-sectional  TEM  micrograph  of  the  Si0.93Ge0.07  SEG  deposited  at 
800  °C  and  0.8  Torr  using  27  seem  DCS,  25  seem  9%  GeH4,  and  750  seem  Ha  in 
the  tubular  hot-wall  LPCVD  system.  Si  selective  buffer  layer  was  grown  between 
SiGe  epitaxial  layer  and  Si  substrate. 


Suppression  of  Surface  Contamination  During  Temperature  Ramp  Down 

In  eVD  processes,  the  reactor  environment  has  to  be  maintained  at  a  very  low  oxygen  and 
water  vapor  contamination  levels  throughout  the  whole  process  in  order  to  achieve  excellent 
epitaxial  growth.  In  the  reactor  used  in  this  study,  when  process  temperature  was  lowered  from 
900  “C  for  the  Si  SEG  buffer  layer  to  below  750  °C  for  SiGe  SEG,  the  process  environment  could 
change  from  an  oxide-free  condition  to  an  oxide-forming  condition  [4,5].  Therefore,  during  the 
temperature  ramping  down  from  the  Si  SEG  conditions  to  the  ones  for  Side  SEG,  accumulation  of 
oxide  on  the  growth  surface  could  take  place.  To  eliminate  this  problem,  a  small  amount  of  DCS 
was  introduced  during  this  period  (Step  6  in  Figure  1(b)).  The  surface  oxide  could  be  removed  by 

a  reaction  like  Si02(s)  +  Si  2SiO,  where  Si  could  come  from  any  Si  source  [5];  in  this  case,  a 
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small  flow  of  DCS  was,  therefore,  introduced  into  the  reactor.  This  was  also  suggested  by 
Gay  nor  et  ai.  [6,7],  and  utilized  by  Lou  et  al.  [8]. 

With  these  three  process  improvements,  high  quality  strained  Si  SEG  films  were  produced  in 
the  conventional  LPCVD  reactor  of  this  study.  A  discussion  of  the  growth  results  and  evaluation 
are  presented  next. 

RESULTS 

The  growth  of  SiGe  layers  at  temperatures  from  700  to  800  °C  in  this  work  was  determined 
to  be  epitaxial  and  selective  with  respect  to  Si02.  Addition  of  HCl  was  not  necessary  to  achieve 
selectivity.  Experiments  at  temperatures  lower  than  700  °C  resulted  in  poly-crystalline  growth.  A 
Nomarski  micrograph  of  SiGe  SEG  grown  at  750  °C  is  shown  in  Figure  3.  Good  selectivity  of 
SiGe  epitaxial  growth  was  confirmed  with  good  surface  smoothness  and  no  nucleation  occurring 
on  the  Si02  areas. 


60  pm 

Selective  | 
SiGe 

Si02 

Selective 

SiGe 

Sample  96-027 

Figure  3.  Nomarski  micrograph  (750x)  of  the  SiGe  SEG  deposited  at  conditions 

shown  in  Table  I. 


The  SiGe  growth  rates  at  700,  750,  and  800  °C  were  15  A/min,  19  A/min,  and  24  A/min, 
respectively,  when  27  seem  SiH2Cl2,  20  seem  dilute  GeH4  (9%  GeH4  in  H2),  and  750  seem  H2 
were  used.  The  growth  rates  at  different  temperatures  yielded  an  activation  energy  of  0.42  eV  at 
the  aforementioned  reactant  flow  rates  and  pressure.  The  Ge  concentration  decreased  with 
increasing  temperature,  and  the  measured  Ge  fraction  of  these  samples  are  presented  in  Table  I.  As 
for  uniformity,  the  variations  in  total  thickness  across  the  wafer,  including  Si  SEG  buffer  layer  and 
SiGe  SEG  were  less  than  2.2%. 

Table  I.  Measured  Ge  content  and  film  thickness  for  SiGe  SEG  deposited  at  0.8 
Torr  using  27  seem  DCS,  20  seem  9%  GeH4,  and  750  seem  H2  in  the  tubular  hot- 
wall  LPCVD  system.  The  layer  thickness  was  measured  by  cross-sectional  TEM. 


Sample 

Number 

Growth 

Temperature 

Ge  Content* 

SiGe  Layer 
Thickness 

By  AES 

By  EDS 

By  XRC 

800  “C 

5% 

6% 

6% 

1095  A 

750  °C 

8% 

11% 

12% 

850  A 

96-028 

700  “C 

17% 

20% 

24% 

663  A 

*AES:  sputtering  Auger  electron  spectroscopy,  EDS:  energy  dispersive 


spectroscopy,  XRC:  x-ray  rocking  curve. 
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Plan-view  TEM  analysis  of  the  grown  samples  revealed  occasional  long  misfit  dislocations. 
In  the  samples  of  higher  Ge  content  (20%  by  EDS),  the  dislocations  were  traced  as  far  as  possible 
in  the  samples  but  no  threading  termination  was  observed.  The  total  length  of  misfit  dislocation 
lengths  examined  in  this  way  was  about  200  |xm  in  each  sample  studied,  suggesting  a  threading 
dislocation  density  of  no  more  than  10^  cm'^.  In  the  samples  of  lower  Ge  content,  the  misfit 
dislocations  were  spaced  even  wider,  giving  the  maximum  threading  dislocation  density  at  or 
below  10“^  cm'2  (Figure  4).  This  analysis  followed  from  considering  the  observed  length  and 
spacing  between  misfit  dislocations  [9].  Use  of  SEG  in  small  seed  windows  should  further  reduce 
or  eliminate  even  the  interfacial  misfit  dislocations  [10].  In  contrast,  threading  dislocations  of 
about  10^  cm'2  were  visible  in  samples  grown  in  the  earlier  runs  before  the  process  improvements 
were  implemented. 

With  the  addition  of  a  Si  buffer  layer,  it  is  necessary  to  investigate  the  material  quality  of  this 
layer.  Si  SEG  test  runs  were  carried  out  at  the  same  H2  bake  temperature  (900  °C)  and  same 
growth  conditions  (900  °C,  0.75  Torr,  500  seem  H2,  25  seem  DCS)  as  for  the  growth  of  the  Si 
buffer  layer.  Then  test  diodes  were  fabricated  in  these  Si  SEG  films.  There  were  four  types 
(SEG-0,  SEG-3,  SEG-5,  and  SEG-10)  of  diodes  fabricated  and  each  type  consisted  of  8  diodes 
with  different  area  and  perimeters.  SEG-0  represented  the  diodes  with  implant  areas,  or  junctions, 
that  intersected  the  seed  windows,  or  sidewall  oxide,  while  SEG-3,  SEG-5,  and  SEG-10  diodes 

were  3,  5,  and  10  |lm  away  from  the  sidewall  oxide.  For  the  diodes  with  the  junctions  intersecting 
the  sidewall  oxide  (SEG-0),  the  perimeter  effect  was  observed  and  the  average  minimum  ideality 
factor  was  the  worst  among  the  four  types.  When  the  junctions  were  away  from  the  sidewall 
oxide,  not  only  the  perimeter  effect  which  caused  by  sidewall  defects  was  eliminated  but  the 
average  minimum  ideality  factors  were  much  improved.  By  reducing  the  perimeter  effect,  the 
average  minimum  ideality  factor  of  1.01  and  an  average  reverse  bias  leakage  current  density  of 
1.45x10'^  A/cm^  (average  of  80  diodes)  were  obtained.  The  reverse  bias  leakage  current  density 
was  measured  at  -1  V.  One  thing  to  be  noted,  the  sidewall  defects  in  Si  SEG  could  be  drastically 
reduced  or  eliminated  by  using  thermally  nitrided  silicon  oxide  (NOX)  as  the  field  insulator.  From 
the  electrical  characteristics  of  these  diodes,  it  is  concluded  that  the  quality  of  Si  SEG  buffer  layer 
used  in  the  SiGe/Si  heterostructure  should  be  excellent. 


Figure  4.  Plan-view  TEM  of  a  low  Ge  content  SiGe  thin  film. 


SUMMARY  -  CONCLUSIONS 

Selective  epitaxial  growth  of  SiGe  and  Si  in  a  conventional  tubular  hot-wall  low  pressure 
chemical  vapor  deposition  system  using  DCS,  GeH4,  and  H2  was  demonstrated.  Three  process 
improvements  were  shown  to  be  essential  for  the  success  of  the  overall  process.  First,  the 
hydrogen  bake  conditions  were  modified  so  that  Ge  outgassing  was  minimized.  A  two-step 
hydrogen  bake  was,  therefore,  implemented  and  proved  to  be  effective.  Secondly,  the  growth  of  a 
Si  buffer  layer  under  selective  growth  conditions  helped  to  improve  the  initial  growth  surface  for 
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later  SiGe  SEG.  Lastly,  the  addition  of  a  small  amount  of  DCS  during  the  temperature  ramp  down 
from  the  Si  buffer  layer  growth  temperature  to  the  desired  SiGe  SEG  temperature  helped  retain  a 
clean  surface  prior  to  SiGe  SEG. 

Selective  growth  with  respect  to  the  Si02  mask  was  verified  by  Nomarski  microscopy  with 
good  surface  smoothness.  Growing  epitaxial  SiGe  selectively  provides  isolation  structures  for 
fabricating  heterojunction  devices.  The  growth  rate,  SiGe  film  composition,  thickness  uniformity 
as  well  as  defect  density  were  reported  to  be  good  for  SiGe  films  deposited  using  this  reactor. 
This  research  work  on  SiGe  SEG  paves  the  way  for  the  possibility  of  high  volume  production  of 
silicon-based  heterostructures  while  maintaining  the  low  cost  nature  of  silicon  processing. 
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ABSTRACT 

We  discuss  the  applicability  of  ultrathin  SiOj  layers  as  a  mask  for  low-temperature  selective- 
area  deposition  of  Si.  Thin  oxide  layers  with  estimated  thickness  ranging  from  4  to  20  A  were 
formed  by  oxidizing  H-terminated  Si(lOO)  surfaces  by  a  remote  plasma  exposure  at  room 
temperature.  Low-temperature  selective-area  deposition  was  carried  out  using  two  different 
techniques:  flow-modulated  plasma-enhanced  chemical  vapor  deposition  (FM-PECVD)  using  SiH4 
and  H2,  and  very  low  pressure  CVD  (VLPCVD)  using  Si2H4.  We  show  that  the  ultra-thin  plasma 
oxide  layers  exhibit  good  properties  for  a  use  as  a  passivating  mask  layer,  and  that  the  oxide  layer 
can  be  patterned  directly  by  E-beam  irradiation.  These  results  open  up  apossibihty  to  realize  Si- 
nanostructures  formation  by  selective-area  processing.  Degradation  of  the  oxide  layer  by  plasma 
processing  is  also  discussed. 


INTRODUCTION 

There  is  an  increasing  number  of  proposals  and  trials  to  realize  novel  devices  incorporating 
three-dimensional  and  nano-scale  structures.  Future  semiconductor  processing  to  fabricate  such 
advanced  structures  with  an  ultimate  precision  will  require  the  technology  for  selective-area 
deposition  and  etching  at  a  nanometer  scale.  Among  the  prerequisites  to  realize  the  selective 
deposition  at  reduced  lateral  dimensions  are  (i)  formation  and  patterning  of  an  ultrathin  (<  nm) 
mask  and  (ii)  deposition  chemistry  compatible  with  the  thin  mask  as  well  as  with  the  reduced 
dimension.  One  important  consideration  in  developing  these  techniques  is  the  thermal  budget: 
if  the  processing  can  be  performed  at  low  temperatures,  it  may  be  applied  at  later  stages  in  a  device¬ 
processing  flow  when  doping  profiles  and  other  constituents  in  the  device  have  been  already 
completed. 

In  this  paper,  we  investigated  the  applicability  of  ultra-thin  Si02  layers  as  a  mask  for  selective- 
area  deposition  of  Si.  The  oxide  layer  was  formed  by  remote-plasma  oxidation  of  a  H- 
terminated  Si(lOO)  surface  at  a  room  temperature.  We  show  that  the  ultrathin  oxide  layers 
thus  prepared  are  compatible  with  two  different  chemistries  for  selective  deposition:  flow- 
modulated  plasma-enhanced  chemical  vapor  deposition  (FM-PECVD)  at  473  K,  and  very  low 
pressure  CVD  (VLPCVD)  using  Si2Hg  at  823  K.  We  will  also  report  an  initial  result  of  E-beam 
patterning  of  the  ultra-thin  mask  layers. 
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EXPERIMENTAL 


Figure  1  shows  a  schematic  illustration  of  the  multi-chamber  CVD  system  constructed  for  this 
study.  It  is  equipped  with  Auger  electron  microscope(AES),  scanning  electron  microscope(SEM), 
and  scanning  tunneling  microscope(STM)  for  in-line  characterization  of  the  processed  samples. 

The  substrates  used  in  this  study  were  p-type,  boron  doped,  Si(lOO)  wafers.  The  samples 
were  first  RCA-cleaned  and  were  thermally  oxidized  to  form  a  sacrificial  oxide  layer.  Prior  to 
each  experiment,  a  H-terminated  surface  was  prepared  by  etching  off  the  sacrificial  oxide  in  a 
30:1  HF  solution.  A  thin  SiOj  mask  layer  was  formed  by  exposing  the  H-terminated  surface  to 
remote  plasma  of  0.2  %  O2  (He  balance)  in  the  loadlock  chamber.  The  Oj/He  was  fed  through  a 
remote-plasma  tube  (quartz,  20  mm  I.D.),  and  plasma  was  generated  at  a  r.f.(13.56MHz)  power 
of  20  W.  The  sample  was  located  13  cm  downstream  the  plasma  tube  and  maintained  at  a  room 
temperature.  After  oxidation  the  sample  was  annealed  at  823  K  for  15  minutes  to  reduce  the  H 
concentration  in  the  oxide. 

The  selective  depositions  of  Si  were  performed  using  two  different  methods.  One  is  flow- 
modulated  PECVD  (FM-PECVD)  by  using  SiH4  and  H2[l],  and  the  other  is  thermal  CVD  operated 
at  a  very  low  pressure  (VLPCVD)  using  Si2Hg  as  a  source  gas  [2, 3].  Figure  2  shows  a  typical  flow 
sequence  for  FM-PECVD,  where  deposition/etching  cycles  were  repeated  by  feeding  SiH4 
intermittently  into  Hj  plasma.  FM-PECVD  takes  advantage  of  the  fact  that  Si  nuclei  on  the  mask 
surface  are  readily  etched  by  Hj  plasma.  Typical  conditions  for  selective  deposition  were:  H2 
flow  =  90  seem;  SiH^  flow  =10sccm;  substrate  temperature  =  473  K;  r.f. power  =  lOW;  and 
pressure  =  150  mTorr.  For  VLPCVD,  typical  conditions  were:  Si2Hg  flow  rate  =  10  seem; 
pressure  =  0.4  mTorr;  and  substrate  temperature  =  823  K.  The  base  pressure  of  the  CVD 
chamber  was  low  10'^  Torr. 


Fig:  1.  Schematics  of  the  multi-chamber 
CVD  system  constructed  for  this  study. 


Time 
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5s 
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5s 

Fig.  2.  Flow  sequence  for  FM-PECVD. 


272 


RESULTS  and  DISCUSSION 


Oxide  Formation 

Figure  3  shows  the  variations  in  Si^w  AES  spectra  with  the  plasma  oxidation  time.  It  is  well 
established  that  elemental  Si  exhibits  a  sharp  peak  at  92  eV  while  Si02  shows  peaks  at  76,  63, 
and  59  eV[4],  One  can  clearly  see  that  the  oxide  thickness  increases  with  the  oxidation  time. 
From  the  Si^w  spectra,  thickness  of  the  oxide  layer  were  approximately  estimated  to  be  4,  6,  9,  20 
A  for  oxidation  time  of  8,  15,  30,  and  300  s,  respectively.  Thickness  of  the  oxide  can  be 
controlled  reproducibly  at  A-scale  precision  by  adjusting  the  oxidation  time.  In  addition,  no 
C^LL  was  detected  at  272eV  in  the  AES  spectra[4],  indicating  the  cleaning  effect  of  the  plasma- 
oxidation  process. 


FM-PECVD  on  Thermal  Oxide:  A  Reference  Experiment 

We  first  discuss  the  selective  deposition  by  FM-PECVD.  As  an  reference  experiment,  FM- 
PECVD  was  carried  out  on  a  thermal-oxide  layer  of  approximately  20  A  in  thickness.  This 
surface  was  prepared  by  etching  back  a  100  A  thick  thermal-oxide  layer  in  a  diluted  HF  solution. 
Figure  4  shows  Si^w  spectra  taken  every  30  cycles  of  FM-PECVD.  The  deposition  rate  under 
the  conditions  identified  above  was  2.6  A/cycle  on  the  H-terirdnated  Si(lOO).  We  find  that 
the  surface  of  the  thermal  oxide  remained  almost  unchanged  up  to  the  60  cycles  of  FM-PECVD 
processing.  With  repeating  the  cycles  further,  the  peak  of  elemental  Si  increased  and  the 
surface  was  finally  covered  by  Si  after  120  cycles. 
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Fig.  3.  Variations  of  AES  spectra  with 
oxidation  time.  H-teminated  Si(lOO) 
surfaces  were  oxidized  by  remote  plasma 
at  a  room  temperature. 


Fig.  4.  Evolution  of  the  AES  spectra 
during  FM-PECVD  processing:  (a)  as- 
cleaned  thermal  oxide  with  a  thickness  of 
~20  A,  (b),  (c),  (d),  and  (e)  were 
measured  at  30,  60,  90,  and  120  cycles, 
respectively. 
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There  are  two  causes  for  the  observed  loss  of  selectivity.  One  has  to  do  with  the  processing 
condition.  Since  the  selective  deposition  by  FM-PECVD  relies  on  the  etching  of  the  Si  nuclei 
formed  on  the  Si02  mask[l],  insufficient  etching  time  would  result  in  Si  residues  at  the  end  of 
an  etching  period.  As  the  deposition/etching  cycles  are  repeated,  such  residues  are  accumulated, 
leading  to  the  loss  of  selectivity.  This  mechanism  can  be  suppressed,  for  example,  by  making  the 
etching  period  longer.  However,  there  is  the  other  cause  for  the  selectivity  degradation  which 
imposes  a  limit  on  the  etching  period  the  length  of  the  etching  period.  In  a  separate  experiment, 
we  found  an  extensive  exposure  to  pure  H2  plasma  by  itself  degrades  the  thermal  oxide.  For 
example,  when  the  thermal  oxide  was  exposed  to  pure  H2  plasma  for  1  hr  and  then  was  processed 
by  FM-PECVD  for  only  10  cycles,  the  sample  surface  showed  an  AES  spectra  similar  to  the 
120  cycle  data  in  Fig.  4. 

FM-PECVD  on  Plasma  Oxide 

Curve  (a)  in  Fig.  5  shows  the  SiLw  peaks  of  20  A  thick  plasma  oxide  exposed  to  FM-PECVD 
for  30  cycles.  Comparing  to  the  starting  surface  shown  in  (d)  of  Fig.  3,  there  is  an  increase 
in  the  elemental  Si  peak.  Selectivity  degradation  took  place  earlier  for  the  plasma  oxide  than  for 
the  thermal  oxide  (see  Fig.  4).  After  additional  30  cycles  on  the  surface  (a)  in  Fig.  5,  the  surface 
was  completely  covered  by  Si  (AES  spectrum  not  shown).  One  may  suspect  that  the  loss  of 
selectivity  in  this  case  was  caused  by  removal  (or  thinning)  of  the  plasma  oxide  layer  during  the 
FM-PECVD  processing.  However,  this  is  not  the  case,  as  evidenced  by  the  etch-back  experiment 
shown  in  (b).  By  etching  the  Si  overlayer  in  pure  H2  plasma,  the  SiOj  surface  could  be  recovered. 
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Fig.  5.  AES  spectra  of  (a)  after  30 
cycle  of  FM-PECVD  processing  on  (d) 
of  Fig.  3. ;  (b)  after  exposing  the  surface 
in  (a)  to  H2  plasma  at  473  K;  and  (c) 
after  10  cycles’  FM-PECVD  processing 
on  (c)  of  Fig. 3. 
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Fig.  6.  AES  spectra  of  (a)  the  surface 
plasma-oxidized  for  8  s.,  (b)  after 

exposing  the  surface  in  (a)  to  0.4  mTorr 
Si2Hg  for  120  s.. 
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In  the  prospect  of  nanoscale  application,  it  is  important  to  figure  out  how  thin  an  oxide  layer 
works  as  the  mask  for  selective  deposition.  Curve  (c)  in  Fig.  5  is  the  surface  of  9  A  thick 
plasma  oxide  exposed  to  FM-PECVD  for  10  cycles.  The  AES  spectrum  of  the  starting  surface  is 
shown  in  (c)  of  Fig.  3.  We  can  still  recognize  the  Si02  features  in  Fig.  5(c),  indicating  that  the 
9  A  Si02  layer  can  serve  as  the  protecting  mask  if  the  total  FM-PECVD  cycles  are  limited.  Further 
efforts  are  necessary  to  realized  thinner  mask  layers  with  improved  stability  in  the  plasma¬ 
processing  environments. 

VLPCVD 

We  also  examined  the  performance  of  the  plasma  oxide  mask  for  the  selective  VLPCVD.  In 
the  experiment  shown  in  Fig.  6,  an  oxide  layer  as  thin  as  4  A  was  exposed  to  0.4  mTorr  SijHg  at 
823  K  for  120  s.  Under  these  conditions,  deposition  rate  of  Si  on  a  H-terminated  Si(lOO) 
surface  was  0.35  A/s.  In  Fig.  6,  we  cannot  find  any  sign  of  the  Si  deposition  on  the  oxide 
surface  after  the  120  s  exposure.  Thus  the  plasma  oxide  is  an  excellent  mask  particularly  for 
VLPCVD,  where  ions  and  atomic  H  are  absent.  At  temperatures  higher  than  1000  K,  a  thin 
SiOj  layer  is  desorbed  through  formation  of  micro-voids  [5].  Due  to  a  relatively  low  substrate 
temperature  in  our  experiment,  we  found  no  evidence  of  such  void  formation  which  would 
presumably  result  in  the  loss  of  selectivity. 

E-Beam  Patterning 

It  is  well  known  that  E-beam  irradiation  on  Si02  (bulk  glass,  CVD  and  thermal  oxides)  induces 
electron-stimulated  desorption  of  O  which  changes  the  stoichiometry  of  the  irradiated  area  to  Si-rich 


Fig.  7.  Direct  patterning  of  a  20  A  Si02  layer  by  15keV  E-beam  irradiation:  (a)  SEM  image 
of  irradiated  are,  (b)  AES  spectra  before  and  after  irradiation  at  120C/cm^. 
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composition [6].  A  recent  study  by  a  separate  group  at  our  research  center(JRCAT)  showed  that 
desorption  of  thermal  SiOj  takes  place  selective  at  an  E-beam  irradiated  area,  exposing  a  clean  Si 
surface[7].  If  the  same  phenomenon  takes  place  for  the  present  ultrathin  plasma  oxide,  it  can  be 
utilized  to  pattern  the  mask  layer  directly  by  an  E-beam. 

Figure  7  shows  the  results  of  our  initial  trials  in  this  regard,  taking  advantage  of  the  E-gun 
of  the  SEM  installed  in  the  AES  chamber.  In  this  experiment  the  acceleration  voltage  of  the  E- 
beam  was  15keV  and  the  dose  was  about  120  C/cm^.  In  the  secondary-electron  image  shown  in 
Fig.  7(a),  the  irradiated  regions  show  a  dark  contrast.  In  Fig.  7(b)  the  AES  spectra  of  the 
irradiated  and  non-irradiated  regions  are  compared.  Clearly  the  composition  of  the  irradiated  area 
is  Si-rich,  reproducing  the  effect  reported  in  the  literature.  Thus  ultrathin  plasma  oxide  can  be 
directly  patterned  by  E-beam  irradiation.  We  are  continuing  our  study  to  achieve  selective 
deposition  on  the  E-beam  patterned  area. 

CONCLUSIONS 

We  have  demonstrated  the  formation  of  ultra  thin  oxides(less  than  20A)  using  a  remote-plasma 
oxidation  at  room  temperature.  The  results  presented  here  establish  that  the  ultra  thin  oxide  is  a 
good  mask  layer  for  low-temperature  selective-area  deposition  by  FM-PECVD  and  VLPCVD. 
We  also  presented  that  the  plasma  oxide  can  be  patterned  directly  by  E-beam  irradiation. 
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ABSTRACT 

A  novel  method  for  the  fabrication  of  poly-Si  films  with  a  large  grain  size  is  reported  using 
solid  phase  crystallization  (SPC)  of  LPCVD  amorphous  Si  films  by  nucleation  interface  control.  The 
reference  films  used  in  this  study  were  1000  A-thick  a-Si  films  deposited  at  500°C  at  a  total  pressure  of 
0.35  Torr  using  Si2H6/He.  Since  the  deposition  condition  changes  the  incubation  time,  i.e.  nucleation 
rate,  and  since  nucleation  occurs  dominantly  at  a-Si/SiO?  interface,  we  devised  the  following  deposition 
techniques  for  the  first  time  in  order  to  obtain  the  larger  gain  size.  A  very  thin  a-Si  layer  (~  50  A )  with 
the  deposition  conditions  having  long  incubation  time  is  grown  first  and  then  the  reference  films  (~  950 
A)  are  grown  successively.  Various  composite  films  with  different  combinations  were  tested.  The 
ciystallization  kinetics  of  composite  films  was  observed  to  be  determined  by  the  deposition  conditions  of 
a  thin  a-Si  layer  at  the  a-Si/Si02  interface.  Nucleation  interface  was  also  observed  to  be  modified  by 
interrupted  gas  supply  resulting  in  the  enhancement  of  the  grain  size. 

INTRODUCTION 

Polycrystalline  silicon  films  have  received  a  great  deal  of  attention  since  they  can  be  applied  to 
various  applications  such  as  a  gate  electrode  for  MOSFET,  the  emitter  in  bipolar  transistors  and 
interconnects.  Recently  polycrystalline  silicon  thin  film  transistors  (poly-Si  TFT’s)  have  attracted 
considerable  interest  for  the  fabrication  of  active-matrix-liquid-crystal-display  (AMLCD).  In  these 
applications  the  large  grain  size  of  poly-Si  films  is  desirable  since  the  presence  of  grain  boundaries  lead 
to  a  degradation  in  device  performance.  Directly  deposited  LPCVD  (low  pressure  chemical  vapor 
deposition)  poly-Si  films  exhibit  a  very  fine  grain  size  with  a  columnar  microstructure  [1]. 
Enhancement  of  the  grain  size  is  generally  achieved  by  solid  phase  crystallization  (SPC)  of  LPCVD 
amorphous  silicon  (a-Si)  films. 

Solid  phase  crystallization  of  a-Si  films  proceeds  by  nucleation  and  growth.  Deposition 
conditions  such  as  deposition  temperature  and  deposition  pressure  can  affect  the  initial  state  of  as- 
deposited  a-Si  films[2].  The  degree  of  structural  disorder  and  the  purity  of  as-deposited  a-Si  films  can  in 
turn  influence  nucleation  and  growth  kinetics  during  solid  state  transformation  [3].  To  obtain  poly-Si 
films  with  the  larger  gain  size  the  nucleation  rate  should  be  retarded  and  the  growth  rate  should  be 
enhanced  during  phase  transformation  [4,5].  Since  the  temperature  at  which  solid  phase  crystallization 
is  usually  conducted  is  at  around  600°C  the  phase  transformation  occurs  at  a  temperature  far  from  the 
equilibrium  point  between  amorphous  and  crystal  phases  [6].  Since  crystallization  is  carried  out  at  a 
relatively  low  temperature  regime  the  phase  transformation  is  limited  by  kinetic  control.  In  other  words 
both  the  nucleation  rate  and  the  growth  rate  decrease  as  the  crystallization  temperature  decreases.  The 
activation  energy  for  nucleation  in  the  case  of  a-Si,  however,  is  greater  than  that  for  growth.  As  a  result 
the  low  annealing  temperature  is  desirable  for  the  enlargement  of  the  grain  size  because  the  nucleation 
rate  has  a  steep  temperature-dependence  while  the  growth  rate  has  not.  Therefore  the  final  grain  size  is 
determined  by  two  main  variables  such  as  deposition  conditions  and  SPC  temperature. 

The  system  in  interest  is  a-Si  films  deposited  on  the  top  of  Si02.  The  possible  nucleation  sites 
are  the  a-Si/  Si02  interface,  the  top  surface  covered  with  the  native  oxide  and  the  bulk  of  a-Si  films.  In 
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this  paper  we  report  the  critical  role  of  the  initial  state  of  as-deposited  a-Si  films  near,  or,  at  the  a-Si/  Si02 
interface.  We  also  report  the  deposition  techniques  for  the  nucleation  interface  control,  resulting  in  the 
enhancement  of  the  grain  size. 

EXPERIMENTAL 

1000  A -thick  thermally  grown  Si02  was  deposited  on  4  "  Si  wafers.  1000  A -thick  amorphous 
silicon  films  were  deposited  in  a  cold-wall-type  LPCVD  reactor.  The  precursor  used  was  disilane 
diluted  with  helium.  The  LPCVD  chamber  was  pumped  by  a  turbomolecular  pump  backed  by  a 
mechanical  pump.  The  deposition  pressure  was  set  for  a  given  flow  by  adjusting  the  opening  of  a 
throttle  valve.  The  deposition  pressure  was  measured  using  a  capacitance  manometer.  The  film 
thickness  was  measured  using  a  surface  profilometer.  After  the  film  deposition  a-Si  films  were 
isothermally  annealed  at  600°C  in  a  nitrogen  ambient  using  a  quartz  tube  furnace.  The  fraction  of 
crystallization  as  a  function  of  annealing  time  was  determined  by  X-ray  diffraction  using  diffractometer. 
Transmission  electron  microscopy  was  employed  for  direct  observation  of  microstructure  in  crystallized 
films. 


RESULTS  AND  DISCUSSIONS 


Deposition  behavior  was  first  checked  using  the  LPCVD  reactor  employed  in  this  study. 
Temperature  dependence  of  deposition  rate  was  observed  to  show  Arrhenius-type  behavior.  Deposition 
temperature  was  varied  from  430°C  to  550°C  under  a  constant  total  pressure  of  0.35  Torr.  The  partial 
pressure  of  Si2H6  was  0.30  Torr.  The  activation  energy  for  Si  deposition  using  Si2H6  was  found  to  be  ~ 
42  kcal/mole.  This  value  is  very  similar  to  that  using  SiH4.  The  deposition  rate  for  disilane  deposition, 
however,  increased  by  a  factor  of  ~10  compared  to  that  for  silane  deposition.  The  deposition  rate  had  a 
linear  relationship  with  the  deposition  pressure.  Deposition  was  thus  carried  out  in  the  regime  of  surface 
phase  reaction  control. 

To  investigate  the  effect  of  deposition  pressure  on  the  crystallization  behavior,  a-Si  films  were 
deposited  at  different  pressures  of  0.15  Torr,  0.35  Torr  and  0.60  Torr  respectively  at  a  constant  deposition 
temperature  of  550°C.  These  samples  were  annealed  at  600  °C  in  a  N2  ambient.  The  crystallized 
samples  exhibit  3  main  x-ray  peaks  such  as  (1 1 1),  (1 10)  and  (31 1).  Since  (1 1 1)  is  the  dominant  texture 
(111)  x-ray  intensity  was  used  to  monitor  the  crystallization  kinetics.  Fig.  1  shows  (111)  x-ray  intensity 
vs.  annealing  time  for  those  samples.  As  the  deposition  pressure  increases  the  incubation  time  increases 
and  the  saturation  intensity  increases.  Since  the  deposition  rate  linearly  increases  with  the  increase  of 
the  deposition  pressure  time  to  form  a  monolayer  decreases  linearly  with  the  increase  of  the  deposition 
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Fig.  1  (111)  x-ray  intensity  vs.  annealing  time  as  Fig.  2  (111)  x-ray  intensity  and  incubation  time 

a  function  of  the  deposition  pressure  as  a  function  of  the  deposition  temperature 
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As  a  result  the  surface  atoms  on  the  substrate  surface,  or,  on  the  growing  film  do  not  have  enough  time  for 
surface  diffusion  as  the  deposition  pressure  increases.  During  SPC,  if  the  phase  transformation  occurs 
via  preexisting  supereritical  crystal  nuclei  formed  during  deposition,  the  density  of  them  will  be 
decreased  as  the  deposition  pressure  increases.  Fig.  2  shows  (111)  x-ray  intensity  and  incubation  time  as 
a  function  of  the  deposition  temperature.  A-Si  films  were  grown  at  a  constant  total  pressure  of  0.35  Torr 
and  then  they  were  annealed  at  600°C  in  a  N2  ambient.  As  indicated  in  Fig.  2  the  ineubation  time 
increases  as  the  deposition  temperature  deereases.  (Ill)  intensity,  however,  has  two  regimes.  The 
intensity  increases  as  the  deposition  temperature  decreases  to  440°C,  while  it  decreases  as  the  temperature 
decreases  below  440'’C.  Generally  as  the  deposition  temperature  decreases  the  density  of  prenuclei 
decreases  since  the  surface  diffusion  rate  decreases  exponentially,  thus  resulting  in  the  larger  grain  size. 
The  deposition  rate,  however,  also  decreases  exponentially  as  the  deposition  temperature  decreases.  The 
amount  of  impurity  incorporation  such  as  oxygen  into  a  growing  film  can  be  significant  at  the  lower 
deposition  temperature.  Although  the  incubation  time  increases  at  430  °C  the  grain  size  decreases  since 
impurities  such  as  oxygen  impede  both  the  nucleation  and  the  growth. 

As  indicated  in  Fig.  1  and  Fig.  2,  the  deposition  conditions  greatly  affect  the  crystallization 
behavior.  The  effect  of  the  initial  state  of  as-deposited  a-Si  films  on  the  crystallization  kinetics,  we 
believe,  is  mainly  due  to  the  density  of  prenuclei  and  the  amount  of  impurity  incorporation.  Wu  et.  al. 
reported  the  effect  of  ion  implantation  on  the  crystallization  kinetics  [7].  They  found  that  the  most 
effective  grain  size  enhancement  occurred  by  so  called  “deep  silicon  implantation”  with  the  projected 
range  beyond  a-Si/SiO?  interface  to  allow  the  maximum  kinetic  energy  transfer  at  or  near  that  interface. 
Their  implantation  condition  was  such  that  the  damage  peak  by  Si  self-implantation  is  located  at  a- 
Si/Si02  interface.  We  also  observed  the  results  similar  to  theirs.  Moreover,  when  we  conducted  30 
keV  SF  self-implantation  to  1000  A-thick  a-Si  films  with  various  doses  we  could  not  observe  the  grain 
size  enhancement.  The  incubation  time  and  the  grain  size  were  not  changed  at  all  compared  to  those  of 
unimplanted  ones.  The  implantation  condition  was  such  that  the  amount  of  damage  induced  in  a-Si 
films  is  comparable  to  the  case  of  deep  implantation  but  the  damage,  or,  the  amount  of  recoiled  oxygen  at 
the  a-Si/Si02  interface  is  negligible  according  to  the  TRIM-code  simulations.  Therefore  we  may  draw 
some  significant  conclusions  about  the  dominant  nucleation  sites.  If  nucleation  occurs  largely  in  the 
bulk  of  the  films,  30  keV  SF  self-implantation  to  1000  A-thick  a-Si  films  should  have  affected  the 
crystallization  kinetics.  And  the  experimental  results  from  deep  implantation  may  exclude  the  top 
surface  of  a-Si  films  to  be  the  dominant  interface  for  nucleation.  The  remaining  possible  site  is  only  the 
a-Si/Si02  interface. 
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Fig.  3  (111)  x-ray  intensity  vs.  annealing  time  for  various  composite  films 
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Based  on  the  above  argument  we  intentionally  manipulated  the  nucleation  interface.  The 
reference  films  used  in  this  study  were  1000  A -thick  a-Si  deposited  at  SOO^C  at  a  total  pressure  of  0.35 
Torr.  When  these  films  were  annealed  at  600  °C  in  a  N2  ambient  the  grain  size  was  ~  1  ;mi.  Since  the 
deposition  condition  changes  the  incubation  time,  i.e.  nucleation  rate,  and  since  nucleation  is  assumed  to 
occur  dominantly  at  the  a-Si/Si02  interface,  we  devised  the  following  deposition  techniques  for  the  first 
time  in  order  to  obtain  the  larger  gain  size.  A  very  thin  amorphous  layer  (~  50  A)  with  the  deposition 
conditions  having  long  incubation  time  is  grown  first  and  then  the  reference  films  (-  950  A)  are  grown 
successively.  If  phase  transformation  is  governed  by  nucleation  crystallization  kinetics  such  as 
incubation  time  and  time  to  complete  crystallization  would  be  limited  by  the  deposition  conditions  of  a 
thin  layer. 

Fig.  3  shows  (111)  x-ray  intensity  vs.  annealing  time  for  the  reference  films  and  the  composite 
films  respectively.  Various  1000  A -thick  composite  films  were  deposited  and  then  were  annealed  at 
600°C  in  a  N2  ambient.  Each  thin  layer  of  50  A -thick  a-Si  in  the  three  composite  films  was  deposited  at 
440°C,  460°C  and  480°C  respectively  at  a  constant  pressure  of  0.35  Torr.  The  three  composite  films 
have  the  same  950  A -thick  reference  films  successively  deposited  at  500°C  at  a  constant  pressure  of  0.35 
Torr  on  the  top  of  each  thin  a-Si  layer.  As  shown  in  Fig.  3  the  incubation  time  of  the  composite  films 
increases  as  the  deposition  temperature  of  the  thin  layer  decreases.  For  example,  the  incubation  time 
and  the  final  grain  size  of  the  reference  films  are  ~  1.3  hrs.  and  ~  1  /an,  while  those  of  the  composite  films 
having  the  thin  layer  deposited  at  440°C  are  ~  6  hrs.  and  ~  2-3  ^  respectively.  Fig.  4  shows  a  series  of 
TEM  micrographs  for  those  4  samples.  As  the  deposition  temperature  of  the  thin  layer  decreases  to  440 
°C  the  grain  size  increases  by  a  factor  of  two  or  three  compared  to  that  of  the  reference  films.  These 
experimental  results  clearly  show  that  the  deposition  conditions  near  the  a-Si/Si02  interface  determine  the 
nucleation  kinetics.  If  nucleation  occurs  dominantly  in  the  bulk  of  a-Si  films,  or,  on  the  top  surface 
covered  with  the  native  oxide,  4  different  samples  would  show  the  similar  crystallization  behavior. 
Moreover,  interestingly  enough,  1000  A -thick  monolayer  films  deposited  at  440°C,  460°C  and  480°C 
exhibit  the  almost  exactly  the  same  crystallization  kinetics  as  the  composite  films  having  the  50  A -thick 
thin  layer  deposited  at  440°C,  460“C  and  480°C  respectively  according  to  the  XRD  analyses  and  the  TEM 
observations.  In  other  words  the  growth  kinetics  is  not  sensitive  to  the  deposition  conditions  of  the  rest  of 
a-Si  layer.  The  initial  state  of  as-deposited  a-Si  films  in  the  vicinity  of  the  a-Si/Si02  interface  is  thus 
believed  to  determine  the  whole  crystallization  kinetics. 


(a)  (b)  (c)  (d) 

Fig.  4  A  series  of  TEM  micrographs  for  various  composite  films  (a)  Reference  films  (b)  To  (thin 
layer)  =  480  °C  (c)  To  (thin  layer)  =  460  °C  (d)  To  (thin  layer)  =  440  °C 
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We  conducted  another  experiment  for  nucleation  interface  control.  As  shown  in  Fig.  2,  the 
impurity  incorporation  such  as  oxygen  impede  both  the  nucleation  and  the  growth.  In  the  regime  2  in 
Fig.  2,  although  the  incubation  time  increases  the  final  grain  size  decreases  since  the  impurities  such  as 
oxygen  are  distributed  uniformly  from  the  bottom  to  the  top  surface.  If  we  localize  the  oxygen 
incorporation  only  into  the  thin  a-Si  layer  on  the  a-Si/Si02  interface  we  may  expect  the  grain  size 
enhancement.  During  the  deposition  runs  for  producing  the  composite  films  shown  in  Fig.  3  the  gas 
supply  of  Si2H6/He  was  continued  when  the  deposition  temperature  was  raised  to  500°C  from  440°C, 
460“C  and  480°C  respectively.  In  another  experiment  for  nucleation  interface  control,  the  thin  layer  of 
50  A -thick  a-Si  films  was  deposited  at  500°C  at  a  pressure  of  0.35  Torr  and  then  the  gas  supply  was  shut 
off  After  around  3  min.  the  MFC  switch  is  turned  on  and  the  deposition  continued  at  the  same 
deposition  conditions  as  the  thin  a-Si  layer.  Fig.  5  shows  (1 11)  x-ray  intensity  vs.  annealing  time  for  the 
reference  films  and  the  films  deposited  by  gas  supply  control.  The  incubation  time  and  the  saturation 
intensity  of  the  films  deposited  by  gas  supply  control  increases  compared  to  those  of  the  reference  films. 
The  TEM  micrograph  in  Fig.  6  shows  that  the  final  grain  size  greatly  increases  compared  to  that  of  the 
reference  films  as  shown  in  Fig.  4-(a).  Fig.  7  shows  XTEM  micrographs  for  two  composite  films  having 
the  50  A -thick  a-Si  layer  deposited  at  440*^0  at  a  pressure  of  0.35  Torr.  The  rest  of  950  A -thick  a-Si 
layer  were  the  reference  films  deposited  at  500°C  at  a  pressure  of  0.35  Torr.  Fig.  7-(a)  is  the  case  for 
continuous  gas  supply  and  Fig.  7-(b)  is  the  one  for  gas  supply  control  by  shutting  off  the  gas  flow  for  a 
few  min.  after  the  thin  layer  deposition.  As  shown  in  Fig.  7-(a),  no  trace  between  the  thin  layer  and  the 
reference  films  can  be  found  after  complete  crystallization.  However,  Fig.  7-(b)  indicates  that  50  A- 
thick  a-Si  films  presumably  containing  oxygen  impurities  by  discontinuous  gas  supply  does  not  crystallize 
yet  while  the  950  A -thick  reference  films  are  fully  crystallized.  In  the  case  of  the  composite  films  by 
continuous  gas  supply,  nucleation  appears  to  occur  at  a-Si/Si02  interface  and  the  nucleation  rate  is 
controlled  by  the  deposition  conditions  of  the  thin  layer.  However,  the  thin  layer  containing  the  larger 
amount  of  oxygen  by  interrupted  gas  supply  seems  to  have  a  very  long  incubation  time  while  the 
reference  films  already  complete  the  crystallization. 


Fig.  5  (HI)  x-ray  intensity  vs.  annealing  time  The  circles  Fig.  6  TEM  micrograph  for 

represent  the  reference  films  and  the  triangles  represent  the  sample  the  sample  by  interrupted  gas 
by  interrupted  gas  supply.  supply 
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Fig.  7  XTEM  micrographs  for  the  composite  films  with  the  deposition  sequence  of  50  A(  Td=440  °C)  + 
950  A(  Td=500  °C)  (a)  Continuous  Gas  Supply  (b)  Interrupted  Gas  Supply 

CONCLUSIONS 

Through  the  model  experiments  using  various  nucleation  interface  controlled  a-Si  films,  a- 
Si/Si02  interface  was  found  to  be  the  dominant  nucleation  site  for  crystallization.  The  initial  state  of  a- 
Si  near  the  a-Si/SiO?  interface  was  observed  to  be  critical  to  crystallization  kinetics.  The  initial  state  of 
a-Si  in  the  vicinity  of  the  interface  was  artificially  controlled  either  by  introducing  the  thin  a-Si  layer  with 
the  different  deposition  conditions,  or,  by  impurity  incorporation  into  a  film  by  interrupted  gas  supply. 
Nucleation  interface  controlled  films  fabricated  by  both  the  methods  exhibited  the  enhancement  of  the 
grain  size  upon  annealing. 
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Part  V 


Dielectric  and  Semiconductor  Interfaces 


INTERFACIAL  ARSENIC  FROM  WET  OXIDATION  OF  AIxGai  xAs/GaAs:  ITS 
EFFECTS  ON  ELECTRONIC  PROPERTIES  AND  NEW  APPROACHES  TO  MIS 

DEVICE  FABRICATION 

CAROL  I.H.  ASHBY,  JOHN  P.  SULLIVAN,  PAULA  P.  NEWCOMER,  NANCY  A. 

MISSERT,  HONG  Q.  HOU,  B.E.  HAMMONS,  MICHAEL  J.  HAFICH,  ALBERT  G.  BACA 
Sandia  National  Laboratories,  P.O.  Box  5800,  Albuquerque,  NM  87185-0603 

ABSTRACT 

Three  important  oxidation  regimes  have  been  identified  in  the  temporal  evolution  of  the  wet 
thermal  oxidation  of  AlxGai.xAs  (1  >  x  >  0.90)  on  GaAs:  1)  oxidation  of  A1  and  Ga  in  the 
AlxGai.xAs  alloy  to  form  an  amorphous  oxide  layer,  2)  oxidative  formation  and  elimination  of 
elemental  As  (both  crystalline  and  amorphous)  and  of  amorphous  AS2O3,  and  3)  crystallization  of 
the  oxide  film.  Residual  As  can  result  in  up  to  a  100-fold  increase  in  leakage  current  and  a  30% 
increase  in  the  dielectric  constant  and  produce  strong  Fermi-level  pinning  and  high  leakage 
currents  at  the  oxidized  AIxGaixAs/GaAs  interface.  The  presence  of  thermodynamically-favored 
interfacial  As  may  impose  a  fundamental  limitation  on  the  application  of  AlGaAs  wet  oxidation 
for  achieving  MIS  devices  in  the  GaAs  material  system. 

INTRODUCTION 

There  is  a  continuing  quest  to  find  a  good  insulator  for  metal-insulator-semiconductor  (MIS) 
devices  to  enable  the  GaAs-equivalent  of  Si  CMOS  technology.  Earlier  approaches  involving  dry 
thermal  oxides  and  anodic  oxides  have  not  yielded  interfaces  of  sufficient  quality  (interface-state 
densities  in  the  mid-10'°  /cm^-eV)  for  MIS  applications.  A  relatively  new  approach  to  forming  a 
technologically  useful  oxide  involving  oxidation  of  high-Al-content  AlGaAs  layers  at  elevated 
temperature  during  exposure  to  wet  nitrogen  [1]  has  shown  promise  for  forming  readily 
manufacturable  stable  oxides  that  might  prove  suitable  for  MIS  applications  [2].  We  have  studied 
the  temporal  evolution  of  AlGaAs  films  undergoing  wet  oxidation  using  Raman  spectroscopy  to 
identify  product  species  that  are  present  during  the  intermediate  and  final  stages  of  the  oxidation 
and  have  determined  electrical  properties  of  the  Al-oxide/GeiAs  materials  system  using  DC 
transport  and  capacitance  measurements.  These  studies  reveal  a  fundamental  limitation  on  the 
application  of  AlGaAs  wet  oxidation  for  achieving  MIS  devices  in  the  GaAs  material  system. 

EXPERIMENT 

Samples  with  the  following  structure  were  grown  by  MOCVD:  300  A  GaAs  cap/  variable 
thickness  AlxGai-xAs/1000  A  GaAs/GaAs  substrate  with  x=  1.0,  0.98,  and  0.90.  Raman  studies 
employed  0.25-  and  2-(im  ALGai-xAs  layers,  while  diffraetion  (X-ray  and  electron)  and  bulk 
electrical  measurements  were  performed  on  0.25-|lm  ALGai-xAs  samples.  MIS  diode  samples 
consisted  of  300-500  A  of  ALGai-xAs  on  2-5x10  ^Vcm^  n-GaAs. 

Prior  to  wet  oxidation  ,  the  GaAs  cap  was  removed  by  a  selective  etch  in  a  citric 
acid/peroxide  mix  (5:1  of  [Ig  citric  monohydrate/ Ig  H2O]:30%  H2O2)  and  the  sample  was 
loaded  into  the  furnace  under  a  dry  nitrogen  purge.  The  sample  was  then  heated  under  flowing 
nitrogen.  When  the  desired  reaction  temperature  was  reached  (400<T<455  ®C),  the  nitrogen  flow 
(typically  0.4  slm  in  a  2-in.  diam.  tube)  was  switched  to  bubble  through  water  at  a  temperature  of 
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80  ±  1  °C  for  a  timed  reaction.  Dry  nitrogen  flow  was  restored  at  the  completion  of  the  reaction 
time  and  continued  during  sample  removal  from  the  furnace. 

Raman  spectra  were  measured  using  an  excitation  wavelength  of  514.5  nm.  The  500-mW 
probe  beam  was  line  focused  to  apply  less  than  85  W/cm^  on  the  sample.  Scattering  was 
measured  in  the  x(y',y'+z')x~  backscattering  configuration  with  y'  and  z'  parallel  to  (1 10)  planes. 

A  triple  monochromator  with  an  internal  depolarizer  and  a  CCD  array  detector  were  employed. 
Reference  Raman  spectra  were  obtained  for  a-AbOs  (99.997%,  1 10  pm  crystalline,  9  m^/g 
surface  area)  and  7-AI2O3  (99.999%,  1 10  pm  powder,  55  m  ^/g  surface  area).  Peak  positions  in 
cm’'  and  relative  intensities  for  a-AbOs  were  as  follows:  379  (0.34),  417(1),  428(0.28), 
458(0.06),  576(0.1 1),  644(0.24),  750(0.23).  X-ray  measurements  on  y-AbOs  showed  a  broad 
amorphous  background  with  broad  peaks;  using  the  Scherrer  formula  gives  a  crystallite  size  of  70 
A.  Weak  Raman  peaks  from  y-AbOs  were  observed  at  385,  468,  624,  644,  750  cm''.  This  small 
crystallite  size  might  cause  red-shifting  and  asymmetric  broadening  of  the  peaks  [3];  low  signal 
intensity  prevented  evaluation  of  this  possible  effect. 

X-ray  diffraction  measurements  were  performed  on  the  films  using  Cu  K-alpha  radiation 
from  a  fixed  anode  source  and  a  curved  graphite  crystal  detector.  Conventional  0-20  scans  were 
taken  between  10°  and  70°,  corresponding  to  lattice  spacings  of  8.8  A- 1.34  A.  Cross-section 
samples  for  high  resolution  transmission  electron  microscopy  were  prepared  by  mechanical 
thinning  and  ion  milling  with  5  kV  Ar^  and  examined  at  200  keV  using  a  JEOL  2010  at  the 
University  of  New  Mexico.  Samples  for  electrical  characterization  were  prepared  by  shadow 
mask  deposition  of  Ti/Au  circular  contacts  (200-1000  pm)  on  the  oxide  surface  followed  by 
deposition  of  a  non-alloyed  ohmic  backside  contact.  For  bulk  dielectric  measurements,  0.25  pm 
thick  oxidized  AbGai-xAs  layers  on  top  of  near-degenerately  n-doped  GaAs  were  used  in  order  to 
minimize  the  interfacial  depletion  layer  capacitance.  For  interface  electrical  characterization, 
thinner  AbGai-xAs  layers  were  measured  on  2-5x1 0'^  cm’^  n-doped  GaAs  buffer  layers. 
Capacitance-voltage  measurements  (Fig.  2)  were  performed  over  the  frequency  range  100  kHz  to 
1  MHz,  typically  1  MHz,  at  a  sweep  rate  of  150  mV/min.  DC  transport  measurements  were 
performed  over  the  range  -5  V  to  5  V  under  dark  conditions. 

RESULTS  AND  DISCUSSION 

Progressive  oxidation  of  the  AlGaAs  layer  reduces  the  phonon  peak  intensity  at  400  cm’',  as 
shown  in  Fig.  1  for  2-pm  AlGaAs  samples.  Substrate  GaAs  is  manifest  at  292  cm*'  due  to  the 
low  absorption  coefficient  of  indirect-gap  Alo  98Gao,o2As  at  514.5  nm.  The  Raman  spectrum  of  a 
partially  oxidized  film  is  dominated  by  crystalline  As°  peaks  at  198  and  257  cm*'  and  broad 
feature  between  200  and  250  cm*'  peaking  near  227  cm’'  ascribed  to  amorphous  As°  [4].  The 
As®  peaks  are  very  strong  due  to  resonant  enhancement  of  the  Raman  scattering  at  this  excitation 
energy;  the  detection  limit  is  on  the  order  of  10-20- A  layers  [5].  The  broad  feature  centered  at 
475  cm*'  is  due  to  amorphous  AS2O  3  [5].  Specific  peaks  associated  with  amorphous  Al-oxides 
are  not  observed.  Gallium  oxide  films  of  8000-A  thickness  are  not  detectable  by  Raman  because 
of  low  cross  section  [5],  and  the  less  polarizable  Al-oxide  films  should  be  even  weaker 
scatterers.  Since  the  relative  intensities  of  the  various  peaks  cannot  be  construed  as  a  quantitative 
measure  of  the  different  compositions  due  to  large  and  quantitatively  unknown  differences  in 
their  scattering  cross  sections,  the  following  discussion  is  qualitative. 

As  the  oxidation  front  advances  into  films  of  either  AlAs  or  high-Al-fraction  AlGaAs,  there 
is  established  a  relatively  constant  Raman  signal  from  As  and  a-As203  while  the  intensity  of  the 
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AlAs-like  phonon  decreases  (Fig  la-c.)  Growth  of  the  amorphous  Al-oxide  film  is  manifested  by 
the  gradually  rising  baseline.  As  oxidation  of  the  AUGai-xAs  layer  nears  completion,  the  AlAs- 
like  phonon  peak  drops  below  our  detection  limit.  The  a-As203  peak  intensity  also  drops  below 
the  detection  limit.  There  remains  barely  detectable  scattering  from  As  near  the  oxide/GaAs 
interface  and  a  steeply  rising  baseline  (Fig.  Id).  With  continued  exposure  to  the  oxidizing 
atmosphere  or  with  annealing  in  vacuum  or  dry  nitrogen,  crystallization  of  the  films  occurs  (Fig. 
le),  with  most  of  the  strong  peaks  attributable  to  Rayleigh  scattering  of  laser  plasma  or 
background  light  or  to  GaAs-associated  features  typically  observed  on  rough  GaAs,  where 
polarization  selection  rules  that  are  operative  with  specular  surfaces  break  down.  Weak  peaks  at 
750  and  644  cm''  ascribed  to  Y-AI2O3  are  observed  in  crystallized  films.  Delamination  of  the  2.0- 
pm  films  routinely  occurs  after  complete  oxidation,  suggesting  relatively  weak  adhesion  between 
the  oxide  and  semiconductor.  This  is  consistent  with  the  relative  fragility  of  laterally  oxidized 
optoelectronic  structures  when  subjected  to  cleaving  operations. 

We  propose  the  following  reaction  scenario  for  Al(Ga)As  films  undergoing  wet  oxidation. 
Al(Ga)As  undergoes  reaction  with  water,  hydroxyl,  or  other  oxygen-containing  species  derived 
from  water  to  form  a  mixture  of  aluminum(gallium)  oxides  and/or  hydroxides  and  amorphous 
AS2O3,  which  forms  a  glassy  matrix  and  prevents  wide-scale  crystallization.  Elemental  As  (As'') 
is  present  at  the  interface  between  the  oxide  and  the  semiconductor,  and  a  relatively  constant 
amount  is  observed  throughout  most  of  the  oxidation.  This  amount  is  determined  by  the  kinetic 
balance  between  its  formation  and  subsequent  loss  through  further  oxidation  or  volatilization  and 
escape  through  the  permeable  oxide  film;  this  balance  will  vary  with  specific  reaction  conditions. 
TEM  studies  of  laterally  wet-oxidized  AlGaAs  layers  have  shown  the  oxide  layer  to  be  far  from 
fully  dense  and  should  have  adequate  permeability  for  ready  escape  of  volatile  reaction  products 
[6].  Both  As  (P(vap)  =  760  Torr  at  407  °C)  and  a-As203  (P(vap)  =  760  Torr  at  320  °C)  may 
serve  as  volatile  products  for  removal  of  As  from  the  growing  oxide  film.  It  has  been  postulated 
that  arsine  is  the  major  product  of  AlGaAs  wet  oxidation.  We  cannot  rigorously  exclude  a  role 
for  arsine  as  a  minor  product,  since  our  furnace  was  not  equipped  for  identification  of  volatile 
products.  However,  our  observation  of  two  volatile  As-species  in  more  highly  oxidized  states 
than  the  original  AlGaAs  suggests  that  formation  of  major  quantities  of  the  lower  oxidation  state 
arsine  as  the  volatile  reaction  product  is  unnecessary  for  As  removal  from  the  oxidized  film. 

Figures  shows  high-resolution  transmission  electron  micrographs  (TEM)  of  the  interfacial 
region  between  GaAs  and  Alo  QoGao.ioAs  as  the  reaction  approaches  completion.  Moire  fringes 
due  to  a  2-4  nm  crystallite  at  the  interface  and  lattice  fringes  associated  with  unreacted 
Alo.goGao.ioAs  are  observed  near  the  oxide/GaAs  interface.  Selected  area  diffraction  taken  within 
the  oxidized  Alo.90Gao.10As  layer  show  diffuse  polycrystalline  rings  with  d-spacings 
corresponding  to  the  prominent  reflections  of  Y-AI2O3.  X-ray  diffraction  measurements  on 
similar  films  reveal  only  a  diffuse  background  with  no  apparent  crystalline  AI2O3  phases,  thus 
putting  an  upper  limit  on  crystallite  size  of  ~  10  nm.  The  lower  magnification  image  of  Fig.  3 
reveals  that  the  interfaces  are  not  abrupt,  but  exhibit  interfacial  roughness  on  the  order  of  2-4  nm. 

The  temporal  evolution  of  the  structure  of  these  surface-oxidized  films  correlates  with  that 
observed  along  the  length  of  a  laterally-oxidized  buried  layer[6].  At  the  oxide/semiconductor 
interface  of  a  laterally  oxidized  layer,  an  amorphous  meniscus  is  observed.  Farther  back  from  the 
oxidation  front  the  oxidized  layer  consists  of  increasingly  crystalline  Y-AI2O3,.  Since  increasing 
distance  from  the  oxidation  front  in  a  laterally  oxidized  sample  correlates  with  increasing 
oxidation  time,  the  evolution  from  amorphous  to  crystalline  structures  in  both  laterally  and 
surface-oxidized  samples  is  probably  due  to  progressive  loss  of  the  stabilizing  glassy  matrix 
provided  by  a-As203  or  to  conversion  of  amorphous  P-AI2O3  to  crystalline  Y-AI2O3. 
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Fig.  1 :  Raman  spectra  of  progressively 
oxidized  2.0-|im  layer  of  Alo.98Gao,o2As  on 
GaAs:  a-c)  partially  oxidized;  d)  oxidized 
"to  completion";  e)  layer  crystallized  and 
delaminating. 


Fig.  2:  Capacitance-voltage  curve  for  MIS 
diode  with  300-A  of  oxidized  AlAs  on 
2x10  '^n-GaAs. 


Fig.  3:  High-resolution  transmission  electron  micrograph  of  interfacial  region  of  oxidized 
Alo.9oGao.ioAs  as  oxidation  front  approaches  GaAs.  Arsenic  precipitates  (2-4  nm)  present  at 
interface. 


The  results  of  capacitance  and  DC  transport  measurements  on  0.25-pm  wet-oxidized  films 
as  a  function  of  residual  As  and  Ga  content  are  shown  in  Table  1 .  Samples  labeled  as  "high" 
arsenic  exhibit  As^^  Raman  signals  on  the  order  of  those  shown  in  Fig.  1  while  "low"  arsenic 
samples  exhibit  As*^  signals  below  the  Raman  detection  limit.  Residual  As^  can  result  in  up  to  a 
two  order  of  magnitude  increase  in  leakage  current  and  up  to  a  30%  increase  in  the  dielectric 
constant.  The  increase  in  dielectric  constant  with  increasing  As  concentration  may  be  partly  due 
to  dielectric  heterogeneity  associated  with  metallic  As°  precipitates  in  the  insulating  aluminum 
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oxide  matrix.  With  the  assumption  that  this  represents  the  entire  increase  and  a  Maxwell- 
Wagner  form  for  the  effective  dielectric  constant  [7],  the  required  volume  fraction  of  elemental 
As  would  be  approx.  6%  for  the  high  As  content  oxidized  AlAs  layer.  The  increase  in  bulk 
dielectric  constant  with  increasing  Ga  content  is  likely  due  to  increased  bond  polarizability 
associated  with  the  Ga-0  bonds.  The  dielectric  constant  of  deposited  Ga203  films  has  been 
reported  to  be  up  to  14.2  [8]. 

Table  1 :  Bulk  Electrical  Properties  of  Wet-Oxidized  AlGaAs  Films 


Starting 

Arsenic 

Leakage 

Bulk  Resistivity 

Bulk  Dielectric 

Composition 

{AJcrr?  @  5V) 

(Ohm-cm) 

Constant  (IMHz) 

AlAs 

Low 

7.5x10’* 

2.7x10’^ 

5.8 

High 

7.5x10’’ 

2.7x10“ 

7.0 

Alo.98Gao.o2  As 

Low 

2.9x10’® 

6.9x10'^ 

6.2 

High 

2.5x10’’ 

8.0x10“ 

8.3 

Alo.9oGao.ioAs 

Low 

3.7x10’® 

5.4x10'^ 

8.6 

High 

1.0x10’’ 

1.2x10“ 

8.2 

Capacitance-voltage  (CV)  measurements  on  thin  oxidized  AlxGai.xAs  layers  (Fig.2)  with 
residual  As°  at  levels  below  the  Raman  detection  limit  (~  10-20-A  layers)  [5]  reveal  partial 
Fermi-level  pinning  while  measurements  on  layers  with  higher  As®  content  exhibit  strong  Fermi- 
level  pinning  and  no  CV  modulation.  The  presence  of  weak  CV  modulation  and  failure  to  reach 
the  full  accumulation  capacitance  in  the  low- As®  samples  would  be  consistent  with  the  existence 
of  an  interface-state  band  located  approximately  0.3  to  0.6  eV  below  the  GaAs  conduction  band 
(CB)  with  a  state  density  exceeding  lO'^  cm'^  and  deep  depletion  at  inversion  biases.  Given  the 
ubiquitous  presence  of  As®  as  detected  near  the  interface  by  Raman  in  a  large  number  of  the 
samples,  it  is  likely  that  local  pinning  of  the  Feimi-level  at  As®  precipitates  at  the  oxide/GaAs 
interface  may  be  the  source  of  the  apparent  high  interface  state  density.  The  Schottky  barrier 
height  observed  for  the  As®/n-GaAs  interface  is  0.67  -  0.72  eV  [9],  which  would  appear  as  an 
apparent  interface-state  band  below  the  level  found  here.  However,  if  the  As  precipitates  do  not 
fully  cover  the  oxide/GaAs  interface,  a  situation  may  arise  in  which  the  Fermi-level  at  the 
interface  may  only  be  locally  pinned  and  unpinned  at  other  areas.  The  observed  pinning 
positions  of  0.3  to  0.6  eV  below  the  GaAs  CB  may,  therefore,  alternatively  be  explained  by  non- 
uniform  Fermi-level  pinning  at  As  crystallites  at  the  interface  (e.g.,  the  formation  of  local 
barriers)  with  an  areal  coverage  of  As  at  the  interface  from  about  83  -  98%.  This  non-uniform 
pinning  of  the  Fermi-level  at  the  oxide/GaAs  interface  would  prevent  the  formation  of  a  spatially 
uniform  accumulation  layer  near  the  oxide  interface  and  could  explain  the  poor  observed 
transconductance  in  field  effect  transistor  (FET)  devices  employing  oxidized  ARGai-xAs 
gates.  [2]. 

The  continuing  presence  of  residual  As®  at  the  oxide/GaAs  interface  even  after  lengthy 
oxidation  is  to  be  expected  on  thermodynamic  considerations  [10]  when  AS2O3  is  an  oxidation 
product,  as  we  observe.  Even  if  the  As®  formed  from  Al(Ga)As  oxidation  were  totally  removed, 
further  generation  of  interfacial  As®  from  oxidation  of  GaAs  could  proceed  from  the  reaction 
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2  GaAs  +  AS2O3  =  4  As  +  p-Ga203  AG®f  =  -64  kcal,  =  -62  kcal  (la). 


Since  interfacial  As^  even  at  the  lO"^  monolayer  level  will  degrade  MIS  performance,  this  poses  a 
serious  problem  for  achieving  a  viable  GaAs  MIS  technology  based  on  wet  oxidation. 

SUMMARY 

Elemental  As®  and  a-As203  form  during  AlGaAs  wet  oxidation.  Their  volatility  is  sufficient 
for  them  to  serve  as  the  primary  species  responsible  for  arsenic  removal  from  the  relatively 
porous  oxidized  film.  Elemental  As®  is  concentrated  at  the  oxide  /semiconductor  interface  in  both 
crystalline  and  amorphous  forms,  with  crystalline  As®  requiring  longer  reaction  time  for  removal 
than  amorphous  As®  when  the  oxidation  front  reaches  the  substrate  GaAs.  Thick  (2-p.m)  Al-oxide 
films  crystallize  and  delaminate  after  As®  and  a-As203  are  removed  by  continued  oxidation 
and/or  heating,  suggesting  relatively  weak  adhesion  that  may  be  responsible  for  the  fragility  of 
some  laterally  oxidized  optoelectronic  structures.  Both  capacitance-voltage  and  dc  transport 
behavior  are  degraded  by  the  interfacial  As®.  Non-uniform  pinning  of  the  Fermi-level  at  the 
oxide/GaAs  interface  by  As  precipitates  may  explain  the  strong  Fermi-level  pinning  and  have 
serious  negative  implications  for  FET  devices.  Good  MIS  devices  will  require  As®  removal 
without  film  crystallization.  However,  the  fundamental  limit  imposed  by  the  thermodynamically 
favored  formation  of  elemental  As  at  the  interface  makes  this  a  formidable  challenge. 
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ABSTRACT 

The  oxidation  of  high  A1  content  AlxGai.xAs  has  received  much  attention  due  to  its  use  in 
oxide-aperture,  vertical-cavity  surface  emitting  lasers  (VCSELs)  and  for  passivating  AlAs 
against  environmental  degradation.  We  have  recently  identified  the  spinel,  gamma  phase  of 
AI2O3  in  layers  laterally  oxidized  in  steam  at  450°C  for  x=0.98  &  0.92  and  have  seen  evidence 
for  an  amorphous  precursor  to  the  gamma  phase.  At  the  interface  with  the  unoxidized  ALGai. 
xAs  ,  an  ~17nm  amorphous  phase  remains  which  could  account  for  the  excellent  electrical 
properties  of  oxide-confined  VCSELs  and  help  reduce  stress  concentrations  at  the  oxide 
terminus. 

INTRODUCTION 

It  has  long  been  known  that  AlAs  is  subject  to  environmental  degradation  due  to  its  high 
reactivity.  It  was  discovered  that  intentional  oxidation  of  AlAs  can  passivate  the  surface 
against  further  oxidation'  and  that  varying  the  Ga  content  of  the  film  will  drastically  reduce  the 
oxidation  rate  for  this  process^.  This  selective  and  passivating  nature  of  oxidized  AlGaAs  has 
been  incorporated  into  vertical-cavity  surface  emitting  lasers  (VCSELs)  to  form  current- 
confining  and  optical-mode  defining  apertures,  which  have  allowed  the  development  of  high- 
performance  devices^’"'’^. 

In  this  paper,  we  discuss  the  microstructure  of  the  oxide  phase  formed  from  the  wet 
oxidation  of  2%-  and  8%-Ga  AlAs  in  actual  working  VCSEL  device  structures  (Figure  1).  It  is 
found  that  the  oxide  phase  formed  is  fine  grained  (~4nm)  y-Al203  surrounded  by  an  amorphous 
matrix.  This  is  consistent  with  early  work  of  Sugg  et  al.^  and  the  crystalline  phase  identified  in 
wet  oxidation  of  pure  AlAs^.  It  is 
also  found  that  the  lateral 
oxidation  front  terminates  with  an 
~17nm  amorphous  zone.  Lattiee 
images  show  that  the  oxide 
terminus  has  a  smooth  transition 
from  crystalline  to  amorphous, 
and  lower  magnification,  strain- 
contrast  images  reveal  no  defects 
associated  with  the  oxidation 
front.  This  lack  of  defects  occurs 
in  spite  of  the  fact  that  measured 
contraetion  of  the  oxidized  layers 
is  6.3%,  straining  the  unoxidized 
layers®. 


Contact 


8%Ga-AIA 


2%Ga-ALO, 


Etched  Mesa 
VCSEL 


Figure  1:  Schematic  diagram  of  an  oxide-confined,  980nm 
VCSEL  device.  Not  to  scale. 
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EXPERIMENTAL 


Layers  containing  2%-  and  8%-Ga 
AIAs  were  laterally  oxidized  in  a  steam 
furnace  at  450°C  by  bubbling  N2 
through  80°C  H2O.  The  layers  were 
part  of  working  980nm  VCSEL 
devices.  TEM  cross-sectional  samples 
were  made  by  dicing  the  devices  out  of 
the  wafer  and  epoxy ing  them  in  a  Si 
support  stack.  The  stack  was 
mechanically  polished  and  then  Ar-ion 
thinned  so  that  the  unoxidized  current 
aperture  of  the  device  was  thinned  to 
electron  transparency  (see  Figure  1). 

The  final  sample  contained  the  oxide 
terminus  of  the  2%-Ga  AIAs  layers  that 
define  the  current  aperture  in  addition 
to  the  8%-Ga  AIAs  layers  that  formed 
the  remainder  of  the  distributed  Bragg 
reflector  mirrors.  The  8%-Ga  layers 
only  oxidize  8pm  inward  as  compared 
to  the  40pm  oxidation  of  the  2%-Ga 
layers,  due  to  the  strong  dependence  of 
oxidation  rate  on  Ga  content^.  TEM 
images  were  obtained  using  200keV  electrons  and  recorded  either  directly  on  to  film  or  using  a 
cooled,  slow-scan  video  camera. 


Figure  2:  A  portion  of  a  selected  area  diffraction  pattern 
of  oxidized  2%Ga-AIAs.  The  image  has  been  filtered  to 
show  detail.  The  sharp  spots  are  from  the  unoxidized 
GaAs  layers,  while  the  rings  are  from  the  oxidized  layer. 
The  d-spacing  for  each  ring  is  indicated. 


RESULTS 

Figure  2  shows  a  portion  of  an 
electron  diffraction  pattern  which  has 
been  high-pass  filtered  to  show  the 
detail  of  the  pattern.  Clear 
polycrystalline  rings  can  be  seen  in  the 
pattern  as  well  as  an  array  of  spots  from 
the  surrounding  GaAs  layers,  which  act 
as  an  internal  calibration  for  the  pattern. 
By  measuring  the  ring  spacing,  the 
polycrystalline  phase  is  identified  as  7- 
Al203^.  This  is  the  cubic  phase  of 
AI2O3  and  is  based  on  the  spinel 
(MgAl204)  prototype  with  32  0-atoms 
forming  an  FCC  sublattice,  8  Al-atoms 
on  the  tetrahedral  sites,  and  the 
remaining  13V3  Al-atoms  on  the 
octahedral  sites  leaving  6V3  octahedral 
vacancies*^.  The  degree  of  ordering  of 


Figure  3;  Dark-field  g=(311)  y-A^Oa  image  of  oxidized 
8%-Ga  AIAs.  The  bright  grains  are  y-AlaOa  while  the  fine 
speckle  between  the  grains  is  an  amorphous  phase. 
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the  octahedral  Al-atoms  distinguishes 
the  various  forms  of  the  cubic, 
transitional  aluminas  that  we  group 
together  as  the  gamma  phase.  The 
gamma  phase  is  formed  by  dehydration 
of  A1(0H)3  and  AIO(OH).  Upon  high 
temperature  processing,  the  gamma 
phase  transforms  into  the  hexagonal, 
alpha  phase  (sapphire). 

At  low  concentrations,  03263  forms 
solid  solutions  with  Al203“  and  03263 
has  corresponding  cubic  and  hexagonal 
phases.  It  is  expected,  therefore,  that 
the  Oa  in  the  layers  simply  forms  a 
solid  solution  of  Oa263/Al263.  This  is 
supported  by  energy-dispersive  x-ray 
spectroscopy  (EDXS)  that  shows  the 
Oa  retained  in  the  layer  (see  below)  and 
the  lack  of  any  additional  Oa-related 
phases  in  the  diffraction  pattern  or 
images. 

While  the  diffraction  patterns  show 


Figure  4:  Dark-field  image  of  the  oxide  terminus. 
Between  the  polycrystalline  Y-AI2O3  and  the  unoxidized 
AlxGai.xAs,  there  is  an  ~17nm  thick  amorphous  zone. 


that  the  gamma  phase  is  the  only  oxide  present  with  long-range  order,  dark-field  images  suggest 
an  amorphous  matrix  surrounding  the 


crystalline  phase.  Figure  3  shows  a 
dark-field  image  obtained  using  a 
portion  of  the  (311)  ring  of  the  Y-AI263. 
The  image  shows  the  fine  grain  nature 
of  the  oxide  with  an  average  diameter 
of  ~4nm.  The  orientation  of  the  grains 
appears  random,  indicating 
precipitation  from  a  random  precursor 
rather  directly  from  the  AlGaAs  lattice. 
In  addition  to  the  crystalline  7-AI263 
grains,  a  fine  speckle  can  be  seen 
between  the  grains,  which  is  typical  of 
dark-field  images  of  amorphous 
material.  This  amorphous  phase  could 
be  an  uncrystallized  hydroxide, 
A1(6H)3,  or  the  amorphous  p-alumina 
phase  which  forms  in  the  vacuum 
dehydration  of  A1(6H)3.  It  is  likely 
that  this  amorphous  phase  forms  as  a 
precursor  to  the  Y-AI263. 

The  suggestion  that  an  amorphous 
oxide  phase  acts  as  a  precursor  to  the 
gamma  phase  is  also  supported  by  the 


Figure  5:  [1 1 0]  Lattice  image  of  the  of  the  oxide 
terminus.  The  smooth  transition  from  single  crystal 
AlxGai-xAs  to  amorphous  oxide  is  seen.  The  transition 
from  amorphous  to  polycrystalline  oxide  is  seen  on  the 
left. 
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existence  of  an  amorphous  interface 
region  at  the  oxide  terminus.  Figure  4 
shows  a  dark-field  image  of  the  oxide 
terminus  of  an  8%-Ga  AlAs  layer.  The 
polycrystalline  Y-AI2O3  can  be  seen  in 
addition  to  the  amorphous  matrix. 

Also,  at  the  interface  with  the 
unoxidized  crystal,  a  17nm-thick 
amorphous  band  can  be  seen.  B right- 
fields  images  also  show  granular 
amorphous  contrast  in  this  zone  (see 
Figure  5).  The  tapering  of  this 
amorphous  layer  near  the  GaAs 
interfaces  is  a  result  of  the  intentional 
grading  of  the  group  III  content  at  the 
AlxGai-xAs  /GaAs  interfaces  in  the 
DBRs,  which  lowers  the  series 
resistance  of  the  mirror  stacks.  Since 
oxidation  rate  is  strongly  dependent  on 
the  A1  content,  the  grading  of  the 
interfaces  causes  the  oxidation  rate  to 
be  reduced  near  the  interfaces. 

The  lattice  image  in  Figure  5  shows 
a  smooth  transition  from  the 
unoxidized  crystal  to  the  oxidized 
amorphous  zone.  The  exact  position  of  the  interface  cannot  be  determined  because  the 
oxidation  front  is  not  exactly  aligned  with  the  crystal  axes.  However,  it  can  be  seen  that  the 
interface  is  smoothly  varying  without  any  sharp  spikes  into  the  crystal.  In  lower  magnification 
strain  contrast  images  (Figure  6),  strain  can  be  seen  around  the  oxide  fronts.  However,  the 
strain  is  confined  to  approximately  one  DBR  period  within  the  mirrors,  and  no  extended  defects 
have  been  seen  emanating  from  the  oxide  front. 

To  form  a  fully  dense  y-AhO.^  layer  from  AlAs  would  require  a  20%  linear  contraction  of 
the  layer'^.  However,  internal  strains  and  a  possible  amorphous  matrix  would  reduce  this 
requirement.  We  have  directly  measured  this  contraction  by  comparing  oxidized  and 
unoxidized  portions  of  a  DBR  mirror^  By  measuring  the  change  in  position  of  the  18th  mirror 
pair,  the  linear  contraction  is  determined  as  6.3%  for  the  8%-Ga  AI2O3.  The  contraction  occurs 
over  an  approximately  2pm-wide  transition  region  behind  the  oxidation  front.  Thus,  the  region 
nearest  the  oxidation  front  is  under  a  higher  tensile  strain  than  the  rest  of  the  DBR.  While  some 
relaxation  is  expected  to  occur  during  TEM  sample  preparation,  the  contraction  of  the  oxidized 
layers  is  seen  prior  to  sample  preparation  on  the  surface  of  the  VCSEL  devices  using 
differential-interference  contrast  optical  microscopy.  The  amount  of  contraction  in  the  single, 
2%-Ga  AI2O3  layer  was  not  measured  due  to  the  difficulty  in  assigning  the  exact  position  of  the 
Al0.98Ga0.02As/GaAs  interfaces,  which  were  intentionally  graded  to  lower  the  resistivity  of  the 
DBR  mirrors.  Also,  the  amount  of  contraction  is  expected  to  be  less  due  to  the  rigidity  of  the 
surrounding,  unoxidized  material. 

As  stated  earlier,  the  Al-Ga-0  system  is  known  to  form  solid  solutions  of  AI2O3  /Ga203. 
Hence,  it  is  expected  that  the  Ga  will  remain  in  the  in  the  oxidized  layer  (AlxGai-x)203.  The 


Figure  6:  Bright-field  strain  contrast  image  of  the 
oxidized  portion  of  the  DBR  mirror  stack.  Some  strain 
associated  with  the  oxidation  front  is  seen,  but  it  does 
not  propagate  into  the  rest  of  the  mirror.  Also,  no 
extended  defects  are  seen  emanating  from  the  oxidation 
front. 
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Figure  7:  Portion  of  EDXS  scan  from  the  region  around  the  oxide  terminus.  The  Ga  signal 
remains  constant  (as  does  the  Al  signal,  not  shown)  while  the  As  signal  smoothly  decreases  to 
almost  zero  in  the  oxide. 

disposition  of  the  As  is  not  as  clear.  It  has  been  reported  that  ASH3  is  detected  in  the  waste 
stream  during  bulk  oxidation  of  AlAs*^  but  during  lateral  oxidation,  it  is  not  clear  that  the  As 
can  escape.  Using  EDXS,  we  have  measured  the  constituents  in  the  region  of  the  oxide 
terminus.  The  Al  and  Ga  signal  remained  constant;  however,  the  As  signal  was  reduced  to  less 
than  2%  in  the  oxidized  portion  of  the  layer  as  seen  in  Figure  7.  In  the  transition  from  oxidized 
to  unoxidized,  we  see  a  smooth  decrease  in  the  As  signal,  indicating  the  As  is  not  enriched  at 
the  oxidation  front.  However,  the  probe  size  used  (~10nm)  is  not  small  enough  to  resolve  any 
fine  structure  at  the  reaction  front. 

We  had  recently  reported  that  there  were  amorphous  inclusions  associated  with  the  rapid 
oxidation  of  the  2%-Ga  AlAs  layers®.  We  have  determined  that  these  inclusions  are,  in  fact, 
electron-beam-induced  artifacts.  They  probably  represent  local,  e-beam-induced  crystallization 
of  the  amorphous  matrix,  causing  a  local  contraction  of  the  layer.  This  local  contraction  then 
leaves  behind  the  low  density  pockets  observed.  This  is  consistent  with  the  amorphous  matrix 
being  a  lower  density  hydroxide  phase. 

CONCLUSIONS 

While  oxide  confined  VCSELs  have  recently  demonstrated  record  device  performances^’"^’^, 
the  microstructure  of  the  oxide  layer  defining  the  aperture  has  not  been  fully  studied.  We  have 
performed  TEM  studies  of  the  microstructure  of  the  oxidized  layers  in  VCSEL  device 
structures  and  have  begun  to  obtain  a  more  complete  understanding. 

The  crystalline  phase  observed  in  the  oxidized  layers  is  y-ALOs,  which  is  stable  against 
further  oxidation.  In  addition  to  the  crystalline  Y-AI2O3,  an  amorphous  matrix  is  present  in  the 
layers.  This  matrix  is  presumably  a  hydroxide  or  the  amorphous  rho-phase  of  alumina,  and 
probably  acts  as  a  precursor  to  the  Y-AI2O3  crystallites.  This  is  supported  by  images  of  the 
oxide  terminus,  which  show  a  purely  amorphous  zone  between  the  oxidized  and  unoxidized 
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portion  of  the  layers.  This  zone  may  act  to  passivate  dangling  bonds  at  the  interface  and  help 
aecount  for  the  high  efficiencies  of  these  devices. 

The  Alo  92Gao.o8As  layers  contracted  linearly  by  6.3%  after  oxidation,  but  no  extended 
defects  were  observed  eminating  from  the  oxidation  front.  This  contraetion  of  the  oxide  may 
have  the  biggest  impact  in  high  index-contrast  DBR  mirror  applactions  utilizing 
GaAs/oxidized-AlAs  layer  pairs.  Since  the  reflectivity  band  of  these  mirrors  depends  strongly 
on  the  layer  thickness,  a  contraction  of  the  oxidized  layers  would  affect  these  mirrors.  The 
oxide  contraction  does  not  seem  to  be  a  large  problem  in  the  present  VCSEL  application  since 
the  oxidized  portion  of  the  device  is  not  dimensionally  critical  to  its  performance  and  the  strain 
associated  with  the  contraction  does  not  generate  defects  in  the  device.  This  may  not  be  the 
case  when  using  pure  AlAs  rather  than  2%Ga-AlAs  as  the  current  confining  layer,  since  these 
devices  are  exceptionally  vulnerable  to  mechanical  failure^"*. 
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ABSTRACT 

The  surface  structure  of  Si(Ul)  post-annealed  at  980  °C  after  nitrogen  ion  induced  nitridation 
has  been  investigated  by  using  a  scanning  tunneling  microscope  (STM)  and  low  energy  electron 
diffraction  (LEED).  The  LEED  and  STM  results  indicated  the  formation  of  ordered  domain  of 
quadruplet  structure  in  the  silicon  nitride  layer.  The  LEED  pattern  taken  from  the  nitrated 
Si(lll)  surface  showed  a  coexistence  of  7x7  domain  with  quadruplet  one.  In  the  STM  image 
taken  from  the  same  surface,  a  three  directional  periodicity  with  a  periodic  arrangement  of  white 
protrusions  was  observed  in  the  local  area  of  silicon  nitride  island  and  its  symmetry  directions 
were  rotated  about  10°  with  respect  to  those  of  Si(lll)  surface.  In  addition  to  the  quadruplet 
structure  of  the  silicon  nitride  island,  meta- stable  structures  such  as  9x9,  c(4x2),  and  2x2  as  well 
as  7x7  phase  boundaries  were  observed  to  have  been  formed  on  the  Si(lll)  surface  during  the 
rapid  cooling  of  nitrated  surface  from  the  post- annealing  temperature  of  980  °C.  The  investigation 
of  the  surface  structure  of  nitrated  Si(lll)  showed  that  the  surface  nitrated  at  high  temperature 
had  better  epitaxial  silicon  nitride  layer  than  that  post- annealed  after  nitridation  at  room 
temperature. 

INTRODUCTION 

The  continuing  requirement  of  the  miniaturization  of  silicon  devices  has  motivated  the 
research  on  the  atomic-scale  investigation  of  the  surface  reactions,  which  are  closely  related  to 
the  thin  film  growth  on  silicon  surface.  In  particular,  there  have  been  extensive  efforts  to  make 
ordered  silicon  nitride  layers  since  the  silicon  nitride  is  a  versatile  material  which  is  used  for 
microelectronic  device  as  well  as  for  high  temperature  structural  ceramics  applications.  Among 
the  extensive  works  done  on  the  nitridation  of  silicon  surfaces  using  various  source  materials 
[1-14],  it  was  recently  reported  that  the  nitrogen  ion  beams  with  hyperthermal  energy,  N*  and 
N2^  have  a  high  reactivity  with  Si  surfaces  and  the  nitride  layer  thus  formed  has  stoichiometry 
and  local  bonding  configuration  close  to  those  of  Si3N4  [141. 

The  high  potential  of  nitrogen  ions  as  a  source  material  for  the  growth  of  high  quality  silicon 
nitride  layer  stimulated  the  atomic-scale  investigation  of  the  low  energy  nitrogen  ion  induced 
nitridation  of  Si(lll)  surface  in  this  study.  STM  and  LEED  results  indicated  the  formation  of 
quadruplet  structure  in  the  silicon  nitride  layer.  Meta-stable  structures  such  as  9x9,  c(4x2),  and 
2x2  as  well  as  7x7  phase  boundaries  were  also  observed  to  have  been  formed  on  the  Si(lll) 
surface  during  the  rapid  cooling  of  nitrated  surface  after  post-annealing  at  980  °C.  The 
dependence  of  the  surface  morphology  on  the  nitridation  temperature  showed  that  the  surface 
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nitrated  at  high  temperature  turned  out  to  have  higher  quality  epitaxial  silicon  nitride  layer  than 
that  post-annealed  after  nitridation  at  room  temperature.  Based  on  these  experimental  results,  we 
will  discuss  the  initial  growth  mechanism  of  silicon  nitride  layer. 

EXPERIMENTAL 

The  experiments  were  performed  in  a  ultrahigh  vacuum  chamber  equipped  with  a  STM,  a 
LEED/Auger  electron  spectroscopy,  a  quadrupole  mass  spectrometer,  a  gas  inlet  system,  an  ion 
sputtering  gun,  and  a  sample  manipulator  -with  a  resistive  heating  stage.  The  base  pressure  was 
below  3.0  X  10'^°  torr.  A  clean  and  well  ordered  Si(lll)-7x7  surface  was  obtained  by  repeated 
cycles  of  resistive  heating  up  to  1230  °C  followed  by  slow  cooling  to  room  temperature. 
Nitrogen  ions  were  generated  by  a  cold  cathode  ion  sputtering  gun  after  back-filling  the  chamber 
with  N2  gas  at  a  partial  pressure  between  5x10'^  and  1x10’^  torr.  Nitrogen  ions  with  an  energy 
of  100  eV  were  used  and  almost  no  physical  sputtering  was  expected  with  this  energy.  The 
angle  between  the  surface  normal  and  the  ion  gun  was  about  30°.  During  the  exposure  of 
nitrogen  ions,  the  ion  current  at  the  sample  surface  was  monitored  to  estimate  the  dose  even 
though  there  always  existed  a  nonuniform  spatial  distribution  of  ions  on  the  surface.  After 
nitridation  both  at  room  temperature  and  at  950  °C,  the  samples  were  post-annealed  at  980  °C. 
The  sample  temperatures  were  measured  with  an  optical  pyrometer.  All  the  STM  measurements 
were  done  at  room  temperature  in  a  constant  current  mode. 

RESULTS  and  DISCUSSION 

Figure  1(a)  shows  the  DEED  pattern  taken  from  the  Si(lll)  surface  post-annealed  at  980  °C 
after  nitridation  by  100  eV  nitrogen  ions  at  room  temperature.  It  clearly  shows  the  coexistence  of 
7x7  with  the  quadruplet  patterns.  The  quadruplet  pattern  had  been  observed  in  the  previous 
works  using  various  source  materials  and  interpreted  as  resulting  from  domains  having  a 
triangular  lattice  whose  lattice  vectors  are  about  25  %  shorter  than  those  of  Si(lll)  [9,  14]. 
Those  domains  are  rotated  +5°  or  ±10°  with  respect  to  the  silicon  surface  [9].  As  shown  in  Fig. 

1(a),  the  diffraction  peaks  from  the  ordered  domains  rotated  ±10°  with  respect  to  the  symmetry 

direction  of  the  silicon  substrate  were  more  intense  than  those  from  domains  rotated  ±5°.  The 
origin  of  the  quadruplet  structure  had  been  related  to  the  carbon  contamination  on  the  nitrated 
surface  even  though  the  role  of  carbon  in  fomndng  such  structure  had  not  been  understood  [9, 
151.  In  contrast  to  the  previous  arguments  on  the  strong  relationship  between  the  quadruplet 
structure  and  the  carbon  contamination,  a  recent  work  on  the  ion  beam  induced  nitridation  of 
Si(lll)  surface  suggested  that  the  quadruplet  structure  they  observed  should  not  be  related  to 
the  chemical  composition  but  to  the  intrinsic  characteristics  of  the  ion  reaction  on  the  surface 
[14].  Unfortunately,  we  can  not  make  any  clear  suggestion  on  the  chemical  nature  of  the 

quadruplet  structure  since  it  was  not  possible  to  get  an  information  on  the  chemical  composition 
of  the  sample  by  STM  in  this  work.  Fig.  Kb)  is  the  STM  image  taken  from  the  same  surface 
under  the  tunneling  conditions  of  It  =  0.5  nA  and  Vsampie  =  -3.0  eV.  It  showed  two  different 
regions  ;  the  area  with  7x7  periodicity  and  the  island  surrounded  by  protruding  wall.  It  was  very 
hard  to  obtain  a  stable  STM  image  of  the  island  due  to  unstable  tunneling  current  under 

imaging  conditions  for  clean  Si(lll)  surface,  implying  the  poorer  conductivity  of  the  island  than 
that  of  the  clean  Si(lll)-7x7  surface.  The  density  of  the  island  increased  with  increase  in  the 
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nitrogen  ion  exposure  indicating  that  the  islands  consist  of  silicon  nitride  layer.  Inside  the  silicon 

nitride  island,  some  periodic  arrangements  of  white  protrusions  are  observed  along  three 

symmetry  axes.  The  symmetry  axes  are  rotated  about  10°  with  respect  to  the  major  symmetry 

directions  of  the  7x7  unit.  The  distance  between  white  protrusions  on  the  symmetry  axis  was 

estimated  to  be  about  lO-ll  A,  which  is  very  close  to  the  value  obtained  in  the  previous  STM 
work  on  the  8x8  structure  of  silicon  nitride  [7].  These  LEED  and  STM  results  suggest  that  the 
silicon  nitride  islands  formed  by  low  energy  nitrogen  ions  have  ordered  domain  of  quadruplet 
structure  even  though  the  domain  size  seems  to  be  fairly  small  judging  from  the  diffuse 
quadruplet  LEED  pattern  and  the  relatively  poor  STM  image  of  the  silicon  nitride  island.  The 
surrounding  protruding  wall  is  considered  to  be  unreacted  Si  atoms,  which  is  evidenced  by  the 
existence  of  the  Si  adatoms  forming  the  reconstruction  structure  of  Si(lll)  surface  as  indicated 
as  A  in  Fig.  2. 


(b) 

Figure  1.  LEED  pattern  and  STM  image  taken  from  the  Si(lll)  surface  post-annealed  at  980  °C 
after  nitridation  by  100  eV  nitrogen  ions  at  room  temperature,  (a)  LEED  pattern  (b)  STM  image 
under  scan  area  =  280  x  230  A^,  It  =  0.5  nA,  Vsampie  =  -3.0  eV. 

In  addition  to  the  quadruplet  structure  of  silicon  nitride  islands,  several  kinds  of  interesting 
atomic  structures  were  observed  on  the  Si(lll)  surface  between  the  adjacent  silicon  nitride 
islands.  Fig.  2  is  the  STM  image  taken  from  the  Si(lll)  surface  post-annealed  at  980  °C  after 
nitridation  at  room  temperature.  As  mentioned  in  the  last  paragraph,  the  Si  adatoms  forming  the 
ordered  arrangement  on  the  protruding  wall  is  shown  in  the  figure.  On  the  Si(lll)  surface 
between  the  neighboring  silicon  nitride  islands,  small  areas  of  9x9,  2x2,  and  c(4x2)  reconstruction 
structures,  which  are  indicated  as  B,  C,  and  D,  respectively,  are  observed.  Those  meta-stable 
structures  were  previously  observed  on  the  Si(lll)  surface  after  laser  quenching  and  the  thermal 
annealing  at  the  temperature  lower  than  that  to  give  perfectly  ordered  7x7  structure  [16,  17]. 
Observation  of  those  structures  were  explained  in  terms  of  the  lower  thermal  barrier  for  forming 
intermediate  2x2  structure  than  that  for  7x7  structure  and  the  extension  of  the  Takayanagi's 
DAS  model  to  have  5x5  ,  7x7,  and  9x9  by  shrinking  or  expanding  the  unit  cell  along  the  two 


299 


primitive  translation  directions  [161.  Those  meta-stable  structures  observed  in  this  work  seem  to 
have  been  formed  during  the  fast  cooling  of  the  high  temperature  Si(lll)-lxl  phase  and 
stabilized  by  the  strain  due  to  nearby  lattice- mis  matched  silicon  nitride  islands.  In  addition  to 
these  meta-stable  structures,  there  appeared  a  7x7  phase  boundary  between  the  adjacent  silicon 
nitride  islands  in  Fig.  2(b).  In  the  previous  work  by  Hadley  et  al.  [18],  the  phase  boundary 
was  considered  to  increase  the  areal  density  of  dangling  bond  in  the  interface  over  that  of  the 
7x7  reconstructed  surface.  The  resultant  increase  in  the  surface  energy  was  expected  to  make 
the  phase  boundary  unfavorable  be  formed  unless  it  is  either  ;  (a)  stabilized  by  contamination, 
(b)  initiated  on  cooling  by  some  defect  structure  and  propagated  as  the  7x7  reconstruction  grows, 
or  (3)  formed  on  the  area  between  two  independently  growing  7x7  regions.  The  phase  boundaries 
observed  on  the  Si(lll)-7x7  surface  in  between  the  silicon  nitride  islands  are  considered  to  be 
formed  during  the  cooling  process  of  the  sample  after  formation  of  lattice-mismatched  silicon 
nitride  islands  at  980  °C  ;  the  Si  atoms  are  still  very  mobile  and  the  ordering  process  during 
surface  cooling  can  be  disturbed  by  the  existence  of  immobile  nitride  islands  resulting  in  the 
formation  of  7x7  phase  boundary. 


(a)  (b) 


Figure  2.  STM  images  taken  from  the  Si(lll)  surface  post-annealed  at  980  °C  after  nitridation 
at  room  temperature,  (a)  The  Si  adatoms  consisting  of  the  protruding  wall  of  the  silicon  nitride 
island,  9x9,  2x2,  and  c(4x2)  reconstruction  structures  are  indicated  as  (A),  (B),  (C),  (D),  and  (E), 
respectively,  (b)  Si(lll)-7x7  phase  boundary  is  indicated  as  an  arrow. 

Figure  3  shows  the  change  of  the  surface  morphology  with  nitridation  temperature.  Fig.  3(a) 
and  (b)  are  the  STM  images  taken  from  the  Si(lll)  surface  post-annealed  at  980  °C  after 
nitridation  by  100  eV  nitrogen  ions  at  room  temperature  and  at  950  °C,  respectively.  As  clearly 
distinguished  in  two  images,  the  sizes  of  the  flat  silicon  nitride  islands  were  increased  in  Fig. 
3(b)  compared  to  those  in  Fig.  3(a).  When  the  sample  was  exposed  to  nitrogen  ions  at  room 
temperature,  it  was  observed  that  the  amorphous  silicon  nitride  clusters  were  formed.  With 
post-annealing  at  high  temperature,  the  silicon  nitride  nucleus  would  be  formed  and  grow  into 
larger  islands  on  prolonged  annealing.  Since  the  thermal  diffusivity  of  N  is  quite  low  and  the 
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silicon  atoms  are  strongly  bonded  to  nitrogen  atoms,  the  size  of  thus  formed  silicon  nitride  island 
would  be  restricted  to  be  small  unless  sufficient  annealing  is  performed.  The  thermal  diffusion 
constant  of  nitrogen  in  SiaN^  was  estimated  to  be  less  than  10'^  cmVs  even  at  900  °C  [19]  and 
that  in  Si  to  be  6x10  cmVs  at  750  °C  [20],  Therefore,  the  increase  of  the  mobilities  of  Si  and 
N  due  to  elevation  of  surface  temperature  could  enlarge  the  epitaxial  silicon  nitride  islands.  These 
results  suggest  that  the  surface  nitrated  at  high  temperature  have  better  silicon  nitride  layer  than 
that  post- annealed  after  nitridation  at  room  temperature. 


(a)  (b) 


Figure  3.  STM  images  taken  from  the  Si(lll)  surface  post-annealed  at  980  °C  after  nitridation 
by  100  eV  nitrogen  ions  (a)  at  room  temperature  and  (b)  at  950  '’C,  respectively.  Scan  area  = 
1120  X  1200  A^,  It  =  0.5  nA,  Vsa^pie  =  3.0  eV. 


Based  on  these  experimental  results,  we  suggest  an  initial  growth  mechanism  of  silicon  nitride 
islands  on  Si(lll)-7x7  surface  when  low  energy  nitrogen  ions  were  used  as  a  source  material. 
The  rough  surface  morphology  observed  in  the  STM  image  taken  from  the  Si(lll)  exposed  to 
nitrogen  ions  at  room  temperature  is  considered  to  be  resulted  from  the  clustering  of  silicon 
nitride  whose  stoichiometry  does  not  satisfy  the  bulk  Si3N4  due  to  low  thermal  diffusivity  of  Si 
and  N  at  room  temperature.  If  the  surface  is  post-annealed  at  high  temperature  after  exposure  to 
nitrogen  ions,  the  nitrogen  atoms  would  be  released  from  over-  or  under-coordinated  Si,  and 
then  diffuse  to  find  proper  sites  and  form  properly  coordinated  Si3N4.  During  this  process,  the 
excess  Si  atoms  will  remain  as  protruding  walls  which  surround  the  silicon  nitride  islands  as 
observed  in  the  STM  image.  Here,  the  size  and  ordering  of  the  silicon  nitride  islands  would 
strongly  depend  on  the  annealing  temperature  and  time  since  the  thermal  diffusivity  of  the 
reacting  species  would  influence  the  epitaxial  growth.  During  the  cooling  period  of  the  surface 
from  post-annealing  temperature  of  980  °C  down  to  room  temperature,  the  silicon  nitride  islands 
are  quite  immobile  whereas  Si  atoms  are  quite  mobile  resulting  in  the  formation  of  7x7  phase 
boundaries  and  meta-stable  surface  structures  as  shown  in  Fig.  2.  The  immobile  silicon  nitride 
islands  would  also  act  as  step  pinning  sites  so  that  many  of  them  would  reside  on  the  Si  step 
edges. 


301 


CONCLUSIONS 


The  surface  structure  of  Si(lll)  post-annealed  at  980  °C  after  nitrogen  ion  induced  nitridation 
has  been  investigated  by  using  a  STM  and  LEED.  The  LEED  and  STM  results  indicated  the 
formation  of  ordered  domain  of  quadruplet  structure  in  thus  formed  silicon  nitride  layer. 
Meta-stable  surface  structures  such  as  9x9,  c(4x2),  and  2x2  as  well  as  7x7  phase  boundaries 
were  observed  to  have  been  formed  on  the  Si(lll)  surface  during  the  rapid  cooling  of  nitrated 
surface  after  post-annealing  at  980  °C.  The  dependence  of  the  surface  morphology  on  the 
nitridation  temperature  showed  that  the  surface  nitrated  at  high  temperature  turned  out  to  have 
higher  quality  epitaxial  silicon  nitride  layer  than  that  post-annealed  after  nitridation  at  room 
temperature.  With  these  LEED  and  STM  results,  we  suggested  an  initial  growth  mechanism  of 
silicon  nitride  layer  on  Si(lll)  surface  using  low  energy  nitrogen  ions. 
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ABSTRACT 

A  transmission  electron  microscope  technique  is  used  to  image  atomic  steps  at 
buried  interfaces  between  silicon  and  silicon  dioxide.  We  have  studied  the  effect  of 
processing  conditions  on  the  interfacial  structure  of  Si/SiOj  with  this  technique.  We 
observed  a  dramatic  effect  of  post-oxidation  annealing  on  silicon  (100).  Roughening  of 
Si(l  1 1)  interfaces  due  to  chemical  preparation  is  also  reported. 

INTRODUCTION 

The  structure  of  Si/Si02  interfaces  is  considered  an  important  parameter  for 
electrical  properties  of  Ultra-Large-Scale-Integrated  Metal-Oxide-Semiconductor  (ULSI 
MOS).  The  imaging  technique  of  transmission  electron  microscopy  (TEM)  has  the 
capability  of  directly  imaging  buried  interfaces  in  this  system  without  removal  of  silicon 
dioxide.  By  developing  image  processing  techniques  and  theoretical  calculation,  we  are 
able  to  trace  down  individual  atomic  steps  and  determine  the  root-mean-square  roughness 
and  the  step  spacing  without  any  pre-assumption.  We  studied  the  effect  of  post-oxidation 
annealing  on  the  interfacial  structure  of  Si/Si02.  Our  result  shows  that  post-oxidation 

annealing  at  900  can  smoothen  the  interfaces  between  silicon  and  silicon  dioxide  for 
silicon  (100).  However,  there  is  no  obvious  difference  for  silicon(Ul),  with  or  without 
post-oxidation  annealing.  We  also  observed  that  chemical  processing  of  silicon  wafers  can 
also  change  the  interfacial  structure. 

EXPERIMENT 

A  silicon  disc  of  diameter  3mm  is  first  cut  from  a  wafer  and  then  chemically  etched 
from  both  sides,  to  produce  a  hole  with  surrounding  electron  transparent  thin  areas  near 
the  center  of  the  disc.  A  high-temperature  sacrificial  oxidation  (typic^ly  at  1100°C  with  1 
atm  O2)  is  first  performed  to  get  microscopic  flat  interfaces.  Then  the  sacrificial  oxide  is 
removed  by  chemical  etching  in  HF  solution  and  a  thin  oxide  is  grown  at  900  °C  for  30 
minutes.  In  some  cases  a  post-oxidation  anneal  is  performed,  by  changing  from  O2  to  N2  at 
the  same  temperature,  for  15  minutes.  Samples  were  examined  with  a  CM- 12  transmission 
electron  microscope  at  120kV.  Dark  field  images  were  recorded  by  a  cooled  CCD  camera 
and  then  analyzed  by  Gatan  Digital  Micrograph  ™  and  NIH  Image™  software. 

One  pronounced  advantage  of  TEM  study  is  that  buried  Si/Si02  interfaces  can  be 
imaged  with  dark-field  imaging  techniques,  without  removal  of  the  silicon  dioxide  layers, 
thanks  to  the  amorphous  structure  of  Si02.  Dark-field  images  are  obtained  when  only  a 
diffracted  beam  is  chosen  by  an  objective  aperture  to  form  the  image.  The  image  intensity 
I(t)  as  a  function  of  the  local  specimen  thickness  t(x,y)  can  well  described,  using  the  two- 
beam  dynamical  column  approximation  ',  as 
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Here  _  I  2_^  1  s  is  the  deviation  parameter  that  measures  the  distance  between  the 

Ewald  sphere  and  the  Bragg  condition  in  reciprocal  space  when  the  image  is  taken,  and 
is  the  extinction  distance.  It  can  be  proved  that  even  for  a  large  deviation  parameter  (s  > 
O.lnm'*)  and  thickness  variations  at  a  scale  smaller  than  a  unit  cell,  equation  (1)  still  holds 
with  a  little  modification^  From  equation  (1),  we  can  see  that  the  same  thickness  change 
will  introduce  a  larger  relative  intensity  change  with  a  larger  deviation  parameter.  Tlie 
intensity  is  therefore  more  sensitive  to  interface  or  surface  configurations  with  increased 
deviation  parameter.  The  penalty  paid  here  is  a  decrease  in  the  intensity  as  shown  in  figure 
1 .  Practically,  it  is  possible  to  image  atomic  steps  if  an  appropriate  deviation  parameter  is 
chosen  and  the  background  noise  is  reduced  by  controlling  the  size  of  the  objective 
aperture 


Thickness  (nm) 


Figure  1.  A  theoretical  calculation  of  intensity  as  a  function  of  the  local  specimen 
thickness  with  different  deviation  parameter  s  is  shown  here.  The  dashed  line  has  a 
deviation  parameter  of  0.2nm  '.  The  solid  line  has  a  deviation  parameter  of  0.6  nm‘'.  The 
graph  shows  that  although  the  intensity  is  deaeased  with  the  increase  of  the  deviation 
parameter  s,  the  sensitivity  to  thickness  changes  is  increased  as  shown  in  the  solid  line. 

More  thickness  fringes  show  up  for  a  larger  deviation  parameter. 

Equation  (1)  shows  that  although  the  intensity  is  sensitive  to  step  positions,  it  is  not 
directly  related  to  the  step  distribution  on  the  interfaces.  Step  distributions  have  to  be 
retrieved  from  the  original  transmission  eleetron  microscope  images.  First  we  filter  the 
images  in  Fourier  space  to  remove  the  noise.  We  combine  high-frequency  filtering  and 
amplitude  filtering'^.  Values  with  a  frequency  higher  that  a  certain  value  and  an  amplitude 
smaller  than  a  certain  threshold  are  removed  in  the  Fourier  transformed  image  in  reciprocal 
space.  Then  the  image  is  transformed  back  to  real  space  to  obtain  the  new  filtered  image. 
From  this  filtered  image,  we  traee  each  fringe  manually  with  NIH  Image™.  The  maximum 
number  of  steps  that  eaeh  fringe  corresponds  to  and  the  step  height  can  be  found  from  &e 
deviation  parameter.  Images  with  different  deviation  parameters  are  compared  to  determine 
if  the  steps  are  up-going  or  down-going.  With  all  this  information  available,  a  step 
distribution  and  a  height  map  of  the  interfaces  can  be  retrieved.  Figure  2  gives  an  example 
of  a  step  profile  obtained  from  an  original  TEM  image.  From  the  step  distribution,  the 
roughness  frequency  spectrum  can  be  found  and  detailed  analysis,  such  as  calculating  the 
auto-correlation  function  of  step  positions  can  be  performed.  From  equation  (1),  the  root- 
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mean-square  roughness  can  also  be  estimated  from  the  deviation  parameter  of  a  dark-field 
image  in  which  thickness  fringes  start  to  disappear  due  to  roughness 


Figure  2.  A  step  distribution  map  retrieved  from  a  TEM  image  of  an  annealed 
silicon(lOO)  sample  with  our  method.  The  average  height  is  about  15  A 


RESULTS 

Effects  of  post-oxidation  annealing  were  studied  for  both  silicon(lOO)  and 
silicon(lll).  For  silicon  (100),  a  dramatic  smoothening  by  post-oxidation  annealing  was 
observed.  The  results  are  shown  in  figure  3,  The  left  images  are  from  an  unannealed 
sample.  It  is  shown  that  the  unannealed  sample  has  macroscopically  rougher  interfaces 
than  the  annealed  one  in  image  a)  and  b),  with  a  small  deviation  parameter  (s)  of  0.2  nm’'. 
There  are  many  hillocks  and  dents  for  the  unannealed  sample,  as  shown  in  image  a)  but 
they  are  mostly  removed  after  annealing  as  shown  in  image  b).  When  the  deviation 
parameter  s  is  increased  to  0.5  nm  ’,  no  thickness  fringes  can  be  detected  for  the 
unannealed  sample  because  of  roughness,  as  shown  in  image  c).  However,  there  are  stiU 
fringes  for  the  annealed  sample,  as  shown  in  image  d). 

The  effect  of  post-annealing  on  silicon  (1 1 1)  is  not  so  obvious,  although  interfaces 
of  silicon  (1 1  U/SiOj  were  observed  to  be  much  flatter  than  those  of  silicon(100)/SiO2.  The 
results  are  shown  in  figure  4. 

HF  acid  etching  is  an  important  step  in  producing  silicon  surfaces.  It  is  used  to 
remove  the  native  silicon  oxide.  Different  chemicd  solutions  have  been  tested  in  an  effort  to 
generate  an  ideal  silicon  surface  We  tried  a  different  chemical  processing  approach  with 
silicon  (111)  in  our  experiments.  After  sacrificial  oxidation,  sacrificial  oxide  layers  were 
removed  by  HF  acid  etching,  but  in  some  cases,  samples  were  further  processed  by  a 
basic  solution  of  NH4F:NH40H  =  1:0.2.  Then  both  groups  of  samples  were  oxidized  to 
grow  a  layer  of  silicon  dioxide  of  thickness  5nm.  The  Si(lll)/Si02  interfaces  from  the 
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samples  treated  with  by  this  basic  solution  before  oxidation  were  much  rougher  than  those 
from  the  samples  which  were  only  etched  by  HF  acid.  The  results  are  shown  in  figure  5. 
Image  b)  is  from  the  interfaces  of  a  sample  that  was  further  processed  by  a  basic  solution  of 
NH4F:NH40H=:  1:0.2  after  HF  acid  etching.  Image  a)  shows  the  interfaces  from  a  sample 
that  was  only  etched  by  HF  and  then  oxidized.  The  interfaces  in  image  b)  are  so  rough  that 
some  speckle  patterns  show  up,  which  is  a  well-known  phenomenon  for  scattering  from 
very  rough  surfaces’. 


Unannealed  Si(lOO)  Annealed 


Figure  3  The  effects  of  post-oxidation  annealing  on  the  interfacial  structure  of 
Si(100)/SiO2  a)  unannealed,  s  =  0.2  nm'^  b)  annealed,  s=0.2  nm‘'.  c)  unannealed,  s  =  0.5 
nm' d)  annealed,  s  =  0.5  nm  ' 


A  limitation  of  our  method  is  that  there  are  two  interfaces  actually  observed  by  the 
transmission  electron  microscope.  Hence,  it  is  hard  to  determine  if  steps  are  from  the  top 
interface  or  the  bottom  one.  However,  on  the  reasonable  assumption  that  the  interfaces  are 
independent,  the  detailed  statistical  properties  of  steps  can  be  easily  retrieved  and  our 
conclusions  are  not  affected. 

One  of  our  future  plans  is  to  develop  a  kinetic  model  of  silicon  oxidation  to  further 
understand  our  data.  This  model  will  be  compared  with  experiments  under  different 
controlled  conditions  such  as  oxidation  and  annexing  temperature,  time,  etc.  The  oxidation 
process  is  believed  to  be  an  intrinsically  roughening  process.  However,  there  is  a 
thermodynamic  smoothening  process  to  compete  with  this  roughening  process®.  By 
modeling  these  two  processes  and  the  balance  between  them  more  quantitatively,  we  hope 
that  we  can  further  understand  this  problem. 

CONCLUSIONS 

An  image  technique  of  transmission  electron  microscopy  is  developed  to  study 
buried  interfaces  of  Si/SiOj.  We  found  that  Si(100)/SiO2  interfaces  are  very  rough  but  this 
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roughness  can  be  dramatically  removed  by  a  post-oxidation  annealing  at  900  °C.  Silicon 
(111)  interfaces  are  not  dramatically  influenced  by  this  lower  temperature  post-oxidation 
annealing,  yet  they  are  quite  flat.  We  also  observed  that  starting  surfaces  processed  further 
by  a  basic  solution  of  NH^FrNH^OH  after  HF  acid  etching  can  result  in  much  rougher 
interfaces  after  oxidation. 

Unannealed  Si(lll)  Annealed 


s  ■  0.2  nm 


s  =  0.5  nm 


Figure  4  The  effects  of  post- oxidation  annealing  on  the  interfacial  structure  of 
Si(l  1  lySiOz  a)  unannealed,  s  =  0.2  nm'‘.  b)  annealed,  s=0.2  nm'‘.  c)  unannealed,  s  =  0.5 
nm' d)  annealed,  s  =  0.5  nm"'.  No  obvious  difference  in  roughness  can  be  observed  here 
and  the  interfaces  are  flatter  than  those  of  silicon  (100). 


Figure  5.  Two  dark  field  images  of  different  Si{l  1 1)/Si02  interfaces  oxidized  with  starting 
surfaces  from  different  chemical  procedures  a)  HF  acid  etching  b)  HF  acid  etching  and 
NH4F:NH40H=  1. 0:0.2  treatment.  Interfaces  in  image  b)  are  much  rougher  and  speckle 
patterns  appear. 
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ABSTRACT 

Thin  films  of  anatase  Ti02  have  been  deposited  on  tin-doped  indium  oxide  (ITO)  and  Sb- 
doped  tin  oxide  using  electron  beam  evaporation.  Subsequently  these  samples  have  been 
mounted  into  an  electrochemical  cell.  Assuming  a  composition  of  LixTi02  with  x  being  0.5  or  1, 
voltammetric  measurements  show  that  all  lithium  is  present  within  the  first  15  or  7.5  nm  of  the 
Ti02  film,  respectively.  Stepped  potential  experiments  in  combination  with  optical  transmission 
measurements  show  that  de-intercalation  is  much  faster  than  intercalation.  Differential  absorption 
spectra  as  a  function  of  intercalation  potential  suggest  that  the  observed  dark  coloring  of 
intercalated  anatase  can  be  attributed  to  electron  traps  at  Li^  sites.  This  contradicts  assumptions 
made  in  literature  that  the  coloring  mechanism  of  anatase  is  based  on  intervalence  charge  transfer 
from  Ti'*'^  to  Ti^"^. 

INTRODUCTION 

Anatase  Ti02  is  a  promising  candidate  for  devices  based  on  lithium  intercalation,  such  as 
electrochromic  windows^"^  and  rocking-chair  lithium-ion  batteries.^’^  Porous  nanostructured 
films  can  be  used  to  increase  the  specific  surface  area  of  the  electrode,  thereby  decreasing  the 
diffusion  path  length  for  the  lithium  ions.  This  results  in  a  large  enhancement  of  the  efficiency 
and  speed  of  the  device.^ 

Though  a  considerable  amount  of  research  has  already  been  dedicated  to  lithium 
intercalation  in  titanium  dioxide, some  fundamental  questions  remain  unanswered.  The 
mechanism  of  lithium  intercalation  has  not  yet  been  fully  resolved.  Another  point  of  discussion  is 
the  rate-determining  step  of  the  intercalation  process,  for  which  both  diffusion  limited^’^  as  well 
as  surface-adsorption  limited^  processes  have  been  suggested.  There  is  also  the  question  what 
will  happen  to  the  electrons  once  lithium  is  intercalated  into  the  titanium  dioxide.  These  electrons 
can  be  donated  to  the  conduction  band,  or  be  trapped  at  Li^,  Ti'^^,  or  positively  charged  oxygen 
vacancies. 

In  this  work  lithium  intercalation  in  electron-beam  evaporated  thin  films  of  anatase  Ti02  is 
studied.  Films  deposited  with  electron  beam  evaporation  are  extremely  smooth,  which  enables  a 
more  accurate  interpretation  of  the  results  than  is  possible  with  sputtered  films.^  Evaporated  films 
can  be  made  with  approximately  the  same  donor  density  as  porous  films,  i.e.  in  the  order  of  «10’^ 
cm’^.  Several  aspects  of  the  intercalation  process  are  described  using  voltammetric,  stepped- 
potential  and  spectroscopic  techniques.  Results  are  related  to  electronic  properties  of  the 
intercalated  material. 

EXPERIMENTAL 

Electron  beam  evaporation  of  reduced  Ti02  was  used  to  deposit  thin  films  of  anatase  Ti02 
on  both  ITO  coated  glass  (80  nm  ITO  on  glass,  Glastron,  30Q/n)  and  Sb:Sn02  coated  quartz 
substrates.  The  Sb:Sn02  films,  having  a  thickness  of  100  nm,  were  made  by  electron  beam 
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evaporation  of  a  mixture  of  Sb203  and  Sn02  powders.  The  target  material  for  Ti02  deposition 
was  anatase  powder  (Acros  Chimica,  99.95+%)  reduced  in  a  hydrogen  atmosphere  at  1000°C  for 
6  hours.  Deposition  took  place  under  a  controlled  O2  atmosphere  of  IxlO"^  mbar,  with  an  argon 
background  pressure  smaller  than  2x10'^  mbar.  During  deposition  the  substrates  were  heated  to 
375°C.  Typical  growth  rates,  monitored  with  a  quartz  microbalance,  were  2  nm/min.  After 
deposition  a  heat  treatment  of  12  hours  at  450°C  in  air  was  carried  out  to  restore  stoichiometry. 
The  Ti02  film  thickness  is  80  nm  in  all  experiments. 

Electrochemical  and  spectroscopic  measurements  were  carried  out  in  a  conventional  three- 
electrode  electrochemical  cell.  Glassy  carbon  was  used  as  a  counter  electrode,  while  a  saturated 
calomel  electrode  (SCE)  served  as  a  reference  electrode.  All  potentials  mentioned  will  be  referred 
to  as  versus  SCE.  As  an  electrolyte  a  1  M  LiC104  solution  in  propylenecarbonate  was  used.  Since 
water  absorption  by  the  electrolyte  could  in  our  case  not  completely  be  avoided,  1  %  water  was 
added  deliberately  in  order  to  get  a  constant  water  concentration. 

RESULTS  AND  DISCUSSION 

A  convenient  method  to  follow  the  Li-intercalation  in  titanium  dioxide  is  by  standard 
voltammetric  and  optical  transmission  measurements,  shown  in  Figure  1.  The  peaks  at  -1.35  V 
and  -0.78  V  can  be  attributed  to  lithium  intercalation  and  de-intercalation  respectively,  since 
these  peaks  are  not  observed  if  the  same  measurement  is  performed  in  an  electrolyte  not 
containing  LiC104.  The  intercalation  process  shows  a  good  reversibility  after  several  scans. 
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Figure  1.  Current  (A),  charge  (□),  and  optical  transmission  (O)  curves  recorded  as  function  of 
potential  during  lithium  intercalation  and  de-intercalation  of  thin  film  anatase  Ti02. 
The  surface  area  under  the  de-intercalation  peak  at  -0.78  V  corresponds  to  a  charge  of 
3.4x10'^  Ccm'l 

When  monitoring  the  transmission  with  650  nm  light,  coloring  and  bleaching  of  the 
electrode  occurs  at  the  same  potentials  as  where  the  peaks  are  located.  At  cathodic  potentials 
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side-reactions  are  present,  which  are  probably  caused  by  the  reduction  of  water.  To  determine  the 
amount  of  lithium  that  has  been  intercalated,  the  current  has  been  integrated  to  yield  the  total 
charge  passed  through  the  system  (Figure  1).  Due  to  the  occurrence  of  side-reactions  at  very 
negative  potentials,  only  the  de-intercalation  peak  should  be  integrated,  yielding  a  total  charge  of 
3.4x10’^  Ccm‘^,  corresponding  with  3.5x10'*  molcm'^.  If  one  assumes  a  constant  stoichiometry  of 
Lio.5Ti02,^  this  corresponds  to  a  diffusion  length  of  15  nm.  A  stoichiometry  of  Lij  oTi02  has  also 
been  suggested,^  which  in  our  case  would  yield  a  diffusion  length  of  7.5  nm.  These  results  are  in 
good  agreement  with  values  found  in  literature.’’^  It  should  be  noted,  however,  that  no  conclusive 
data  concerning  the  actual  composition  of  LixTi02  has  yet  been  presented  in  literature. 


Figure  2.  Optical  transmission  at  650  nm  after  potential  steps  to  intercalation  and 

de-intercalation  conditions.  Intercalation  at  -1.8  V  vs.  SCE  results  in  a  transmission 
decrease  of  approximately  30%  after  1  hour.  De-intercalation  is  a  much  faster  process, 
a  return  to  the  bleached  state  is  accomplished  in  less  than  15  minutes. 

To  determine  the  rate  of  intercalation,  stepped-potential  measurements  have  been 
performed  while  measuring  the  optical  transmission  at  650  nm.  Potential  steps  from  +1.0  V  to 
-1 .8  V  vs.  SCE  and  vice  versa  have  been  made  to  start  intercalation  and  de- intercalation, 
respectively.  The  results  are  presented  in  Figure  2,  showing  that  intercalation  is  a  much  slower 
process  than  de-intercalation.  This  phenomenon  has  also  been  observed  by  other  authors,*’’  and 
can  be  explained  in  terms  of  lattice  relaxation  and  expansion  effects,  and/or  energy  barriers  due 
to  ionic  solvatation  energies  of  the  lithium  ions  in  the  electrolyte.’  It  is  interesting  to  note  that  for 
porous  nanostructured  films  both  processes  are  reported  to  occur  with  the  same  rate.^  The  nature 
of  this  discrepancy  is  unclear  and  calls  for  further  investigation. 

Figure  3  shows  the  differential  absorption  spectra  of  the  intercalated  Ti02  at  various 
intercalation  potentials.  All  spectra  shown  are  calculated  with  respect  to  the  absorption  spectrum 
recorded  at  0  V  vs.  SCE,  i.e.  under  de-intercalation  conditions.  Under  intercalation  conditions,  a 
bleaching  at  320  nm  is  observed,  while  at  750  nm  a  dark  coloring  occurs.  The  bleaching  at 
320  nm  can  be  attributed  to  a  Moss-Burstein  shift,  i.e.  an  apparent  increase  of  the  bandgap 
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caused  by  free  electrons  filling  up  the  energy  levels  at  the  bottom  of  the  conduction  band.  These 
free  electrons  compensate  the  positive  charge  carried  by  the  intercalated  lithium  ions.  At 
potentials  between  -1.2  V  and  -1.3  V  vs.  SCE,  a  sudden  decrease  in  absorption  at  320  nm  is 
observed,  accompanied  by  a  increase  in  absorption  at  750  nm.  This  is  shown  in  Figure  4,  where 


Figure  3.  Differential  absorption  spectra  at  various  intercalation  potentials.  All  spectra  are 

calculated  with  respect  to  the  de-intercalated  state  at  0  V  vs.  SCE.  The  spectrum  of  the 
sample  reduced  in  argon  was  recorded  using  a  Cary  2400  spectrophotometer. 
Measurements  on  the  lithium  intercalated  samples  were  performed  in  a  wet 
electrochemical  setup,  using  a  photomultiplier  to  measure  the  transmission. 

the  peak  maximum  of  the  differential  absorption  at  320  mn  is  plotted  as  a  function  of 
intercalation  potential.  A  possible  explanation  may  be  found  in  a  decrease  of  the  density  of  states 
around  a  specific  energy  in  the  conduction  band,  giving  rise  to  a  local  sharpening  of  the 
absorption  band  edge.  Figure  4  also  shows  the  position  of  the  peak  maxima,  and  the  peak  widths 
at  half  height  as  a  function  of  intercalation  potential.  The  peak  maximum  shifts  to  higher  energies 
at  stronger  intercalation  potentials,  as  would  be  expected.  The  peak  width,  however,  does  not 
change  significantly.  This  contrasts  with  the  results  of  Enright  et  al.*°,  who  calculated  the 
effective  hole  mass  for  nanocrystalline  anatase  from  the  broadening  of  the  peak.  So  far  no 
satisfactory  explanation  has  been  found  for  this  discrepancy,  though  it  points  to  a  difference  in 
electronic  structure  between  porous  nanostructured  anatase  and  thin  film  anatase.  Specifically,  a 
higher  density  of  states  from  some  point  in  the  conduction  band  of  thin  film  anatase  is  expected 
to  sharpen  the  absorption  band  edge,  which  can  lead  to  a  increase  in  peak  height  without 
additional  broadening. 

The  darkening  of  the  intercalated  Ti02  observed  at  750  nm  indicates  the  presence  of 
trapped  electrons.  Possible  trap  sites  are  Ti"^^,  Li^  and  oxygen  vacancies.  To  determine  the  nature 
of  the  sites  at  which  the  electrons  are  trapped,  absorption  spectra  of  anatase  Ti02  before  and  after 
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reduction  at  450°C  in  argon  were  recorded.  The  resulting  differential  absorption  spectrum  is 
shown  in  Figure  3.  An  almost  identical  spectrum  is  obtained  when  the  reduction  is  carried  out  in 
a  hydrogen  atmosphere.  Comparing  reduced  Ti02  to  lithium  intercalated  Ti02,  a  much  larger 
Moss-Burstein  shift  is  present,  while  no  trapped  electrons  are  observed  at  750  nm.  This  suggests 
that  in  the  case  of  lithium  insertion  a  significant  fraction  of  the  free  conduction  band  electrons  is 
trapped  at  sites.  This  contradicts  previous  assumptions  made  in  literature  that  the  absorption 
band  in  the  near-infrared  region  can  be  attributed  to  intervalence  charge  transfer  between  Ti'*^  and 
Ti  species. 


-1.6  -1.5  -1.4  -1.3  -1.2  -1.1  -1.0  -0,9 

Intercalation  Potential  /  V  vs.  SCE 

Figure  4.  Data  for  the  peaks  centered  around  320  nm  in  the  differential  absorption  spectrum 
from  Figure  3.  Under  stronger  intercalation  conditions  the  peak  position  shifts  to 
higher  energies,  and  the  peak  height  increases.  Both  the  peak  position  (filled  circles)  as 
well  as  the  peak  height  (open  squares)  show  a  large  change  at  intercalation  potentials 
around  -1.25  V  vs.  SCE.  No  significant  peak  broadening  was  found  as  a  function  of 
potential. 

CONCLUSIONS 

Lithium  intercalation  in  thin  films  of  anatase  Ti02  is  studied.  Assuming  a  composition  of 
LixTi02  with  x  between  0.5  and  1 .0,  the  lithium  intercalates  over  a  distance  of  7.5  to  15  nm  into 
the  Ti02.  However,  since  the  actual  composition  across  the  film  cannot  be  measured  directly, 
assumptions  on  the  composition  should  be  treated  with  caution.  Stepped-potential  experiments 
show  the  intercalation  process  to  be  much  slower  than  the  de-intercalation  of  lithium,  which 
contrasts  with  the  results  reported  for  porous  nanostructured  anatase.  Differential  absorption 
spectra  suggest  that  the  coloring  of  anatase  observed  on  intercalation  should  be  attributed  to 
electron  trapping  at  Li^  instead  of  intervalence  charge  transfer  from  Ti"^^  to  Ti^^.  Furthermore,  the 
spectra  for  thin  film  anatase  are  different  from  those  reported  for  porous  nanostructured  anatase. 
Further  investigations  are  necessary  to  clarify  these  interesting  discrepancies  between  thin  film 
and  porous  anatase  Ti02. 
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Abstract 

The  low  temperature  oxidation  is  effective  for  the  atomically-controlled  gate  oxide 
growth.  We  focused  the  effects  of  post-oxidation  annealing  (POA)  and  attempted  to  improve  the 
properties  of  the  low-temperature-grown  ultrathin  oxides  with  a  thickness  of  3nm  by  POA.  POA 
abruptly  reduced  the  leakage  current  at  a  low  gate  voltage  below  1.5V  and  the  interface  trap 
density.  The  correlation  between  the  interface  trap  and  the  leakage  current  at  a  low  applied 
voltage  region  were  confirmed.  We  found  that  the  stressing  immunity  of  the  ultrathin  oxides 
grown  at  a  low  temperature,  650°C,  is  drastically  improved  by  POA  at  850°C. 


Introduction 

Ultrathin  gate  oxides  are  required  to  be  thinner  than  3nm  and  to  have  a  higher  reliability 
than  those  of  conventional  oxides  for  sub  0.1pm  devices.  The  exact  control  of  oxide  thickness  is 
essential  because  even  a  thickness  deviation  of  one  atomic  layer  results  in  over  10%  of  device 
parameter  fluctuations.  The  low  temperature  oxidation  is  effective  for  the  atomically-controlled 
gate  oxide  growth.  We  have  been  interested  in  Si02  films  grown  at  a  low  temperature,  and  have 
been  studying  if  they  meet  the  requirement  for  sub  0.1pm  devices.  Ultrathin  Si02  films  grown  at 
low  temperatures,  however,,  have  poor  electrical  properties  possibly  due  to  a  large  stress  in  the 
Si02  films  at  the  Si/Si02  interface.  It  has  been  previously  reported  the  post-oxidation  annealing 
(POA)  improves  effectively  the  electrical  properties  of  thin  Si02  [1,2].  S.S.Cohen  showed  that 
oxides  grown  in  an  oxygen  ambient,  which  are  post-annealed  for  a  long  period  of  time  in  an  inert 
atmosphere  and  then  reoxidized  for  a  short  time,  have  considerably  improved  values  for  both  the 
magnitude  and  distribution  of  the  electric  field  at  the  dielectric  breakdown  [1].  In  addition, 
Z.A. Weinberg  et  al.  reported  that  short  anneal  in  Ar  or  in  N2  can  substantially  reduce  water- 
related  electron  traps  and  short  anneal  in  O2  have  an  optimal  time  for  hole  trapping  reduction  [2]. 
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However,  there  is  little  information  on  the  effects  of  POA  on  low-temperature-grown  ultrathin 
Si02  less  than  3nm. 

In  this  paper,  we  focused  the  effects  of  POA  and  attempted  to  improve  the  properties  of 
the  low-temperature-grown  ultrathin  oxides  with  a  thickness  of  3nm  by  POA.  The  electrical  and 
interfacial  properties  are  investigated  for  3nm  Si02  grown  at  a  low  temperature  with  or  without  a 
high  temperature  POA  in  N2. 


Experimental 

The  MOS  capacitors  with  3nm  oxides  were  fabricated  on  p-type  (100)  silicon  substrates 
with  a  resistivity  of  2Qcm.  The  silicon  substrates  were  cleaned  in  a  boiling  solution  of 
HCI/H2O2/H2O  and  subsequently  dipped  in  NH4OH/H2O2/H2O  solution  at  a  room  temperature, 
followed  by  5%  HF  dipping  and  DIW  rinse.  After  the  cleaning,  the  thermal  oxidation  was 
performed  in  a  vertical  furnace  at  650'’C  and  750°C  in  pure  O2,  and  the  oxidation  at  800‘’C  and 
850°C  was  done  in  33%  and  5%  O2  diluted  with  N2,  respectively.  The  oxidation  and  POA 
conditions  of  each  sample  were  listed  in  Table  I.  The  oxide  thickness  was  measured  by  the 
ellipsometer  with  the  fixed  refractive  index  of  1.46.  Following  oxidation  with  or  without  POA  in 
N2,  the  aluminum  electrodes  with  the  area  of  2  X  lO'^cm^  were  evaporated  through  a  mask.  We 
didn’t  perform  the  post-metallization  annealing  using  a  forming  gas  because  of  investigating  the 
influence  of  the  interface  trap. 

Table  I.  Conditions  of  oxidation  and  post-oxidation  annealing  for  each  sample 


Oxidation 

N2  Annealing 

Temp=650°C,pure  O2 

No 

#650-2 

Temp=650°C,pure  O2 

850“C,20min 

#750-1 

No 

#750-2 

Temp=750°C,pure  O2 

750°C,20min 

#750-3 

Temp=750°C,pure  O2 

850”C,20min 

#800-1 

Temp=800°C,33%  O2 

No 

#800-2 

Temp=800°C,33%  O2 

800”C,20min 

#800-3 

Temp=800°C,33%  O2 

#850-2 

850°C,20min 

Current-voltage  (I-V)  and  time  dependent  dielectric  breakdown  (TDDB)  characteristics 


316 


were  measured  using  HP4145B  Semiconductor  Parameter  Analyzer.  The  constant  current  density 
bias  of  -0,lA/cm^  was  used  for  the  charge-to-breakdown  (Qbd)  measurements.  The  constant 
voltage  stressing  for  TDDB  was  performed  at  a  room  temperature.  The  interface  properties  were 
investigated  from  AC  conductance  method  [3,4]  using  HP4284A  LCR  Meter  because  the 
influence  of  the  DC-tunneling  component  can  be  separated. 


Results  and  Discussion 

I-V  characteristics  under  a  negative  gate  bias  for  each  sample  are  shown  in  Figure  1.  All 
I-V  curves  show  that  the  leakage  current  due  to  the  direct  tunneling  from  the  gate  electrode  to  the 
substrate  is  the  predominant  conduction  mechanism  in  3nm  oxides  above  1.5V.  As  seen  in  Fig.l, 
the  oxides  grown  at  850°C  (#850-1,  #850-2)  showed  a  lower  leakage  current  whether  annealed  or 
not.  In  contrast  to  these  oxides,  a  larger  leakage  current  at  a  lower  applied  voltage  than  1.5V  is 
observed  in  the  oxides  grown  at  650°C  without  POA  (#650-1).  The  oxides  grown  at  a  lower 
temperature  than  800°C  without  POA  have  similarly  a  large  leakage  current.  However,  the 
leakage  current  of  the  oxides  grown  at  650°C  with  POA  at  850°C  (#650-2)  are  lower  compared  to 
that  of  the  oxides  without  the  annealing.  The  reduction  of  the  leakage  current  at  a  lower  applied 
voltage  (<1.5V)  is  larger  than  an  order  of  magnitude.  This  drastic  change  of  the  leakage  current 
seems  that  the  relaxation  of  the  oxide’s  structure  at  the  SiOVSi  interface  occurs  and  the  effective 
thickness  of  the  oxides  increases  during  POA  in  N2. 


Figure  1  Current-voltage  characteristics  of  3nm  oxides 
with  various  oxidation  and  annealing  conditions 
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Oxidation/ Anneal  Condition 


Figure  2  Voltage  at  lO'^A/cm^  and  interface  trap  density 
of  various  samples 


Figure  2  shows  the  sustaining  voltage,  Vnmii,  at  the  leakage  current  level  of  lO'^A/cm^ 
and  the  interface  trap  density,  Dit,  for  each  sample.  The  larger  the  values  of  Vnmit,  the  smaller  the 
leakage  current  is  caused.  The  values  of  Viimit  for  the  oxides  grown  at  850”C  (#850-1,  #850-2)  are 
about  -1.5V  whether  annealed  or  not.  This  indicates  that  the  oxides  grown  at  850°C  have  the 
excellent  electrical  and  interfacial  properties  without  POA.  However,  the  oxides  grown  at  a 
lower  temperature  than  850°C  have  the  different  trends.  For  example,  Viimit  for  the  oxides  grown 
at  650°C  without  the  annealing  (#650-1)  was  -0.62V.  By  contrast,  Vnmit  for  the  oxides  with 
850°C  annealing  (#650-2)  was  -1.30V,  about  two  times  larger  than  that  for  the  oxides  without  the 
annealing.  The  values  of  Dit  for  the  oxides  grown  at  650°C  reduced  from  1.40  X 10^^  to  2.52  X 
lO^Vcm^/eV  by  850°C  annealing.  The  magnitudes  of  Viimit  and  Dit  for  the  oxides  grown  at  650°C 
with  the  annealing  get  close  to  those  of  the  oxides  grown  at  850°C. 

As  seen  in  Fig.2,  there  is  the  clear  correlation  between  Vnmit  and  Dit.  That  is  to  say  that 
the  leakage  current  for  3nm-thick  oxides  is  closely  related  to  the  interface  trap  density.  As  shown 
in  the  previous  reports  [5,6,7],  it  seems  that  the  existence  of  the  interface  traps  introduces  “a  trap- 
assisted  leakage  mechanism”  and  leads  to  a  significant  increase  in  the  leakage  current  at  a  low 
applied  voltage.  This  leakage  mechanism  is  conceptually  shown  in  Figure  3.  In  this  figure,  the 
electrons  injected  from  the  gate  electrode  tunnel  directly  through  the  gate  oxide  and  are  trapped 
by  the  interface  traps.  Then  the  trapped  electrons  are  emitted  into  the  conduction  band  of  the 
silicon  or  recombined  with  the  holes  emitted  from  the  valence  band  of  the  silicon.  For  the  5nm 
oxides,  the  correlation  as  seen  in  Fig.2  disappeared.  Since  the  electrons  cannot  directly  tunnel  to 
the  interface  traps  for  the  oxides  thicker  than  5nm,  it  seems  that  these  oxides  don’t  have  the 
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correlation  between  the  leakage  current  and  the  interface  trap  density.  That  is  to  say  that  from  the 
results  shown  in  Figs.l  and  2,  the  oxides  with  the  large  interface  trap  density  have  the  large 
leakage  current  at  a  low  applied  voltage  when  the  oxide  thickness  is  thinner  than  3nm. 


Metal(Al)  SiOj  p-Si 
Figure  3  Interface  trap-assisted 
leakage  mechanism 


650  750  800  850 

Oxidation  Temperature(°C) 


Figure  4  Charge-to-breakdown  for  the  oxides 
grown  at  various  temperatures 


Figure  4  shows  the  values  of  charge-to-breakdown  (Qbd)  for  the  oxides  grown  at  various 
temperatures  with  POA.  As  seen  in  Fig.4,  the  oxides  grown  at  a  lower  temperature  have  a  larger 
value  of  Qbd  compared  to  the  oxides  grown  at  a  higher  temperature.  For  example,  the  increase  of 
Qbd  for  the  oxides  grown  at  650°C  is  about  an  order  of  magnitude  in  comparison  with  the  oxides 
grown  at  850”C. 


Stress  Time  (sec) 

Figure  5  Current  shift  during  a  constant  voltage  stressing 
of -4.1V 
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The  current  shift,  AI,  during  a  constant  voltage  stressing  is  shown  in  Figure  5.  In  this 
figure,  the  gate  bias  is  -4.1V,  and  the  results  of  4  samples,  #650-1,  #650-2,  #850-1  and  #850-2 
are  shown.  The  increase  in  a  current  may  be  related  to  a  hole  trapping  observed  all  samples. 
However,  AI  was  reduced  by  POA  and  the  effect  was  prominent  for  the  oxides  grown  at  650“C. 
Furthermore,  AI  of  the  oxides  grown  at  650°C  with  POA  is  smaller  than  that  of  the  oxides  grown 
at  850“C.  That  is  to  say  that  3nm-thick  oxides  grown  at  a  low  temperature  (650°C)  with  a  high 
temperature  annealing  (850°C)  have  superior  stressing  immunity  to  the  oxides  grown  and 
annealed  at  a  high  temperature  (850°C).  The  similar  trend  was  obtained  for  the  other  stressing 
voltage. 


Conclusion 

The  effects  of  the  post-oxidation  annealing  were  investigated  for  3nm-thick  oxides 
grown  at  a  very  low  temperature  (650°C).  As  a  results,  we  confirmed  that  post-oxidation 
annealing  at  850°C  improves  the  characteristics  of  ultrathin  oxides  grown  at  a  very  low 
temperature  of  650°C.  Since  the  oxides  with  a  large  interface  trap  density  have  a  large  leakage 
current  at  a  low  voltage  when  the  oxides  is  thinner  than  3nm,  it  is  important  to  reduce  the 
interface  trap  density.  We  found  that  3nm-thick  oxides  grown  at  a  low  temperature  with  a  high 
temperature  anneal  have  superior  stressing  immunity  to  the  oxides  grown  at  a  high  temperature. 
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ABSTRACT 


Suitable  replacement  materials  for  ultrathin  SiOj  in  deeply  scaled  MOSFETs  such  as  lattice 
polarizable  films,  which  have  much  higher  permittivities  than  SiOj,  have  bandgaps  of  only  3.0  to 
4.0  eV.  Due  to  these  small  bandgaps,  the  reliability  of  these  films  as  a  gate  insulator  is  a  serious 
concern.  Ramped  voltage,  time  dependent  dielectric  breakdown,  and  capacitance- voltage 
measurements  were  done  on  190A  layers  of  TiOj  which  were  deposited  through  the  metal-organic 
chemical  vapor  deposition  of  titanium  tetrakis-isopropoxide.  Measurements  of  the  high  and  low 
frequency  capacitance  indicate  that  virtually  no  interface  states  are  created  during  constant  current 
injection  stress.  The  increase  in  leakage  upon  electrical  stress  suggests  that  uncharged,  near¬ 
interface  states  may  be  created  in  the  TiOj  film  near  the  Si02  interfacid  layer  that  allow  a  tunneling 
current  component  at  low  bias. 

INTRODUCTION 

The  preparation  of  high  permittivity  thin  films  have  received  considerable  interest  for  the 
fabrication  of  charge  storage  insulators  for  new  generations  of  dynamic  random  access  memories 
(DRAMs)  [1],  [2].  In  another  application,  the  use  of  high  permittivity  materials  is  considered  as 
one  of  the  best  alternative  to  conventional  ultra-thin  silicon  dioxide  [3],  [41.  For  MOSFETs  scaling 
into  the  deep  submicron,  there  is  a  strong  need  to  reduce  the  gate  oxide  thickness.  Tunneling 
currents  however,  limit  the  scaling  of  Si02  to  approximately  25  A.  Therefore,  scaling  of  the  gate 
oxide  must  end  or  an  alternate  material  must  be  used.  Suitable  replacement  materials  such  as  lattice 
polarizable  films  which  have  much  higher  permittivities  than  Si02  have  bandgaps  of  only  3.0  to 
4.0  eV  [5],  [6].  Due  to  these  small  bandgaps,  the  reliability  of  these  films  as  a  gate  electrode  is  a 
serious  concern.  Although  wearout  information  is  now  being  obtained  on  some  storage  capacitor 
materials,  very  little  is  known  regarding  charge  trapping  and  b^reakdown  for  high  permittivity  films 
when  used  as  a  gate  dielectric  and  therefore  when  deposited  directly  on  silicon.  The  interface  of 
the  gate  electrode/gate  insulator  is  also  important  for  the  reliability  of  the  MOS  system.  A  poor 
electrode/gate  oxide  interface  with  high  interface  state  density  results  in  high  current  through  the 
gate  film,  and  a  high  probability  of  charge  trapping  in  the  gate  film,  reducing  breakdown  strength 
and  the  charge  to  breakdown  in  time  dependent  dielectric  breakdown  (TDDB)  tests.  These  states 
will  also  lead  to  low  mobilities  and  poorly  controlled  threshold  voltages  when  used  for  FETs.  In 
this  paper  we  report  on  leakage  currents  and  the  effect  of  electrical  stress  on  TiOj  and  the 
performance  of  Ti02  MOSFETs  using  one  such  high  permittivity  material. 


EXPERIMENT 

The  Ti02  MOS  capacitors  and  Ti02  MOSFETs  were  fabricated  on  9-15  fi-cm  boron  doped 
substrates.  The  backside  of  the  wafers  received  a  10’^  cm'^  boron  implant  at  an  energy  of  50  KeV 
to  ensure  a  good  ohmic  contact  of  aluminum  to  the  substrate  body.  190A  layers  of  Ti02  were 
deposited  through  the  thermal  decomposition  of  titanium  tetrakis-isopropoxide  on  2”  p-type  (111) 
silicon  wafers  which  had  undergone  a  standard  LOCOS  isolation  [4].  After  deposition  of  Ti02  the 
wafer  was  annealed  for  30  minutes  in  dry  oxygen  at  750  °C.  This  anneal  was  found  to  reduce 
leakage  currents  through  the  film.  After  TiOj  deposition,  2500  A  of  platinum  was  sputter 
deposited  for  the  gate  electrode.  The  wafers  then  received  a  30  minute  nitrogen  anneal  at  850  °C 
after  the  transistor  source/drain  implant  to  activate  the  implanted  impurities  and  to  densify  a 
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deposited  oxide  layer.  Transmission  electron  microscope  (TEM)  results  indicate  that  this 
deposition  anneal  process  produces  an  interfacial  silicon  dioxide  layer  approximately  25  A  thick. 
After  the  fabrication  was  complete  a  450  °C  hydrogen  anneal  was  performed.  Current  -  Voltage 
and  time  dependent  dielectric  breakdown  (TDDB)  with  capacitance-voltage  (C-V)  measurements 
were  done  with  an  HP4156  semiconductor  parameter  analyzer  and  an  HP4194  impedance 
analyzer. 

RESULTS  AND  DISCUSSION 

The  layers  were  analyzed  for  chemical  and  structural  composition  by  X-ray  diffraction 
(XRD)  and  Rutherford  backscattering  spectrometry  (RBS).  XRD  results  indicated  that  the  films 
were  polycrystalline  anatase  with  no  evidence  of  any  rutile  phase,  and  RBS  showed  a  [Ti]/[0] 
stoichiometric  ratio  of  1:2,  within  the  sensitivity  of  the  analysis  [4]. 


1000/T(K-^) 

Figure  1  J/T^  plot  for  an  dry  annealed  film 

The  leakage  current  through  the  device  has  been  measured  as  a  function  of  temperature 
for  both  accumulation  and  inversion  biases.  The  anneal  was  found  to  significantly  reduce  the 
leakage  current  and  J/T^  is  found  to  follow  standard  thermionic  emission  behavior.  Forward 
Recoil  Spectroscopy  showed  that  the  concentration  of  hydrogen  in  these  films  is  correlated  with 
increased  interface  state  densities  and  leakage  current,  and  that  the  hydrogen  concentration  of 
films  decreases  sharply  with  post  annealing  at  750  “C.  The  effective  barrier  height  was 
approximately  0.5  eV  for  the  as-deposited  film,  while  the  Oj  annealed  film  had  a  barrier  height 
of  1.0  eV.  X-ray  diffraction  measurements  of  the  TiO^  films  on  (111)  substrates  show  no 
significant  change  in  crystallization  with  the  750  °C  anneal,  although  atomic  force  microscopy 
shows  a  reduction  in  surface  roughness.  We  therefore  believe  that  this  increase  in  the  barrier 
height  with  Oj  annealing  is  due  to  a  change  in  the  band  alignment,  perhaps  due  to  a  change  in  the 
charge  state  or  strain  at  the  TiO^  /Si  interface.  When  biased  into  accumulation  as  shown  in  figure 
1,  the  current  initially  is  temperature  independent,  suggesting  that  the  current  in  this  regime  is 
dominated  by  tunneling.  Above  100  V.  however  it  shows  standard  thermionic  emission  behavior 
up  to  160  ”C  where  it  again  becomes  temperature  independent.  The  leakage  under  inversion  bias 
was  independent  of  temperature  up  to  70  "C  while  it  shows  standard  thermionic  emission 
behavior.  The  absence  of  temperature  dependence  at  25  °C  to  70  °C  suggests  that  the  post-stress 
current  is  dominated  by  tunneling  over  the  temperatire  range  studied  as  shown  in  figure  2.  This 
would  be  consistent  with  the  formationof  tunnel  states  in  the  TiC\.  The  barrier  for  emission  was 
between  0.94  and  1.0  eV  for  all  samples  measured  [7]. 
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Figure  2.  thermal  leakage  current  before  stress  (a)  and  after  stress  (b) 

The  ramped  voltage  measurements  with  a  1  V/sec  ramp  rate  showed  Fowler-Nordheim 
current-voltage  characteristics  of  150x150  )im^  capacitors.  To  minimize  the  voltage  drop  in  the 
substrate,  negative  biases  were  used  in  order  to  keep  the  capacitors  in  accumulation.  A  clear 
irreversible  breakdown  occurred  at  an  applied  field  of  approximately  3.2  MV/cm,  and  the  charge 
to  breakdown  Qgp  is  ~6  C/cm^  as  shown  in  figire  3.  A  distribution  of  breakdown  fields  is 
reasonably  tight. 


Figure  3.  Ramped  voltage  measurements 
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Figure  4.  I-V  characteristics  after  TDDB  stress 

No  clear  breakdown  was  seen  in  time  dependent  dielectric  breakdown  (TDDB)  tests. 
The  leakage  current  through  the  Ti^  increased  after  electrical  stressing.  This  effect  was 
most  pronounced  at  low  bias  conditions.  At  a  2  volt  accumulation  bias  the  leakage  current 
increased  by  a  factor  of  10  after  1.0  Coul/cnf  and  another  factor  of  50  after  lOOCoul/cnf 
as  shown  in  figure  4,  but  no  clear  discontinuity  in  the  voltage-time  (constant  current)  or 
current-time  (constant  voltage)  curves  are  seen.  Measurements  of  the  high  frequency 
capacitance  indicate  that  little  charge  trapping  occurs  during  electrical  stress  as  shown  in 

figure  5.  By  assuming  an  N^ff  of  order  10''‘  cm■^  the  capture  cross  section  a  was 
estimated  to  roughly  lO'^^cml  This  is  much  smaller  than  conventional  SiOj  trap  values. 
TiO^  insulator  may  be  much  less  vulnerable  to  TDDB  stress. 

From  figure  6,  both  1  MHz  and  100  Hz  capacitance  voltage  curves  measured  using 
capacitors  made  with  190  A  layers  of  TiO,  displayed  a  pronounced  voltage  dependent 
accumulation  capacitance,  which  may  be  related  to  hole  trapping  in  the  TiOj  very  near  the 
Si02  interfacial  layer.  Taking  this  interfacial  layer  into  account,  the  permittivity  of  the  TiOj 
films  is  approximately  30,  in  good  agreement  with  other  published  papers  [5].  The  interface 
state  density  extracted  from  the  C-V  curves  with  Castagne  and  Vapaile’s  method  fell  below 
10”  cm'^-eV”  at  midgap,  but  rose  sharply  on  either  side,  unlike  the  “U”  shaped  behavior 
in  thermal  oxide  capacitors.  Measurements  of  the  high  and  low  frequency  capacitance  with 
constant  current  TDDB  stress  with  0.4,  4.2,  20,  and  38  C/cm^  indicate  that  virtually  no 
interface  states  were  created  during  stress.  Very  little  bulk  charge  trapping  exists  after 
electrical  stress  suggesting  that  these  films  have  few  intrinsic  traps  and  are  highly  resistant 
to  current  induced  trap  creation.  It  is  also  possible  that  an  presentinginterfacial  SiOj  layer 
may  reduce  the  strain  gradient  across  the  dielectric  significantly  making  the  MOS  system 
less  susceptible  to  interface  defect  generation.  The  increase  in  leakage  upon  electrical  stress 
suggests  that  uncharged,  near-interface  states  may  be  created  in  the  TiQ  film  near  the  SiOj 
interfacial  layer  that  allow  a  tunneling  current  component  at  low  bias.  Alternatively,  the 
increase  in  current  may  be  due  to  the  creation  of  neutral  raps  near  the  platinum  gate 
electrode. 

Finally,  TiOj  FETs  were  fabricated  from  these  layers  over  a  standard  LOCOS 
structure.  Figure  7  shows  a  family  curves  for  10  (gate  width)  x  1.25  (gate  length)  |im^ 
transistor.  Nearly  ideal  device  performance  is  seen. 
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Stressing  Current  :50mA/cm‘ 
Virgin 

0.5  Coul/cm^' 


Figure  5.  High  frequency  C-V  characteristics  of  103  A  Si02  (a)  and  190  A  TiO,  films  (b)  after 

TDDB  stress. 


Gate  Voltage 


(a) 


(b) 


Figure  6.  (a)  low  and  high  frequency  C-V  curve  of  a  MOS  capacitor  with  a  190  A  TiOj  gate  and 
(b)  the  mid  gap  interface  state  density  was  in  the  low  of  10"  cm'^-V"  range. 

CONCLUSION 


A  MOSFET  processed  with  TiOj  gate  oxide  was  fabricated  and  tested.  The  barrier  for 
emission  was  between  0.94  and  1.0  eV  for  all  high  temperature  anneal  samples  in  the  oxygen 
ambient.  The  absence  of  temperature  dependence  suggests  that  the  post-stress  current  is 
dominating  by  tunneling  over  the  temperature  range  studied.  Ramped  current  and  voltage  studies 
showed  a  clear  breakdown  at  an  applied  field  of  approximately  3.2  MV/cm,  but  TDDB 
measurements  showed  very  little  effect  after  stressing  at  more  moderate  fields.  Leakage  current 
through  the  TiOj  increased  after  electrical  stressing.  At  a  2  V  accumulation  bias  the  leakage  current 
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increased  by  a  factor  of  10  after  1.0  Coul/cm^  and  another  factor  of  50  after  100  Coul/cm^,  but  no 
clear  discontinuity  in  the  constant  current  or  constant  voltage  curves  are  seen.  Measurements  of  the 
high  and  low  frequency  capacitance  indicate  that  virtually  no  interface  states  are  created  during 
stress.  The  increase  in  current  may  be  due  to  creation  in  leakage  upon  electrical  stress  suggests  that 
uncharged,  near-interface  states  may  be  created  in  the  TiOj  film  near  the  Si02  interfacial  layer  that 
give  rise  to  increased  tunneling  le^age.  The  lack  of  a  breakdown  event  however,  suggests  that 
these  films  may  be  extremely  robust  as  gate  dielectrics. 


Figure  7.  A  family  curves  for  10  (gate  width)  x  1.25  (gate  length)|Lim^  transistor. 
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ABSTRACT 

We  present  characteristics  of  Al/Si3N4/Si/n-GaAs  metal-insulator-semiconductor 
(MIS)  interfaces  grown  on  GaAs(l  1 1)B  prepared  with  a  combination  of  in  situ  molecular 
beam  epitaxy  (MBE)  and  chemicaJ  vapor  deposition  (CVD)  techniques  .  The  density  of  the 
surface  states  in  the  high  10^®  eV'^  cm'^  near  the  GaAs  midgap  for  the  GaAs  grown  at 
575°C  and  625°C  was  obtained.  The  MIS  structure  with  GaAs  homoepitaxial  layer  grown 
at  625®C,  showing  smoother  surface  morphology  than  the  surface  grown  at  575  °C, 
exhibited  small  hysteresis  which  was  as  small  as  30  mV  under  a  field  excursion  of  1.5 
MV/cm.  The  presence  of  a  1  MHz  frequency  response  at  77  K  suggests  that  the  traps  be 
within  60  meV  of  the  conduction  band  edge  of  GaAs  . 

INTRODUCTION 

Unpinning  the  GaAs  surface  Fermi  level  is  key  to  the  realization  of  viable  GaAs 
metal-insulator-semiconductor  field-effect-transistors  (MISFETs).  As  observed  recently, 
this  is  achieved  fairly  well  by  utilizing  an  epitaxial  Si  or  Ge  interlayer  grown  on  GaAs.i'^ 
The  pseudomorphic  Si  interlayer  is  thought  to  prohibit  the  formation  of  an  intervening 
native  oxide  prior  to  the  insulator  deposition  and  the  outdiffusion  of  the  volatile  group  V 
element. The  optimum  thickness  of  the  Si  interlayer  for  the  best  C-V  characteristics  in 
Si3N4/Si/GaAs  capacitor  grown  on  GaAs(OOl)  is  about  10  A  with  minimum  interface  trap 
density  Djt  ~  mid  lO^^  eV'i  cm-2.3  This  trap  density  may  be  considered  low  enough  to 
yield  unpinned  Fermi  level  in  the  GaAs  MIS  structure.  Almost  all  of  the  GaAs  based  MIS 
structures  were  prepared  on  GaAs(OOl)  substrate  presumably  because  the  surface 
morphology  is  smoother  with  GaAs(OOl)  than  with  GaAs  (110)  and  GaAs(l  1 1).  However, 
the  growth  on  GaAs(lll)  surfaces  with  features  is  not  uncommon.  These  growths  at 
various  temperatures  and  related  parameters  (e.g.,  surface  morphology,  doping,  etc.)  have 
been  studied  extensively.'^-'^  Owing  to  the  importance  of  low  threshold  current  lasers^  and 
electro-optical  devices^  with  strong  internal  fields  generated  piezoelectrically,  significant 
attention  has  been  paid  to  epitaxial  growth  on  GaAs(l  1 1)B  substrates.'^-'^  No  attempts  have, 
however,  been  made  to  investigate  the  interface  properties  of  MIS  structure  grown  on 
GaAs(lll)B  substrate.  Rougher  surface  morphology  of  the  GaAs(lll)B  surface  as 
compared  to  the  GaAs(lOO)  surface,  and  an  incomplete  growth  mechanism  of  epitaxial 
growth  of  GaAs  on  GaAs(ll  1)B  surfaces  are  probably  the  causes  behind  it.  Since  the 
growth  of  prepattemed  GaAs(lOO)  results  in  the  evolution  of  (/ill)  type  facets  including 
(1 11)B,6  and  the  energy  levels  in  the  quantum  well  of  Si3N4/Si/GaAs  strutures  grown  on 
GaAs  (1 1 1)  are  almost  unconfined  by  the  theoretical  calculation,^®  ^  study  of  MIS  interface 
on  GaAs  (111)  substrate  is  crucial  to  gauge  the  availability  of  the  inverted  charges  from 
GaAs  channels. 

In  this  article,  we  report,  for  the  first  time,  the  application  of  a  pseudomorphic  Si 
interlayer  to  ideal  GaAs  MIS  diodes  on  n-GaAs(l  1 1)B  substrate.  The  results  from  in  situ 
deposited  Si3N4/Si/n-GaAs  MIS  devices  clearly  demonstrate  the  accumulation,  depletion 
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and  inversion  regions  with  a  minimum  trap  density  of  8x10^0  cm’^  eV'l  as  determined  by 
the  conductance  method. 

EXPERIMENT 

The  GaAs(l  1 1)B  substrate  with  5°  miscut  toward  [100]  direction  was  degreased  and 
etched  in  NH40H:H202:H20  =  3:1:150  for  about  3  min.  prior  to  loading  into  the  system. 
The  formation  of  GaAs  MIS  capacitors  was  initiated  by  the  growth  of  a  0.5  |im,  5x10^^  cm- 
^  Si-doped  GaAs  buffer  layer  on  a  n+  GaAs(lll)B  substrate  in  Perkin  Elmer  molecular 
beam  epitaxy  (MBE)  system.  The  surface  reconstruction  pattern  and  the  surface 
morphology  were  recorded  with  reflection  high  electron  energy  diffraction  (RHEED)  and 
Nomarski  microscope,  respectively,  as  a  function  of  growth  temperature.  The  ratio  of  As  to 
Ga  fluxes  during  the  growth  of  GaAs  buffer  layer  was  kept  about  5  during  the  entire 
growth.  The  sample  was  transferred  via  an  ultrahigh  vacuum  (UHV)  transfer  tube  (<  2x10-^ 
Torr)  to  a  UHV  chamical  vapor  deposition  (CVD)  system.  Then  a  Si  interlayer  about  10  A 
was  employed,  followed  by  a  200  A-thick  Si3N4  layer  deposited  at  250  W  and  350°C. 
Employing  an  in  situ  X-ray  photoelectron  spectroscopy  (XPS),  measurement  of  very  thin  (~ 
10-20  A)  Si  interface  layer  thickness  could  be  made  with  a  reasonable  accuracy. ^ 
Experimental  details  concerning  the  CVD  deposition,  the  MBE  growth,  and  MIS  capacitor 
fabrication  have  been  presented  elsewhere.2.ii,3 

Following  the  thermal  desorption  of  the  surface  oxides  at  600  ±  10°C,  the 
GaAs(lll)B  surface  yielded  a  faint  (  Vl9x  Vl9)  surface  reconstruction.  GaAs 
homoepitaxial  layers  of  0.5  |im  thickness  on  GaAs(l  1 1)B  showed  mirrorlike  features  in  the 
surface  morphology  when  grown  at  the  substrate  temperatures  of  575  and  625  °C, 
respectively.  However,  the  sample  grown  at  530  °C  depicted  rough  surface  morphology, 
displaying  three  fold  pyramids  and  some  other  types  of  defects.  During  the  growth,  the 
surface  reconstruction  of  the  film  grown  at  625'’C  changed  to  (1x1)ht^^  while  that  of  the 
film  grown  at  575°C  maintained  (  Vl9x  Vl9).  Nomarski  observation  demonstrated  better 
surface  morphology  on  the  as-grown  layer  when  grown  at  625'’C  rather  than  at  575  °C. 
Since  the  higher  substrate  temperature  may  reduce  the  relative  amount  of  As  and/or  increase 
the  cation  (Ga  atoms)  migration  length  on  GaAs  surface,  the  smoother  surface  morphology 
was  thought  to  be  obtained  at  elevated  growth  temperatures,  which  is  also  reported 
elsewhere.5’^ 

RSULTS  AND  DISCUSSION 

Fig.  1  depicts  the  typical  C-V  characteristics  of  the  Si3N4/Si  /  n-GaAs  capacitors 
grown  on  GaAs(lll)B.  The  high  frequency  C-V  (HFCV)  and  quasi-static  C-V  (QSCV) 
curves  of  MIS  diodes  with  a  GaAs  growth  temperature  of  575  °C  are  shown  in  Fig.l  (a). 
These  curves  exhibit  ideal  C-V  characteristics.  Experimental  C-V  curves  as  a  function  of 
gate  voltage  and  GaAs  growth  temperatures  are  presented  in  Fig.  1(b).  For  the  sake  of 
comparison,  the  theoretical  C-V  profile  is  also  shown  in  this  figure.  Typical  hysteresis 
values  of  about  60  mV,  as  shown  in  Fig.  1(a),  were  obtained  at  1  kHz  and  1  MHz  under  a 
field  swing  of  about  +  1  MV/cm  (bias  2  V).  A  reduction  in  hysteresis  by  about  30  mV 
(Fig.  1  (b)),  corresponding  to  a  charge  of  5.4x10^0  cm’^,  for  the  GaAs  grown  at  625  °C 
with  an  extended  field  swing  of  ±  1.5  MV/cm,  is  attributed  to  the  improved  surface 
morphology.  The  hysteresis  for  a  field  swing  of  +3  to  -  3  MV/cm  is  about  150  mV.  A 
frequency  dispersion  of  20  mV  between  the  1  kHz  and  the  1  MHz  C-V  curves  implies  that 
the  density  of  fast  interface  traps  with  response  times  shorter  than  1  ms  corresponds  to  a 
charge  density  of  ~  3.6  x  lO^®  cm-^  (Fig.  1  (b)).  The  density  of  slow  interface  traps  with 
response  times  longer  than  1  ms  is  also  quite  small  as  determined  by  the  small  frequency 
dispersion  (~20  mV)  between  20  Hz  and  1  KHz  (data  not  shown). 


328 


FIG.  1  (a) 


FIG.  1  (b) 


FIG.  1  (a)  Measured  1  MHz,  1  kHz  C-V  and  quasi-static  (QS)  C-V  curves  of  the 
Si3N4/Si/n-GaAs  capacitors  grown  on  GaAs(lll)B  substrate,  (b)  Hysteresis  and 
frequency  dispersion  of  the  GaAs  MIS  diode  are  plotted  as  a  function  of  substrate  growth 
temperature  (Ts).  The  theoretical  C-V  curve  is  superimposed. 

Superimposed  on  the  HFCV  curves  in  Fig.  1  (a)  is  the  QSCV  curve.  The  nature  of 
this  deep  QSCV  curve  confirms  the  existence  of  high-quality  gate  insulator  as  well  as  small 
amount  of  interface  defects  which  will  be  discussed  later.  The  flat-band  (FB)  voltage  shift 
(AVfb)  as  determined  by  FB  capacitance  method, assuming  that  the  channel  comprised  of 
only  GaAs,  is  about  0.42  V  for  the  MIS  diode  prepared  at  T^  of  575  °C.  This  amount  of 
AVfb  corresponds  to  a  fixed  or  trapped  charge  density  of  ~  7.5x10^  ^  cm-2  at  the  interfacial 
region.  On  the  other  hand,  the  AVfb  of  the  MIS  capacitor  grown  at  a  temperature  Tg  =  625 
°C  is  shifted  by  -0.2  V,  corresponding  to  a  positive  charge  density  of  4x10^  cm-2.  This  is 
a  topic  that  currently  deserves  our  attention. 

Fig.  2  shows  the  conductance  loss  (Gm/co)  versus  angular  frequency  (oo)  curves 
which  allow  us  to  extract  the  density  of  surface  states.  The  interface  trap  density  was 
determined  using  the  parallel  conductance  loss  (Gp/tu): 

Gp/®  =Ci2  (G^/®)  /  [(Gn,/®)2  +  (Ci  -  C^)2],  (1) 

which  may  be  obtained  by  removing  the  series  resistance  and  the  capacitance  effects  from 
the  measured  conductance  peaks  (Gm/co)  ^  2  ^jnce  the  measured  conductance  Gm  and  the 
measured  capacitance  Cm  are  not  equal  to  the  equivalent  conductance  Gp  and  the  equivalent 
capacitance  Cp.  The  Cj  is  the  insulator  capacitance  in  accumulation.  The  loss  peaks  in 
depletion  were  observed  to  follow  the  statistical  fluctuation  model.  12  The  interface  trap 
density  was  calculated  from^^: 

Dit=(Gp/®)fp[fD(CTs)qA]-l,  (2) 

where  fp  is  the  frequency  corresponding  to  the  peak  value  of  (Gp/®),  fois  the  universal 
function  as  a  function  of  the  standard  deviation  of  band  bending  (Og),  and  A  is  the  area 
(7x10"^  cm2)  of  the  capacitor.  The  fD(crs)  values  determined  from  our  samples  were  about 
0.35  to  0.40.  The  minimum  conductance  peak  of  3.2  pF  (Fig.  2)  is  obtained  at  a  gate  bias 
of  -0.35  V,  corresponding  to  Djt-  8x10^0  eV-^cm-^  at  0.10  eV  above  the  GaAs  midgap. 
Beyond  this  bias,  the  conductance  peak  occurs  at  frequencies  lower  than  100  Hz,  which  is 
an  apparatus  limit.  As  shown  in  Fig.  2,  with  increasing  surface  potential,  there  occurs  also 
an  increase  in  trap  density  in  the  upper-half  of  the  bandgap.  The  Djt,  as  determined  by  low 
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frequency  (LF)/ high  frequency  (HF)  methods  using  QSCV  and  1  MHz  C-V  was,  however, 
slightly  higher,  Dit  -2x10^1  eV-^cm-^. 

2  HG.  3 


FIG.  2  The  conductance  loss  (Gm/co)  -  log  angular  frequency  (co)  of  the  Si3N4/Si/n-GaAs 
capacitors  to  extract  the  density  of  surface  states.  The  applied  gate  voltages  are  shown. 

FIG,  3  Temperature  dependent  C-V  characteristics  of  Si3N4/Si/  n-GaAs  capacitors  on 
GaAs(lll)B  substrate.  The  GaAs  epilayers  are  grown  at  575  °C.  The  samples  are 
measured  at  room  temperature  (RT)  and  liquid  nitrogen  temperature  (77  K). 

Temperature  dependent  C-V  measurement  for  Si3N4/Si/  n-GaAs  MIS  diode  at 
various  frequencies  is  performed  to  confirm  the  unpinned  GaAs  Fermi  energy,  representing 
full  accumulation  even  at  77  K  (Fig.  3).  It  is  noted  that  the  capacitance  frequency  response 
relates  to  the  separation  of  the  interface  pinning  levels  from  the  majority  carrier  band 
edge.bi3  The  time  constant  (T)  of  the  interface  states  is 

Ttrap  =  ((Jn  3)th  N^)'!  exp  [  (Ec  -Et)  /kT],  (3) 

where  Nc  is  the  density  of  states  in  the  conduction  band  (~  4.7x10^”^  for  GaAs).  Taking 
the  conservative  value  of  the  capture  cross  section  ( CJn )  as  10  '^  cm^,  the  average  thermal 
velocity  (Dth)  as  cm/s,  and  the  Boltzmann's  constant  (  /: ),  we  claim  that  1  MHz 
frequency  response  at  77  K  requires  that  the  traps  be  within  60  meV  of  the  conduction  band 
of  GaAs.  This  is  possible  only  when  the  GaAs  Fermi  energy  within  GaAs  band  gap  is 
unpinned.  It  was  noted  that  the  peak  values  of  the  measured  loss  for  SisN^Si/n-GaAs 
structure  increase  rapidly  with  decrease  in  temperature,  although  the  trap  level  is  quite  low, 
on  the  order  of  low  IQl’  eV'^  cm“^  (not  shown).  There  is  a  noticeable  frequency 
dispersion  of  C-V  curves  between  1  MHz  and  1  kHz  measured  at  77  K.  This  dispersion 
suggests  the  existence  of  fast  traps  which  are  unable  to  follow  the  applied  small  signal  at 
high  frequencies,  and  thus  cause  conducatance  loss. 
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CONCLUSION 


Based  on  an  in  situ  deposition  approach  promising  interface  properties  of  MIS 
diode  gated  on  GaAs(l  11)B  surface  have  been  achieved  for  the  first  time  with  minimum 
interface  state  densities  in  the  high  10^^  eV'^  cm'^.  The  low  density  of  surface  states  as 
well  as  the  presence  of  1  MHz  C-V  at  liquid  nitrogen  temperature  confirm  the  realization  of 
unpinned  GaAs  surface  Fermi  level.  The  MIS  structures  with  these  characteristics  may  be 
suitable  for  successful  fabrication  of  GaAs-based  MISFET  devices.  It  would  likely  be 
possible  even  on  the  prepattemed  GaAs(lOO)  substrate. 
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ABSTRACT 

An  interfacial  layer  is  formed  between  the  TEOS{tetraethylorthosilicate)  based  oxide  and 
silicon  substrate  when  the  oxide  is  thermally  treated  and  it  shows  unique  properties  by 
leaving  a  unremovable  layer  in  an  HF (hydrofluoric  acid)  dipping.  While  the  interface  formed 
in  the  temperature  range  of  950  -  1100  °C  demonstrates  hydrophilic  state,  it  renders  the 
surface  hydrophobic  in  the  higher  range  of  1150  -  1200  °C.  Its  characteristics  are  analyzed 
by  ESCA  and  the  measurement  of  water  contact  angle  on  the  silicon  surface  after  stripping 
the  oxide. 

INTRODUCTION 

Oxide  has  been  widely  used  as  a  capping  material  for  preventing  out-diffusion  of  dopant 
atoms.  In  the  diffusion  process,  therefore,  the  oxide  is  typically  undergone  a  thermal 
treatment  at  a  relatively  high  temperature.  After  driving-in  of  dopants,  the  oxide  layer  has  to 
be  completely  stripped  in  an  HF  dipping  and  the  removal  of  oxide  is  monitored  by 
hydrophobic  nature  of  bare  Si  surface.  Typically  oxide  layers  for  this  purpose  have  been 
prepared  by  several  techniques  such  as  LP(low  pressure),  AP(atmospheric  pressure),  and  PE 
(plasma  enhanced)  chemical  vapor  deposition.  In  this  study,  silane {SiH4} is  used  as  a  source 
gas  for  LP,  AP  and  PECVD,  and  TEOS  {Si(C2H5  0)4}  is  for  PECVD.  Among  the  oxide  films 
produced  by  these  methods,  however,  TEOS  based  oxide  prepared  by  a  PECVD  technique 
shows  distinct  characteristics  in  a  thermal  treatment. 

When  the  TEOS  oxide  films  are  annealed  at  high  temperatures  in  the  range  of  850  -  1200 
°C  and  stripped  in  an  HF  dipping,  a  certain  unremovable  layer  is  appeared  to  be  remained  on 
the  top  of  Si  surface.  The  occurrence  of  interfacial  layer  has  been  noticed  by  its  unusual 
appearance  of  the  water  contact  angle  and  a  high  sheet  resistance  on  the  doped  silicon 
substrate.  It  is  generally  known  that  the  surfaces  of  bare  silicon  wafer  stripped  in  an  HF 
solution  and  organic  compounds  tend  to  be  hydrophobic  while  silica  and  silicate  surfaces 
exhibit  hydrophilic  [1],  In  this  sense,  the  quantitative  comparison  analyses  are  necessary  to 
understand  the  origin  of  thin  interfacial  layer  of  the  heat  treated  TEOS  based  oxide  and  its 
properties. 

EXPERIMENTAL  PROCEDURE 

A  process  sequence  for  the  sample  preparation  and  the  measurement  is  shown  in  Fig.l. 
All  oxide  layers  prepared  by  several  different  methods  were  annealed  at  the  temperature  of 
1075  U  in  a  nitrogen  ambient  while  TEOS  based  oxides  were  undergone  various  thermal 
treatments  additionally.  Among  the  samples  the  TEOS  based  oxide  shows  distinct  behavior  in 
the  measurement  of  water  contact  angle  as  demonstrated  in  Fig.  2.  After  removing  the 
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Bare  wafer 

I 

Oxide  deposition  :  3000  A  thick 
(SiH4  based  AP,  LP,  PECVD  and  TEOS  based  PECVD) 

i 

Thermal  annealing 


All  Oxides  at  1075  “C 


TEOS  based  Oxides  at 
850,  950,  1000,  1050, 
1100,  1150,  and  1200  V 


i 

Oxide  Strip  (3  minutes  in  1;1  HF) 

Contact  angle  measurement 
and  ESCA  analyses 


Figure  1.  Process  flow  for  sample  preparation 


A  B  C  D  E  F 


Figure  2.  Contact  angle  measurements  on  the  stripped  silicon 
surface  after  annealing  of  oxides  at  1075°C  and 
stripping  in  an  HF  solution 

(*  Where,  the  contact  angle  of  thermal  oxide  (A)  is 
measured  on  the  oxide  surface  for  reference.) 
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TEOS  based  oxide  in  an  HF  solution,  the  bare  silicon  surface  has  been  appeared  to  be 
hydrophilic  state  with  the  contact  angle  of  31.4°  which  is  close  to  the  contact  angle  of 
30.9°  for  the  surface  of  thermal  oxide  obtained  in  this  test. 

RESULTS  AND  DISCUSSION 

Water  contact  angle  measurements  are  also  performed  on  the  TEOS  oxide  stripped  Si 
surfaces  which  have  been  annealed  at  several  different  temperatures.  It  demonstrates  that  the 
surface  state  changes  from  hydrophilic  in  the  temperature  range  of  950  -  1100  °C  with  a 
minimum  contact  angle  of  31.4°  at  1075  °C  to  hydrophobic  in  the  range  of  1150  -  1200  °C 
as  shown  in  Fig.  3.  The  water  contact  angles  for  a  bare  Si  wafer  and  a  thermal  oxide 
measured  in  this  test  are  represented  as  dotted  lines  for  reference.  Difference  in  surface 
states  of  oxide  stripped  silicons  is  easily  discernible  and  it  is  obviously  indicative  of 
variations  in  elemental  compositions  of  the  interface  at  the  given  annealing  temperature. 

Since  carbon  atoms  are  contained  in  a  TEOS  source  gas,  the  movement  of  carbon  atoms 
in  high  temperature  environment  is  expected  to  be  important  to  understand  the  interfacial 
layer  [2,3].  Therefore,  surface  analyses  using  ESCA  have  been  performed  to  investigate  the 
details  of  composition  of  the  thin  interfacial  layer  formed  by  annealing  of  TEOS  based  oxide 
on  the  silicon  substrate. 


Figure  3.  Contact  angle  measurement  on  the  TEOS  oxide  stripped  silicon 
surface  after  thermal  treatment  at  various  temperatures 
(*  The  minimum  value  of  water  contact  angle  is  obtained  at  the 
temperature  of  1075°C.  ) 
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To  enhance  the  resolution  of  depth  profile  of  each  atomic  constituent,  a  shallow  detection 
angles  of  15°  and  a  nomal  angle  of  30°  to  the  photoelectron  analyzer  were  used  separately. 
With  a  nomal  angle  of  detection,  relative  atomic  compositions  shown  in  Fig.4  of  the 
interfacial  layers  are  obtained  for  each  different  thermal  condition.  It  is  represented  as  the 
ratio  of  SiOx  +  Si02  to  SiC  and  the  data  show  1.8:1,  2.2:1,  and  0.9:1  for  850  °C,  1075  °C, 
and  1200  °C,  respectively.  From  this  result,  it  is  believed  that  an  oxygen-rich  phase  is  found 
at  the  interface  as  the  annealing  temperature  is  increased  and  its  formation  reaches  a 
maximum  amount  at  1050  °C.  This  also  indicates  that  oxygen  rich  phase  at  the  surface 
results  in  a  hydrophilic  state. 

In  addition,  variations  in  the  amount  of  SiC  composition  in  the  interlayer  is  also  noticed 
by  the  depth  profiling  of  atomic  constituents  with  a  shallow  detection  angle  of  15°  as  shown 
in  Fig.  5.  Each  raster  scan  indicates  depth  profiling  of  silicon  and  carbon  atoms  from  the  top 
surface  of  the  interfacial  layer  to  the  bulk  silicon  with  a  total  information  depth  of  about 
50  A.  The  depth  profiles  on  the  stripped  Si  surface  show  the  prominent  increase  of  the 
carbon  peaks  at  the  position  of  283.4  eV  for  the  higher  temperature  annealing  of  1200  °C. 
The  peaks  at  the  position  of  283.4  eV  are  attributed  to  the  carbon  atoms  originated  from  the 
TEOS  oxide  and  caused  by  the  SiC  composition  in  the  layer.  It  represents  that  carbon  atom 
diffusion  from  the  TEOS  oxide  to  the  silicon  surface  and  carbidization  at  the  silicon  surface 
is  enhanced  by  high  temperature  annealing.  It  also  shows  a  gradual  change  of  the  interlayer 
to  a  carbon  rich  phase  and  it  renders  the  surface  hydrophobic  by  the  contribution  of  organic 
compounds  [4]. 

CONCLUSIONS 

We  have  shown  that  the  relative  quantity  of  each  element  in  the  interfacial  layer  depends 
upon  the  annealing  temperature  of  TEOS  based  oxide  while  the  interfacial  layer  is  a  mixed 


Annealing  Temperature  (t]: ) 


Figure  4.  The  relative  compositions  of  the  interfacial  layer 
at  different  annealing  temperatures  of  850  °C, 
1075°C,  and  1200°C, 
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Figure  5.  Depth  profiles  obtained  by  ESCA  on  the  stripped  silicon  surface 
indicate  prominent  increase  of  carbon  peaks  at  283.4  eV.  These  peaks 
are  originated  fi-om  the  SiC  composition  in  the  thin  layer.  In  this 

figure  (a),  (b),  and  (c)  represent  samples  annealed  at  different 

temperatures  of  850*0,  1075*0,  and  1200*0,  respectively. 
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state  of  silicon,  oxide,  and  carbon.  At  the  annealing  temperature  range  of  above  950  “C,  the 
formed  interlayer  is  unremovable  in  an  HF  dipping,  which  is  due  to  incorporation  of  carbon 
atoms  diffused  from  TEOS  oxide  to  the  surface  of  silicon  substrate.  In  addition,  the  relative 
ratio  of  oxygen  and  carbon  elements  in  the  layer  determines  the  surface  state  to  be  either 
hydrophilic  or  hydrophobic. 
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Abstract 

The  influence  of  interfacial  nanostructure  on  electron  emission  from  diamond  coated  Mo  emitters 
is  presented.  Diamond  coating  is  known  to  increase  electron  emissivity,  but  interfacial  oxides  and 
an  amorphous  layer  change  the  magnitude.  After  annealing,  emissivity  was  enhanced  further  and 
MojC  was  formed  at  the  interface,  as  well  as  a  decrease  in  the  oxides  and  amorphous  layers.  The 
shape  of  the  FEM  image  changed  but  no  individual  emitting  sites  were  observed.  Possible 
mechanisms  causing  these  changes  are  discussed. 

Introduction 

Recently  there  has  been  increased  interest  in  vacuum  microelectronic  devices,  especially  for 
flat  panel  displays.  To  improve  field  emission  properties,  diamond  field  emitters  are  being  developed 
and  show  promising  results  [1-4],  Diamond  possesses  many  desirable  properties,  such  as  a  wide  band 
gap  (5.4  eV),  current  stability,  and  negative  electron  aflBnity  (NEA)  on  several  faces  after  certain 
surface  treatments  [5].  Previous  results  indicate  that  high  current  emission  at  a  low  electric  field  is 
possible  from  diamond  coated  field  emitters,  but  the  reasons  are  not  clear.  Several  studies  explain  the 
high  emissivity  as  due  to  defects  state  in  the  gap[6],  others  due  to  conducting  channels  in  the  diamond 
[7]  and  high  n-type  doping  [2  ].The  high  emissivity  from  diamond  coatings  can  be  explained  by  the 
low  electron  effective  mass  in  diamond  and  by  substitutional  nitrogen  doping,  which  produces  a  state 
located  1 .7eV  below  the  conduction  band  minimum  [8]. 

Even  if  the  diamond/vacuum  surface  exhibits  NEA,  the  diamond/metal  interface  remains  a 
barrier  to  the  electron  supply.  A  lower  interfacial  barrier  could  provide  higher  electron  emissivity  and 
more  stable  electron  emission.  However,  it  is  well  known  that  the  electrical  properties  are  sensitive 
to  the  electronic  structure  of  interfaces.  Research  has  been  reported  on  metal/diamond  interfaces. 
Carbide  formation  tends  to  show  ohmic  contact  at  the  interface  such  as  Moazed  et  al.  [9  ]  reported 
an  ohmic  contact  on  Mo/diamond  interfaces  after  annealing.  Tachibana  et  al.[10]  and  Gildebalt  et  al. 
[1 1]  suggested  a  titanium  carbide  formed  during  annealing  may  alter  the  Schottky  barrier  to  form  an 
ohmic  contact.  S.  Mikhailov  et  al.[12  J  reported  the  formation  of  M02C  carbide  at  a  temperature  as 
low  as  400  °C  on  a  Mo  deposited  CVD  diamond. 

In  this  study,  diamond  coating  and  subsequent  annealing  effects  on  the  interface  between 
diamond  and  Mo  are  correlated  with  the  electron  emission  properties.  To  clarify  the  mechanisms,  I-V 
characteristics,  FEM  images,  and  electron  energy  distribution  data  were  taken  before  and  after 
annealing  on  the  same  emitters  and  the  same  interface  was  examined  later  by  TEM. 


339 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  448  ®  1997  Materials  Research  Society 


Experimental  Procedure 

Mo  emitters  were  fabricated  by  electrochemical  etching.  High  pressure  high  temperature 
(HPHT)  type  Ib  diamond  powder  was  deposited  on  the  emitters  by  dielectrophoresis  [13],  The 
current-voltage  (I-V)  characterization  was  carried  out  in  a  combined  field  emission  microscope 
(FEM)  and  anode  Faraday  cup  system  under  an  ultra  high  vacuum  (10'^  Torr)  with  a  tip-to-anode 
distance  of  10  mm.  The  emitting  current  was  measured  by  an  electrometer  and  the  data  was  recorded 
by  computer  through  an  IEEE-488  interface,  with  each  data  point  sampled  60  times  at  time  intervals 
of  0.25sec.  Before  measuring  I-V  data,  the  tip  was  conditioned  at  a  current  of  lOOnA  to  remove  the 
absorbed  gas  on  the  tip  surface.  Diamond  coated  emitters  were  annealed  in  a  hydrogen  atmosphere 
at  400  -  600  ‘’C  for  times  varying  fi-om  30  min.  to  2hrs.  After  I-V  characterization,  field  emission 
images  from  the  same  emitter  were  observed  on  a  Chevron  microchannel  plates-fiber  optic  imaging 
assembly  under  a  vacuum  of  10'^  Torr.  The  diamond  coating  morphology  and  the  diamond/Mo 
interface  microstructure  were  analyzed  by  both  scanning  electron  microscopy  (SEM)  and  high 
resolution  transmission  electron  microscopy  (HRTEM). 

Results  and  Discussion 

The  field  emission  I-V  characteristics  of  each  Mo  field  emitter  was  measured  before  and  after 
diamond  deposition  (Fig.l).  After  diamond  coating  (coating  thickness  0.2pm)  the  electron  emissivity 
of  each  emitter  was  found  to  increase  several  orders  of  magnitude,  which  is  comparable  to  the  data 
presented  earlier  [3,4].  In  conjunction  with  I-V  data,  changes  in  the  spatial  distribution  of  the  field 
emission  distribution  were  viewed  on  imaging  assembly  as  shown  in  Fig.2.  Field  emission  was 
confined  to  one  area,  which  appeared  more  uniform  and  considerably  brighter  after  coating.  After 
coating  the  image  was  also  somewhat  compressed  compared  with  the  uncoated  emitters.  However 
,  several  emitting  spots,  which  would  relate  to  certain  crystal  faces  or  small  protrusions,  were  not 
observed.  ^^.5 
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Fig.  1  I-V  characteristics  of  a  diamond  coated  Mo  emitter  before  and  after  diamond  coating.  The  tip-to 
anode  distance  was  10mm.  The  tip  height  was  1.5mm  and  the  Mo  tip  radius  was  80nm. 
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Fig.2  Field  emission  images  from  a  diamond  coated  Mo  emitter  corresponding  to  the  I- V  data  in  Fig.  1 . 

After  diamond  coating,  the  electron  beam  was  confined  to  on  one  area,  whereas  before  coating,  several 
area  showed  emission.  The  size  and  bri^tness  of  the  beam  increased  when  the  applied  field  was 
increased. 

It  was  found  from  HRTEM  analysis  that  a  native  oxide  M0O3  {~100A  thick)  and  an  amorphous 
layer  exist  at  the  diamond/Mo  interface.  The  oxides  were  naturally  present  after  specimen  preparation 
and  amorphous  layers  are  probably  due  to  impurities  surrounding  the  diamond  powder  [15], 
However,  electrons  can  tunnel  through  such  a  thin  amorphous  interfacial  layer,  even  though  it  may 
produce  a  potential  drop.  In  fact,  the  result  of  our  previous  electron  energy  analyses  showed  that  the 
position  of  the  energy  distribution  peak  dropped  linearly  according  to  the  bias  applied  to  the  diamond 
coated  emitters  [16],  This  peak  shift  was  explained  in  terms  of  a  potential  drop  which  could  be 
related  to  the  Mo/diamond  interfaces  and  diamond  bulk  (defects,  grain  boundary,  etc.).  If  electrons 
are  emitted  at  the  minimum  of  the  conduction  band  of  the  diamond,  then  the  peak  position  is  related 
to  the  potential  drop  across  the  interfaces  and  across  the  diamond  bulk.  Field  penetration  seems  the 
most  plausible  means  for  electrons  from  the  metal  tip  to  be  transferred  through  the  interface  and  the 
diamond  and  then  emitted  at  the  diamond  surface  (Fig. 3). 


Fig.  3  The  ®ergy  band  diagram  of  a  diamond  coated  Mo  emitter.  Electrons  tunnel  through  a  thin  oxide 
layer  (100 A)  to  the  conduction  band  of  the  diamond,  travel  through  the  diamond,  and  emitted  into  die 
vacuum.  The  electron  energy  distribution  is  shown  on  the  right.  The  peak  shift  and  height  increased  when 
the  apphed  field  increased. 
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Our  studies  also  found  from  HRTEM  results  that  regions  of  small  M02C  carbide  particles  were 
formed  at  the  Mo/diamond  interface  during  annealing  at  -435  ”C  (Fig.4).  The  lattice  constant  of 
diamond  is  a=3.561  A  and  that  of  M02C  is  a=2.61  A.  Thus  the  lattice  mismatch  between  diamond  and 
M02C  leads  to  defect  formation  at  the  interface  during  carbide  formation.  Tachibana  et  al.[10  ] 
suggested  that  such  defects  could  be  generated  during  carbide  formation  and  thereby  reduce  the 
depletion  layer  of  diamond  at  the  diamond/metal  interface.  The  result  of  on  I- V  characterization  show 
clearly  that  annealing  increased  the  electron  emissivity  substantially  (Fig.  5).  FEM  image  shows  that 
no  specific  emitting  sites  which  may  be  related  to  the  protrusion  or  second  phase  carbides  were  not 
observed  on  the  annealed  emitter.  The  beam  brightness  increased  and  emitting  shape  changed  after 
annealing  (Fig. 6).  It  seems  likely  that  carbide  formation  plays  a  prominent  role.  Carbide  can  enhance 
the  electron  emission  in  several  reasons:  First,  a  carbide  may  increase  local  field  enhancement  at  the 
diamond  /  Mo  interface.  Second,  defect  generation  at  the  diamond  /  Mo  interface  during  carbide 
formation  may  produce  defect  subband  in  the  diamond  band  gap  and  may  reduce  the  depletion  layer. 
Finally,  the  carbide  creates  a  good  chemical  contact  between  diamond  particles  and  the  Mo  substrate.. 
Our  previous  electron  energy  distribution  measurements  on  an  annealed  diamond/Mo  emitter,  showed 
that  the  potential  drop  decreased  and  showed  non-linear  behavior  with  increasing  applied  bias.  The 
potential  drop  reduced  by  2eV,  compared  to  an  unannealed  diamond  coated  emitter  [14].  This 
reduction  seems  to  be  related  to  the  interfacial  structure  change  as  follows.  When  the  electron  barrier 
is  reduced  after  annealing,  electrons  are  injected  into  the  diamond  conduction  band  with  higher 
energies  than  the  minimum  of  the  conduction  band.  In  the  gradient  of  the  penetrating  field,  the  hottest 
electrons  can  ionize  impurities,  leaving  holes,  even  leading  to  avalanche  breakdown  [17].  The 
reduced  potential  drop  and  enhanced  emissivity  can  be  explained  by  the  interfacial  structure  change 
and  change  in  the  electron  transport  mechanism  (Fig.  7). 


Fig.  4  HRTEM  image  and  selected  area  electron  dififraction  of  a  diamond  powder/Mo  interface  after 
annealing.  Lattice  fringes  with  a  spacing  of  2.61  A  are  visible  in  this  image;  dc2i  (a-Mo2C)=2.61 3  A  and 
dioo  (P-Mo2C)=2.608A,  so  the  2.61  A  lattice  fringes  could  correspond  to  either  one  of  these  carbides. 
Faint  MojC  rings  are  visible  on  SAED,  as  indicated  by  the  arrow. 
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Fig.  5  I-V  characteristics  of  a  diamond  coated  Mo  emitter  before  and  after  annealing.  The  Mo  tip  radius 
was  lOOnm.  The  thickness  of  the  diamond  coating  was  1  pm. 


Fig.6  Field  emission  image  from  a  diamond 
coated  Mo  field  emitter  after  annealing.  The 
thickness  of  the  diamond  was  1pm.  After 
annealing,  the  beam  brightness  was  increased 
but,  no  other  emitting  sites  which  may  relate  to 
the  protrusion  or  second  phase  were  not 
observed. 


Fig.7  The  energy  band  diagram  of  a  diamond  coated  Mo  emitter  after  annealing.  Mo^C  phase  was  formed 
at  the  Mo  /  (fiamond  interfaces.  The  energy  barrier  for  electron  tunneling  was  lowered  by  carbide 
formation  and  field  induced  hot  electrons  are  emitted.  The  electron  energy  distribution  shows  that  the 
peak  shift  is  reduced  and  peak  height  is  increased  after  annealing. 
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In  summaiy,  FEM  images  of  diamond  coated  emitters  confirm  the  greatly  increased 
brightness  seen  in  I-V  measurements  and  showed  stable,  relatively  uniform  emission,  somewhat 
compressed  compared  with  uncoated  emitters.  MojC  precipitates  along  with  Mo  oxides  were  found 
at  the  Mo/diamond  interface  of  the  annealed  emitter,  but  amorphous  layers  were  removed.  The 
change  in  emission  mechanism  of  the  diamond  coating  and  following  annealing  was  discussed;  a  field 
penetrating  model  for  the  diamond  coated  emitter  and  hot  electron  emission  model  for  the  diamond 
coated  annealed  emitter  seems  the  most  plausible. 
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ABSTRACT 

A  novel  technique  to  realize  a  selectively  grown  Si  epitaxy  layer  has  been  developed. 
This  technique  consists  of  deposition  of  amorphous  Si  with  oxide-free  Si  surface,  selective  solid 
phase  epitaxial  (SPE)  growth  on  Si  windows,  and  etching  of  uncrystallized  amorphous  Si  on  SiOi 
layer.  Formation  of  surface  oxide  can  be  effectively  suppressed  by  flowing  Si2H6  gas  during 
heating-up  stage  to  the  deposition  temperature.  This  method  enables  us  to  grow  epitaxial  layer 
without  any  high  temperature  cleaning  procedures.  Substantially  higher  growth  rate  of  vertical 
SPE  on  Si  windows  over  lateral  SPE  on  Si02  regions  allows  the  growth  of  thick  SPE  layer  with  a 
minimized  lateral  overgrovvdh.  With  a  proper  etching  solution,  the  remaining  amorphous  Si  on 
Si02  layer  can  be  readily  etched  to  form  a  selectively  defined  epitaxial  layer  on  Si  windows. 

I  .  INTRODUCTION 

Fabrication  technique  to  realize  a  selectively  grown  Si  epitaxial  layer  at  low 
temperatures  has  great  potentials  for  novel  device  structures  for  ultra-large-scale  integrated 
(ULSI)  circuits.  The  most  common  technique  to  achieve  this  has  been  the  selective  epitaxial 
growth  (SEG)  which  facilitates  an  in-situ  selective  growth  during  the  vapor-phase-epitaxial 
process.  Usually,  SEG  could  be  obtained  at  high  temperatures  above  900  “C .  Recently,  there  have 
been  extensive  efforts  to  lower  the  SEG  temperatures [1-4],  Main  scheme  to  achieve  this  is  the 
rigorous  reduction  of  H2O  or  O2  contamination  in  epitaxial  reactor  as  well  as  process  gases.  The 
low  temperature  SEG  was  reported  by  atmospheric  pressure  CVD  (APCVD)  using  high  purity 
Si2H2Cl2  gas,  ultrahigh  vacuum  CVD  (UHVCVD)  and  gas  source  molecular  beam  epitaxy  (gas- 
source  MBE)  using  SiH4  or  Si2H6  gas[4-7].  Even  though  SEG  could  be  obtained  at  low 
temperatures  by  these  methods,  process  regimes  were  extremely  limited. 

We  report  an  alternative  way  of  achieving  SEG  layer  at  low  temperatures.  This  process 
uses  the  solid-phase-epitaxy  (SPE)  of  amorphously  deposited  Si  layer.  After  the  deposition  of 
amorphous  Si  at  low  temperatures,  annealing  is  performed  in  the  regime  where  SPE  growth  of 
amorphous  Si  on  Si  surfaces  selectively  occurs  and  amorphous  Si  on  Si02  remains  as  amorphous 
state.  Finally,  the  amorphous  Si  on  Si02  is  selectively  etched  using  a  proper  etching  solution. 

Normally  amorphously-deposited  films  on  Si  substrates  become  polycrystalline  Si 
referred  as  solid  phase  crystallization(SPC),  due  to  the  presence  of  oxides  at  amorphous  Si/Si 
substrate  interfaces[8].  Therefore,  for  SPE  of  amorphous  Si,  oxide-free  interfaces  are  prerequisite, 
which  also  requires  a  high  temperature  cleaning  process.  It  is  known  that  air-stable,  oxide-free 
surface  can  be  obtained  by  passivating  Si  surface  with  hydrogen  using  proper  surface  treatments 
such  as  HF  dipping[9-12].  However,  the  passivating  H  atoms  are  known  to  be  desorbed  from  Si 
surfaces  at  low  temperatures  of  400  ~  500  °C,  resulting  reaetive  bare  Si  surfaces[13].  These 
reactive  Si  surfaces  are  rapidly  reoxidized  by  absorption  of  oxygen  atoms  from  water  vapor  or 
oxygen  in  the  reaction  chamber.  Meyerson  et  al.[14]  suggested  the  oxide-free  surfaces  and  thus 
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successful  epitaxial  growth  can  be  obtained  either  in  low  temperature  regime  (<600  °C)  where  H 
passivation  persists,  or  in  high  temperature  regime  (>800  ‘’C)  where  oxide-free  surface  is 
thermodynamically  stable.  While  epitaxial  growth  of  high  temperature  regimes  strongly  depends 
on  vacuum  conditions,  that  of  low  temperature  for  H  passivation  will  be  somewhat  independent 
of  environment. 

An  effective  method  utilizing  the  low  temperature  epitaxy  regime  has  been  reported  by 
Kobayashi  et  al.[13].  They  could  realize  the  oxide-free  surface  and  epitaxial  growth  using  the 
conventional  LPCVD  by  flowing  SiH4  gas  during  the  heating-up  stage  for  epitaxial  growth.  This 
method  introduces  SiHx  environment  in  the  temperature  ranges  where  extensive  H  desorption 
occurs,  allowing  Si  surfaces  to  be  adsorbed  by  SiHx  species  instead  of  oxygen.  This  method 
seems  effective  in  realizing  amorphous  Si  films  without  interface  oxides  at  low  temperatures.  We 
applied  this  method  using  Si2H6  gases,  taking  account  of  high  decomposition  rate  of  Si2H6  at 
these  temperatures  (400  ~  500  "C). 

The  purposes  of  this  work  are  twofold.  First  is  to  explore  the  possibility  of  realizing 
selective  epitaxial  layer  using  SPE  and  selective  etching.  Second  is  to  investigate  the  effect  of  in¬ 
flowing  Si2H6  gases  during  heating-up  stage  on  the  suppression  of  interface  Si02. 

II .  EXPERIMENTS 

P-type  (100)  Si  wafers  with  Si02  patterns  using  conventional  LOCOS  processes  were 
used  as  substrates.  These  substrates  were  RCA-cleaned  and  UV  ozone-cleaned.  The  UV  ozone 
cleaning  is  known  to  be  effective  in  removing  the  hydrocarbon  contamination.  Subsequently  Si 
surfaces  were  passivated  by  HF  dipping  (7:1  diluted).  Amorphous  Si  films  were  deposited  using 
the  high  vacuum  chemical  vapor  deposition  system  (HVCVD)  with  a  load  lock.  The  initial 
vacuum  pressure  of  CVD  reactor  was  10'^  Torr.  The  deposition  was  carried  out  at  480  “C  at  0.5 
Torr  using  a  Si2H6  gas.  In  order  to  examine  the  sensitivity  of  SPE  growth  on  O2  or  H2O 
contamination,  deposition  was  carried  out  with  various  deposition  set-up  such  as  base  pressure, 
uses  of  load  lock,  and  heating-up  under  Si2H6  gas,  as  shown  in  table  1 .  For  SPE  growth  samples 
were  heat  treated  at  600  C  under  N2  ambient.  Film  microstructures  were  investigated  using 
transmission  electron  microscope  (TEM),  x-ray  diffractometer  (XRD),  and  Raman  spectrometer. 

III.  RESULTS 

Occurrence  of  SPE  was  investigated  by  XRD  studies  for  various  deposition  processes,  as 
referred  in  table  1.  When  deposited  amorphous  Si  is  crystallized  to  polycrystalline  Si,  films  show 
strong  (111)  textures.  Fig.  1  shows  the  (1 1 1)  peaks  in  the  samples  after  anneals  at  600  °C  for  20 
hrs  for  complete  crystallization.  Samples  without  flowing  Si2H6  gases  during  heating-up 
(processes  D  and  E),  show  the  (111)  peaks,  indicating  that  amorphous  Si  becomes  polycrystalline 
Si.  In  contrast,  samples  with  Si2H6  gas  (processes  A~C)  show  absence  of  (111)  peaks  indicating 
the  occurrence  of  SPE.  The  observation  of  SPE  for  A~C  processes  reveals  that  SPE  can  be 
obtained  without  high  vacuums  or  use  of  load  lock. 

Detail  microstructures  were  observed  by  TEM,  as  shown  in  Fig.  2a  and  b,  for  the  process 
E.  The  films  have  polyciystalline  structure  in  agreement  with  the  XRD  result.  A  high  resolution 
TEM  micrograph  reveals  that  about  20  A -thick  oxide  layer  exists  at  the  interfaces.  Fig.  3a  and  b 
are  for  process  C.  Amorphous  Si  is  SPE-grown  to  form  an  epitaxial  layer.  Any  oxide  layers  are 
not  observed,  even  though  some  oxide  clusters  still  exist  at  interfaces.  These  results  lead  to 
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conclusions  that  the  suface  oxide  layer  forms  in  the  course  of  heating-up  stage  toward  the 
temperature  of  Si  deposition  (480  °C).  Formation  of  these  oxides  seems  unavoidable  even  in  high 
vacuum  (10‘*  Torr)  and  high  heating  rate  (100  '’C/min.)  applied  in  this  work. 


Table  I  .  Various  process  conditions  of 
amorphous  Si  depositions. 
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Fig.  1 .  X-ray  (111)  diffraction  peaks  of 
crystallized  Si  films  anneals  at  600  ’’C. 


Fig.  2.  Cross  sectional  TEM  micrographs  of  SPC 


Fig.  3.  Cross  sectional  TEM  micrographs  of  SPE 


Crystallinities  of  SPE  layer  were  evaluated  by  Raman  spectrocopy.  For  this  study  5000 
A  -thick  amorphous  layers  were  deposited  with  process  C,  and  SPE-annealed.  Fig.  4  shows  the 
Raman  spectra.  The  SPE  layer  shows  a  sharp  peaks  at  521  cm'*  with  a  FWHM  (full  width  at  half 
maximum)  of  5.4  cm'*.  These  values  are  close  to  those  of  single  crystalline  Si  wafer,  521  cm'* 
and  5.7  cm'*,  indicating  a  high  crystalline  quality  of  the  SPE  layer. 


Fig.  4.  Raman  spectra  for  a)  Si  wafer,  b)  SPE  films,  and  c)  SPC  films 
Anneals  for  Selective  SPE  Growth 


In  order  to  obtain  SPE  layers  grown  exclusively  on  the  exposed  Si  windows,  vertical 
SPE  growth  should  be  completed  with  a  minimized  lateral  growth  over  Si02  regions.  Also, 
amorphous  Si  on  Si02  layer  should  remain  as  amorphous  state  after  SPE  anneals.  We  performed 
SPE  annealing  at  600  V .  Incubation  time  for  random  crystallization  of  amorphous  Si  on  Si02  is 
estimated  to  be  approximately  3  hrs  at  600  “C .  Fig.  5  shows  the  TEM  micrographs  showing  the 
SPE  growth  on  LOCOS  regions.  While  high  quality  SPE  layer  is  observed  for  vertical  growth, 
extensive  twin  defects  are  observed  in  the  regions  of  lateral  gro’wth.  Growth  rates  of  vertical  and 
lateral  growth  were  measured  by  TEM  works  and  shown  in  Fig.  6.  For  SPE  growth  at  600  °C, 
vertical  growth  rate  is  about  360  A /min.,  which  is  9  times  higher  than  that  of  lateral  growth  (40 
A /min.).  Taking  account  of  these  SPE  growth  rates  and  incubation  times,  we  can  grow  the 
selective  SPE  layer  to  the  maximum  thickness  of  4  /im  with  lateral  overgrowth  of  0.5  m  before 
random  crystallization  of  amorphous  Si  on  Si02. 

Selective  Etching  for  Amorphous  Si  on  Si02 

Realization  of  self-aligned  formation  of  SPE  layer  required  a  selective  etching  of 
uncrystallized  amorphous  Si  layer  on  Si02.  We  used  a  etching  solution  composed  of  40%  HNO3, 
49%  CH3COOH,  and  1%  HF.  Using  this  solution  we  could  etch  the  amorphous  Si  layer  without 
noticeable  etching  of  epi-Si  layer,  as  shown  in  Fig.  7.  This  solution  does  not  attack  the  underneath 
Si02  layer  either.  Fig.  8  shows  a  SEM  micrograph  showing  the  selectively  defined  SPE-epi  layer 
after  etching.  This  SPE  layer  were  grown  at  600  °C  for  Ihr.  Well-defined  SPE  regions  can  be 
observed  exclusively  on  Si  windows.  TEM  micrograph  after  selective  etching  reveals  that  the 
irregularities  of  edge  regions  of  SPE  layer  adjacent  to  Si02  layer  can  be  minimized  within  500  A 
(Fig.  9.). 
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Fig.  5.  Cross  sectional  TEM  micrographs  of  SPE  growth  after  anneals  at  600  C  for  a)  Ihr  and  b)  2hr 
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Fig.  6.  Rates  of  vertical  and  lateral  growth  of 
amorphous  Si  films  plotted  vs.  annealing  time. 
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Fig.  7.  Etching  selectivity  of  selective  etching 
solution  (HNO3 :  CH3COOH  :  HF  =  40  :  49  :  1). 
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IV.  CONCLUSIONS 

A  novel  technique  for  fabricating  selective  epitaxial  layer  through  SPE  growth  and 
selective  etching  has  been  investigated.  Suppression  of  surface  oxides  and,  thus,  successful  SPE 
growth  were  obtained  by  heating-up  with  Si2H6  environments  during  amorphous  Si  deposition. 
Selective  SPE  growth  on  Si  windows  avoiding  random  crystallization  of  amorphous  Si  on  Si02  is 
possible  in  wide  SPE-anneal  process  window.  A  substantially  higher  growth  rate  of  vertical  SPE 
on  Si  windows  than  that  of  lateral  SPE  over  Si02  layer  allows  grov^h  of  thick-SPE  layer  without 
significant  lateral  growth.  The  amorphous  Si  layer  on  Si02  can  be  readily  removed  by  a  proper 
etching  solution.  Through  these  processes  a  selective  epitaxial  layer  can  be  successfully 
fabricated  at  low  temperatures  (<600  °C )  and  without  ultra-clean  environment. 
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ABSTRACT 

The  growth  of  high  quality  Te  on  misoriented  Si(lOO)  is  important  as  an  intermediate  phase 
for  epitaxial  growth  of  CdTe.  The  misorientation  angle  plays  a  key  role  in  the  growth 
quality  of  CdTe/Si(100);  this  incited  our  curiosity  to  investigate  the  effect  of  the 
misorientation  angle  on  the  topography  of  the  surface  structure  of  Si(lOO).  Our  main  goal  is 
to  show  the  relation  between  the  misorientation  angle,  the  terrace  width  and  the  step  height 
distributions.  HRLEED  (  High  Resolution  Low  Energy  Electron  Diffraction  )  provides 
information  in  reciprocal  space  while  STM  gives  real  space  topographic  images  of  the 
surface  structure.  STM  and  HRLEED  measurements  were  performed  on  Si(lOO)  with 
misorientation  angle  i3=  0.5°,  1.5°  and  8°  towards  the  [110]  direction  and  i3=  4®  towards 
the  [130]  direction.  Except  for  the  8°  misorientation  in  which  case  a  regular  step  array  with 
diatomic  step  height  was  observed,  for  the  other  misorientations  the  terrace  width  was 
variable.  The  average  terrace  width  decreased  with  increasing  misorientation  angle.  A 
mixture  of  diatomic  and  monatomic  step  heights  was  observed  on  the  0.5°  and  1.5° 
misoriented  Si(lOO)  samples.  It  proves  that  one  can  not  assume  purely  monatomic  step 
height  for  low  misorientation  angles.  Our  results  do  not  agree  with  the  belief  that  at  low 
miscut  angle  A  and  B  terraces  are  equal  and  that  as  the  misorientation  angle  increases  the  B 
terrace  tends  to  be  wider  than  the  A  terrace.  In  fact,  pairing  of  terraces  was  not  observed  at 
all.  Te  was  deposited  at  a  substrate  temperature  of  200  C.  We  observed  a  significant 
reduction  in  the  terrace  widths  for  all  miscut  angles. 

INTRODUCTION 

In  recent  years,  the  growth  of  high  quality  thin  films  became  first  priority  because  of  the 
need  to  miniaturize  microelectronics.  Among  all  the  substrates,  Silicon  is  the  most  attractive 
one  not  only  for  its  high  crystalline  properties  but  also  for  its  availability  and  low  cost  in  the 
market.  The  growth  of  high  quality  CdTe  on  misoriented  Si(lOO)  represents  a  challenging 
and  yet  promising  project  for  technological  applications  (  substrate  fror  growth  of  MCT, 
for  x-ray  detectors)  [1-3].  The  misorientation  angle  plays  a  key  role  in  the  growth  quality  of 
CdTe/Si(l(X));  this  incited  our  curiosity  to  investigate  the  effect  of  the  misorientation  angle 
on  the  topography  of  the  surface  structure  of  Si(lOO).  Our  main  goal  is  to  show  the  relation 
between  the  misorientation  angle,  the  terrace  width  and  the  step  height  distributions. 
Si(lOO)  with  13=  0.5°,1.5°,4°  and  8°  misorientation  angles  towards  [110]  and  [130]  were 
systematically  investigated  using  HRLEED  (  High  Resolution  Low  Energy  Electron 
Diffraction  )  and  STM  (Scanning  Tunneling  Microscopy).HRLEED  provides  information 
in  reciprocal  space  while  STM  gives  real  space  topographic  images  of  the  surface  structure. 
Te  was  evaporated  from  a  Knudsen  cell  at  a  substrate  temperature  of  200  C.  We 
investigated  the  effect  of  coverage  and  temperature  on  the  Te  growth. 

EXPERIMENT 

The  experiments  were  performed  in  a  standard  UHV-chamber  at  a  base  pressure  of 
approximately  10"'°  torr.  The  chamber  is  equipped  with  a  HRLEED  or  SPA-LEED  [4,5] 
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and  an  STM  [6]  system.  Prior  to  introduction  to  the  vacuum  chamber,  samples  receive  an 
ex-situ  treatment  that  is  they  are  first  boiled  in  a  NH^OH  solution  to  remove  organic 
contaminants  then  submerged  in  a  dilute  HF  solution  to  strip  off  the  native  oxides;  finally, 
they  are  boiled  in  an  HCl  solution  to  grow  a  thin  protective  oxide  layer  which  is  removed 
upon  annealing  .  In-situ,  samples  are  annealed  at  1 100  C°  or  until  bright  diffraction  spots 
are  observed.  Both  STM  and  HRLEED  measurements  were  performed  on  Si(lOO)  with 
misorientation  angle  0.5°,  1.5°  and  8°  towards  the  [110]  direction  and  -0=  4  towards 
the  [130]  direction.  For  HRLEED  measurements,  profiles  of  the  specular  beam  (along  the 
[Oil]  and  [01 T])  at  room  temperature  for  different  electron  energies  were  recorded  by 
means  of  an  electrostatic  deflecting  system  that  scans  the  electron  beam  across  the  aperture 
of  a  channeltron  detector  [5].  By  varying  the  energy  of  the  incident  electrons  one  changes 
the  interference  condition  which  is  described  by,  S,  the  scattering  phase.  S  is  defined  as  the 
phase  difference  between  electrons  scattered  by  first  and  second  layer  atoms  in  multiples  of 
the  wavelength:  integer  values  of  S  correspond  to  an  in-phase  scattering  condition  while 
half-integer  values  correspond  to  an  out-phase  scattering  condition.  STM  measurements 
were  also  performed  on  the  different  Si(lOO)  misorientations  at  room  temperature. 

Te  was  evaporated  from  an  effusion  cell,  and  the  deposition  rate  was  monitored  by 
measuring  the  ion  current. 

RESULTS 


One  can  gather  qualitative  and  quantitative  information  from  HRLEED.  Th&  first 
information  is  just  a  basic  visual  inspection;  the  existence  of  spots  implies  periodicities  of 
the  substrate.  The  shape  of  a  spot  profile  provides  information  on  atomic  steps  and  island 
growth;  a  splitting  indicates  a  regular  step  array,  a  broadening  means  a  random  step 

arrangement  etc . The  second  information  is  extracted  (in  the  case  of  a  broadening)  from 

the  equation: 


a  AKi, 
D-  K,, 


(1) 


where  a  is  the  lattice  spacing,  AK//  is  the  full  width  at  half  maximum  of  the  broadened 
beam,  Kio  is  the  distance  in  reciprocal  space  between  the  specular  beam  and  the  (10)  beam 
and  D  is  the  average  terrace  width.  In  the  case  of  a  regular  step  array  the  terrace  width  is 
simply  inversely  proportional  to  the  splitting  distance  [7].  From  the  energy  (or  Kj^) 

dependence  of  the  spot  profile,  the  step  height  can  be  deduced.  For  "0  =  0.5°and  1.5°,  the 
out-phase  profile  of  the  specular  beam  showed  a  broadening  which  was  fitted  with  a 
Lorentzian  then  the  FWHM  was  deduced.  A  model  based  on  the  kinematic  approximation 
and  random  array  distribution  was  developed  [8]  with  y  being  the  total  probability  of 
meeting  a  step  such  as: 


9=1 


where  y^  is  the  probability  of  meeting  an  atom  displaced  vertically  (either  up  or  down)  by 
qd  {q  is  an  integer)  and  Q  is  the  maximum  step  height.  If  the  occurrence  of  a  step  a  one  site 
is  independent  of  its  occurrence  at  another  one,  then  one  can  assume  a  geometric 
distribution  for  the  terrace  width  given  by: 


P{M)^{l-yy^-'^y  (3) 

where  the  average  terrace  width  is  then  given  by: 
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<i>=7  (4) 

In  the  case  of  Si(lOO),  the  (2x1)  surface  reconstruction  had  to  be  taken  into  account.  For 
this  reason  a  two  dimensional  model  was  considered  [9]  with  and  y^  being  respectively 
the  step  probabilities  in  the  5j  and  directions  (a^  and  aj  are  the  horizontal  unit  vectors  in 
the  [Oil]  and  [Oil]  directions).  On  neighboring  terraces  with  monatomic  step  height  the 
two  probabilities  have  to  be  exchanged  because  of  the  (2  x  1)  surface  reconstruction.  At  the 
out-phase  condition,  the  total  intensity  is  the  incoherent  addition  of  the  intensities  scattered 
from  different  terraces.  Close  to  the  specular  reflection  (for  y,  =  ^2)  the  resulting  intensity 
profile  at  out-phase  reduces  to  a Lorentzian  along  the  [Oil]  direction: 

r  (1-p^)  1 

=  [a-p)^.%^  J 

where  p  =  / ,  f  is  called  the  “boundary  structure  factor”  or  average  phase  factor  for  pairs 
of  neighboring  sites  which  is  a  function  of  the  step  probability  [8]. 

For  =  0.5®and  1.5®  ,  the  profile  of  the  specular  beam  changed  from  intense  and  narrow 
at  in-phase  to  weak  and  broad  at  out-phase.  Figure  1  gives  a  typical  three  dimensional 
measurement  (only  a  selected  number  of  spectra  are  shown). 


1SQ00 


10000 


5000 


1.6  d«fl.  miscut,  T*RT,  along  the  [Oil] 
direction 


Figure  1.  In/out  of  phase  intensity  profiles  for  the  (00)  beam  at  room  temperature  (1.5  °) 

The  broadening  was  fitted  with  a  Lorentzian  and  from  the  FWHM  the  step  probability  was 
deduced.  The  average  terrace  width  decreases  with  increasing  angle  (from  133  A  to  about 
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70  A).  STM  measurements  on  Si(lOO)  with  d  =  0.5°  and  1.5°  misorientation  angle 
showed  monatomic  and  diatomic  steps;  the  terrace  width  has  a  distribution  with  an  average 
value  close  to  that  deduced  from  HRLEED  measurements.  For  -0  =  8°  ,  the  LEED  pattern 
showed  only  one  domain  with  a  splitting  of  the  spots  at  out-phase;  the  terrace  width  was 
deduced  from  the  splitting  distance  [7]  and  amounted  to  18  A,  (Figure  2)  and  the  step 
height  was  calculated  and  was  found  to  be  diatomic  (which  is  expected  since  only  one 
single  domain  was  observed  in  the  LEED  pattem).STM  measurements  confirmed  the 
HRLEED  result.  For 'd  =  4°  misorientation  towards  [130],  the  LEED  pattern  showed  a 


Figure  2.  Splitting  of  the  (00)  beam  at  out  of  phase  conditions  (8  ®). 

splitting  (typical  to  a  regular  step  array)  and  not  only  a  (2x1)  reconstruction  in  the  [Oil] 

direction  but  also  an  additional  weak  (2x1)  reconstruction  in  the  [Oil]  direction.  The 

splitting  was  not  along  one  of  the  principal  axes  ([Oil]  or  [01  l]);  this  was  no  surprise 
since  the  misorientation  is  towards  [130]  (the  step  edge  is  neither  parallel  nor  perpendicular 
to  the  dimerizational  direction).  The  average  step  height  deduced  from  the  energy 
dependence  of  the  specular  beam  profile  amounted  to  d  =  2.7  A;  the  terrace  width  amouted 
to  36  A.  This  suggests  a  diatomic  step  height.  However,  the  presence  of  a  weak  (2  x  1) 

surface  reconstruction  in  the  [OlT]  direction  leads  one  to  think  that  the  surface  is  not  purely 
diatomic  but  the  diatomic  character  overwhelms  the  monatomic  one.  An  important  point  that 
needs  to  be  mentioned  is  the  (2x  8)  reconstruction  on  the  1.5°  misoriented  Si(lOO);  from  a 
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previous  publication  [10],  this  was  attributed  to  a  nickel  contamination  which  would  make 
the  surface  Si  atoms  rearrange  in  such  a  fashion  where  single  dimers  would  be  missing 
periodically  leading  to  a  (2x  8)  surface  reconstruction  .The  question  that  we  are  addressing 
is  why  in  the  series  of  experiments  we  ran  this  reconstruction  appeared  only  on  the  1.5® 
misoriented  Si(lOO)  even  though  all  the  samples  were  treated  the  same  way.  So,  if  there 
was  a  nickel  contamination  because  of  the  way  samples  were  handled  then  the  (2x  8) 
reconstruction  should  have  been  seen  in  all  the  other  misoriented  Si(lOO)  samples  but  that 
was  not  the  case.  That  leads  us  to  one^  conclusion:  the  misorientation  angle  and  stress 
trigger  the  (2x  8)  reconstruction.  We  also  performed  HRLEED  measurements  on  the  1.5® 
misoriented  Si(lOO)  sample  at  T=523  K°;  no  major  change  has  been  noted  concerning  the 
terrace  width  and  the  step  height. 

The  effect  of  Te  is  quite  significant.  The  measurements  were  performed  at  200  C  after 
annealing  to  275  C.  After  this  process  there  is  only  a  monolayer  of  Te  on  the  surface  and 
the  structure  changes  from  2x1  to  1x1.  We  observed  a  decrease  in  the  terrace  width  for  the 
0.5  °  misorientation  from  about  133  A  to  17  A.  A  similar  phenomenon  is  observed  for  the 
1.5  °  misoriented  sample,  the  terrace  width  is  reduced  to  18  A.  For  the  4  °  sample  we 
measured  a  terrace  width  of  36  A  that  is  reduced  to  16  A  when  Te  is  present  on  the  surface. 
The  splitting  disappears,  indicating  no  regular  array  of  the  terraces.  The  sample  with  an  8  ° 
misorientation  retains  the  structure  after  IML  of  Te,  with  diatomic  step  heigths.  The 
splitting  of  the  (00)  spot  is  present.  For  low  coverages  where  the  surface  structure  is  2x1 
shows  a  great  amount  of  disorder  in  terrace  widths  is  shown.  More  measurements  are 
necessary  before  we  can  reach  any  conclusions  about  the  low  coverage  samples.  We  did 
not  obtain  very  good  STM  images  with  the  Te  samples;  this  work  is  still  in  progress. 

CONCLUSION 

HRLEED  and  STM  combined  represent  a  powerful  tool  for  defect  characterization.  While 
HRLEED  gives  information  on  the  cleanness  and  periodicity  of  the  surface  atomic 
arrangement,  STM  allows  direct  imaging  of  the  surface.  Except  for  the  8°  misorientation  in 
which  case  a  regular  step  array  with  diatomic  step  height  was  observed,  for  the  other 
misorientations  the  terrace  width  was  variable  (it  justifies  our  use  of  the  geometric 
distribution  of  the  terrace  width)  but  its  average  value  was  agreed-upon  by  both  STM  and 
H^EED.  The  average  terrace  width  decreased  with  increasing  misorientation  angle  and 
with  Te  coverage.  Another  point  is  that  a  mixture  of  diatomic  and  monatomic  step  heights 
was  observed  by  STM  on  0.5°  and  1.5®  misoriented  Si(lOO)  which  proves  that  one  can  not 
assume  purely  monatomic  step  height  for  low  misorientation  angles.  Our  results  do  not 
a^ee  with  the  belief  that  at  low  miscut  angle  A  and  B  terraces  are  equal  and  that  as  the 
misorientation  angle  increases  the  B  terrace  tends  to  be  wider  than  the  A  terrace.  In  fact, 
pairing  of  terraces  was  not  observed  at  all.  As  a  matter  of  fact  this  just  proves  that  terrace 
and  step  distributions  are  not  only  affected  by  the  amount  of  misorientation  angle  but  also 
by  the  preparation  procedure  (in-situ  and  ex-situ). 
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ABSTRACT 

Transmission  electron  microscopy  is  used  to  investigate  the  structural  development  as  a 
function  of  the  annealing  temperature  of  Co-silicides  prepared  on  SiGe  and  SiGeC.  The 
transition  temperature  from  Co(SiGe)  into  Co(SiGe)2  is  higher  for  SiGeC  than  for  SiGe. 


INTRODUCTION 

Metal-silicides  have  been  widely  used  in  Si  based  devices  because  of  their  low  resistivity, 
low  contact  resistance  and  high  thermal  stability  [1].  Compared  to  the  previously  used  C54- 
TiSi2,  CoSi2  has  attracted  much  interest  due  to  its  better  properties  for  ultra  large  scale 
integrated  circuits  (ULSI)  fabrication  [2]. 

SiGe/Si  alloys  have  been  used  for  high  performance  electron  device  applications,  such  as 
heterojunction  bipolar  transistors,  heterojunction  field  effect  transistors,  and  infrared  detectors 
[3].  However,  owing  to  the  lattice-mismatch  between  Si  and  Ge  ( ~  4%),  misfit  dislocations  are 
formed  if  the  layer  thickness  exceeds  a  critical  value,  which  leads  to  the  limitation  of  device 
design  flexibility.  Recently,  it  was  shown  that  the  strain  introduced  by  the  Ge  atoms  can  be 
compensated  by  the  addition  of  substitutional  carbon  [4]. 

Metal  reaction  with  SiGe  alloys  has  been  reported  for  Pt,  Pd,  Ti  and  Co  [5-12].  Among  the 
various  silicides,  CoSi2  is  a  very  attractive  material  because  of  its  low  resistivity  and  possibility 
of  self-aligned  formation  at  relatively  low  temperature. 

This  paper  presents  the  investigation  of  the  structural  development  as  a  function  of  the 
annealing  temperature  of  Co-silicides  prepared  on  SiGe  and  SiGeC. 


EXPERIMENTS 

The  SiGe  and  SiGeC  layers  used  in  this  work  are  grown  by  rapid  thermal  chemical  vapour 
deposition  on  n-type  Si(lOO)  substrates.  The  thickness  of  SiGe  and  SiGeC  is  35nm  and  32nm, 
respectively.  The  Ge  contents  as  measured  by  Rutherford  backscattering  spectrometry  (RBS), 
are  20%  for  the  SiGe  layer  and  18%  for  the  SiGeC  layer.  The  nominal  C  content  is  0.9%.  The 
wafers  are  dipped  in  HF  solution  before  loading  in  a  DC  magnetron  sputtering  system  for 
deposition  of  a  1 8nm  thick  Co  layer.  Silicidation  of  Co  with  SiGe  and  SiGeC  is  performed  by 
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rapid  thermal  processing  (RTF)  in  a  N2  ambient  at  temperatures  from  500  to  IOOO°C.  The 
annealing  time  is  always  30s. 

The  microstructure  of  these  implanted  samples  is  investigated  with  a  JEM  200CX 
transmission  electron  microscope  operating  at  200  kV.  Energy-dispersive  x-ray  spectroscopy 
(EDX)  analysis  is  performed  with  a  CM200-FEG  TEM.  Cross-sectional  specimens  for 
transmission  electron  microscopy  (TEM)  studies  are  prepared  by  mechanical  thinning  and 
subsequent  ion  milling.  The  normal  of  the  TEM  thin  foil  is  parallel  to  the  [011]  direction  of  the 
silicon  substrate. 


RESULTS 

The  x-ray  diffraction  (0/20)  patterns  taken  from  the  as-deposited  layers  on  the  SiGe  and 
SiGeC  samples  [12]  show  strong  (002)  texture  of  the  Co  films.  The  cross-sectional  high 
resolution  electron  microscopy  (XHREM)  images  with  the  beam  direction  parallel  to  the  [Oil] 
direction  of  the  silicon  substrate,  such  as  figure  1 ,  indicate  that  a  pronounced  (002)  texture  with 
columnar  Co  grains  is  formed;  (002)co  H  (lOO)siGeC  H  (lOO)si-  The  presence  of  an  intermediate 
layer  with  a  thickness  of  2  -  3nm  is  believed  to  consist  of  a  mixture  of  cobalt,  silicon,  germanium 
and  carbon  formed  by  the  sputtering  during  the  deposition  of  Co  films.  In  the  case  of  the  SiGe, 
the  observations  are  similar  as  for  the  SiGeC. 


Figure  1:  XTEM  micrograph  of  18nm  Co  on  top  of  25nm  Sio.gl  lGeo.i8Co.o09  on  Si  substrate. 

Preliminary  results  indicated  that  the  dominant  phase  in  both  cases  is  Co2Si  after  annealing  at 
SOOT  [12],  Si-rich  Co(Sii.yGey)  is  observed  in  RBS  and  AES  spectra  and  x-ray  diffraction 
patterns  after  annealing  at  650°C.  The  formation  of  Co-silicides  on  SiGe  and  SiGeC  is  retarded 
compared  to  pure  silicon.  Moreover,  the  delay  is  found  to  be  more  pronounced  for  SiGeC  [12]. 
Figure  2  is  a  XHREM  image  of  the  Co  silicide  on  the  SiGe  after  annealing  at  650° C.  It  can  be 
seen  that  a  Co(Sii.yGey)  film  with  30  -  40nm  in  thickness  has  been  formed.  Furthermore,  below 
the  Co(Sii.yGey)  film  lies  a  region  with  small  epitaxial  domains  on  the  silicon.  Stacking  faults  are 
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generally  found  in  these  grains.  The  composition  is  identified  by  EDX  measurements  as 
Sii-xGcx.  For  these  samples  the  interface  roughness  and  the  surface  undulations  are  on  the  order 
of  several  nanometers.  The  Co(Sii.yGey)  phase  has  no  texture  or  orientation  relationship  with 
the  silicon  matrix.  In  the  case  of  SiGeC  the  morphology  shows  the  same  features  as  for  the  SiGe 
samples. 


Figure  2:  The  XHREM  image  obtained  from  a  typical  region  of  18  nm  Co  on  top  of  SiGe  after 
annealing  at  650°C  for  30s  shows  the  presence  of  a  small  SiGe  domain.  The  Co(Sii.yGey)  layer  is 
continuous  with  a  nonuniform  thickness  of  30  -  40nm.  (SF:  stacking  fault) 

XRD  analysis  of  the  layers  formed  at  800°C  show  that  in  the  case  of  SiGe  the  dominant 
phase  is  the  disilicide,  while  for  SiGeC  still  the  monosilicide  dominates  [12].  XTEM 
micrographs  (Fig.  3)  of  the  samples  annealed  at  800°C  show  that  continuous  silicide  layers  with 
rough  surfaces  and  interfaces  are  formed  both  on  SiGe  (a)  and  on  SiGeC  (b).  XHREM  images 
(Fig.  4(a))  show  that  in  the  case  of  SiGe,  the  Co(Sii.xGex)2  possesses  grains  which  have  twin 
(B-type)  orientation  relationship  with  respect  to  the  silicon,  i.e.,  the  Co(Sii.xGex)2  grains  are 
rotated  180“  along  [111].  For  the  samples  on  SiGeC,  small  SiGe  domains  are  distributed  on  the 
silicon  substrate  (see  e.g.  arrow  on  fib  3b  and  fig.  4).  Fig.  5  shows  EDX  line  scans  through  a 
typical  silicide  /  SiGe  domain  /  Si  region  and  through  a  silicide  /  Si  region. 

If  one  further  increases  the  annealing  temperature  to  950“C,  a  full  conversion  into 
Co(Sii.xGex)2  occurs  also  for  SiGeC.  Except  of  randomly  oriented  grains,  there  are  grains  with 
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A-type  epitaxy  as  the  preferred  orientation.  The  surface  and  interface  are  still  rough  for  both  the 
SiGe  and  SiGeC  cases.  Figure  6  is  a  XHREM  image  taken  from  the  interface  between  the  Co- 
disilicide  film  and  the  silicon  substrate  for  the  SiGeC  sample.  The  interface  step  is  bound  by 
(111)  and  (iTl)  planes. 


Figure  4:  XHREM  images  of  the  samples  from  figure  3:  a  SiGe,  b  SiGeC 
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a  Points  b 

Figure  5:  EDX  linescan  from  top  to  substrate  through  a  region  of  silicide/epitaxial 
domain/substrate  (a)  and  through  a  region  with  silicide  directly  on  the  substrate  (b)  for  the  Co  on 
SiGeC  annealed  at  800°C. 


(100) 


The  silicide  formation  sequence  in  SiGe  and  SiGeC  is  the  same  as  the  Co  reaction  on 
monocrystalline  Si,  however,  the  transition  temperature  from  Co(SiGe)  into  Co(SiGe)2  is  higher 
for  SiGeC  than  for  SiGe,  and  is  in  both  cases  higher  than  for  Co  on  pure  silicon.  The  role  of  Ge 
and  C  atoms  in  the  phase  transition  is  currently  under  investigation. 


363 


CONCLUSION 


In  the  as-deposited  samples,  an  intermixed  layer  with  a  thickness  of  2-3  nm  is  present 
between  the  (002)  textured  Co  film  and  the  SiGe  or  SiGeC  layer.  Annealing  at  650°C  mainly 
results  in  the  presence  of  a  Co(Sii.yGey)  layer  with  some  epitaxial  SiGe  domains  at  the  interface. 
After  annealing  at  SOO^C  for  30  s,  Co(SiGe)2  is  the  dominant  phase  in  the  case  of  Sio.8Geo.2 
whereas  mainly  CoSi  is  formed  on  the  Sio. si  iGeo. 18^0.009  alloy.  For  the  Sio.8Geo.25  the 
epitaxial  growth  of  B-type  oriented  Co(SiGe)2  is  observed.  For  the  Sio.si  lGeo.i8Co,o09  iies  also 
at  800°C  still  a  discontinuous  layer  of  SiGe  domains  below  the  Co-monosilicide  film.  A  full 
conversion  to  Co(SiGe)2  occurs  at  950°C  in  both  SiGe  and  SiGeC. 
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ABSTRACT 

Cobalt  disilicide  films  have  been  formed  on  strained  epitaxial  SIq  2o/Si(100)  alloys 
via  co-deposition  of  silicon  and  cobalt.  Co-deposition  is  shown  to  improve  the  epitaxy  and 
prevent  the  phase  segregation  commonly  observed  with  the  formation  of  Co/SiGe  contacts  using 
other  methods  such  as  the  direct  deposition  of  cobalt  onto  SiGe  or  the  sequential  deposition  of  a 
silicon  sacrificial  layer  and  cobalt  onto  SiGe.  EXAFS  measurements  at  the  cobalt  K  edge  indicate 
that  co-deposited  films  annealed  at  500-700°  C  are  indeed  crystalline  CoSi2  throughout  this 
temperature  range.  The  XRD  patterns  of  the  co-deposited  films  do  not  exhibit  any  of  the  CoSiz 
(111),  (220)  or  (311)  peaks  normally  associated  with  other  preparation  methods.  The  sheet 
resistance  and  r.m.s.  roughness  of  the  CoSi2  films  increase  monotonically  with  annealing 
temperature.  These  results  indicate  that  co-deposited  films  are  epitaxial  to  the  (lOO)-oriented 
SiGe  substrate  and  suggest  that  low  thermal  budget,  low  resistivity  contacts  to  strained  SiGe  can 
be  grown  with  this  method.  Issues  related  to  the  presence  of  Ge  at  the  CoSiz/substrate  interface 
will  be  discussed. 

INTRODUCTION 

The  recent  advent  of  commercial  Si-Ge  based  devices  enhances  the  need  to  develop 
optimized  methods  for  growth  of  low  thermal  budget,  low  resistivity  metal-semiconductor 
contacts.  The  thermally  induced  metal/SiGe  thin  film  reaction  has  been  previously  studied  for  Ti, 
Co,  Zr,  Ni,  Pd,  and  Pt  [1-7].  Due  to  the  low  resistivity  and  epitaxial  nature  of  CoSiz,  Co  is  a 
promising  contact  material.  Previous  work  has  shown  that  when  deposited  directly  on  SiGe,  Co 
reacts  preferentially  with  Si  and  requires  temperatures  in  excess  of  700°  C  to  form  the  low 
resistivity  CoSi2  phase  [3,6,7].  The  high  processing  temperature  has  been  shown  to  result  in  Ge 
segregation,  roughening  of  the  film,  and  strain  relaxation  in  the  SiGe  substrate  [6,7]. 

This  work  reports  recent  progress  towards  the  stabilization  of  CoSi2/SiQ  2o^®0  80 
contacts.  The  bulk  ternary  phase  diagram  of  the  Co-Si-Ge  system  indicates  that  CoSi2  exists  in 
bulk  equilibrium  with  Sij.^^Ge^^  for  x<0.71  [9].  This  suggests  that  it  may  be  possible  achieve  a 
stable  CoSi2/SiGe  contact  by  co-depositing  Co  and  Si  on  the  SiGe  substrate.  It  will  be  shown 
that  it  is  indeed  possible  to  form  low  resistivity  CoSi2  films  on  SIq  2oG®o  80  ~500°C  without 

Ge  segregation.  Issues  related  to  the  presence  of  Ge  at  the  CoSiz/substrate  interface  will  be 
discussed. 

EXPERIMENTAL 

Samples  used  in  this  work  were  prepared  on  25  mm  wafers  of  p-type  Si  (100)  with  a 
maximum  misorientation  of  ±0.5°  and  resistivity  of  0.8-1. 2  Qcm  (Virginia  Semiconductor).  The 
wafers  were  pre-cleaned  by  the  manufacturer  and  were  further  cleaned  by  spin  etching  [11]  with 
a  solution  of  HF:HzO:ethanol  (1:1:10)  followed  by  thermal  desorption  at  >900  °C  in  UHV  for  10 
minutes  to  remove  any  remaining  contaminants  [12].  After  thermal  desorption  the  substrate 
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temperature  was  reduced  at  40  ®C/min  and  was  held  at  550  for  the  deposition  of  a 
homoepitaxial  200  A  Si  buffer  layer  and  a  heteroepitaxial  800  A  Sio.8oGeo.20  layer.  Sharp  2x1 
RHEED  patterns  were  observed  along  the  Si  [110]  azimuth  indicating  a  well  ordered  surface. 
Cobalt  metallization  was  achieved  with  one  of  three  methods:  Co  and  Si  co-deposited  at  450°  C 
in  a  system  described  elsewhere  [10]  (co-deposited  samples);  Co  deposited  on  a  sacrificial  Si 
layer  at  room  temperature  (“sequential”  samples);  Co  deposited  directly  onto  the  SiGe  film  at 
room  temperature  (“direct”  samples).  In  all  cases  Co  deposition  was  followed  by  a  thermal 
anneal  for  10  minutes  at  400-700°  C.  Results  for  the  “direct”  samples  have  been  reported 
previously  [6,7].  Co-deposited  and  sequential  samples  were  prepared  by  depositing  ~47  A  of 
Co  and  153  A  of  Si  to  produce  a  stoichiometric  CoSi2  layer  -150  A  thick.  An  additional  co¬ 
deposited  sample  was  prepared  at  400  °C  without  annealing.  In  order  to  study  the  bonding  at 
the  Co/SiGe  interface  a  sample  was  also  prepared  by  depositing  2  A  of  Co  onto  Sio.8oGeo.20  at 
room  temperature  followed  by  annealing  at  450  °C.  Similar  structures  were  employed  by  Tung  et 
al.  as  CoSi2  templates  for  the  growth  of  CoSi2  on  Si(lOO)  [13,20]. 

Structural  properties  of  the  co-deposited  films  were  determined  with  EXAFS  and  XRD. 
EXAFS  data  were  collected  at  room  temperature  in  total  electron  yield  (TEY)  mode  at  the  Co  K- 
edge  at  beamline  X-1 1  at  the  NSLS.  The  thick  (-150  A)  CoSi2  layers  were  measured  ex  situ,  while 
the  Co  template  was  transferred  under  UHV  to  the  analysis  chamber  of  our  growth  system  and 
was  measured  in  situ.  Fourier  filtering  was  performed  with  the  MacXAFS  package  [14]  and 
structural  parameters  were  extracted  by  non-linear  fitting  to  the  standard  EXAFS  equation  [15] 
with  a  program  written  in-house.  The  edge  shift  £"0,  coordination  number  N,  bond-length  R,  and 
EXAFS  Debye- Waller  factor  cP-  were  used  as  adjustable  parameters  in  the  fits.  XRD  data  were 
collected  in  the  0-20  mode  with  Cu  radiation  on  a  Rigaku  Geigerflex  diffractometer  equipped 
with  a  (0001)  graphite  monochromator. 

Surface  and  interface  composition  and  morphology  of  the  films  were  examined  with  AES, 
SEM,  and  AFM.  AES  data  were  collected  for  the  Co  and  Ge  LMM  lines  in  pulse-count  mode 
with  a  Physical  Electronics  CMA  spectrometer.  The  primary  beam  voltage  was  3  keV.  AFM 
data  were  collected  with  a  Park  Scientific  BD2-210  instrument  and  400  A  cantilevers.  SEM 
images  were  acquired  with  a  JEOL  6400  field-emission  scanning  electron  microscope.  Sheet 
resistance  was  measured  with  a  Magne-Tron  M-700  four-point  probe  on  rectangular  samples. 
The  sample  size  was  between  15x9  and  18x12  mm,  and  the  probe  spacing  was  1.588  mm. 
Appropriate  geometrical  correction  factors  were  applied  [16]. 

RESULTS 

The  Fourier  transforms  of  the  EXAFS  data  for  the  co-deposited  are  shown  in  Fig.  1. 
Corresponding  structural  parameters  are  given  in  Table  1 .  Unlike  films  obtained  by  annealing  Co 
deposited  directly  on  Sii-xGcx  [7],  co-deposited  films  exhibit  a  CoSi2-type  crystal  structure  at  all 
annealing  temperatures  above  500°  C.  Higher  coordination  shells  identical  to  those  of  bulk 
crystalline  CoSi2  are  visible  [7],  which  indicates  that  long-range  order  is  present  in  the  films.  No 
measurable  CoSi  signal  was  detected  and,  within  the  resolution  of  our  measurement,  the  first 
coordination  shell  around  Co  consists  entirely  of  Si  atoms.  The  only  temperature-dependent 
structural  evolution  in  the  first  Co-Si  shell  appears  to  be  due  to  ordering,  as  evidenced  by  the 
monotonic  decrease  in  the  EXAFS  Debye-Waller  factor  (Table  1).  These  results  are  consistent 
with  previous  findings  which  demonstrated  the  preference  for  Co-Si  bonding  (over  Co-Ge)  in  the 
Co/Sio.8oGeo.20  system  [6,7].  EXAFS  data  for  the  2  A  template  layers  (not  shown)  are  identical 
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T - 1 - r 


R(A) 

Figure  1.  Fourier  transforms  of  A:^-weighted 
EXAFS  data  for  co-deposited  samples 
annealed  at:  (a)  400  °C;  (b)  500  °C;  (c) 
600  °C;  (d)  700  ‘=’C 


Table  1.  EXAFS  fitting  results  for  co¬ 
deposited  samples.  The  700  °C  data  were 
used  as  a  CoSi2  reference:  N~S.0,  R~232  A. 
Typical  error  bars  are:  £'^=±1.5  eV,  A^=±1.0, 
£=±0.01  A,  Acr2=±0.0015  A2. 


T 

(°C) 

Eo 

(eV) 

N 

R 

(A) 

Act^xIO'* 

(A2) 

400 

0.7 

8.1 

2.33 

32 

500 

1.9 

8.6 

2.32 

21 

600 

2.2 

7.6 

2.32 

7 

700 

- 

8.0 

2.32 

- 

to  those  for  the  thicker  co-deposited  samples.  Fits  that  incorporated  first-shell  Co-Ge 
interaction  in  addition  to  the  dominant  Co-Si  interaction  failed  to  converge  for 
both  the  template  and  bulk-like  systems.  We  conclude  that  in  co-deposited  CoSi2/Sio.8oGeo,20 
films  annealed  between  500  and  700  °C  Co  atoms  bond  exclusively  to  Si  in  a  CoSi2-type 
structure,  including  at  the  Co/SiGe  interface.  As  suggested  by  Wang  et  al,  the  driving  force  for 
this  effect  is  probably  the  large  difference  in  the  enthalpy  of  formation  of  CoSi2  and  CoGe2  [6]. 

X-Ray  diffraction  measurements  indicate  that  co-deposited  samples  exhibit  better 
epitaxial  alignment  to  the  (lOO)-oriented  SiGe  substrate  than  either  “direct”  or  “sequential” 
samples.  Figure  2  shows  a  comparison  of  0-20  scans  for  the  three  types  of  samples.  The 
crystalline  nature  of  the  co-deposited  films  has  already  been  established  with  EXAFS 
measurements.  Since  the  “sequential”  sample  is  of  identical  thickness  and  composition  as  the  co¬ 
deposited  ones  we  interpret  the  lack  of  (1 1 1),  (220)  and  (311)  CoSi2  lines  in  the  co-deposited 
films  as  an  indication  of  better  epitaxial  alignment  of  the  CoSi2  overlayer  to  the  SiGe  substrate. 


20  (degrees) 


Figure  2.  XRD  scans  of  CoSi2  films:  (a,b,c)  co-deposited  film  annealed  at  500,  600,  and  700  °C, 
respectively;  (d)  sequential  film  annealed  at  700  °C;  (e)  “direct”  film  annealed  at  700°  C. 
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Figure  3.  SEM  images  of  co-deposited  samples  annealed  at  500°  C  (left)  and  700°  C  (right) 


The  lack  of  any  peaks  attributable  to  a  CoSi-type  structure  in  the  co-deposited  films  is 
noteworthy.  Similarly  prepared  “direct”  samples  exhibit  (210)  and  (211)  Co(Sii.yGey)  peaks 
when  annealed  at  temperatures  up  to  600°  C  [6].  Within  the  sensitivity  limits  imposed  by  the 
instrument  we  have  failed  to  detect  such  peaks,  as  well  as  any  peaks  attributable  to  Co-Ge 
compounds.  We  conclude  that  the  co-deposited  films  form  directly  CoSi2  and  do  not  undergo  a 
CoSi— >CoSi2  transition.  The  CoSi— >CoSi2  transition  is  typically  observed  in  the  bilayer  reaction 
of  Co  with  both  Si  and  SiGe  [18].  The  faet  that  CoSi2  is  the  desirable  low-resistivity  phase 
makes  this  finding  significant,  as  it  implies  that  co-deposited  films  can  be  subjected  to  milder 
annealing,  which  lowers  the  thermal  budget  of  the  process  and  reduces  islanding  in  the  film  and 
the  increase  in  resistivity  that  accompanies  such  islanding  (see  below). 

Representative  SEM  images  of  co-deposited  samples  annealed  at  500  and  700  °C  are 
shown  in  Fig.  3.  The  image  for  the  sample  annealed  at  600°  C  is  virtually  identical  to  that  of  the 
500  °C  sample  and  is  not  shown.  The  surface  of  the  CoSi2  film  is  rough  at  all  temperatures  and 
the  SiGe  substrate  appears  to  be  exposed  for  the  sample  annealed  at  700°  C.  The  roughness  of 
co-deposited  and  “direct”  Co/SiGe  films,  as  measured  with  AFM,  is  plotted  as  a  function  of 
annealing  temperature  in  Fig.  4.  The  transition  from  the  high-resistivity  CoSi  phase  to  the  low- 
resistivity  CoSi2  phase  in  the  “direct”  samples  is  accompanied  by  a  seven-fold  increase  in  the 
surface  roughness.  In  contrast,  surface  roughness  in  the  co-deposited  samples  evolves  similarly 
to  that  of  the  Co/Si(100)  bilayer  system.  Analysis  of  the  AFM  images  suggests  that  the  SiGe 


Figure  4.  Surface  roughness  as  a  function  of 
annealing  temperature 


Annealing  Temperature  (°  C) 

Figure  5.  Sheet  resistance  as  a  function  of 
annealing  temperature  [19] 
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substrate  is  exposed  even  for  the  co-deposited  films  annealed  at  500°  C.  Pinhole  formation  at 
similar  temperatures  has  also  been  detected  in  CoSi2/Si(100)  films  [20].  AES  measurements 
indicate  that  the  Co/Ge  ratio  in  the  surface  layer  is  approximately  the  same  in  the  co-deposited 
films  annealed  at  500-700°  C.  Since  no  Co-Ge  or  Co-Si-Ge  compounds  were  detected  with 
EXAFS  and  XRD,  the  Ge  signal  originates  from  either  the  SiGe  substrate,  or  Ge  segregation  at 
grain  boundaries. 

Pinhole  formation  has  been  successfully  controlled  in  CoSi2/Si(100)  films  through  the  use 
of  CoSi2  templates  [20,23].  Two  types  of  reconstruction  have  been  observed  for  CoSi2  surfaces 
on  Si(lOO) — (V2xV2)R45  and  (V2x3'V2)R45  [20-22].  We  were  unable  to  obtain  either 
reconstruction  in  the  Co/SiGe  system  with  any  preparation  method,  including  templates  [20,23]. 
This  may  be  due  to  the  strong  preferential  Co-Si  bonding  at  the  SiGe  surface,  as  discussed  earlier 
in  this  section,  which  precludes  the  formation  of  a  continuous  epitaxial  CoSi2  template. 

The  sheet  resistance  of  the  co-deposited  and  “direct”  films  is  plotted  as  a  function  of  the 
annealing  temperature  in  Fig.  5.  Not  surprisingly,  the  monotonic  increase  in  the  roughness  of  the 
co-deposited  films  is  paralleled  by  a  corresponding  increase  in  the  sheet  resistance.  At  500°  C 
the  resistivity  of  the  co-deposited  films  is  at  least  three  times  lower  [19]  than  that  of  comparably 
annealed  “direct”  films  measured  by  Wang  [8]  and  Ridgway  et  al.  [3]. 

SUMMARY 

Cobalt  disilicide  films  have  been  formed  on  strained  epitaxial  SIq  alloys 

via  co-deposition  of  silicon  and  cobalt.  Co-deposition  was  shown  to  improve  the  epitaxy  and 
prevent  the  phase  segregation  commonly  observed  with  the  formation  of  Co/SiGe  contacts  using 
other  methods  such  as  the  direct  deposition  of  cobalt  onto  SiGe  or  the  sequential  deposition  of  a 
silicon  sacrificial  layer  and  cobalt  onto  SiGe.  EXAFS  measurements  at  the  cobalt  K  edge 
indicated  that  co-deposited  films  annealed  at  500-700°  C  were  indeed  crystalline  CoSi2 
throughout  this  temperature  range.  The  XRD  patterns  of  the  co-deposited  films  did  not  exhibit 
any  of  the  CoSi2  (HI),  (220)  or  (311)  peaks  normally  associated  with  other  preparation 
methods.  The  sheet  resistance  and  r.m.s.  roughness  of  the  CoSi2  films  increased  monotonically 
with  annealing  temperature.  These  results  indicate  that  co-deposited  films  are  epitaxial  to  the 
(lOO)-oriented  SiGe  substrate  and  suggest  that  low  thermal  budget,  low  resistivity  contacts  to 
strained  SiGe  can  be  grown  with  this  method.  However,  pinhole  formation  similar  to  that 
observed  in  the  CoSi2/Si(100)  system  was  detected  in  the  co-deposited  films  at  temperatures  as 
low  as  500  °C.  Pinhole  formation  and  islanding  in  thin  films  is  usually  attributed  to  the  interplay 
of  surface  and  interface  energies,  so  as  to  minimize  the  total  free  energy  of  the  system.  An 
additional  driving  force  for  pinhole  formation  in  the  CoSi2/SiGe  system  may  be  the  strong 
preference  for  Co-Si  bonding  over  Co-Ge  bonding,  which  in  effect  increases  the  energy  of  the 
CoSi2/SiGe  interface. 
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ABSTRACT 

The  energetics  of  copper  segregation  to  silicon  surfaces  were  examined  by  measuring  the  Cu 
coverage  after  equilibration  between  Cu  on  the  surface  and  internal  Cu3Si,  for  which  the  Cu 
chemical  potential  is  known.  For  oxide-free  surfaces  the  Cu  coverage  was  close  to  one 
monolayer  on  (111)  surfaces  but  was  much  smaller  on  (100)  surfaces.  The  Cu  coverage  was 
greatly  reduced  by  oxide  passivation  of  the  surface.  LEED  showed  the  7x7  structure  of  the  clean 
(111)  silicon  surface  converted  to  a  quasiperiodic  5x5  structure  after  equilibrating  with  Cu3Si. 
The  2x1  LEED  patterns  for  (100)  surfaces  indicated  no  change  in  surface  structure  due  to  the 
Cu3Si.  These  results  show  that  the  free  energy  of  copper  in  Cu3Si  is  higher  than  that  of  copper 
on  (1 1 1)  surfaces  but  lower  than  that  of  copper  on  (100)  surfaces. 

INTRODUCTION 

The  high  electrical  conductivity  of  copper  makes  it  an  attractive  material  for  interconnections 
in  advanced  microelectronic  devices  [1].  An  obstacle  to  this  application  is  that  the  high  solubility 
and  fast  interstitial  dififtision  of  copper  in  silicon  make  it  a  particularly  troublesome  impurity  in 
silicon  devices  [2].  Gettering  is  used  to  remove  impurities  from  critical  regions  of  devices. 
Internal  gettering  is  a  routinely  used  process  in  which  oxide  precipitates  and  associated  lattice 
defects  provide  sites  for  interna!  precipitation  of  metal-silicide  phases  [3].  Segregation  of 
impurities  onto  surfaces  of  internal  microcavities  has  also  been  proposed  as  a  mechanism  for 
gettering  impurities  [4,5].  It  has  been  observed  that  gettering  to  cavities  can  dissolve  pre-existing 
internal  metal  silicide  precipitates  [5].  This  transfer  of  metal  from  silicide  to  cavities  is  driven  by  a 
lower  chemical  potential  for  the  metal  at  cavities  than  in  the  silicide  phase.  A  lower  chemical 
potential  implies  that  gettering  by  cavities  should  be  capable  of  reducing  concentrations  of  mobile 
impurities  to  lower  levels  than  can  be  achieved  by  conventional  internal  gettering.  The  efficiency 
of  impurity  gettering  by  cavities  depends  on  the  energetics  of  impurity  segregation  onto  silicon 
surfaces,  about  which  little  is  known.  Measurements  and  modeling  of  impurity  redistribution  in 
silicon  with  cavities  and  silicide  have  yielded  values  for  the  free  energy  of  binding  to  cavities,  and 
for  coverages  after  equilibration  with  silicide,  for  copper  and  other  metals  [5].  However,  these 
results  are  averages  over  the  differently  oriented  facets  of  the  cavities  [4,6],  Here  we  examine  the 
energetics  of  Cu  segregation  onto  external  surfaces  of  Si  where  the  orientation  is  known. 

The  structure  and  growth  modes  of  copper  evaporated  onto  silicon  surfaces  have  been  the 
subject  of  many  previous  studies.  However,  the  chemical  potential  of  copper  on  the  surface  may 
not  be  well  defined  under  conditions  of  vapor  deposition  since  metastable  phases  might  form. 
Here  we  examine  the  energetics  of  copper  segregation  to  silicon  surfaces  by  measuring  the 
coverage  of  copper  in  thermodynamic  equilibrium  with  internal  Cu3Si  which  has  a  known 
chemical  potential.  With  internal  silicide  as  the  source  of  copper,  there  is  no  excess  free  energy  to 
drive  nucleation  of  silicide  or  other  less  stable  phases  at  the  surface.  Measurements  were  made  on 
both  (100)  and  (111)  surfaces  at  the  same  chemical  potential,  namely  that  of  Cu3Si. 
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EXPERIMENTAL  METHOD 


The  basic  method  in  these  experiments  was  to  prepare  clean  ordered  surfaces  by  thermal 
desorption  of  a  thin  oxide  from  (100)  and  (1 1 1)  surfaces  [7],  or  hydrogen  from  (1 1 1)  surfaces  [8], 
then  anneal  the  samples  to  allow  copper  on  the  clean  surface  to  come  into  thermodynamic 
equilibrium  with  internal  silicide.  After  equilibrating,  the  samples  were  rapidly  cooled  to  preserve 
the  equilibrium  copper  coverage  on  the  surface,  and  then  analyzed. 

The  surface  copper  coverage  was  measured  by  Rutherford  backscattering  (RBS).  Auger 
electron  spectroscopy  (AES)  was  used  to  indicate  the  presence  of  oxygen,  carbon  and  copper  on 
the  surface.  The  atomic  structure  of  the  surface  was  monitored  using  low  energy  electron 
diffraction  (LEED).  The  samples  were  radiatively  heated  by  a  tungsten  filament  behind  the 
sample,  and  the  sample  temperature  was  measured  by  an  infrared  thermometer  viewing  the  front 
of  the  sample. 

Samples  were  (100)  and  (111)  oriented  float  zone  silicon  250pm  thick  with  a  resistivity 
>  1  kfl  cm.  Samples  were  chemically  cleaned  leaving  a  thin  chemical  oxide  using  the  procedure 
described  by  Ishizaka  and  Shiraki  [7].  In  addition,  some  (111)  samples  were  prepared  with 
hydrogen  terminated  surfaces  by  rinsing  in  NHqF  [8].  After  chemical  cleaning  the  samples  were 
implanted  with  copper  on  one  side  at  150  keV  to  a  fluence  of  1000  Cu/nm^.  This  implant 
produced  a  peak  Cu  concentration  of  10  atomic  %  about  100  nm  beneath  the  surface. 
Transmission  electron  microscopy  has  shown  that  the  "n-CusSi  equilibrium  silicide  phase  is  formed 
by  annealing  at  600°C  [4,9],  Directly  after  the  Cu  implant  the  samples  were  transferred  into  a 
UHV  chamber  for  analysis  of  the  side  not  implanted  with  copper.  The  base  pressure  of  the  UHV 
system  was  IxlO'^®  Torr,  low  enough  that  samples  remained  free  from  contamination  by  residual 
gasses  as  shown  by  AES  analysis  of  surface  composition. 

Samples  were  first  heated  to  750°C  for  ten  minutes,  then  cooled  to  room  temperature  and 
analyzed.  They  were  then  heated  to  850°C  for  10  minutes,  cooled  and  analyzed  again.  The 
heating  has  three  important  effects.  First,  it  insures  that  the  implanted  Cu  is  in  the  equilibrium 
'n-Cu3Si  phase  [4,9].  Second,  it  establishes  thermodynamic  equilibrium  between  copper  in  the 
silicide,  copper  in  solution  and  copper  bound  to  the  front  surface  of  the  sample.  Finally,  heating  to 
750°C  desorbs  hydrogen  from  the  hydrogen  terminated  (111)  surfaces  [8].  The  thin  chemical 
oxide  is  desorbed  from  the  oxide  terminated  surfaces  by  heating  to  850°C,  but  not  by  heating  to 
750°C  [7].  These  procedures  for  preparing  clean,  well-ordered  surfaces  were  tested  using 
samples  which  were  not  implanted  with  copper.  H  terminated  Si(lll)  surfaces  had  sharp  1x1 
LEED  patterns  before  heating  and  7x7  LEED  patterns  after  heating  to  750°C  or  higher.  AES  on 
the  oxide  terminated  surfaces  showed  a  large  peak  from  oxygen  which  was  unchanged  after 
heating  to  750®C  but  was  entirely  absent  after  heating  to  850°C.  LEED  showed  sharp  2x1  and 
7x7  patterns  for  the  (100)  and  (111)  surfaces,  respectively,  after  heating  the  oxide  terminated 
surfaces  to  850°C.  These  tests  show  that  without  copper,  (100)  and  (111)  samples  prepared  with 
oxide  terminated  surfaces  have  clean  ordered  (2x1)  and  (7x7)  surfaces,  respectively,  after  heating 
to  850°C,  but  still  have  oxide  terminated  surfaces  after  heating  to  750°C,  and  samples  prepared 
with  H  terminated  (111)  surfaces  had  clean  ordered  (7x7)  surfaces  after  heating  to  750°C  or 
higher.  These  results  agree  with  published  procedures  for  producing  clean  well-ordered  silicon 
surfaces  [7,8]. 

The  annealing  time  of  ten  minutes  was  chosen  to  be  much  longer  than  the  time  to  reach 
equilibrium  between  Cu  on  the  front  surface  and  the  silicide  near  the  back  surface.  Equilibrium  is 
reached  by  diffusion  of  Cu  through  the  silicon  lattice  from  the  silicide  to  the  front  surface.  The 
equilibration  time  was  determined  by  solving  the  diffusion  equation  with  saturable  traps  at  the 
front  surface  and  with  the  concentration  at  the  back  fixed  at  the  solid  solubility.  Using  published 
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values  for  the  difflisivity  and  solubility  [2,4],  equilibration  times  are  estimated  to  be  about  10 
seconds  at  850®C  and  90  seconds  at  750°C.  The  cooling  rate  at  the  end  of  the  anneal  was 
sufficiently  fast  to  retain  the  copper  coverage  on  the  front  surface  present  during  the  anneal.  The 
initial  cooling  rate  was  measured  by  the  IR  thermometer  to  be  ~  100°C/sec.  This  is  close  to  the 
rate  expected  for  cooling  by  radiative  heat  loss. 

EXPERIMENTAL  RESULTS 


The  coverage  of  copper  on  the  front 
surface  was  measured  by  RBS  using  an  analysis 
beam  of  1  MeV  “^He.  The  samples  were  aligned 
with  the  analysis  beam  for  axial  channeling  to 
reduce  scattering  from  the  silicon.  Table  1 
gives  the  main  results  from  the  RBS 
measurements  on  (100)  and  (111)  samples 
prepared  with  oxide  terminated  surfaces, 
denoted  by  (lOO)-O  and  (lll)-O  respectively, 
and  on  (111)  samples  prepared  with  H 
terminated  surfaces,  denoted  by  (lll)-H.  The 
experimental  uncertainty  indicated  in  table  1  is 
the  relative  uncertainty  due  to  the  counting 
statistics.  In  addition,  there  is  a  systematic 
uncertainty  of  about  ±  10%  in  the  absolute 
values  of  copper  coverages  from  RBS. 

Samples  prepared  with  oxide  terminated 
(100)  and  (111)  surfaces  have  much  more  Cu 
after  annealing  at  850°C  than  after  annealing  at 
750°C.  This  shows  that  the  coverage  of  copper 
is  greatly  reduced  by  the  surface  oxide,  which  is 
still  present  after  heating  to  750®C  but  absent 
after  heating  to  850°C.  This  conclusion  is 
reinforced  by  comparing  the  Cu  coverage  on  the 
(111)  samples  after  heating  to  750°C,  which 
desorbs  the  H  but  not  the  oxide.  Again  the 
oxide  terminated  surface  has  much  less  Cu  than 
the  oxide  free  surface. 

The  Cu  coverage  also  depends  strongly  on 
the  surface  orientation.  After  annealing  to 
850°C  the  areal  density  of  Cu  is  about  five  times 
higher  on  (1 1 1)  surfaces  than  on  (100)  surfaces. 
Dividing  the  measured  Cu  areal  density  by  the 
Si  atom  areal  density  (6.8/nm^  for  (100)  and 
7.8/nm^  for  (111)  surfaces)  gives  Cu  coverages 
of  1.6  monolayer  (ML)  on  (111)  surfaces  and 
0.35  ML  on  (100)  surfaces  after  annealing  at 
850°C. 

The  copper  can  also  be  seen  in  the  AES 
spectra.  Figure  1  shows  AES  spectra  for  (111) 


TABLE  I.  The  coverage  of  copper  on  the 
surface  measured  by  RBS  after  annealing. 

750°C  Anneal  850°C  Anneal 
Surface  (Atoms/nm^)  (Atoms/nm^) 


(lll)-H  9.9  ±0.3  12,2  ±0.4 

(lll)-O  1.0  ±0.2  12.3  ±0.4 


40  60  80  100 

Energy  (eV) 

Fig.  1 .  Auger  electron  spectra  on  oxide  free 
surfaces  after  annealing  at  850®C,  for  (1 1 1) 
and  (100)  surfaces  in  samples  with  and 
without  implanted  copper. 
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and  (100)  surfaces  after  annealing  at  850°C.  Spectra  are  shown  for  samples  both  with  and 
without  internal  silicide.  (Ill)  samples  with  Cu  have  a  Cu  M23VV  Auger  peak  at  60  eV  which 
is  absent  in  samples  not  implanted  with  Cu,  whereas  the  Cu  Auger  peak  is  much  smaller  for  Cu 
implanted  (100)  samples.  The  Cu  Auger  peak  was  not  present  on  (100)  or  (111)  samples 
prepared  with  oxide  terminated  surfaces  after  heating  to  750°C,  i.e.  which  still  had  oxide 
terminated  surfaces  after  the  anneal.  The  Cu  Auger  peak  for  Cu  implanted  H  terminated  (111) 
samples,  after  annealing  at  750°C  or  850°C,  was  the  same  as  for  Cu  implanted  (1 1 1)-0  samples 
after  the  850°C  anneal.  The  conclusions  from  the  Auger  analysis  are  qualitatively  the  same  as 
those  from  the  RBS  analysis.  In  particular,  for  oxide-free  surfaces  there  is  much  more  Cu  on 
(111)  surfaces  than  on  (100)  surfaces,  and  there  is  much  less  Cu  on  oxide  terminated  surfaces 
than  on  oxide-free  surfaces. 

The  surface  structure  was  determined  by  LEED.  Figure  2  shows  LEED  images  from  (100) 
and  (111)  samples  prepared  with  oxide  terminated  surfaces  both  with  and  without  internal  Cu3Si. 
The  LEED  images  in  figure  2  were  recorded  on  samples  near  room  temperature  after  annealing  at 
850°C  which  desorbs  the  oxide.  (100)  samples  show  the  same  (2x1)  LEED  pattern  from  the 


No 

Cu 


Cu 


(100)2x1  (111)7x7 


(100)2x1  (111)5x5 

Fig.  2.  LEED  images  on  oxide  free  surfaces  after  annealing  at  850°C,  for  (100)  (left)  and 
(111)  (right)  surfaces  in  samples  with  (below)  and  without  (above)  implanted  copper. 
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dimer  reconstruction  both  with  and  without  silicide.  (Ill)  samples  without  silicide  had  (7x7) 
LEED  patterns  whereas  (111)  samples  implanted  with  Cu  showed  a  very  different  LEED  pattern 
with  an  apparent  5x5  periodicity.  (Ill)  samples  prepared  with  H  terminated  surfaces  instead  of 
oxide  terminated  surfaces  gave  the  same  LEED  patterns  after  annealing  at  750°C  or  850°C  as 
those  shown  in  figure  2,  i.e.  7x7  patterns  without  silicide  and  5x5  patterns  with  silicide.  The 
LEED  results  show  that  for  surfaces  free  of  oxide,  (100)  surfaces  are  unchanged  by  the  presence 
of  internal  silicide,  whereas  (111)  surfaces  are  changed  from  the  (7x7)  to  a  (5x5)  structure  after 
annealing  to  equilibrate  copper  on  the  surface  with  the  internal  silicide. 

DISCUSSION  AND  CONCLUSIONS 

The  structure  of  copper  evaporated  onto  silicon  surfaces  has  been  the  subject  of  many  studies 
[10-18].  The  conclusions  can  be  summarized  as  follows.  Copper  deposited  onto  Si(l  1 1)  surfaces 
at  temperatures  between  200®C  and  650°C  forms  an  ordered  two  dimensional  (2D)  phase  which 
saturates  at  a  copper  coverage  of  1.3  monolayer  when  the  layer  completely  covers  the  surface 
[10-13].  At  higher  coverages  3D  islands  of  r|"-Cu3Si  grow  on  the  surface  while  the  surface 
between  the  islands  remains  covered  by  the  2D  phase  [10,11].  This  2D  layer  has  a  complex 
quasiperiodic  structure  which  has  been  elucidated  by  X-ray  standing  wave  [12],  helium  diffraction 
[14]  and  scanning  tunneling  microscopy  [14,16]  studies.  Copper  deposited  onto  Si(lOO)  surfaces 
at  temperatures  between  130°C  and  500°C  condenses  into  3D  islands  of  Cu3Si.  The  (100)  silicon 
surface  between  the  islands  has  very  little  copper  and  retains  its  2x1  dimer  structure  [13,18]. 

The  ordered  2D  phase  on  (111)  surfaces  gives  the  5x5  LEED  pattern  [13]  as  we  observed, 
and  Auger  electron  spectra  very  similar  to  those  we  observed  [11].  The  copper  coverage  on 
(111)  surfaces  equilibrated  with  internal  Cu3Si  which  we  measured  (table  I)  is  close  to  the  value 
previously  reported  for  full  coverage  by  the  quasiperiodic  2D  phase.  Our  measurements  of  the 
copper  coverage  on  surfaces  after  equilibration  with  internal  Cu3Si,  and  the  previously  reported 
studies  of  copper  deposited  onto  silicon  surfaces,  both  lead  to  the  conclusion  that  the  free  energy 
of  copper  in  Cu3Si  is  higher  than  that  of  copper  on  (1 1 1)  surfaces  but  lower  than  that  of  copper 
on  (100)  surfaces. 

Segregation  of  copper  and  other  impurities  onto  surfaces  of  internal  microcavities  has  been 
investigated  as  a  potential  gettering  mechanism  [4,5].  It  was  observed  that  gettering  to  cavities 
dissolved  pre-existing  internal  Cu3Si  precipitates  at  450°C  and  600°C  [5],  This  transfer  of  copper 
from  silicide  to  cavities  occurs  via  the  solution  state  and  is  driven  by  a  lower  chemical  potential 
for  the  copper  at  cavities  than  in  the  silicide  phase.  Measurements  and  modeling  of  copper 
redistribution  between  cavity  layers  at  different  depths,  and  between  cavities  and  internal  silicide 
give  a  value  for  the  free  energy  of  copper  bound  to  cavities  which  is  about  0.8  eV/atom  below 
that  of  copper  in  Cu3Si  at  630°C  [5],  With  this  strong  binding,  the  copper  at  the  cavities  after 
equilibration  with  silicide  should  be  saturated  at  the  equilibration  temperatures  used  in  our  study. 
In  the  cavity  experiments  the  saturation  coverage  of  copper  was  estimated  to  be  6.5  Cu/nm^  from 
the  areal  density  of  copper  measured  by  RJBS,  and  measurements  of  total  cavity  surface  area  from 
transmission  electron  microscopy  (TEM)  [4],  The  results  from  our  investigation  suggest  that 
gettering  of  Cu  at  cavities  may  be  mainly  on  the  (111)  facets.  The  saturation  coverage  found  in 
the  study  of  copper  gettering  at  cavities  is  consistent  with  the  coverage  we  observe  on  external 
(111)  surfaces  over  approximately  half  of  the  cavity  surface  area.  This  is  consistent  with  TEM 
which  showed  that  the  cavities  were  faceted  with  predominately  {111}  faces  [4,6]. 
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ABSTRACT 

A  soft  X-ray  emission  spectroscopy(SXES)  study  under  an  energetic  electron  irradiation  has  been 
applied  to  a  nondestructive  buried  interface  analysis  of  a  thin-film(e.g.,  Cr)/Si(substrate)  contact 
system,  where  the  energy  of  primary  electrons,  Ep  ,  is  less  than  20keV.  An  interesting  point  of  this 
method  is  that  we  can  have  a  specific  signal  for  an  element  to  be  used  as  a  finger  print,  otherwise  it  is 
difficult.  By  using  this  e-beam  excited  SXES,  we  can  study  an  interface  buried  deep  in  a  rather  thick 
overlayer,  e.g.,  more  than  a  hundred  of  nm,  which  is  due  to  the  fact  that  a  mean  free  path  of  a  soft  X- 
lay  or  an  X-ray  production  depth  is  much  larger  than  the  mean  free  path  of  an  energetic  electron  in 
solids.  Electronic  stmctural  study  of  silicides  by  SXES  is  also  shown. 

INTRODUCTION 

Surprising  development  in  the  field  of  electronic  devices  is  largely  dependent  on  the  achievement 
in  the  fabrication  of  well  defined  interfaces,  because  most  of  devices  function  at  their  interfaces. 
Among  them,  semiconductor  devices  have  been  increasing  the  packing  density  due  to  the  increment 
of  the  integration,  which  asks  very  thin  layers  to  be  fabricated  in  high  quality  and  reliability.  In  order 
to  answer  to  this  kind  of  requirement,  it  is  necessary  to  have  methods  which  can  characterize  such  a 
buried  very  thin  layer  effectively  and,  hopefully,  nondestructively. 

A  soft  X-ray  emission  spectroscopy(SXES)  is  an  interesting  method  for  studying  valence  band 
density  of  states(VB-DOS),  because  a  core  level  involved  in  the  soft  X-ray  emission  has  little  wave 
number  dependence[l].  Also  it  can  provide  information  corresponding  to  different  electronic  states, 
e.g.,  S-,  p-  and/or  d-electronic  DOS,  separately  for  different  elements  consfructing  a  material  to  be 
studied  due  to  the  dipole  selection  rule  in  electron  transition  to  give  rise  to  a  photon  emission[2].  The 
SXES  signals  give  information  on  VB-DOS  compleraental  to  a  photoelectron  spectroscopy(PES), 
e.g.,  X-ray  photoelectron  spectroscopy (XPS),  which  reflects  the  total  VB-DOS  of  a  material  under 
study. 

EXPERIMENT 

SXES  experiments  were  carried  out  in  a  vacuum  chamber  with  an  electron  gun,  an  X-ray 
spectrometer  and  an  X-ray  detector  in  an  ambient  pressure  of  ~10-'^Pa  or  better  during  analysis  at 
room  temperature.  A  monochromated  X-ray  was  directed  to  either  a  detector  through  a  fine  slit  with 
a  width  of  60  M  m  or  a  multichannel  plate.  Specimens  to  be  analyzed  were  put  on  a  metal  specimen 
holder.  The  energy  resolution  of  the  spectrometer  is  ~leV  or  better. 
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Athin-filin/Si(substrate)  contact  specimen  was  prepared  by  either  a  solid  phase  reaction(SPR)  or  a 
chemical  vapor  deposition(CVD),  A  silicon  compound  film  was  prepared  by  the  former  method, 
where  a  thin  film  of  a  component  material  was  first  deposited  on  a  Si  substrate  to  be  followed  by  a 
heat  treatment  below  melting  points  of  either  constituent  materials  or  the  compound  to  be  grown. 

XPS  study  was  done  with  a  commercially  available  apparatus. 

RESULTS  AND  DISCUSSION 

Si-K  3  emission  band  spectrum  is  shown  in  Fig.  1(a)  for  CrSh,  where  the  signal  is  normalized  at 
the  highest  peak  and  plotted  as  a  function  of  photon  energy (h  v  ).  The  features  to  be  noted  in  the 
spectrum  for  CrSi2  [Fig.  1(a)]  is  that  it  has  a  peak  at  h  v  ~1836.6eV  with  a  shoulder  at  -^1834.2eV. 
This  is  a  clear  difference  from  the  fact  that  the  Si-K  3  emission  band  spectrum  of  a  Si  crystal  has  a 
peak  at  ~1836.9eV.  CrsSi,  another  compound  phase  in  the  Cr-Si  binary  system,  showed  a  Si-K  3 
emission  band  spectrum  with  a  peak  at  ~1834.2eV,  which  is  different  from  either  that  of  a  Si  crystal 
or  the  one  of  CrSi2.  This  kind  of  difference  in  the  spectral  shape  among  a  Si  crystal  and  Cr-silicides 
can  be  used  as  finger  prints  to  identify  what  kind  of  material  exists  on  top  or  at  the  interface  of  a  thin- 
film/substrate  contact  system. 

Cr(thin-film,  50--100nm)/Si(100) 
specimens  heat  treated  at  different 
temperatures  have  been  studied.  In 
Fig.l  Si-K  3  emission  band  spectra  are 
shown  for  CrSi2(a)  and  the  specimens 

heat  treated  at  450(b)  and  425°C(c), 
where  the  incident  electron  energy  is 
5keV.  The  spectra  of  Fig.l(a)^(c)  are 
quite  similar.  Therefore,  one  can  claim 
that  CrSi2  like  compounds  arc  formed  for 
the  specimen  heat  treated  at  450  and  425 
“C. 

Si-  L2,3  emission  band  spectra  are 
shown  in  Fig. 2  for  CrSi2(a)  and  Cr(thin- 
film)/Si(substrate)  specimens  heat  treated 
at  450(b)  and  425 “C(c),  where  detected 
photons  are  plotted  as  a  function  of  the 
photon  energy (h  v  ).  Here,  it  should  be 
noted  that  the  Si  L2,3  emission  band 
spectrum  reflects  the  VB-DOS  with  s- 

and/or  d-symmetry  according  to  the  Fig.l  Si-K  3  emission  band  spectra:  CrSi2(a),  and 
dipole  selection  rule,  because  the  specimens  of  Cr(film)/Si(100)  heat  treated  at 

signal  of  the  photon  emission  cor-  450“C(b)  and  425“C(c). 
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responds  to  the  electron  transition  from  the  valence  bcind  to  the  Si(2p)  core  holes.  On  the  other 
hand,  the  Si-K  3  emission  band  spectrum  gives  information  on  the  partial  VB-DOS  of  Si-p 
electronic  states.  The  spectrum  of  Fig.2(a)  for  CrSi2  has  the  following  characteristics,  i.e.,  it  has 

two  broad  peaks  at  h  v  ~91.4  and  96.7eV,  which  is  a  clear  difference  from  the  fact  that  Si-L2,3 

spectrum  for  a  Si  crystal  have  a  double  peak  at  h  v  ~89  and  92eV  and  a  terrace  that  extends  to  the 
top  of  the  valence  band[3].  There  are  clear  differences  between  the  spectrum  for  CrSi2  and  the 

one  for  a  Si  crystal.  Si-L2,3  emission  band  spectrum  for  Cr3Si  has  a  peak  at  --90eV[3].  These 
differences  in  the  spectral  shape  in  the  Si-L2,3  emission  band  spectra  can  also  be  used  as  finger 
prints  to  identify  an  unknown  material. 

The  fact  that  the  spectrum  of  Fig.2(b)  is  quite  similar  to  that  of  Fig.2(a)  again  suggests  the  fact 
that  the  material  formed  on  the  substrate  by  the  450“C  heating  of  Q(thin-film)/Si(substrate) 
specimen  is  CrSi2.  This  is  consistent  with  what  we  have  claimed  from  the  experimental  results 
shown  in  Fig.l.  By  the  way,  the  spectrum  of  Fig.2(c)  does  not  show  any  special  feature  at  all. 
On  the  other  hand,  the  Si-K  (3  emission  band  spectrum  can  clearly  be  observed  for  the  same  heat 
treatment  as  is  shown  in  Fig.l(c).  A  question  is  what  the  origin  of  this  kind  of  difference  is,  i.e., 
no  features  in  the  Si-L2,3  emission  band  [Fig  .2(c)]  and  a  clear  structures  in  the  Si-K  P  emission 
spectrum[Fig.l(c)].  This  can  be  explained  as  follows.  Namely,  the  above  observation  is  due  to 
the  feet  either  that  the  mean  free  path  of  the  Si-K  P  X-ray  in  a  solid  is  almost  10  times  larger 
than  that  of  Si-L2,3[4]  or  that  the  X-ray  production  depth  is  much  less  for  5keV  electrons  to  create 
K-holes  than  that  for  lOkeV  electrons  to 
create  L-holes.  The  specimen  heat 


treated  at  425 ‘’C  must  have  an  unreacted 
Cr  layer  on  top,  which  gives  a  barrier  for 
the  Si-L2,3  X-rays  leaving  the  buried 
layer  beneath  to  be  detected.  In  other 
word,  it  can  be  said  that  we  have 
successfully  carried  out  a  nondestructive 
analysis  of  a  buried  interface  structure 
without  adopting  any  destructive  tool  like 
ion  sputtering. 

Clear  modifications  in  SXE  spectra  of 
an  element  in  different  networks,  e.g., 
those  in  Si  L2,3  spectra  in  different 
compounds  ,  or  alloys,  shown  above, 
can  be  used  for  a  nondestructive  depth 
profiling  of  a  thin-fiim/substrate  contact 
system,  where  energetic  electrons  are 
used  to  excite  core  electrons.  In  the 
above  case,  we  have  utilized  the 
difference  in  the  mean  free  path  for  Si- 
KP  andSi-L2,3.  We  can  also  carry  out 
such  a  nondestructive  study  by  varying 
the  incident  electron  energy  or  the 
incident  angle  to  the  specimen  surface. 


Photon  energy  (eV) 


Fig.2  Si-L2,3  emission  band  spectra  correspond¬ 
ing  to  specimens  shown  in  Fig.l. 
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An  electron  with  energy  higher  than  '^O.lkeV  can  reach  deep  into  a  solid  with  increasing  its 
energy.  In  other  words,  the  X-ray  production  depth,  dx,  of  an  energetic  electron  becomes  larger 
with  its  energy.  This  physics  leads  to  a  possible  application  of  the  electron  excited  SXES  to  a 
nondestructive  depth  profiling  method  of  a  thin  film  contact  system  with  the  help  of  a  certain 
modification  of  the  X-ray  emission  spectrum  of  an  element  in  different  chemical  bonding  states, 
i.e.  an  incident  energy  variation(IEV)  method[5].  An  important  point  for  the  depth  profiling  using 
an  energetic  electron  as  primaries  is  that  the  X-ray  production  depth(dx)  is  much  larger  than  the 

mean  free  path  ( X )  of  an  energetic  electron,  i.e.,  dx^*  X .  Therefore,  we  can  carry  out 
nondestructive  depth  profiling  using  the  electron  excited  SXES  for  a  specimen  with  thicker 
overlayer  than  in  the  case  to  utilize  the  mean  free  path  of  an  energetic  electron  like  electron 
spectroscopies. 

An  example  of  the  SXES-IEV  method  is  as  follows:  a  Q(thin-film)/Si(substrate)  specimen  heat 
treated  at  450'’C  has  been  studied  by  changing  incident  electron  energy  between  3  and  20keV, 
which  gives  no  essential  difference  m  the  Si-L2,3  emission  band  spectrum  as  that  of  Fig.2(b). 

This  fact  indicates  that  the  specimen  heat  treated  at  450°C  has  a  uniform  CrSi2  layer  on  top. 

Nondestructive  depth  profiling  can  also  be  earned  out  using  electron  excited  SXES  method  by 
varying  the  angle  of  incident  electron  to  the  specimen  surface,  i.e.,  the  incident  angle  variation 
(lAV)  method [6].  That  is,  one  can  tune  the  X-ray  production  depth,  dx,  of  an  incident  energetic 
electron  by  varying  the  incident  angle,  where  the  energy  of  an  incident  electron  is  kept  constant. 

Until  now,  we  have  been  concentrated 
our  attention  to  utilize  SXE  spectra  as 
finger  prints  for  the  applications  of  the 
nondestructive  structural  analysis  of  a 
buried  interface  layer.  As  mentioned  at 
the  beginning,  a  SXE  spectrum  due  to  the 
transition  from  the  valence  band  to  a 
shallow  core  holes  carries  a  wave 
function  selected  information  on  the  VB- 
DOS  for  each  element  constructing  a 
material.  Therefore,  we  can  clarify  an 
electronic  state  of  a  buried  interface  layer 
nondestructively. 

Si-K  3  and  Si-  L2,3  emission  band 
spectra  for  a  CrSi2  crystal  are  shown  in 

Fig.3  together  with  theoretical  Si-s,p  VB- 
DOS[7].  Here,  it  should  be  noted  that 
the  Si  L2,3  emission  band  spectrum 
reflects  the  valence  band(VB)  density  of 
states(DOS)  with  s-  and/or  d-symmetry 
according  to  the  dipole  selection  rule, 
because  the  signal  of  the  photon  emission 
corresponds  to  the  electron  transition 

from  the  valence  band  to  Si(2p)  core  holes.  Fig.3  Experimental[(a)  Si-K  3  and  (b)  Si-L2,3] 

On  the  contrary,  the  Si-K  3  emission  band  and  theoretical[Si-s,  p(c)]  spectra, 

reflects  Si-p  VB-DOS.  The  Fermi 


-10  0 


Binding  energy  (eV) 
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energy(E=0)  is  determined  by  using 
information  on  the  binding  energy  for 
Si(ls)  and  (2p)  deduced  from  the  XPS 
study.  The  Si-K  3  signal  is  considered 
to  correspond  to  the  theoretical  VB-DOS 
peaked  at  Eb~3eV.  Si-L2,3  signal 
peaked  at  Eb'^TeV  may  correspond  to  the 
lower  part  of  the  theoretical  VB-DOS. 

The  upper  part  of  the  Si-L2,3  emission  is 
due  to  either  Si-s  or  -d  states  considering 
above  selection  rule.  Therefore,  we  can 
again  safely  conclude  that  the  G(film) 
/Si(substrate)  specimen  heat  treated  at  425 
“C  has  a  buried  interface  layer  with 
electronic  structure  of  GSi2  from  the 
experimental  result  shown  in  Fig.  1(c) 
together  with  that  of  Fig.2(c) . 

So  far,  experimental  results  were 
obtained  using  a  detector  to  collect  a 
spectrum  point  by  point.  In  order  to 
perform  experiments  more  quickly  with 
enough  energy  resolution,  we  have 
adopted  a  position  sensitive  detector(PSD)  for 

obtaining  soft  X-ray  emission  spectrum. 


Fig  .4  Si-L2,3  emission  band  spectrum  of 
NiSi2  obtained  using  PSD. 


An  example  is  shown  m  Fig.4  for  the  Si-L2,3 

emission  band  spectrum  of  NiSi2  which  has  a  sharp  line  at  the  Fermi  edge.  The  spectral  shape  is 
almost  the  same  as  the  one  reported  previously [8].  The  data  collection  time  is  less  than  one  tenth, 
or  even  one  hundredth,  which  enables  us  to  do  experiments  in  shorter  time,  or  to  examine  even  an 
atomic  surface  layer  of  a  solid. 

SUMMARY 


Structural  studies  using  soft  X-ray  emission  spectroscopy(SXES)  have  been  carried  out  on  heat 
treated  thin-film(e.g.,  Cr)/Si(substrate)  system.  They  are  summarized  as  follows: 

(1)  Si-K  3  and  L2,3  SXE  spectra  certainly  give  characteristic  information  for  different  Si- 
compounds,  or  alloys.  Namely,  a  SXE  spectrum  can  be  used  as  a  finger  print  for  a  material  to  be 
identified. 

(2)  The  SXES  is  useful  to  clarify  structures  of  a  buried  interface  of  a  thin-film/Si(substrate)  contact 
system  nondestructively,  where  an  energetic  electron  is  used  for  the  core  hole  excitation  to  give 
rise  to  a  photon  emission.  The  nondestmctive  depth  profiling  can  be  carried  out  both  by  utilizing 
the  difference  in  the  mean  free  path  of  soft  X-rays  with  different  energy  and  by  varying  either  the 
energy  or  the  angle  with  respect  to  specimen  surface  normal  of  incident  energetic  electrons.  The 
sampling  depth  is  much  larger  than  conventional  electron  spectroscopies,  which  is  due  to  the  fact 
that  the  former  utilizes  the  energy  dependence  of  an  X-ray  production  depth  in  a  solid  in  contrast  to 
the  latter  depends  on  the  inelastic  mean  free  path  of  energetic  electrons. 

(3)  The  usefulness  of  the  SXES  for  the  study  of  the  VB-DOS  of  a  compound,  or  an  alloy,  is  also 
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shown,  which  is  due  to  the  selection  rule  for  the  photon  emission  caused  by  electron  transition 
from  valence  band  to  core  holes.  This  fact  enables  us  to  identify  the  electronic  structure  of  a 
buried  layer  formed  after  thin  film  formation  on  a  solid  surface.  Also  important  is  the  fact  that  a 
SXE  spectrum  is  specific  to  an  element  and  an  electronic  state  of  an  element  constmeting  a 
material. 
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APPENDIX 


Fig.Al  Si  K  3  SXE  spectra  for  Si 
crystal(a)  and  Cr3Si(b). 


Fig.A2  Si  L2,3  SXE  spectra  for  Si 
crysfal(a)  and  Cr3Si(b). 
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ABSTRACT 

Chemistry  and  interfacial  reactions  of  the  Cu-Ge  alloyed  ohmic  contacts  to  n-GaAs  with 
extremely  low  specific  contact  resistivity  (6.5x10'^  Q  cm^  for  n~10‘’  cm'^)  have  been  investigated 
by  transmission  electron  microscopy,  EDX  and  SIMS.  Unique  properties  of  the  contact  layers  are 
related  to  the  formation  (at  Ge  concentration  above  15  at.%)  of  a  polycrystalline  layer  of  ordered 
orthorhombic  ei-CuaGe  phase.  Formation  of  the  Erphase  is  believed  to  be  responsible  for  high 
thermal  stability,  interface  sharpness  and  uniform  chemical  composition.  The  results  suggest  that  the 
formation  of  the  and  Ei-CusGe  phases  creates  a  highly  Ge-doped  n'*’-GaAs  interfacial  layer  which 
provides  the  low  contact  resistivity.  Layers  with  Ge  deficiency  to  form  ^-phase  show  nonuniform 
intermediate  layer  of  hexagonal  p-CujAs  phase  which  grows  epitaxially  on  Ga{lll}  planes  of  GaAs. 
In  this  case,  released  Ga  diffuses  out  and  dissolves  in  the  alloyed  layer  stabilizing  the  ^-phase  which  is 
formed  in  the  structures  with  average  Ge  concentration  of  as  low  as  5  at.%.  These  layers  also  exhibit 
ohmic  behavior. 

INTRODUCTION 

Development  of  ohmic  contacts  to  GaAs  and  related  compound  semiconductors  that  exhibit 
a  low  contact  resistivity,  a  high  thermal  stability,  and  at  the  same  time,  possess  a  wide  process 
window  has  been  a  long-standing  challenge  in  micro-  and  optoelectronics.  Recently,  we  have  found 
that  Cu-Ge  compound  forms  an  ohmic  contact  to  n-type  GaAs  with  a  specific  contact  resistivity  of 
6.5x1 0'^  n-cm^  [1],  lower  than  that  reported  for  Au-Ge-Ni  [2],  and  also  Ge/Pd  and  Ge/Pt/Au 
contacts  on  n-type  GaAs  with  comparable  doping  concentrations  (~10‘’  cm‘^).  The  Cu3Ge  alloy 
layers  exhibit  remarkably  low  bulk  metallic  resistivity  of  ~6  jifl  cm  at  room  temperature  [3],  only  a 
factor  of  3  larger  than  pure  Cu,  high  electrical  stability  during  annealing  at  temperatures  up  to  450®C 
after  contact  formation,  and  also,  interface  sharpness  with  GaAs  substrate  [4].  In  addition,  it  has  been 
recently  shown  that  CuaGe  phase  has  excellent  oxidation  resistance  [5].  All  these  results  suggest  a 
great  potential  of  Cu-Ge  alloys  for  III-V  contact  technology. 

In  the  temperature  range  below  570  °C  the  equilibrium  phase  diagram  of  Cu-Ge  binary  system 
consists  of  the  following  four  phases  [6]:  (i)  a-phase  (isomorphous  with  Cu)  exists  in  the  range  of 
composition  upto  ~10  at.%  of  Ge;  (ii)  hexagonal  closed-packed  ^-phase  with  average  composition  of 
CusGe  and  a  wide  range  of  homogeneity  from  10  to  18  at.%  of  Ge.  This  structure  has  closed-packed 
layers  similar  to  those  in  the  fc.c.  structure  of  pure  Cu;  (iii)  orthorhombic  epCuaGe  phase  with  a 
quite  narrow  range  of  homogeneity,  from  24.3  to  25.5  at.%.  This  phase  can  be  treated  as  slightly 
deformed  ^-phase;  (iv)  Ge  with  solubility  of  Cu  upto  ~10'*  at.%. 

We  have  shown  recently  [1],  that  the  compound  with  the  lowest  specific  resistivity  which 
also  provides  the  lowest  contact  resistivity  to  n-type  GaAs  is  £, -phase.  This  paper  is  primarily 
focused  on  the  chemistry  of  formation  of  CuGe/GaAs  interface  as  a  function  of  Ge  concentration. 

EXPERIMENT 

The  Cu3Ge  contacts  with  average  Ge  concentration  from  5  to  30  at.%  were  formed  by 
sequential  deposition  of  Cu  and  Ge  layers  on  1  pm-thick  n-type  GaAs  homoepitaxial  layers  (doped 
with  Si  to  a  concentration  of  1x10*’  cm  '^)  at  room  temperature,  followed  by  an  in  situ  anneal  at 
400®C  for  30  min  to  produce  Cu-Ge  layers  of  about  0.2  pm  in  thickness.  The  Cu  and  Ge  layers  were 
deposited  using  electron-beam  evaporation  in  a  vacuum  10*’  Torr  at  a  rate  of  1  nm/s.  The  average 
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composition  of  the  layers  was  determined  from  the  thickness  of  the  elemental  Cu  and  Ge  layers 
assuming  the  bulk  density  of  these  layers.  The  crystal  structure  and  microstructure  of  the  layers  were 
examined  by  transmission  electron  microscopy  (TEM)  with  200  kV  Topcon  002B  electron 
microscope  equipped  with  Noran  energy  -  dispersive  x-ray  (EDX)  detector  with  superthin  Norvar 
window  which  allowed  us  to  analyze  low-energy  x-ray  lines. 

RESULTS 


The  results  on  electrical  properties  of  the  Cu-Ge  alloy  contacts  including  specific  contact 
resistivity  and  specific  bulk  resistivity  measurements  were  described  elsewhere  [1,4,7].  Here  we  just 
want  to  emphasize  that  pure  Cu  forms  Schottky  contact,  and  the  layers  with  Ge  concentration  in  the 
range  5  to  40  at.%  form  ohmic  contact  on  n-type  GaAs.  The  minimum  value  of  a  specific  contact 
resistivity,  6.5x10'^  t2  cm^  ,  on  n-GaAs  (IxlO'^  cm‘^)  was  obtained  for  Cu-Ge  alloy  contact  with  30 
at.%  of  Ge.^  The  n-channel  GaAs  metal-semiconductor  field-effect  transistors  using  the  ohmic 
contacts  with  30  at.%  of  Ge  have  exhibited  a  considerably  higher  extrinsic  transconductance  (145 
mS/mm)  compared  to  the  devices  with  AuGeNi  and  Ge/Pd  contacts  [1]. 


Layers  with  Ge  deficiency  to  form  C-phase  (<15  at.%) 

When  pure  Cu  is  deposited  on  GaAs  and  alloyed  at  400“C  for  30  min,  a  distinct  region  of 
chemical  reaction  between  Cu  and  GaAs  is  formed  (Fig.  1).  This  intermediate  layer  has  been  identified 
as  hexagonal  CU3AS  phase  with  lattice  parameters,  a  =  7.14  A  and  c  =  7.32  A,  known  in  the 
literature  as  "artificial"  or  p-domeykite  [8].  The  CU3AS  layer  is  very  nonuniform  and  appears  as 
faceted  protrusions  grown  inside  the  GaAs  substrate.  An  almost  perfect  3:1  composition  of  the  phase 


is  also  confirmed  by  EDX  spectroscopic  analysis.  It 
shows  also  rather  low  solubility  of  Ga  in  the  CU3AS 
phase  which  does  not  exceed  1  at.%. 

The  alloyed  layers  with  low  Ge 
concentration  in  the  range  5-10  at.%  (with  Ge 
deficiency  to  form  C-phase)  exhibit  the 
microstructure  illustrated  by  Fig.  2.  ftoe  the  cross- 
sectional  images  are  shown  in  the  (01  1)  projection 
of  the  GaAs  substrate.  The  top  layer  has  a 
hexagonal  close-packed  structure  of  ^-CujGe  phase. 
Similar  to  the  case  of  pure  Cu,  the  intermediate 
layer  of  P-CU3AS  appears  between  of  Cu-Ge  layer 
and  GaAs  substrate.  Electron  diffraction  and 
HRTEM  analysis  shows  that  the  formation  of 
CU3AS  layer  occurs  through  a  solid  state  epitaxy.  As 
in  the  case  of  pure  Cu  (Fig.  1),  the  (0001)  base 
plane  of  hexagonal  CU3AS  phase  is  aligned  parallel 
to  two  of  the  four  possible  {111}  planes  of  GaAs. 
Specifically,  that  CU3AS  grains  grow  epitaxially  on 
GaAs  with  the  following  orientation  relationship 
between  CU3AS  and  GaAs:  (0001)  //  Ga(lll), 
[10  10]  //  [01  1]  [9].  For  (100)  GaAs  substrate  the 
basal  plane  of  CU3AS  can  be  parallel  to  either  of  the 
two  equivalent  Ga(l  1 1)  and  Ga  (1  1  1)  planes  resul¬ 
ting  in  two  possible  orientations  of  CU3AS  grains.  It 
should  be  also  noted  that  both  P-CU3AS  and  ^-CuGe 
phases  are  in  contact  with  the  GaAs  substrate. 


I  ‘ 


Fig.  1.  Cross-sectional  TEM  micrograph 
showing  the  pure  Cu  layer  deposited  on  GaAs 
and  alloyed  at  400V  for  30  min.  The  image  is 
taken  in  (011)  projection  of  the  substrate. 
The  top  Cu  layer  is  partially  removed  during 
ion  milling 


the  alloyed  layer  with  5  at.%  of  Ge  in  (01  1) 
projection  of  GaAs. 
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Layers  with  deficiency  of  Geto  form  e,  -phase  (15  -  25  at.%) 


Usually  CuGe  films  appear  as  polycrystalline  with  the  average  grain  size  of  the  order  of  200  - 
300  nm  which  is  almost  independent  of  the  composition  in  the  range  of  Ge  concentration  from  5  to 
40  at.%.  Cross-sectional  TEM  image  of  the  contact  formed  with  a  Cu-20  at.%  Ge  layer  (Fig.  3) 
shows  that  the  film  is  laterally  uniform  in  thickness  and  consists  of  grains  of  both  the  orthorhombic 
El-phase  and  the  hexagonal  close-packed  ^-phase.  Some  faceted  protrusions  are  formed  at  the 
interface  and  consist  of  the  same  Ei-  and  ^-phases.  No  traces  of  the  CujAs  phase  has  been  obseryed. 
We  have  shown  that  protrusions  at  the  Cu-Ge/GaAs  interface  are  formed  in  all  the  samples  with  Ge 
deficiency  for  the  formation  of  E,-Cu3Ge  phase  (<25  at.%  Ge)  [91. 


Layers  with  excess  of  Geto  form  e,  -phase  (>  25  at.%) 

The  contact  layer  with  average  concentration 
of  30  at.%  Ge  is  laterally  very  uniform  in  thickness  and 
contains  E,-Cu3Ge  (large)  and  Ge  (small)  grains  (Fig. 
4).  The  Ge  grains  were  found  to  grow  epitaxially  on  the 
GaAs  substrate  [10]  and  were  always  present  when  the 
average  Ge  concentration  in  the  alloy  layer  exceeded 
25  at.%.  The  interface  between  the  E,-Cu3Ge  grain  and 
the  GaAs  substrate  is  planar  and  structurally  abrupt  to 
within  atomic  scale,  and  neither  transition  layer  nor 
protrusions  are  observed  at  the  interface.  With  the 
increase  of  Ge  concentration  to  40  at.%,  the 
microstructure  remains  similar  to  that  of  the  contact 
with  a  30  at.%  Ge  alloy  layer,  except  that  the 
proportion  of  Ge  epitaxial  grains  is  found  to  increase. 

DISCUSSION 

Chemistry  of  CuGe-Cu3As-GaAs  system 

The  results  of  studying  of  the  chemical 
composition  of  the  alloyed  Cu/Ge/GaAs  structures  are 
summarized  in  Table  1.  Four  crystal  phases  were 
observed:  Cu,  P-CU3AS,  ^-CuGe  and  GaAs.  In  the  case  of 
pure  Cu,  the  metal  is  not  consumed  completely  by  the 
alloying  reaction: 


Fig.  3-  a)  Cross-sectional  TEM  micrograph 
showing  the  microstructure  of  the  Cu-20 
at.%  Ge  layer  after  annealing  at  400'C  for 
30  min.  Arrows  indicate  Cu-Ge  protrusions. 


Fig.  4.  Cross-sectional  TEM  micrograph 
showing  the  microstructure  of  the  Cu-30  at. 
%  Ge  layer 


Table  1.  Thickness  and  composition  of  Cu-Ge  contact  layers  with  different  average  Ge 


concentration 


Average  Ge  concentration,  at.% 

0% 

5%  10% 

15% 

Average  thickness  of  CU3AS  layer,  nm 

Thickness  of  C-CuGe(Ga)  layer,  nm 

Measured  (Ge+Ga)/Cu  atomic  ratio  in  ^-CuGe(Ga)  layer,  at.% 
Measured  Ga/Ge  atomic  ratio  in  ^-CuGe(Ga)  layer,  at.% 

Ga/Ge  atomic  ratio  estimated  from  Ge-balance,  at.% 

Ga/Ge  atomic  ratio  estimated  from  Ga-As  balance,  at.% 

230*  65  38  <5 

0  210  210  220 

15%  19%  23% 

50%  25%  <20% 

65%  42%  25% 

42%  22% 

♦incomplete  reaction  with  Cu 
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GaAs  +  3Cu  — >  CU3AS  +  Ga.  ( 1 ) 

and  the  structure  consists  of  a  thick  intermediate  CU3AS  and  top  Cu  layers  (Fig.l).  When  the  average 
Ge  content  is  increased  to  5  at.%  the  top  layer  of  ^-CuGe  phase  appears  in  the  structure.  The 
transitional  CU3AS  layer,  a  product  of  the  reaction  (I),  remains  in  the  structure  with  Ge 
concentration  up  to  15  at.%  though  its  average  thickness  keeps  decreasing.  In  the  sample  with  15 
at.%  of  Ge,  only  small  grains  of  the  CuaAs  phase  have  been  found  at  the  interface.  An  EDX  spectrum 
of  P-CU3AS  layer  is  shown  in  Fig.  5a.  Although  Ga-L  line  appears  in  the  spectrum,  we  believe  that  Ga 
concentration  in  CU3AS  is  still  very  low  as  in  the  case  of  pure  Cu  alloying,  and  Ga-L  peak  is 
tentatively  attributed  to  a  secondary  x-ray  emission  from  GaAs  substrate.  This  assumption  is  rather 
obvious  since  the  thickness  of  CU3AS  layer  decreases  with  the 
increase  of  Ge  concentration  in  the  contact  layer  and  the 
secondary  emission  from  the  adjacent  material  contributes 
largely  to  the  spectrum.  On  the  other  hand,  the  spectrum  in  Fig. 

5a  gives  a  much  higher  As-to-Cu  ratio  than  for  stoichiometric 
CU3AS  compound.  We  can,  therefore,  explain  this  fact 
consistently  by  contribution  of  As-L  secondary  emission  from 
the  substrate.  In  the  layers  with  5  at.%  of  Ge,  the  Ge 
concentration  is  not  high  enough  to  form  ^-phase  which  can  be 
obtained  in  the  composition  range  10-18  at  %  of  Ge  [6],  The  x- 
ray  EDX  analysis  of  the  ^-phase  (Fig.  5b)  indicates  the  presence 
of  both  Ge  and  Ga  at  a  total  concentration  of  15  at.  %.  The 
presence  of  Ga  can  stabilize  the  hexagonal  ^-phase  because  both 
Cu-Ge  and  Cu-Ga  compounds  belong  to  the  same  type  of  Hume- 
Rothery  electron  phases  and  Cu-Ge-Ga  ternary  system  has  a 
wide  homogeneity  range  [11].  For  comparison.  Fig.  5c  shows 
the  EDX  spectrum  of  C-phase  formed  in  the  structure  with  1 5 
at.%  of  Ge  which  contains  relatively  low  concentration  of  Ga. 

We  have  estimated  the  Ga/Ge  composition  ratio  in  the 
^-phase  using  the  measured  average  thicknesses  of  the  layers 
and  assuming  mass  conservation  of  the  elements  involved  in  the 
reaction.  The  two  bottom  lines  of  Table  1  summarize  these 
estimates  performed  for  Cu  and  Ge  conservation  as  well  as  Cu, 

Ga  and  As  conservation,  respectively.  Both  results  look  rather 
consistent  with  the  EDX  composition  measurements  within  the  5.  TEM  EDX  L  -  region 

experimental  accuracy  which  does  not  exceed  30  %  due  to  spectra  of  (a)  P-CU3 As  layer  in  an 

.  -r  alloyed  layer  with  5  at.%  of  Ge, 

uncertainties  in  thickness  measurements  of  the  nonuniform  (b)  ^.cuGe(Ga)  phase  in  the  same 

layers  and  composition.  The  two  estimates  give  somewhat 

different  results  mainly  due  to  the  loss  of  As  during  the  alloying  structure  with  15  at.%  of  Ge. 
reaction. 

Relatively  high  Ga  concentration  in  the  ^-phase  is  obviously  due  to  outdiffusion  of  the  excess 
Ga  released  in  the  reaction  (1).  With  the  increase  of  Ge  concentration  two  tendencies  are  obvious. 
Firstly,  the  thickness  (or  volume)  of  the  CU3AS  layer  decreases,  and  this  layer  disappears  almost 
completely  at  15  at.%  of  Ge.  Secondly,  Ga  concentration  in  the  ^-layer  falls  indicating  that  Ga 
content  is  determined  primarily  by  the  reaction  (1).  Clearly,  copper  consumed  in  the  ^-phase  can  not 
be  released  any  more  to  form  P-CU3AS  phase  indicating  a  much  lower  chemical  potential  of  Cu  in  the 
^-phase.  These  results  strongly  suggest  that  CU3AS  phase  is  formed  exclusively  when  the  free  copper 
is  present  in  the  sample.  The  direct  reaction  in  the  film: 

Cu  +  Ge  ->  ^-Cu,Ge  (2) 
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consumes  existing  Ge,  and  also,  if  the  Ge  content  is  high  enough,  As  is  pulled  out  from  the  initially 
formed  Cu^As  phase  : 

P-CU3AS  +  Ge  — >  ^-CuxGe  +  As  (3 ) 

In  this  case,  germanium  can  be  either  in  the  elemental  form  or  in  the  form  of  Ge-rich  ^-phase 
consuming  more  and  more  Cu  from  the  CujAs  layer.  In  addition,  excess  Ga  can  help  to  stabilize  the 
^-phase,  as  has  been  shown  above.  Arsenic  released  in  the  reaction  (3)  is  probably  removed  from  the 
sample  in  a  molecular  form  since  no  signs  of  the  As-containing  phases  have  been  observed  in  the 
alloyed  structures  with  high  (>15%)  Ge  concentration.  The  suggested  scheme  for  the  formation  of 
the  alloyed  structure  involving  the  reactions  (1),  (2)  and  (3)  also  explains  the  roughness  of  the 
CuGe/GaAs  interface  as  a  result  of  initial  growth  of  the  CU3AS  compound. 

Chemistry  of  Cu3Ge  -GaAs  system 

We  should  emphasize  a  very  simple  chemistry  of  a  resultant  alloyed  contact  layer  with  Ge 
concentration  higher  than  15  at.%,  i.e.  containing  enough  Ge  to  form  (^,-phase.  The  layers  consist 
exclusively  of  e, -phases  and  some  Ge  grains  when  the  average  Ge:Cu  composition  is  varied  from 
15:85  to  40:60.  It  is  a  remarkable  feature  of  Cu-Ge  layer  that  no  chemical  reaction  products  with 
GaAs  have  been  found.  It  should  be  also  noted  that  interfacial  protrusions  typical  for  the  layers  with 
Ge  concentration  <25  at.%,  are  not  observed  in  the  contact  layers  containing  excess  of  Ge  to  form  Ei 
-phase.  This  provides  an  evidence  for  a  strong  kinetic  suppression  of  the  reaction  (1)  in  the  presence 
of  high  Ge  concentration.  In  fact,  though  Cu  was  deposited  first  followed  by  Ge  layer,  thermal 
annealing  did  not  provide  a  rough  interface  typical  for  Cu3As-phase  formation.  The  rate  of  the 
reaction  (2)  (or  similar  reaction  forming  £i-Cu3Ge  phase)  is  much  higher  than  that  of  reaction  (1).  In 
addition,  the  ordered  e,-Cu3Ge  phase  has  very  low  reactivity  with  the  GaAs  substrate,  thus  providing 
excellent  homogeneity  and  uniformity  of  the  contact. 

Ohmic  contact  formation 

As  was  emphasized  above,  the  contact  resistivity  is  effected  only  slightly  by  Ge 
concentration  in  the  layers  in  the  range  of  15-30  at.%.  No  significant  differences  in  electrical 
properties  were  found  in  the  samples  with  epitaxial  Ge  grains  (when  Cu  is  deposited  first)  or 
discontinuous  epitaxial  layer  (when  Ge  is  deposited  first).  Consequently,  the  presence  of  the  Ge/GaAs 
heterostructure  at  the  interface  has  minor  effect  on  the  contact  properties.  The  most  probable 
mechanism  for  ohmic  contact  creation  is  a  formation  of  highly  Ge-doped  n'^-Iayer  at  the  interface. 
Since  Ge  is  an  amphoteric  impurity,  for  n'^-layer  to 
appear,  Ge  should  occupy  mainly  the  Ga  sites.  As  was 
mentioned  above,  Cu-Ge  phases  certainly  provide  a 
huge  drain  for  Ga  atoms  because  of  almost  infinite 
solubility  of  Ga  in  the  Cu-Ge  alloys.  On  the  other  hand. 

As  solubility  in  Cu-Ge  is  relatively  low.  Therefore, 
thermodynamic  stability  of  the  contact  layer  implies 
that  a  layer  enriched  with  Ga  vacancies  should  be 
formed  in  the  GaAs  substrate  close  to  the  Cu^Ge/GaAs 
interface.  The  Ga  outdiffusion  from  the  GaAs  substrate 
can  indeed  be  observed  in  the  SIMS  profile  (Fig.  6). 

The  SIMS  profiles  of  a  contact  structu-res  with  15  at.% 

Ge  (Fig.  6)  indicate  strong  diffusion  of  Ge  into  GaAs. 

The  value  of  the  diffusion  coefficient  is  almost 
independent  of  Ge  concentration  in  the  15-30 

at.%  range  and  decreases  only  by  a  factor  of  2-3  when  the  average  concentration  of  Ge  drops  to  5 
at.%.  These  results  indicate  that  the  diffusion  of  Ge  into  GaAs  is  enhanced  at  lower  temperatures  by 


Fig.  6.  SIMS  profiles  of  contacts  formed 
with  30  at.%  Ge  alloy  layers  and  with  Cu 
deposited  first  on  the  GaAs  substrate  after 
annealing  at  400°C  for  30  min. 
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the  presence  of  Cu  as  has  been  reported  earlier  for  Ni  [12].  Usually  Cu  is  suggested  to  be  a  fast 
interstitial  diffuser  in  GaAs  with  a  diffusion  coefficient  of  as  high  as  ~I0‘^  cm^/s  at  400  ®C.  Occupying 
Ga  sites  copper  becomes  a  double  acceptor.  The  diffusion  of  Cu,  thus,  provides  a  competitive 
mechanism  for  doping  the  Ga  sublattice  with  p-type  impurities  and  will  compensate  Geo^  donors. 
However,  we  did  not  find  any  effect  of  compensation.  On  the  contrary,  specific  contact  resistivity 
was  stable  in  the  range  of  Ge  concentrations  15-30  at.%  and  thermal  annealing  at  <400‘’C. 
Therefore,  concentration  of  compensating  Cuoa  acceptors  is  much  lower  than  the  concentration  of 
donors  in  the  interfacial  region  of  GaAs.  The  SIMS  profiles  (Fig.  6)  also  show  that  Cu  diffuses  into 
the  GaAs  not  farther  than  Ge  does.  Consequently,  we  should  emphasize  that  Cu  diffusion  is  suppressed 
by  the  presence  of  Ge.  Additional  work,  however,  is  needed  to  determine  the  mechanism  responsible 
for  significant  change  of  diffusivity  of  both  Ge  and  Cu  and  their  influence  on  each  other. 

Finally,  one  more  experimental  fact  should  be  explained.  It  was  shown  above  that  P-CU3AS 
phase  is  formed  at  the  CuGe/GaAs  interface  when  the  average  Ge  concentration  is  below  15  at.%. 
Formation  of  this  phase  is  supposed  to  provide  an  excess  of  Ga-interstitials  rather  than  Ga-vacancies 
(due  to  the  reaction  (1))  in  the  interfacial  GaAs  region.  As  a  result,  this  should  suppress  the 
formation  of  Gcoa-doped  n"^-layer  and  prevent  the  formation  of  Ohmic  contact.  However,  ohmic 
contact  is  still  formed  with  Ge  concentration  of  as  low  as  5  at.%.  This  controversy  could  be 
explained  by  the  fact  that  in  the  samples  with  low  Ge  concentration  both  P-CU3AS  and  ^-CuGe  phases 
are  in  contact  with  the  substrate.  In  this  case  Ge-doped  n^-layer  still  should  be  formed  at  the 
CuGe/GaAs  interface  due  to  Ga-outdiffusion  from  the  substrate  into  CuGe  phase.  Thus  the  creation  of 
the  ohmic  behavior  of  the  contact  is  due  to  the  regions  of  the  substrate  which  occasionally  appear  in 
the  direct  contact  with  CuGe  phase.  The  contact  resistivity  will  be  increased  in  this  case  owing  to 
decreasing  of  the  contact  area  but  will  still  exhibit  ohmic  behavior. 

CONCLUSIONS 

Chemistry,  interfacial  reactions  and  diffusion  characteristics  of  the  Cu-Ge  alloyed  ohmic 
contacts  to  n-GaAs  have  been  investigated  by  TEM  and  SIMS  techniques.  Unique  properties  of  the 
contact  layers  are  related  to  the  formation  (at  Ge  concentration  above  15  at.%)  of  a  polycrystalline 
layer  of  ordered  orthorhombic  e,-Cu3Ge  phase.  The  results  suggest  that  the  formation  of  the  and 
£i-Cu3Ge  phases  creates  a  highly  Ge-doped  n'*'-GaAs  interfacial  layer  which  provides  the  low  contact 
resistivity.  Layers  with  Ge  deficiency  to  form  ^-phase  show  nonuniform  intermediate  layer  of 
hexagonal  ^-CujAs  phase  which  grows  epitaxially  on  Ga{lll}  planes  of  GaAs.  In  this  case,  released 
Ga  diffuses  out  and  dissolves  in  the  alloyed  layer  stabilizing  ^-phase  which  is  formed  in  the  structures 
with  average  Ge  concentration  of  as  low  as  5  at.%.  These  layers  also  exhibit  ohmic  behavior. 
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ABSTRACT 

Pt  embedded  ohmic  contacts  to  n^-GaAs  (AuGe-800  A/  Ni-150  A/Pt-200  A/Au-500  A  and 
AuGe-800  A/Pt-200  A/Ni-150  A/Au-500  A/n^-GaAs)  have  been  developed  for  the  advanced 
discrete  devices  and  MMIC  (monolithic  microwave  integrated  circuit)  applications.  The  specific 

*6  2 

contact  resistance  investigated  by  Transmission  Line  Method  is  1x10  Qcm  .  Ohmic  contact 

reliability  investigated  by  thermal  storage  test  at  300  ‘’C  under  N2  ambient  demonstrated  nearly 
the  same  contact  characteristics  after  3000  hours.  In  both  systems.  X-ray  diffraction  results  and 
Auger  depth  profiles  show  that  the  good  ohmic  contact  is  related  to  the  formation  of  Au7Ga2, 

PtAs2,  and  Nii9Gei2  phases.  AuGa  compound  enhances  the  creation  of  Ga  vacancies,  allowing 
incorporation  of  Ge  into  Ga  sites,  and  PtAs  compound  is  piled  up  in  the  middle  of  AuGa  layer  to 
suppress  As  outdiffusion  from  GaAs  substrate.  TEM  cross-sectional  view  indicates  that  metal/n^- 
GaAs  reaction  layer  is  -1200  A  beneath  GaAs.  Surface  and  interface  are  very  smooth  and  abrupt 
in  comparison  to  conventional  AuGe/Ni/Au  contact. 

INTRODUCTION 

Metal/n^-GaAs  ohmic  contacts  have  been  investigated  for  various  GaAs  integrated  circuits. 
For  the  fabrication  of  MMICs  (monolithic  microwave  integrated  circuits)  with  submicron  gate 
length,  ohmic  contact  system  needs  to  meet  several  requirements  [1,  2,  11],  First  of  all,  contact 
resistance  should  be  nearly  negligible  and  the  contacts  should  be  thermally  stable.  Moreover,  the 
metallized  layer  must  have  smooth  faced.  Shallow  vertical  and  lateral  diffusion  lengths  are  also 
required  for  large  scale  integration.  Meanwhile,  it  is  of  paramount  important  to  control  all  the 
process  parameter  because  the  microstructure  of  contact  is  sensitive  to  the  doping  level  of  GaAs 
substrate,  the  wafer  cleaning  method,  the  contact  metallurgy,  the  deposition  process,  and  the  alloy 
temperature.  Correlation  between  ohmic  mechanism  and  microstructures  at  a  metallurgical 
viewpoint  has  been  studied  for  about  a  decade  [3~5, 11]. 

The  conventional  AuGeNi  contact  has  been  the  most  widely  used  system  for  ohmic  devices 
with  low  contact  resistance.  However,  it  has  well  known  that  its  surface  and  interface  exhibit  a 
non-planar  morphology.  In  order  to  avoid  this  drawback,  non-gold  contact  systems  and  their 
microstructural  changes  were  intensively  studied  [7,  8].  Additionally,  low-temperature  carrier 
transportation  mechanism  has  been  investigated  and  reported  by  some  research  groups  [9]. 

In  this  paper,  we  embedded  thin  Pt  metal  layer  into  the  conventional  AuGeNi  system  to 
prepare  the  modified  AuGeNiPt  ohmic  system  for  applications  in  advanced  MMICs.  The  total 
thickness  of  the  contact  metal  was  kept  to  be  1650  A.  Electrical  and  physical  properties  were 
investigated  by  the  various  analytical  techniques.  Reliability  of  the  contact  was  studied  using  the 
thermal  storage  test  up  to  3000  hr  at  300  °C .  We  emphasized  on  the  role  of  the  embedded  Pt  layer 
as  well  as  on  the  correlation  between  microstructural  change  and  good  ohmic  behavior  and 
reliability. 
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EXPERIMENTAL 


The  0.\  IM  w^-GaAs  layer  was  grown  by  metalorganic  chemical  vapor  deposition  on  the 
semi-insulating  (100)  oriented  GaAs  substrates.  Undoped  buffer  layer  of  1  (m  thickness  was 
deposited  between  these  layers.  Carrier  concentration  of  the  as-grown  «^-GaAs  layer  was  1x10 
cm'^.  Prior  to  metal  deposition  by  electron-beam  evaporator,  the  wafers  were  etched  in  a  solution 
of  pure  HF  for  90  sec  and  rinsed  in  D.I.  water  to  remove  any  surface  oxide.  Transmission  Line 
Method  (TLM)  pattern  was  made  by  photolithography.  Prior  to  metal  deposition  the  wafers  were 
chemically  cleaned  again  using  a  solution  of  HC1;H20=1;3  for  1  min. 

Fig.  1  illustrates  schematic  cross-section  of  the  samples.  Sample  A  has  the  configuration  of 
AuGe(12at%-Ge)-800  A/Ni-150  A/  Pt-200  A/Au-500  A/  «^-GaAs.  Sample  B  is  identical  to 
sample  A  except  that  the  deposition  order  of  Ni  and  Pt  is  reversed:  AuGe-800  A/  Pt-200  A/Ni- 
150  A/Au-500  A/«^-GaAs.  For  contact  resistance  and  sheet  resistance  measurements,  samples 
with  TLM  and  van  der  Pauw  patterns  were  prepared  on  the  mesa  etched  «^-GaAs  layer.  Ohmic 
metal  pad  and  dot  line  were  also  fabricated  on  mesa  etched  w^-GaAs  by  liftoff.  Ohmic  contact  was 
obtained  by  rapid  thermal  annealing  (RTA)  for  10  sec  at  430  ”C  in  N2  ambient. 

Reliability  test  was  carried  out  in  N2  ambient  System  A  System  B 

for  486  hr,  2500  hr,  and  3000  hr  at  isothermal 
temperature  of  300  “C .  The  metals  adhered  well 
to  GaAs  without  peeling. 

Auger  electron  spectroscopy(AES)  and  X- 
ray  difiraction(XRD)  were  utilized  to  measure 
the  interfacial  reactions  and  to  study  the  phases 
formed.  Atomic  force  microscopy  (AFM), 

Scanning  electron  microscopy(SEM),  and 
transmission  electron  microscopy(TEM)  were 
employed  to  examine  the  surface  and  interface 
morphology  and  microstructural  changes.  Fig  1  Cross-sectional  schemes  of  samples 

RESULTS 


Specific  Contact  Resistance 


Fig.  2  shows  the  variation  of  specific  contact 
resistance  as  a  function  of  aging  time  for  both 
systems.  Minimum  specific  contact  resistance  is 
9x10'^  ^cm  This  specific  contact  resistance  is 
higher  than  that  for  AuGeNi  scheme:  10  ^-lO”^ 
Sicm  ^  for  0=10^"^  cm'^.  But  the  characteristics  of 
specific  contact  resistance  showed  nearly  same 
even  after  thermal  storage  test  for  3000  hr. 


Fig.2.  Specific  contact  resistance  variations  O.l 

as  function  of  aging  time. 

(The  solid  line  is  system  A  and  the  dotted  system  B). 


RTA  500  1000  1500  2000  2500  3000 
Aging  Time  (hr) 
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Phase  Identification  and  Atomic  Redistribution 


Fig.  3  presents  XRD  profiles  for  system  A.  The  result  of  system  B  was  identical  except  for  the 
difference  of  intensity  ratio  of  double  peak(Au7Ga2)  at  2  0  ^  40°.  In  the  figure,  XRD  peaks 
corresponding  to  -Au7Ga2(  ^ -AuGa,  hexagonal),  PtAs2(cubic),  and  Nii9Gei2(hexagonal)  were 
clearly  observed.  Furthermore,  these  phases  remained  unchanged  even  after  a  3000-hr  thermal 
storage  test.  Small  amount  of  7  -AuGe  phase  was  detected  after  aging. 


Fig. 3.  XRD  profiles  for  system  A  with  the  AuGe/Ni/Pt/Au  configuration,  (a:  RTA,  b:  486  hr,  c; 
2500  hr,  and  d:  3000  hr  aging). 

Fig.4,  shows  the  atomic  redistribution  investigated  by  Auger  depth  profiling  for  both  systems. 
After  RTA  for  lOsec  at  430  °C,  the  contacts  undergo  a  reaction  to  form  complex  compounds. 
This  reacted  layer  has  been  separated  in  a  qualitative  sense  into  the  three  layers:  an  AuGa  layer  on 
the  top,  a  PtAs  layer  isolated  in  the  middle  (an  arrow  indicates  in  Fig.  4.d)),  and  a  Au-enriched 
layer  on  the  bottom  adjacent  to  GaAs  (a  dotted  arrow  indicates).  From  XRD  measurement,  the 
Au-enriched  bottom  layer  was  considered  to  be  AuGa  compound.  Additionally,  Ni  and  Ge 
elements  were  found  to  be  redistributed  broadly  from  PtAs  region  toward  surface  region.  The 
resulted  redistribution  behaviors  coincided  well  with  XRD  phase  formation.  With  increasing  aging 
time,  Ga  at  near  surface  was  oxidized  while  in  system  B,  Ni  was  oxidized  because  of  its  close 
vicinity  to  the  surface.  These  atomic  redistribution  was  not  changed  after  aging  test  for  3000  hr. 

Au  element,  the  dominant  moving  species,  diffuses  fast  into  GaAs  and  mixes  with  the 
dissociated  Ga.  The  dissociated  Ga  and  As  elements  also  out-difiiise,  and  then  Ga  spreads 
through  the  entire  region  to  form  AuGa  alloy.  The  observation  of  piled-up  As  element  is 
consequence  of  the  immobility  of  As  [1]  and  the  formation  of  PtAs  compound.  From  binary  phase 
diagram  [12]  and  from  the  factor  that  Ni  element  plays  a  role  of  wetting  agent  which  can  adhere 
to  substrate  materials  and  make  surface  smooth  [6],  it  was  considered  that  NiGe  and  PtAs 
compounds  were  very  stable,  and  they  respectively  played  important  roles  on  the  forming  of 
ohmic  contact  by  blocking  the  out-difflision  of  excess  Ge  and  As. 
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Sputter  Depth  (Arb.  Unit) 

Fig.4.  AES  depth  profile  results  for  AuGe/Ni/Pt/Au  system  at  left  side  and  AuGe/Pt/Ni/Au  at  light 
side  (a  and  e:  as-deposited,  b  and  f:  RTA,  c  and  g:  486  hr,  and  d  and  h;  3000  hr  aging) 

:  The  solid  arrow  indicates  the  position  of  piled-up  PtAs  layer,  the  dotted  AuGa  layer. 

Microstructural  Changes 

Fig.  5  illustrates  the  cross-sectional  views  for  both  systems.  Upper  three  images  are  for 
AuGe/Ni/Pt/Au  system  and  lower  three  for  AuGe/Pt/Ni/Au.  Drastic  microstructural  changes  were 
observed,  but  the  layered  structure  did  not  coincide  with  that  expected  from  AES  and  XRD 
results.  In  the  interface  of  System  A,  long-periodic  nodal  morphology  were  observed.  Such 
morphology  typically  appears  in  Au-based  contact  system  because  of  fast  diffusion  of  Au  element. 
Surface  morphology  of  system  A  was  more  flatter  than  that  of  system  B.  Both  surfaces  of  system 
A  and  B,  however,  were  relatively  smooth  compared  to  those  of  other  systems.  Fig.  6  shows  the 
comparison  of  SEM  surface  images  between  systems:  AuGe/Ni/Au  system  have  a  balling-up 
morphology  and  AuGe/Pt/Au  have  a  dendrite.  From  dark  field  images,  /3-AuGa  phase  was 
found  to  spread  through  the  entire  reaction  layer,  and  small  grains  were  existed  in  this  ^  -AuGa 
phase.  From  AES  results,  we  conjectured  that  small  PtAs  grains  was  located  preferentially  at  the 
middle  and  NiGe  was  located  broadly  from  the  surface  to  the  middle  region 
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Fig.5.  Cross-sectional  TEM  views  for  both  systems  annealed  in  N2  ambient  at  300  *C(a  and  d: 
RTA,  b  and  e:  486  hr,  and  c  and  f:  2500  hr);  Upper  three  image  is  AuGe/Ni/Pt/Au,  lower  three  is 
AuGe/Pt/Ni/Au.  Scale  marker  in  low  right  comer  applies  to  all  images  except  the  rectangle  box. 


Fig.6.  Comparison  of  surface  morphologies  of  a)  AuGe/Ni/Au,  b)  AuGe/Pt/Au  and  c) 
AuGe/Ni/Pt/Au  system  after  RTA  at  430  “C  for  lOsec. 


In  the  case  of  system  B,  surface  morphology  and  film  thickness  were  irregular.  Two  images  of 
Fig.S.f)  were  investigated  respectively  at  other  region  of  same  2500  hr-annealed  sample.  The  left 
one  was  quite  flat  surface  and  interface,  while  the  light  one  was  shown  also  irregular.  A 
dislocation  networking  was  investigated  in  sample  e),  which  likely  formed  on  releasing  the  faceted 
Nii9Gei2  grain  defects  (the  rectangle  box  shows).  In  the  2500-hr  annealed  sample  f),  it  was 
observed  that  Au7Ga2  grain  was  divided  to  several  smaller  grains  inclined  to  surface  by  30^*  and  to 
interface  by  -55°.  From  the  microstmctures  and  image  contrast,  PtAs2  grains  were  not  found  in 
this  specimen  because  of  the  localized  image  information,  but  it  can  be  found  at  other  areas  under 
a  low  magnification.  In  the  middle  of  the  metallized  layer,  a  vacancy  line  with  thickness  of  about 
50  A  was  observed,  which  was  corresponded  to  initial  native  oxide  layer(GaOx).  The  thickness 
of  the  metallized  layer  was  extended  up  to  average  1200  A  beneath  initial  GaAs  surface,  and 
these  were  reflected  a  shallow  vertical  and  horizontal  difiusion  length.  According  to  AFM  result, 
surface  rms  roughness  scanned  on  2x2  fm  ^  area  using  contact  mode  was  below  50  A. 
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DISCUSSION 


The  mechanism  of  ohmic  formation  of  the  Pt  embedded  system  was  related  to  the  formation 
of  Au7Ga2,  PtAs2,  Nii  96012  phases.  AuGa  compound  enhances  more  Ga  vacancies,  allowing 
incorporation  of  Ge  into  Ga  sites,  and  PtAs  is  piled  up  in  the  middle  of  Au7Ga2  grain  to  suppress 
effectively  As  out-diffusion  from  substrate,  respectively.  Finally,  amphoteric  Ge  element  then  is 
substituted  to  Ga  vacancies(VGa),  forming  a  heavily  doped  layer  just  beneath  GaAs  surface.  The 
above  reactions  were  clarified  by  the  following  equations;  7Au+2GaAs  -Au7Ga2+2As,  lPt+2As= 
lPtAs2,  and  19Ni+I2Ge  =Nii9Gei2.  However,  microstructural  changes  and  interface  morphology 
were  less  sensitive  to  ohmic  characteristics  in  Pt  embedded  system.  The  Entire  reaction  layer  was 
consisted  of  /8-AuGa  single  phase,  which  was  directly  contacted  to  «"^-GaAs  surface.  Small 
grains  were  broadly  distributed  from  the  middle  to  the  surface  region  in  this  single  phase. 

CONCLUSIONS 

We  have  made  the  modified  AuGeNiPt  thin  ohmic  contact  systems;  AuGe/Ni/Pt/Au/, 
AuGe/Pt/Ni//Au/«^-GaAs.  The  specific  contact  resistance  remained  1x10*^  ^  after  annealing 

for  3000  hr  at  300  °C.  Both  systems,  with  a  total  thickness  of  1650  A,  were  analyzed  to  have 
undergone  a  reaction  up  to  about  1200  A  beneath  GaAs  surface. 

Ohmic  contact  and  reliability  characteristics  of  the  Pt  embedded  system  were  related  to  the 
formations  of  Au7Ga2,  PtAs2,  and  Nij 96012  phases. 

Both  systems  were  proven  to  be  thermally  stable,  low  contact  resistive,  and  shallow  ohmic 
contact  system  with  smooth  surface  and  interface. 
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ABSTRACT 

The  W/n-GaAs  Schottky  junctions  A  and  B  of  area  1.75x10*^  cm^  were  fabricated  by 
deposition  of  W  on  the  chemically  etched  pohshed  surfaces  of  n-GaAs  sanqjles  by  rf  sputtering 
using  a  rf  powers  of  300  Watt  for  30  min.  The  W  contact  B  was  subjected  to  a  90  min.  thermal 
anneal  at  390  "C.  The  room  temperature  I-V  and  C-V/f  (with  200  Hz  <  f  <  1  MHz) 
measurements  were  carried  out  for  both  the  as-deposited  and  thermally  annealed  W/n-GaAs 
Schottky  junctions  A  and  B,  respectively.  From  the  direct  I-V  data,  the  values  of  1.09  and 
8.  Ixl0‘*  A  for  the  ideality  factor  (n)  and  the  reverse  saturation  current  (L),  respectively,  were 
estimated  for  the  diode  B,  conq)ared  to  the  values  of  n=1.70  and  Io=6.3xl0‘^  A  for  the  diode  A 
The  observed  frequency  dispersion  in  the  zero  bias  capacitance  in  the  diode  B  was  attributed  to 
fast  interface  states  with  a  time  constant,  T2=6  ps  and  density,  Nss2=5.8xl0^^  eV'cm’^,  whereas, 
both  the  slow  interface  states  (with  ti=4  ms  and  density,  Nssi=7.8xl0^^  eV^cm'^)  and  fast  states 
(with  T2=1  ps  and  density  Nss2=8.6xl0’°  eV^cm'^)  were  responsible  for  the  observed  frequency 
variation  of  the  zero  bias  capacitance  in  the  diode  A.  For  the  forward  bias  values  in  the  range 
20-100  mV,  the  frequency  dispersion  in  the  measured  capacitance  suggested  the  presence  of 
both  the  fast  and  slow  interface  states  (with  time  constants  differing  by  three  orders  of 
magnitude)  in  the  as-deposited  and  the  heat  treated  W/n-GaAs  interfaces.  Thermal  anneal  at 
390  °C  for  90  min.  lowered  the  density  of  states  at  the  W/n-GaAs  interface  by  two  orders  of 
magnitude  and  resulted  in  the  formation  of  a  high  quahty  rectifying  W  contact  to  n-GaAs  with  a 
rectification  ratio  of  1.4x10"^,  a  low  !<>  and  an  ideality  factor  close  to  unity. 


INTRODUCTION 

Thermally  stable  refractory  metal/n-GaAs  interfaces  find  important  apphcations  in  high 
temperature  electronic  devices.  Among  the  various  refractory  metals,  W  is  an  attractive  choice 
as  a  Schottky  contact  metal  because  of  its  high  temperature  resistance,  high  work  fimction  and 
low  electrical  resistivity.  The  rf  sputtering  is  one  of  the  most  commonly  used  technique  for  the 
fabrication  of  refractory  metal/n-GaAs  Schottky  barriers.  Our  previous  work^'^  on  the 
as-deposited  W/n-GaAs  junctions  has  revealed  that  the  characteristic  parameters  (ideality  factor 
(n),  reverse  saturation  current  (L),  rectification  ratio  (r),  barrier  height  ((|)bo)  and  energy  density 
of  the  surface  defects  (Nss))  of  the  W/n-GaAs  Schottky  diodes  were  highly  dependent  on  the 
fabrication  conditions  such  as  rf  sputter  power  and  GaAs  surface  treatment.  The  W/n-GaAs 
junctions  fabricated  by  sputter  deposition  of  W  at  a  high  rf  power  on  the  chemically  etched 
n-GaAs  surface  as  well  as  those  fabricated  on  the  sputter  etched  n-GaAs  surface  using  a  low  rf 
power,  possessed  poor  rectification  properties.  The  quahty  of  W  contacts  deposited  by  rf 
sputtering  at  a  low  rf  power  on  chemically  etched  n-GaAs  surface,  was  relatively  better, 
however,  it  was  not  satisfactory  for  practical  apphcations.  In  this  work  we  present  a 
cotr^)arative  study  of  the  electrical  characteristics  of  an  as-deposited  and  a  thermaUy  annealed 
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W/n-GaAs  junctions.  The  results  deduced  from  the  forward  I-V  and  C-V/f  data  indicated  that 
the  thermal  annealing  enormously  in^roved  the  quality  of  the  W/n-GaAs  interface. 


EXPERIMENTAL  TECHNIQUE 

Prior  to  metal  deposition,  the  (100)  n-GaAs:Si  single  crystals  samples  were  degreased  with 
acetone  and  methanol  at  40°  C  for  10  min.,  rinsed  with  deionized  (DI)  water  and  dried  with  N2 
gas.  To  remove  the  native  oxide,  the  samples  were  then  chemically  etched  with  HCl :  H2O  (1:1) 
solution  at  room  temperature  for  10  min.,  rinsed  with  DI  water  and  dried  with  N2.  To  obtain 
ohmic  contact.  In  metal  was  thermally  deposited  on  the  unpolished  surface  of  n-GaAs  followed 
by  a  90  min  anneal  in  Ar  atmosphere  at  390°  C.  Two  W/n-GaAs  Schottky  junctions  A  and  B 
of  area  1.75  mm^  were  fabricated  by  deposition  of  W  on  the  chemically  etched  polished 
surfaces  of  two  n-GaAs  samples  by  rf  sputtering  using  a  rf  powers  of  300  Watt  for  30  min.  The 
W  contact  B  was  subjected  to  a  90  min.  thermal  anneal  at  390  °C. 

The  I-V  characteristics  of  the  W/n-GaAs/In  Schottky  diodes  A  and  B  were  measured  using  a 
Keithley  617  electrometer,  a  Keithley  480  picoammeter  and  a  Hewlett-Packard  6160A  power 
supply.  The  1  MHz  C-V  measurements  were  made  using  a  Boonton  72B  capacitance  meter. 
The  small  signal  ac  capacitance  (Cm)  and  conductance  (Gm)  of  the  W/n-GaAs/In  Schottky 
diodes  as  a  function  of  applied  dc  bias  (Va),  in  the  frequency  (f)  range  0.2-100  KHz,  were 
simultaneously  measured  with  a  two  phase  PAR-5204  lock-in  amplifier. 


EXPERIMENTAL  DATA  AND  ANALYSIS 

The  I-V  characteristics  of  the  In  ohmic  contact  to  n-GaAs:  Si  described  elsewhere^  provided  a 
value  of  4  Gl  for  the  ohmic  resistance.  The  room  temperature  forward  and  reverse  currents 
measured  as  a  function  of  applied  voltage  (Va)  for  the  as-deposited  and  the  thermally  annealed 
W/n-GaAs  Schottky  diodes  A  and  B,  respectively,  are  plotted  in  Fig.  1.  The  values  of  the 
rectification  ratio  at  Va=0.3  V,  obtained  from  this  data  are  listed  in  Table  I.  To  account  for  the 
ohmic  resistance,  the  voltage  drop  across  the  rectifying  barrier  (V)  was  calculated  from  the 
relation:  V=Va  -  41.  Under  forward  bias,  the  experimental  values  of  I/(l-exp(-qV/kT))  vs  V  for 
the  diodes  A  and  B  shown  in  Fig.  2  (discrete  points),  were  very  well  described  by  Eq.  (3. 13)  in 
Ref  4  (Fig.  2,  solid  lines)  and  the  values  of  the  ideality  n  and  L,  obtained  the  from  this  data  are 
also  listed  in  Table  I. 


TABLE  I 


Summary  of  the  electrical  parameters  obtained  from  the  I-V  data  for  the  diodes  A  and  B 


Device 

n 

lo  (A) 

r 

Diode  A 

1.70 

6.3x10'^ 

70 

Diode  B 

1.09 

8.10’® 

1.4x10^ 
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Va  (Volts) 

FIG.  1  Current- voltage  characteristics 
of  the  W/n-GaAs/In  Schottky  Diodes 
AandB. 


I/(l-exp(-qV/kT))  to  Eq.  (3.13)  in  Ref  4  for 
the  W/n-GaAs/In  Schottky  diodes  A  and  B. 


The  1  MHz  C'^  vs  V  data  under  reverse  bias  shown  in  Fig.  3,  fitted  well  to  Mott- Schottky 
relation^  with  a  value  of  1.2  V  for  the  barrier  heights  ((j)bo)  for  both  the  diodes  A  and  B  with  the 
values  of  5.8xl0’^  cm'^  and  4.7xl0’^  cm’^  for  their  carrier  concentrations  (Nd-Na), 
respectively. 

The  Cm-V  data  in  the  fi'equency  range  0.2-100  KHz,  was  corrected  for  series  resistance^'^  to 
obtain  the  junction  capacitance  C.  Some  typical  C-V/f  plots  for  the  thermally  annealed 
W/n-(jaAs  Schottky  diode  B  are  shown  in  Fig.  4,  and  the  C-V/f  plots  for  the  diodes  A  and  B 
are  conq>ared  in  Fig.  5.  The  fi’equency  variation  of  C  with  the  forward  bias  as  a  parameter,  for 
the  diode  B  is  shown  in  Fig.  6. 

The  surface  defects  capacitance,  Cp(co,V)  in  the  W/n-GaAs  junctions  A  and  B  was  extracted 
fiom  the  measured  values  of  C(cl),V)  by  using  the  procedure  explained  elsewhere^'^.  Some 
typical  Cp  vs  co  plots  for  the  diodes  A  and  B  are  shown  in  Fig.  7  (discrete  pts.).  The  fiequency 
dependence  of  the  experimental  values  of  Cp  (Fig.  7,  discrete  pts.)  was  described  reasonably 
well  by  the  Lehovec’s  surface  state  model^  with  two  time  constants 


Cp  =  qAfNssi  tan’^  ((dti)/oti  +  Nss2tan'^  (C0T2)/  C0T2] 


(1) 


where  Nssi  and  ti  are  the  energy  density  and  relaxation  time  of  slow  surface  defects,  Nss2  and  12 
the  energy  density  and  relaxation  time  of  the  fast  surface  defects,  A  the  area  of  the  rectifying 
contact,  CO  the  angular  fiequency  of  the  ac  signal  and  q  the  magnitude  of  the  electron  charge. 
The  measured  values  of  Cp  (Fig.  7,  discrete  pts.)  fitted  well  to  Eq.  (1)  (Fig.  7,  solid  curves)  with 
Ti  =4  ms  for  both  the  diodes  and  with  the  values  1  fis  and  6  [is  for  T2  for  the  diodes  A  and  B, 
respectively.  The  values  Nssi  and  Nss2  obtained  fiom  the  fitting  procedure  for  both  the  diodes  are 
listed  in  Table  H. 
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FIG.  3  C‘^  vs  V  plots  for  the  W/n-GaAs/In 
Schottky  diodes  A  and  B. 


5 


4 


S  3 
O 

2 


-0.2  -0.1  0.0  0.1 
V  (Volts) 

FIG.4  Variation  of  the  junction  capacitance 
with  voltage  at  different  frequencies  for  the 
W/n-GaAs/In  Schottky  diode  B. 
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FIG.  5  Comparison  of  C-V/f  plots  for  the 
W/n-GaAs/In  Schottky  diodes  A  and  B. 


FREQUENCY  (Hz) 

FIG.  6  Frequency  dispersion  of  the  junction 
capacitance  for  the  W/n-GaAs/In  Schottky 
diode  B. 
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TABLE  n 


The  energy  density  of  the  slow  and  fast  surface  defects  at  the  W/n-GaAs  interfaces  A  and 
B,  obtained  by  fitting  the  experimental  values  of  Cp  to  Eq.  (1). 


DIODE  A 

DIODE  B 

V(mV) 

N„,  (eV'cm-^) 

N,,2  (eV^cm ') 

(eV‘cm-') 

N„j  (eV'cm 

100 

1.9x10*^ 

2.4x10^^ 

3.8x10^^ 

5.3x10’" 

80 

- 

- 

2.0x10^" 

6.3x10’" 

60 

7.1x10*^ 

1.7x10" 

9.4x10" 

6.3x10’" 

40 

4.7x10*^ 

1.5x10" 

5.6x10" 

6.0x10’" 

20 

- 

- 

4.7x10" 

6.3x10’" 

0 

7.8x10*^ 

8.6x10^® 

- 

5.8x10’" 

FIG.  7  Variation  of  Cp  with  frequency 
for  the  Schottky  diodes  A  and  B.  The 
solid  curves  represent  Eq.  (1). 


energy  density  with  forward  bias  in 
the  W/n-Ga  As  junctions  A  and  B. 


DISCUSSION 

The  value  of  the  rectification  ratio  for  the  W/n-GaAs  Schottky  diode  B  obtained  form  the 
I-V  data  shown  in  Fig.  1  was  200  times  greater  than  the  one  for  the  diode  A  (Table  I).  The  plot 
of  the  I/(l-exp(-qV/kT))  vs  V  data  for  the  diode  B  was  linear  over  four  decades  of  current 
(Fig.  2,  solid  circles)  and  the  value  of  the  reverse  saturation  current  obtained  from  this  data  was 
80  times  smaller  than  the  corresponding  value  for  the  diode  A  (Table  I).  The  forward  I-V 
characteristics  for  the  thermally  annealed  W/n-GaAs  Schottky  diode  (diode  B)  shown  in  Fig.  2 
were  nearly  ideal  with  n=1.09  (Table  I). 
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The  1  MHz  C‘^-V  data  for  the  thermally  annealed  W/n-GaAs  Schottky  junction  B,  fitted  very 
well  to  the  Mott-Schottky  theory  over  the  voltage  range  -l.OV  <V<0. 1  V  (Fig.  3),  however,  the 
value  of  1.20  V  for  (1)^,,,  obtained  from  the  C^-V  data,  was  much  higher  than  the  value  of  0.71 
V,  obtained  fi-om  the  forward  I-V  data^.  Such  disagreement  between  the  values  of  (|)bo  obtained 
from  the  two  methods  has  been  reported  by  other  workers^°’’\  and  may  be  attributed  to 
complicating  effects  of  interfacial  layer  with  fixed  charges  and  unannealed  surface  defects. 

An  appreciable  frequency  dispersion  in  the  junction  capacitance  was  observed  in  both  the 
diodes  B  (Fig.  4)  and  A  (not  shown)  only  at  forward  bias  voltages,  indicating  the  presence 
sputter  induced  defects  near  the  surface  of  n-GaAs.  At  low  frequencies,  the  measured  values  C 
(Fig.  5)  and  Cp  (Fig.  6)  irnder  forward  bias  in  the  W/n-GaAs  diode  B  were  two  orders  of 
magnitude  lower  that  those  in  the  diode  A.  The  observed  frequency  dispersion  of  Cp  (Fig.  7) 
suggested  the  presence  of  both  slow  and  fast  surface  defects  near  the  W/n-GaAs  interface  and 
was  described  by  the  Leovec’s  surface  states  model  with  two  time  constants  (Eq.  (1))  which 
differed  by  three  orders  of  magnitude.  In  both  the  diodes,  the  energy  density  Nssi  of  the  slow 
surface  defects  was  about  two  orders  of  magnitude  higher  than  that  of  the  fast  surface  defects 
(Nss2)  (Table  11).  However,  the  values  of  Nssi  were  two  order  of  magnitude  lower  in  the  diode  B 
that  in  the  diode  A  (Fig.  8  and  Table  11).  At  a  forward  bias  of  60  mV,  the  energy  density  Nss2  of 
the  fast  states  in  the  diode  B  was  three  times  lower  than  in  the  diode  A. 

In  conclusion,  thermal  annealing  at  390  °C  for  90  min,  reduced  the  density  of  the  sputter 
induced  defects  at  the  W/n-GaAs  interface  by  two  orders  of  magnitude  which  enormously 
improved  the  quality  of  the  W/n-GaAs  Schottky  diode  as  indicated  by  a  very  high  rectification 
ratio,  a  low  reverse  saturation  current  and  an  ideahty  factor  close  to  unity. 
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ABSTRACT 

The  relationship  between  electrical  properties  and  microstructure  of  pure  Zn  and  Au(Zn) 
contacts  to  p-GaAs  has  been  studied.  Thermally  activated  changes  in  Ob  correlate  with  structural 
processes  at  MS  interfaces.  For  Zn/GaAs  contacts,  lowering  of  Ob  from  0.63  eV  to  0.35  eV 
corresponds  to  the  penetration  of  Zn  into  the  native  oxide  layer.  In  AuZn/p-GaAs  contacts,  p- 
AuZn  phase  is  responsible  for  the  formation  of  Ob=0.4  eV  in  as-deposited  contacts.  The  onset  of 
the  ohmic  behaviour  of  Au(Zn)/p-GaAs  contacts  (Ob=0.3  eV)  coincides  with  the  appearance  of 
as-AuZn  phase  for  Zn  content  less  than  20  at.%  or  ai-AuZn,  for  higher  Zn  concentrations. 

The  obtained  results  prove  that  the  mechanism  responsible  for  the  formation  of  low-resistance 
Zn  -based  contacts  to  p-type  GaAs  is  associated  with  the  lowering  of  the  Schottky  barrier  at  the 
metal/semiconductor  interface.  We  suggest  that  the  ultimate  properties  of  these  contacts  are 
determined  by  the  presence  of  a  single,  specific  phase  in  a  direct  contact  with  the  semiconductor. 

INTRODUCTION 

Almost  all  theoretical  attempts  to  explain  the  nature  of  a  potential  barrier  at  the 
metal/semiconductor  interface  tacitly  assume  that  the  microstructure  of  such  an  interface  is 
homogeneous.  However,  the  properties  of  real  metal/semiconductor  contacts  may  be  affected  by 
the  ciystallographic  characteristics  of  the  metal  film,  especially  its  grain  size  and  orientation,  as 
well  as  by  its  reactivity  giving  rise  to  the  formation  of  multiple  intermetallic  phases.  Furthermore, 
the  recent  studies  of  electrical  behaviour  of  high-quality  epitaxial  transition  metal  disilicide/Si  [1] 
and  epitaxial  metal/GaAs  [2]  interfaces  have  established  the  critical  dependence  of  the  Schottky 
barrier  height  on  the  atomic  structure  of  the  interface. 

We  have  previously  reported  on  low-resistance  ohmic  contacts  to  GaAs  with  improved 
microstructure.  It  was  shown  that  the  interface  of  Au(Zn)/p-GaAs  contact  may  remain  virtually 
intact  after  the  thermal  processing  necessary  to  create  an  ohmic  contact.  The  interaction  between 
metallization  and  GaAs,  as  observed  by  HREM,  was  limited  to  the  dispersion  of  the  native  oxide 
layer,  which  had  remained  at  the  surface  of  GaAs  after  chemical  treatment  [3].  Au  and  Zn  were 
found  to  form  a  single  Au-Zn  phase  in  a  direct  contact  with  the  semiconductor  substrate  [3,4], 
Another  important  finding  was  the  ohmic  behaviour  of  pure,  unreacted  Zn  contacts  to  p-type 
GaAs  [4].  High  crystalline  quality  and  uniformity  of  these  metal/semiconductor  interfaces  makes 
it  possible  to  analyze  the  mechanism  of  the  formation  of  ohmic  contacts. 

In  the  present  work  emphasis  is  placed  on  electronic  properties  of  Zn-based  contacts.  We 
have  determined  the  Schottky  barrier  heights  (Ob)  at  different  stages  of  the  formation  of  pure 
Zn  and  Au(Zn)  ohmic  contacts,  and  the  dominant  transport  mechanisms  in  these  contacts, 
deposited  on  lightly  and  on  highly  doped  p-type  GaAs,  In  order  to  evaluate  the  effect  of 
particular  Au-Zn  phases  at  MS  interface  on  the  contact  properties,  the  Au(Zn)  metallization  with 
Zn  concentration  varying  from  10  to  40  at.%  was  investigated  in  this  study. 
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EXPERIMENTAL  PROCEDURE 


A  variety  of  Zn  doped  (lOO)-oriented  GaAs  substrates,  ranging  in  doping  from  5x10^^  to 
8x10^®  cm■^  were  used  in  these  studies.  To  follow  the  thermally  activated  changes  in  Ob, 
contacts  were  formed  on  lightly  doped  GaAs  so  that  the  thermionic  emission  controls  the 
transfer  of  carriers  over  the  barrier.  Substrates  with  higher  doping  concentrations  were  used  to 
verify  the  importance  of  Ob  modifications  for  the  formation  of  low-resistance  metal/p-GaAs 
contacts.  Zn  and  Au  were  deposited  by  thermal  evaporation  in  oil-free  vacuum,  on  unheated 
substrates.  The  AuZn  metallization  was  formed  by  sequential  deposition  of  the 
Au(40nm)/Zn(40nm)/(”d”nm)Au  structure.  The  thickness  ”d”  of  the  second  Au  layer  was 
adjusted  to  provide  the  desired  concentration  of  Zn.  For  electrical  characterization,  the 
metallization  was  patterned  by  conventional  photolithography,  using  AZ  1350  JSF  resist  and  the 
soft-  and  postbake  steps  at  90°C  for  30  min.  and  at  120°C  for  20  min.  respectively.  Before 
annealing  contacts  were  encapsulated  with  200  nm  thick,  rf-sputtered  Si02  film.  The  substrate 
temperature  during  sputter  deposition  was  estimated  not  to  exceed  100°C.  Heat  treatments  were 
carried  out  in  flowing  H2  at  temperatures  ranging  from  200  to  420°C,  for  3  min. 

X-ray  diffraction  (XRD)  was  employed  to  identify  phase  transformations  in  the 
metallization.  The  contact  resistivity  rc  was  measured  by  modified  Terry-Wilson  method  and 
transmission  line  method  (TLM).  Ob  at  different  stages  of  the  formation  of  pure  Zn  and  Au(Zn) 
ohmic  contacts  was  determined  from  I-V  characteristics  under  forward  bias  for  rectifying 
contacts,  and  from  rc-T  measurements  between  80  and  423  K  in  the  case  of  ohmic  contacts. 

RESULTS  AND  DISCUSSION 

Phase  transformations  in  the  AufZnl  metallization  during  the  formation  of  ohmic  contacts 

The  results  of  XRD  analysis  of  Au(Zn)/p-GaAs  contacts  after  particular  steps  of  the 
fabrication  of  ohmic  contacts  i.e.:  deposition  of  metallization,  patterning,  and  annealing  at  200, 
320  and  ,  420'’C  are  presented  in  Table  1.  The  as-deposited  Au(Zn)  metallization,  in  spite  of 
sequential  deposition  of  Au  and  Zn,  in  the  whole  range  of  Zn  concentration,  consisted  of  two 
cubic  phases:  p-AuZn  (approximately  50  at.%Zn)  and  a-AuZn  (solid  solution  of  Zn  in  Au),  with 
lattice  parameter  varying  from  0.3 150  to  0.3 165  nm  and  from  0.4052  to  0.4071  nm  respectively. 
According  to  Elliot  [5],  at  temperatures  below  500°C,  for  Zn  concentration  in  Au  up  to  40  at.%, 
the  equilibrium  Au-Zn  phase  diagram  consists  of  the  following  phases:  a-AuZn,  as-AuZn 
(Au4Zn),  a2-AuZn  or  ai-AuZn  (low  or  high  temperature  AusZn  phase),  AujZna,  and  P-AuZn. 
Surprisingly,  in  AuZn  thin  film  structures,  in  which  the  content  of  Zn  ranges  from  10  to  35  at.%, 
phase  formation  paths  are  similar.  Thermally  induced  transformations  start  at  around  1 00-200®C 
and  proceed  through  the  gradual  decomposition  of  P-AuZn  phase  and  formation  of  a2-AuZn 
phase.  Rising  the  temperature  to  above  300®C  causes  further  transformations  into  as-AuZn  for 
Zn  content  less  than  20at.%  or  ai-AuZn,  for  higher  Zn  concentrations.  Both  final  phases  are 
very  similar:  a3-AuZn  is  orthorhombic  with  a=0.4026  nm,  b=0.4034  nm,  and  c=0.4062  nm, 
while  tti-AuZn  is  tetragonal,  with  a=0.4019  nm,  and  c=0.4095  nm.  When  the  concentration  of 
Zn  in  Au(Zn)  metallization  exceeds  35  at.%,  at  around  100*^0  p-AuZn  phase  forms  and  remains 
stable  up  to  450*^C. 

Pure  Zn  shows  no  evidence  of  reaction  with  GaAs  during  annealing  up  to  320°C.  Our 
recent  TEM  study  of  Zn/GaAs  interfaces  revealed  however,  that  at  low  temperatures  Zn 
penetrates  the  residual  oxide  at  the  surface  of  GaAs  [4].  Above  320*^0  a  tetragonal  Zn3As2  phase 
with  a=1.1778  nm  and  c=2.3643  nm  forms. 
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Table  I.  Thermally  induced  phase  transformations  in  the  Au(Zn)  metallization. 


at.%Zn 

unprocessed 

contact 

photolithography 

(soft-  &  postbake) 

Heat  treatment  I 

200'’C,  3  min. 

320“C,  3  min. 

420°C,  3  min. 

p-AuZn(25%) 

a-AuZn(75%) 

az-AuZn 

a-AuZn 

as-AuZn 

a-AuZn 

as-AuZn 

a-AuZn 

20 

P-AuZn(50%) 

a-AuZn(50%) 

P-AuZn(31%) 
az-AuZn  (38%) 
a-AuZn(31%) 

a2-AuZn 

a-AuZn 

ai-AuZn 

a-AuZn 

aj-AuZn 

a-AuZn 

25 

P-AuZn(50%) 

a-AuZn(50%) 

P-AuZn(37%) 
a2-AuZn(13%) 
a-AuZn  (50%) 

a2-AuZn 

ai-AuZn 

ai-AuZn 

40 

p-AuZn(91%) 

a-AuZn(9%) 

P-AuZn 

P-AuZn 

P-AuZn 

P-AuZn 

100 

Zn 

Zn 

Zn 

Zn 

Zn3As2 

Electrical  properties 

Figure  1  shows  the  contact  resistivity  rc  of  pure  Zn  and  Au(Zn)  (12  at.%Zn)  contacts, 
deposited  on  lightly  and  moderately  doped  p-GaAs,  as  a  function  of  annealing  temperature. 
Pure  Zn  contacts  become  ohmic  at  temperature  as  low  as  220°C,  and  they  loose  their  ohmicity  at 
above  340“C.  For  Au(Zn)  contacts,  the  values  of  rc  do  not  depend  on  Zn  concentration  up  to  35 
at.%.  Contacts  with  higher  content  ofZn  show  higher  resistance. 
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a)  b) 

Fig.  1.  Contact  resistivity  as  a  function  of  annealing  temperature: 
a)  Zn/p-GaAs  contact,  b)  Au(Zn)/p-GaAs  contact. 
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The  onset  of  the  ohmic  behavior  for  Au(Zn)  contacts  on  lightly  doped  p-GaAs  is  observed 
at  300°C,  with  a  broad  minimum  at  320-^420®C.  For  substrates  with  dopant  concentration  Na  of 
—  IxlO’^cm*^  unprocessed  contacts  exhibit  linear  I-V  characteristics,  and  rc  has  a  similar 
temperature  dependence. 

The  heights  of  potential  barriers,  as  inferred  from  electrical  measurements,  for  Au(Zn) 
(12  at.%Zn)  and  pure  Zn  metallizations  at  different  stages  of  the  formation  of  low-resistance 
contacts  are  listed  in  Table  II.  For  comparison,  pure  Au  contacts  were  also  characterized. 

Table  II.  Schottky  barrier  heights  for  Au(Zn),  Zn  and  Au  contacts  to  p-GaAs  (NA=5xlO'^cm'^). 


metallization 

heat  treatment 

ObIcVI 

Au(Zn) 

90‘^C30min.  +  120°C  20  min. 

(12  at.%  Zn) 

200^,  3  min. 

320-450‘’C,  3  min. 

Zn 

90®C30min.  +  20  min. 

0.63 

220-320°C,  3  min. 

0.35 

360'’C,  3  min. 

0.37 

Au 

90“C  30  min.  +  120”C  20  min. 

320‘’C,  3  min. 

Out  of  three  analyzed  contact  materials,  Au(Zn)  metallization  forms  on  p-type  GaAs  the 
lowest  potential  barrier.  Moreover,  upon  annealing  the  height  of  this  barrier  further  decreases  to 
0.3  eV  at  the  temperature  of  the  onset  of  the  ohmic  behaviour.  Relatively  high  value  of  <I>b  at  the 
Zn/p-GaAs  interface,  rapidly  diminishes  under  heat  treatment,  reaching  the  minimum  value  of 
0.35  eV  at  the  temperature  when  the  contact  becomes  ohmic.  In  contrast,  Ob  of  pure  Au  contact 
remains  stable. 

Thermally  activated  changes  in  Ob  correlate  with  structural  processes  at  MS  interfaces.  P- 
AuZn  phase  is  responsible  for  the  formation  of  the  lowest  Ob  in  as-deposited  contacts,  since  it 
forms  at  the  interface,  as  a  result  of  interaction  between  the  first  Au  layer  and  Zn  during 
deposition  of  Au/Zn/Au  metallization  [3].  The  onset  of  the  ohmic  behaviour  of  AuZn/p-GaAs 
contacts  at  ~300'’C  coincides  with  the  appearance  of  as-AuZn  or  ai-AuZn  phase  at  the  MS 
interface.  For  Zn/GaAs  contacts,  lowering  of  the  Ob  corresponds  to  the  penetration  of  Zn  into 
the  native  oxide  layer,  leading  to  formation  of  an  intimate  MS  contact.  Subsequent  increase  of 
the  Ob  is  caused  by  the  formation  of  a  new  phase  in  the  interface. 

Since  the  transport  mechanism  through  the  potential  barrier  at  the  metal/semiconductor 
interface  depends  essentially  upon  the  ambient  temperature,  and  upon  the  doping  level  of  the 
semiconductor,  rc  as  function  of  the  ambient  temperature  has  been  measured.  The  measurements 
were  performed  in  two  different  temperature  ranges:  from  RT  to  423  K  (Fig,  2)  or  from  80K  to 
RT  (Fig.  3).  For  moderately  doped  p-GaAs  (NA=lxlO’*cm'^),  the  resistivity  of  Zn/GaAs  and 
Au(Zn)/GaAs  contacts,  at  different  stages  of  the  formation  of  ohmic  contacts,  is  almost 
independent  of  the  ambient  temperature,  which  indicates  that  the  thermionic-field  emission 
through  the  potential  barrier  controls  the  current  transport  in  these  contacts. 

In  Figure  4  are  presented  the  data  points  concerning  contact  resistivity  for  AuZn/p-GaAs 
ohmic  contacts  as  a  function  of  dopant  concentration  in  p-type  GaAs.  The  solid  line  is  calculated 
for  Ob=0.3  eV,  with  mih=0.074mo  and  mhh=0,62mo,  taking  the  functional  dependencies  of  rc  on 
semiconductor  doping  level  for  thermionic,  thermionic-field,  and  field  emission  given  by  Yu  [6]. 
Experimental  data  agree  very  well  with  the  theoretical  model  of  carrier  transport  across  the 
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potential  barrier  at  the  metal/semiconductor  interface,  with  thermionic  emission  over  the  barrier 
as  a  dominant  transport  mechanism  for  lightly  doped  semiconductor,  and  tunneling  for  higher 
dopant  concentrations. 


AMBIENT  TEMPERATURE  [K]  AMBIENT  TEMPERATURE  [K] 

a)  b) 

Fig.  2.  Contact  resistivity  as  a  function  of  ambient  temperature  in  the  range  293-^423  K: 
a)  Zn/p-GaAs  contact,  b)  Au(Zn)/p-GaAs  contact. 
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DOPANT  CONCENTRATION  N  Jem"®] 

Fig.  4,  The  dependence  of  contact  resistivity  of  AuZn/p-typeGaAs  contacts  on  doping  level  of 
p-GaAs;  circles  -  experimental  data  points,  solid  line  -  theoretical  prediction  assuming 
Ob  =0.3  eV. 


CONCLUSIONS 

In  conclusion,  the  obtained  results  prove  that  the  mechanism  responsible  for  the  formation 
of  low-resistance  Zn  -based  contacts  to  p-type  GaAs  is  associated  with  the  lowering  of  the 
Schottky  barrier  at  the  metal/semiconductor  interface.  We  suggest  that  the  ultimate  properties  of 
these  contacts  are  determined  by  the  presence  of  a  single,  specific  phase  in  a  direct  contact  with 
the  semiconductor. 
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ABSTRACT 

Depositing  Pd  or  Au  on  InP  at  substrate  temperatures  near  77K  has  previously  been  found 
to  significantly  reduce  the  interaction  between  the  metal  and  semiconductor  upon  formation  of  the 
interface.  In  this  work,  this  technique  was  used  to  fabricate  metal-semiconductor-metal 
photodetectors  (MSMPD's)  on  semi-insulating  (SI)  InP  substrates  with  superior  characteristics 
compared  to  detectors  formed  using  standard  room  temperature  (RT)  metal  deposition.  The  low- 
temperature  (LT)  metallizations  were  patterned  using  a  polyimide/Si02  lift-off  mask,  and  a  SiO 
antireflection  coating  was  used  to  attain  near-zero  reflection  at  A.=840nm.  The  detectors  had  an 
active  area  of  200|im  x  200p,m,  and  line  widths  and  line  spacings  of  3|im.  Detectors  having  a  LT- 
Pd/SI-InP  structure  had  a  dark  current  of  80nA  at  5V,  which  was  a  factor  of  4  lower  than  the 
dark  current  of  conventional  MSMPD's.  Additionally,  LT-Pd/SI-InP  MSMPD’s  exhibited 
excellent  saturation  characteristics  and  a  responsivity  of  0.75  AAV.  Detectors  with  an  indium-tin- 
oxide  (ITO)/LT-Au(200A)/SI-InP  structure  had  a  higher  responsivity  of  1.0  AAV,  due  to  the 
relative  transparency  of  this  metallization.  In  contrast,  MSMPD's  with  RT  metallizations  had  poor 
saturation  characteristics,  consistent  with  the  results  of  others.  The  difference  in  the  illuminated 
characteristics  of  MSMPD's  with  RT  and  LT  metallizations  was  due  to  a  change  in  the  internal 
photoconductive  gain  mechanism.  In  RT  detectors,  hole  trapping  at  interface  states  near  the 
cathode  dominated  the  gain  mechanism.  In  LT  detectors,  the  difference  in  carrier  transit-times 
dominated. 


INTRODUCTION 

Metal-semiconductor-metal  photodetectors  (MSMPD’s)  are  prime  candidates  for 
integration  into  opto-electronic  circuits.  They  are  easy  to  fabricate,  compatible  with  planar 
processing  techniques,  and  have  very  high  switching  speeds.  MSMPD’s  usually  consist  of  two 
rectifying  contacts  with  interdigitated  fingers  and  have  a  transit-time  limited  photocurrent.  [1] 
Ideally,  when  the  applied  voltage  is  high  enough  that  the  carrier  transit-time  is  less  than  the  carrier 
lifetime,  the  photocurrent  saturates  and  the  detector  acts  like  a  current  source.  However,  most 
MSMPD’s  reported  have  a  quasi-saturated  regime  in  which  the  photocurrent  increases  slowly 
with  the  applied  voltage.  Such  behavior  indicates  the  presence  of  an  internal  gain,  [2]  and  the' 
extent  to  which  this  occurs  varies  depending  on  the  details  of  the  device  fabrication. 

Relatively  little  has  been  written  about  MSMPD’s  on  InP.  Standard  metallizations  to  InP 
result  in  a  low  electron  barrier  height  of  about  0.5eV  on  undoped  material  (Nd  =  lO^^cm'^)  due  to 
interactions  between  the  metal  and  InP.  One  paper  [3]  reported  a  MSMPD  using  a  standard  Au 
metallization  on  semi-insulating  (SI)  InP  to  attain  a  dark  current  of  lOnA  at  lOV  for  a  50x50}j,m 
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device.  However,  this  detector  had  a  quasi-saturated  photocurrent  regime  with  a  very  strong  bias 
dependence.  Such  a  bias  dependence  is  usually  attributed  to  a  photoconductive  gain  mechanism 
caused  by  hole  accumulation  near  the  cathode.  [2,  4]  The  resulting  build-up  of  positive  charge 
lowers  the  barrier  height  to  electrons  at  the  cathode,  causing  electron  injection.  The  accumulation 
of  holes  is  due  either  to  long-lifetime  traps  at  the  metal/InP  interface  or  the  difference  in  transit 
times  between  the  electrons  and  holes,  causing  photogenerated  electrons  to  be  swept  out  of  the 
semiconductor  much  faster  than  the  holes.  Standard  metallizations  to  InP  result  in  the  creation  of 
interface  states  because  of  chemical  reactions  between  the  metal  and  the  semiconductor.  [5] 
Therefore,  hole  trapping  probably  occurs  at  the  cathode  of  InP  MSMPD’s  fabricated  in  this 
manner.  Recently,  it  was  found  that  depositing  Pd  or  Au  on  InP  using  substrate  temperatures  near 
77K  significantly  reduces  the  interaction  between  the  metal  and  InP, [6]  increasing  the  electron 
barrier  height.[7]  The  goal  of  this  project  was  to  fabricate  InP  MSMPD’s  using  a  low-temperature 
(LT)  deposited  metallization  to  reduce  carrier  trapping  at  the  metal/semiconductor  interfaces,  and 
to  measure  how  this  affected  the  dark  and  illuminated  device  characteristics. 


EXPERIMENT 

MSMPD’s  were  fabricated  on  Sl-InP  having  a  resistivity  of  about  lO’  Q-cm.  The  active 
area  of  the  devices  was  200  x  200  pm  with  line  widths  and  line  spacings  of  3  pm.  A  plan- view 
sketch  of  the  detectors  is  shown  in  Fig  1.  The  Pd  or  Au  metallization  was  deposited  at  substrate 
temperatures  near  77K.  Standard  lift-off  could  not  be  used  for  the  LT  metallization  because 
photoresist  cannot  withstand  the  thermal  stresses  present  during  the  deposition.  Instead,  a  bi-layer 
polyimide/Si02  lift-off  mask  was  used.  First,  the  Sl-InP  was  cleaned  in  acetone,  methanol,  and  de¬ 
ionized  H2O,  etched  in  H2S04;H202:H20  (2;  1:1)  for  10  min,  etched  in  HF:H20  (1:1)  for  1  min, 
rinsed,  and  dried  in  N2  gas.  A  polyimide  layer,  0.6  pm  thick,  was  then  spun  on  and  cured  at 
170°C,  followed  by  deposition  of  a  Si02  layer  0.1pm  thick  by  plasma-enhanced-chemical-vapor- 
deposition  (PECVD).  Photoresist  was  then  applied  and  standard  lithography  was  used  to  pattern 
the  grid  lines.  Reactive-ion-etching  (RIE)  in  CHF3  was  used  to  transfer  the  metallization  pattern 
to  the  Si02,  followed  by  RIE  in  O2,  which  simultaneously  patterned  the  polyimide  and  removed 
the  photoresist.  Immediately  prior  to  the  LT  metal  deposition,  the  samples  were  etched  in 
HC1:H20  (1:10)  for  1  min  to  remove  any  damage  to  the  InP  left  by  RIE.  On  some  of  the  samples, 
LT-Pd  was  deposited  by  thermal  evaporation  using  a  base  pressure  in  the  10’®  Torr  range  and  a 
substrate  temperature  near  77K.  Lift-off  was  done  in  Shipley  1 165  remover,  which  dissolved  the 
polyimide  over  a  period  of  several  hours.  Detectors  were  also  made  using  Pd  metal  and  a 
substrate  temperature  of  300K  (RT)  for  the  purpose  of  comparison. 

Additionally,  a  third  type  of  detector  was  made  having  an  ITO(800A)/LT-Au(200A)/SI- 
InP  structure,  shown  in  Fig  2.  One  of  the  major  problems  with  MSMPD’s  is  that  the  grid 
metallization  usually  prevents  half  of  the  incident  light  from  entering  the  semiconductor.  The 
structure  shown  in  Fig  2  was  designed  to  reduce  the  severity  of  this  problem.  First,  a  thin  LT-Au 
deposition  established  a  quality  MS  interface  to  the  InP.  The  sample  was  then  transferred  from  the 
LT  deposition  system  to  a  sputtering  system,  where  ITO  was  deposited  using  a  substrate 
temperature  of  150"C.  The  elevated  substrate  temperature  was  necessary  to  attain  a  conductive, 
transparent,  ITO  film.  The  result  was  a  metallization  which  was  at  least  30%  transparent  to 
incoming  photons,  while  maintaining  the  integrity  of  the  metal/InP  interface. 
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"810(1  lOOA) 
"ITO(llOOA) 
-LT-Au  (200A) 
-Sl-InP 


Fig  1  -  Plan-view  sketch  of  a  Fig  2  -  Cross-section  of  a  MSMPD 

MSMPD.  Line  width  x  line  with  an  ITO/LT-Au/SI-InP  structure, 

spacing  =  3x3 pm,  device  area 
=  200x200pm. 


Finally,  a  SiO  anti-reflection  coating,  1  lOOA  thick,  was  deposited  on  all  three  types  of 
detectors  to  attain  zero-reflection  at  A.=840nm.  The  photo-response  of  the  detectors  was 
measured  using  a  continuous  wave  (CW)  Spectra  Physics  Tsunami  Ti:  Sapphire  laser  operating  at 
X=840nm.  The  beam  was  passed  through  a  half-wave-plate,  a  polarizer,  and  then  a  lens  which 
focused  it  to  a  100  ^im  full-width-half-max  spot  size  on  the  center  of  a  detector.  By  adjusting  the 
half-wave-plate,  the  incident  power  of  the  polarized  light  was  controlled. 


RESULTS  AND  DISCUSSION 

Fig  3  is  the  dark-current  characteristics  of  MSMPD’s  having  LT-  and  RT-Pd  grids.  The 
dark  current  of  the  LT-Pd  detector  is  a  factor  of  4  lower  than  that  of  the  RT-Pd  device  at  all 
voltages,  with  a  value  of  400nA  at  lOV.  The  dark  current  in  MSMPD’s  consists  of  a  combination 
of  electrons  injected  at  the  cathode  and  holes  injected  at  the  anode.  [8]  Since  a  standard 
metallization  on  InP  has  a  low  electron  barrier  height,  the  dark  current  in  this  case  will  be  due 
primarily  to  electron  injection  at  the  cathode.  However,  use  of  a  LT-Pd  metallization  increases  the 
barrier  height  to  electrons,  or  decreases  the  barrier  height  to  holes.  Therefore,  the  dark  current  of 
the  LT-Pd  devices  should  have  a  larger  component  due  to  hole  injection  at  the  anode.  The  overall 
effect  was  that  the  total  dark  current  in  the  LT-Pd  devices  was  slightly  lower  than  in  RT-Pd 
devices. 

Fig.  4  is  the  illuminated  characteristics  of  a  detector  having  a  LT-Pd  metallization. 
Excellent  saturation  characteristics  were  obtained,  with  R=0.75AAV.  This  corresponds  to  an 
external  quantum  efficiency  of  1.1.  Since  half  of  the  incident  photons  were  lost  to  grid  shading,  it 
is  clear  that  the  detector  had  a  bias-independent  gain  of  about  2.  In  comparison,  devices  having  a 
RT-Pd  metallization  exhibited  a  strong  bias  dependence  of  the  photocurrent  in  the  quasi-saturated 
regime  similar  to  Sl-InP  MSMPD’s  having  RT-Au  contacts. [3] 
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Fig  5  shows  the  illuminated  characteristics  of  a  detector  having  an  ITO/LT-Au/SI-InP 
structure.  A  high  responsivity  of  1.0  AAV  was  obtained,  which  is  a  33%  improvement  over  the 
responsivity  of  a  detector  with  a  LT-Pd  metallization.  This  corresponds  to  a  quantum  efficiency  of 
1.5,  indicating  that  there  is  an  internal  gain  in  this  detector  comparable  to  that  of  the  LT-Pd 
MSMPD.  In  addition,  the  dark  characteristics  of  the  ITO/LT-Au/SI-InP  detector  were  similar  to 
those  shown  in  Fig  4.  However,  the  ITO/LT-Au  devices  did  not  saturate  as  well  as  the  LT-Pd 
devices,  probably  because  exposure  to  plasma  and  higher  temperature  during  the  ITO  deposition 
slightly  degraded  the  LT-Au/SI-InP  interface. 


The  difference  between  the  illuminated  characteristics  of  detectors  having  LT  and  RT 
metallizations  is  related  to  a  change  in  the  gain  mechanism.  The  only  difference  in  the  fabrication 
of  the  RT  and  LT  detectors  was  the  substrate  temperature  used  during  metal  deposition.  The  RT 
metallization  results  in  a  strong  chemical  interaction  between  the  metal  and  InP,  creating  interface 
states  which  may  trap  holes  in  the  vicinity  of  the  cathode.  This  carrier  trapping  dominates  the 
photoconductive  gain  mechanism,  and  the  illuminated  characteristic  of  MSMPD’s  having  RT 
metal  contacts.  The  LT  metallization  nearly  eliminates  the  chemical  reaction  between  the  metal 
and  InP,  resulting  in  a  very  abrupt  metal/InP  interface.  [6]  In  this  case,  the  photoconductive  gain 
mechanism  is  probably  dominated  by  carrier  transit-time  effects. 


CONCLUSIONS 

MSMPD’s  were  fabricated  on  Sl-InP  using  a  LT-Pd  and  an  ITO/LT-Au  metallization.  The 
detectors  had  good  saturation  characteristics  and  high  responsivities  of  0.75  A/W  and  1.0  A/W, 
respectively.  The  higher  responsivity  in  the  ITO  case  was  due  to  a  more  transparent  grid 
metallization,  allowing  more  photons  to  enter  the  semiconductor.  These  improved  characteristics, 
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relative  to  RT  fabricated  devices,  were  attributed  to  the  abrupt  metal/InP  interface  that  results 
when  a  LT  deposition  is  used.  It  is  believed  that  the  photoconductive  gain  mechanism  present  in 
these  detectors  is  dominated  by  carrier  transit-time  effects. 
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ABSTRACT 

Experimental  results  of  the  internal  quantum  yield  Y;  associated  with  the  internal  photoemission 
on  Au/n-Si  structures  are  presented.  The  samples  were  prepared  on  Si(lOO)  and  Si(lll) 
substrates  with  photoemitter  layer  thicknesses  ranging  from  5  nm  to  50  nm.  The  Yj  was 
measured  at  temperatures  between  165  K  and  300  K  with  the  photoexciting  energy  varying  from 
0.72  eV  to  1.07  eV.  It  was  found  that  the  Y;  increases  with  decreasing  Au  layer  thickness  with  a 
strong  enhancement  (40  times)  in  regard  to  the  conventional  Fowler  theory.  This  experimental 
result  is  in  good  agreement  with  model  calculations  taking  account  of  hot  carrier  scattering  in 
the  photoemitter  layer  .  Barrier  energies  are  larger  than  deduced  from  the  Fowler  plot. 


INTRODUCTION 


The  metal-semiconductor  junction  has  an  exemplary  importance  in  the  family  of 
heterostructures.  This  refers  to  barrier  energy,  interface  states  and  charge  transfer  processes.  The 
internal  photoemission  (IP)  or  photoinjection  is  the  charge  transfer  of  optically  excited  carriers 
across  the  heterojunction.  The  photoemission  current  is  frequently  used  as  an  analytical  tool 
[1],[2]  for  barrier  energy  and  band  offset  determination  as  well  as  a  working  principle  for 
infrared  photodetectors  [3]. 

The  essential  characteristic  in  describing  the  IP  is  the  internal  quantum  yield  Yj  (hv)  of  the 
emitted  carriers,  electrons  or  holes,  respectively.  Yj  gives  the  ratio  of  the  number  of  hot  carriers 
emitted  over  the  interfacial  barrier  to  the  number  of  absorbed  photons.  The  exact  absolute 
measurement  of  Yj  (hv)  provides  the  basis  for  checking  theoretical  approaches  and  for  an 
improvement  of  photoelectrical  devices. 

The  IP  is  treated  as  a  multi-step  process:  the  optical  charge  carrier  generation  in  the  emitter  layer 
(1),  scattering  processes  of  the  excited  carriers  in  the  photoemitter  including  boundary 
reflections  (2),  scattering  processes  inside  the  image  force  region  (3)  and  quantum-mechanical 
transmission  of  the  hot  carriers  across  the  Schottky  barrier  maximum  (4). 

An  approximation  for  Yj  (hv)  is  based  on  the  Fowler  relation  [4] 


8Ephv 


(hv-E,)^ 


(1) 


(hv  is  the  photon  energy  and  Eb  is  the  barrier  energy)  if  (hv-EB)/kBT>3  which  is  obtained  from 
the  photoemission  of  electrons  from  a  metal  into  the  vacuum.  Some  attempts  have  been  made 
during  the  last  decades  to  overcome  the  assumed  simplifications,  e.g.  the  neglect  of  carrier 
scattering  processes  inside  the  photoemitter  [4], [5]  and  the  quantum-mechanical  reflection  at  the 
Schottky  barrier  [6].  But  the  lack  of  reliable  absolute  values  of  Yi(hv)  prevented  refined 
theoretical  models  from  being  accepted.  Therefore,  the  interpretation  of  IP  measurements  is  still 
based  on  the  Fowler  relation  [1],  [2]. 

The  present  paper  is  focused  on  the  experimental  determination  of  the  internal  quantum  yield  on 
thin  film  metal-semiconductor  heterojunctions  thereby  discussing  the  effects  of  carrier  scattering 
in  the  emitter  layer  (process  2)  .  This  is  based  on  the  measurement  of  the  optical  absorptance  in 
the  photoemitting  layer  (1)  and  an  estimation  of  the  processes  (3,4). 
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THEORETICAL  MODEL 


The  theoretical  model  of  IP  in  metal-  semiconductor  structures,  including  carrier  scattering  in 
the  emitter  and  in  the  image  force  region,  is  only  outlined  in  the  present  work.  The  detailed 
description  is  given  in  a  previous  publication  [7], 


Fig.  la:  Momentum  (k)  space  of  photoexcited  Fig.  lb:  Elastic  isotropic  hot  carrier 
charge  carriers  with  the  escape  cone  for  being  scattering  e  -  p  at  phonons  and  impurities, 
injected  (hatched  region)  reflection  at  the  metal  layer  boundaries  and 

inelastic  collisions  e  -  e  with  cold  carriers 


The  optical  excitation  of  charge  carriers  in  thin  metal  films  is  assumed  to  be  homogeneous  with 
isotropic  carrier  momentum  distribution  (free  electron  gas).  The  escape  cone  for  IP  determines 
that  part  of  the  excited  carriers  which  have  sufficient  momentum  normal  to  the  barrier  to  cross 
Eg  and  it  is  given  by  the  Fowler  equation  [8] 


J £'"  •  (1  + 

Ep~hv 


(2) 


T  is  the  temperature,  Ep  the  Fermi  energy  of  the  metal  and  kg  the  Boltzmann's  constant. 
Extending  the  theory  of  Fowler  the  scattering  theory  includes  analytically  the  elastic  scattering 
of  photoexcited  (hot)  carriers  at  the  layer  boundaries  and  phonons,  neglecting  the  energy  transfer 
to  the  latter  (Fig.  1)  and  inelastic  collisions  with  thermalized  (cold)  carriers,  as  it  was  calculated 
by  Kane[4]  and  Dalal[5].  The  reflection  at  the  layer  boundaries  is  assumed  to  be  diffuse  and  the 
scattering  due  to  phonons  to  be  isotropic.  The  attenuation  lengths  for  inelastic  carrier-  carrier 
scattering  4  (E)  depend  on  the  energy  of  the  hot  carriers  [9]  and  for  elastic  carrier-phonon 
scattering  Ip  (T)  on  temperature.  The  elastic  scattering  at  grain  boundaries  in  polycrystalline 
films  is  not  included  in  this  analytical  theory. 

Scattering  in  the  image  force  region  of  the  semiconductor  (between  interface  and  Schottky 
barrier  maximum  Xq  )  is  considered  by  the  lucky-  electron  concept  which  holds  true  for  elastic 
isotropic  as  well  as  inelastic  isotropic  scattering  events  and  results  in  an  exponential  damping 
characterized  by  the  attenuation  len^h  Lg  [10]. 
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These  assumptions  lead  to  Yj  (hv)  (Eq.  3  )  which  is  used  in  describing  the  experimental 
results. 


Y,{EF^Es,T,d,L,kM)  =  - 


-2f-d. 


(3) 


with  c  =  a+b,  a  =  L'* ,  b  =  4’^ ,  f  ^  =  (c^-ac),  Ls=  6.5  nm,  Xo=  7.5  nm. 


EXPERIMENTAL  DETAILS 
Sample  Preparation 

The  substrates  used  in  this  work  are  n-type  Si  wafers  which  are  mechanically  polished  on  both 
sides.  Au-films  of  1  x  5  mm^  area  are  formed  on  SiQOO)  and  Si(lll)  substrates  (Nj  =  3  ’  10 
cm’^)  by  evaporation  under  HV  conditions  (  p  =  10'  mbar  )  at  room  temperature.  Prior  to  the 
film  deposition  all  the  substrates  are  cleaned  in  a  diluted  HF  solution  to  remove  the  native  oxide 
and  to  passivate  the  surface  with  hydrogen.  After  film  deposition  ohmic  contacts  are  formed  on 
the  substrates’  backside  by  A1  dc-magnetron  sputtering.  This  deposition  is  made  through  a  mask 
which  leaves  the  center  of  the  samples’  backside  blank  for  the  optical  measurements.  A  series  of 
samples  are  prepared  with  layer  thicknesses  between  5  nm  and  50  nm.  The  film  thickness  was  in 
situ  controlled  by  a  vibrating  quartz  reference.  AFM  measurements  reveal  a  polycrystalline  film 
growth  with  a  grain  diameter  of  50  -  100  nm. 

Experimental  Setup 

The  internal  quantum  yield  Y;  is  measured  by  detecting  the  optical  reflectance  and  transmittance 
of  the  samples  as  well  as  the  photoelectrical  current  in  short  circuit  and  the  total  incident  photon 
flux.  The  experimental  setup  allows  to  measure  these  quantities  simultaneously  for  each 
wavelength.  The  sample  is  mounted  in  a  cryostat  with  CaF2  windows  for  the  incident  light  as 
well  as  for  the  reflected  and  transmitted  beams.  The  light  source  is  a  250W  halogen  bulb.  The 
light  is  decomposed  by  a  grating  monochromator  (H250  Ivon  -  Yobin)  and  focused  by  a  CaF2 
optics  on  a  1  X  1  mm^  area  of  the  sample.  A  shutter  cuts  off  the  illumination  after  each 
wavelength  position,  allowing  the  sample  to  relax  to  the  value  of  the  dark  current.  The  absolute 
incident  photon  flux  is  measured  on  a  split  reference  beam  which  is  focused  on  a  calibrated 
Si/PbS  tandem  photodetector  (Hamamatsu).  The  reflected  and  transmitted  beams  from  the 
sample  are  focused  on  Si  and  PbS  photodetectors  as  well.  The  absorptance  is  obtained  as  the 
missing  rest  from  reflectance  and  transmittance  to  unity.  Measurements  are  carried  out  under 
vacuum  conditions  (p=10''^mbar)  with  light  in  a  wavelength  range  from  250  nm  to  2500  nm  at 
sample  temperatures  between  165K  and  300K. 


RESULTS  AND  DISCUSSION 

The  Yj  of  a  series  of  Au/n-Si  heterostructures  with  layer  thicknesses  d  in  the  range  of  5  nm  to  50 
nm  is  evaluated  for  photon  energies  hv  from  0.72  eV  to  1.07  eV  at  sample  temperatures  between 
165K  and  300K.  A  Fowler  plot,  i.e.  (Y;  *  hv)^^^  vs  hv  is  shown  in  Fig.  2.  The  experimental 
values  exibit  a  linear  dependence  in  this  energy  range  in  agreement  with  Fowlers  theory,  but 
they  are  significantly  larger.  An  increase  with  respect  to  Fowler  can  be  explained  by  the 
scattering  processes  involved  in  our  theoretical  approach  as  can  be  seen  in  the  upper  curye.  The 
corresponding  material  specific  scattering  parameters  are  known  for  Au  and  Si  from  different 
experimental  methods.  Therefore,  the  calculated  curve  is  completely  determined  with  the 
supposed  barrier  Eg  being  the  only  free  fitting  parameter.  The  extrapolations  of  the  theoretical 
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and  experimental  curves  intersect  the  energy  axis  at  the  same  value.  It  has  to  be  pointed  out  that 
for  a  given  intersection  Egexp  with  the  energy  axis  usually  interpreted  as  barrier  energy  both 
theories  give  larger  barrier  heights  Eg.  The  difference  to  the  fitted  barrier  energy  increases  with 
increasing  temperature  (Table  I).  Ebsc  is  for  both  substrate  orientations  at  room  temperature 

approximately  45meV  larger 


than  the  value  Epexp  extracted 
from  the  experimental  Fowler 
plot;  at  165K  the  difference 
amounts  to  25meV. 


Fig.  2:  Fowler  plot  of  a  10  nm 
Au/n-Si(100)  sample  at  300  K 
in  comparison  with 
calculations.  For  the  same 
intersection  Egexp  with  the 
energy  axis,  both  theories  give 
larger  barrier  energies,  Ebf 
=0.768eV  and  EBsc=0-800eV 
(hv  is  the  photon  energy  and 
Yj  the  internal  quantum  yield). 


hv/eV 


Tab.  I 

Apparent  barrier  energies 
from  Fowler  plot  (EBexp), 
Fowler’s  theory  (EbfX 
scattering  theory  (Ebsc)  and 
gap  energy  of  Si  (Eq)  vs 
temperature  (T).  AE(T)  is  the 
energy  shift  with  temperature. 
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Fig.  3:  Internal  quantum  yield 
Yj  at  300K  and  leV  photon 
energy  for  a  series  of  Au/n- 
Si(lOO)  samples  vs  layer 
thickness  and  calculated 
curves,  respectively 

The  Yj  increases  with 
decreasing  layer  thickness 
(Fig.  3).  On  the  average  a  five 
times  increase  of  Yj  for  the 
thinnest  layers  was  measured 
with  respect  to  the  50  nm 
films. 

Carrier  scattering  in  the  metal 
layer  can  explain  qualitatively 
the  growing  Yj  with 


decreasing  layer  thickness 

(upper  curve  in  Fig.3).  Responsible  for  the  larger  Yj ,  with  respect  to  Fowlers  approach  is  the 
redirecting  of  charge  carriers  into  the  depopulated  escape  cone  by  scattering  events.  The  most 
effective  one  is  the  diffuse  carrier  reflection  at  the  layer  boundaries.  This  is  because,  in  contrast 
to  isotropic  scattering  processes,  after  the  diffuse  reflection  at  the  metal-air  interface  the  carrier 


momentum  is  directed  always  towards  the  metal-semiconductor  interface. 
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where  only  those  carriers 
are  reflected  which  are  not 
capable  to  escape.  This 
process  works  the  better, 
the  thinner  the  film, 
explaining  the  increasing 
Yj  with  decreasing  layer 
thickness.  The  damping 
factor  in  this  model  is  the 
inelastic  carrier-carrier 
scattering,  which  leads  to  a 
vanishing  Yj  for 
attenuation  length  le  «  d. 
Isotropic  elastic  carrier 
scattering  with  phonons 
and  neutral  impurities  is 
found  to  have  little 
influence  on  Yj  for 
attenuation  length  lp>d,  i.e. 
for  thin  layers  and 
sufficiently  pure  material. 
Although  isotropic 

Fig.  4:  Ratio  of  experimental  Yj  (exp.)  to  theoretical  Y  (th.)  vs  d  at  scattering  helps  in  filling 
T=300K  and  hv=leV  “P  depopulated  escape 

cone.  It  extends  the  path  of 
the  excited  carriers,  too, 

which  increases  the  possibility  of  an  inelastic  collision.  The  scattering  theory  agrees  with  the 
experimental  values  of  the  Yj  for  the  thinnest  samples  within  the  order  of  unity,  whereas  for  the 
thicker  samples  the  experimental  values  prove  to  be  roughly  3  times  larger  than  the  theoretical 
ones  (Fig.  4). 

This  discrepancy  may  be  explained  by  additional  carrier  scattering  at  grain  boundaries  in 
polycrystalline  layers,  which  are  not  included  in  the  analytical  model.  These  scattering  processes 
can  provide  an  enhancement  of  Yj  by  a  factor  2,  if  the  film  thickness  is  not  much  smaller  than 
the  grain  diameter  [2]. 

The  quantum-mecanical 
transmission  probability 
across  a  Schottky  barrier 
turns  out  to  be 
significantly  smaller  than 
unity  for  electron 
energies  a  few  10  meV 
above  the  barrier  height 
maximum  [6]  and  is  not 
included  in  Eq  (3). 

The  obtained  Schottky 
barrier  energies  Eg  vs  Au 
layer  thickness  is  plotted 
in  Fig.  5  for  different 
sample  temperatures.  Eg 
is  independent  of  layer 
thickness  as  expected 
since  the  Schottky  barrier 
formation  is  found  to  be 
completed  within  the  ^*8-  Barrier  energies  Eg  vs  Au  layer  thickness  at  165  K  and  300  K 
first  monolayers  [11].  for  samples  grown  on  Si(lOO)  and  Si(l  1 1)  substrates,  respectively 
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Variations  in  Eb  of  roughly  10  meV  for  different  film  thicknesses  are  consistent  with 
microscopic  barrier  fluctuations  detected  in  BEEM  experiments  on  Au/n-Si  (100)  structures 

[12].  An  average  increase  in  Eb  by  32meV  with  decreasing  temperature  from  300K  to  165K  is 
clearly  shown.  The  band  gap  Eq  (T)  of  Si  increases  in  this  temperature  range  by  29  meV  [13], 
The  comparable  dependence  of  Eg  (T)  and  Eq  (T)  on  temperature  can  be  interpreted  as  a  Fermi 
level  pinning  in  relation  to  the  valence  band  of  Si  [14].  Samples  grown  on  Si(lOO)  substrates 
reveal  the  same  temperature  dependence  with  a  barrier  energy  approximately  23  meV  lower  than 
on  structures  with  Si(l  1 1)  substrates. 

CONCLUSIONS 

Basing  upon  simultaneous  measurements  of  the  internal  photoemission  current  and  the  optical 
reflectance  and  transmittance  on  Au/n-Si  structures  reliable  absolute  values  of  the  Yj  were 
obtained.  The  Yj  increases  with  decreasing  emitter  layer  thickness,  being  for  the  thinnest  layers 
40  times  larger  than  expected  from  Fowler’s  theoi^.  This  result  is  explained  quantitatively  by 
scattering  processes  of  the  excited  charge  carriers  in  the  photoemitter.  The  scattering  presents  an 
improvement  for  the  description  of  the  IP  with  respect  to  Fowler  s  approach  having 
consequences  for  the  interpretation  of  Schottky  barrier  heights.  The  barrier  energy  is  larger  and 
the  variation  of  the  barrier  energy  with  temperature  is  smaller  than  deduced  from  the  Fowler 
plot. 

The  barrier  energy  of  Au/n-Si  heterostructures  is  found  to  be  independent  of  layer  thickness. 
Samples  grown  on  Si(lll)  have  a  barrier  energy  25  meV  larger  than  those  prepared  on  Si(lOO) 
substrates.The  Fermi  level  of  the  Au/n-Si  heterojunction  is  fixed  relatively  to  the  valence  band 
of  Si.  ,  .  .  ^ 

Further  improvements  of  the  theoretical  model  as  to  the  grain  boundary  scattering,  the  energy 
loss  due  to  the  phonon  scattering  and  the  quantum-mechanical  transmission  are  in  progress  by 
utilizing  the  Monte  Carlo  Method.  Nevertheless,  the  present  analytical  theory  including  the 
description  of  charge  carrier  scattering  in  thin  films  already  provides  the  right  basis  for 
analyzing  IP  measurements  and  for  optimizing  IP  based  applications,  e.g.  infrared  detectors  and 
photoinjection  solar  cells. 
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ABSTRACT 

Poly-Si  TFT’s  were  fabricated  on  the  glass  substrate  by  the  Metal  Induced  Lateral 
Crystallization(MILC).  Before  deposition  of  the  active  a-Si  thin  films(1000  A),  the  glass 
substrate  was  pretreated  in  three  different  ways  such  as  oxidation  of  a-Si(100  A),  oxide  buffer 
layer  deposition(1000  A),  and  ion  mass  doping  of  the  glass  substrates.  The  leakage  current  at 
reverse  bias  could  be  reduced  by  one  order  of  magnitude  by  the  substrate  pretreatment.  Field 
effect  mobility  of  n-channel  TFT’s  was  lOScmW  sec,  subthreshold  slope  and  on/off  current  ratio 
were  0.7  V/dec.  and  about  10^,  respectively. 

1.  INTRODUCTION 

Poly-Si  TFT's  are  attracting  considerable  attention  for  the  replacement  of  a-Si  TFT’s  for  the 
AMLCD  (Active  Matrix  Liquid  Crystal  Devices)  requiring  high  resolution  and  high  response 
speed.  Conventional  a-Si  TFT’s  can  switch  the  LCD  pixels,  but  cannot  drive  the  LCD  peripheral 
circuits,  so  LCD  should  be  connected  to  discrete  IC's  fabricated  on  a  single  crystal  Si  wafer. 
Since  poly-Si  TFT’s  show  high  speed,  they  enable  the  integration  of  LCD  pixel  and  driving 
circuit  on  the  same  substrate,  which  result  in  high  performance  and  high  productivity.  However, 
one  of  the  major  problems  of  the  poly-Si  TFT’s  is  the  large  leakage  current[l][2].  In  this  work, 
high  performance  poly-Si  thin  film  transistors  were  fabricated  on  the  glass  substrate  using  a 
newly  developed  crystallization  method,  Metal-Induced  Lateral  Crystallization  (MILC)[3]  at 
500  °C  and  the  effects  of  interface  states  between  the  glass  substrate  and  the  poly-Si  thin  films 
on  the  leakage  current  of  TFT's  have  been  studied. 


11.  EXPERIMENTS 

Substrate  Treatment  of  the  Glass  Substrate 

1)  Buffer  Si02  Layer  Formation 

Before  the  deposition  of  active  a-Si  thin  films,  1000  A  thickness  of  SiOi  Layer  was  deposited 
directly  on  the  Coming  7059  glass  substrate  in  ECR  CVD  chamber,  using  SiH4  and  O2  as  source 
gases.  Alternatively,  100  A  thickness  of  amorphous-Si  film  was  deposited  and  oxidized  by  ECR 
plasma. 

2)  Ion  Mass  Doping  on  the  glass  substrate 

Phosphoms  or  Boron  was  doped  into  bare  glass  by  Ion  Mass  Doping  System.  Source  gases  were 
PH3  and  B2H6  diluted  in  hydrogen  gas,  respectively.  The  plasma  power  was  lOOW  and  the 
acceleration  DC  voltage  was  about  18KeV.  PH3  and  B2H6  diluted  in  hydrogen  were  doped  for  10 
minutes. 
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Fabrication  Method  of  poly-Si  TFT  by  MILC 

The  fabrication  steps  are  illustrated  in  Fig.  1.  A  lOOOA-thick  a-Si  film  was  deposited  by  LPCVD 
at  480  °C  using  pure  Si2H6,  and  defined  for  active  layer.  For  the  gate  dielectric,  300  A  thick  SiOz 
was  formed  by  ECR  plasma  oxidation  of  active  a-Si  layer  and  then  700  A  thick  Si02  was 
deposited  by  ECR  PECVD  using  [SiH4(25%)+Ar]  gas  in  ECR  chamber[4].  The  gate  and  gate 
dielectric  was  patterned  and  defined  by  conventional  SFe  plasma  etching  and  wet  chemical 
etching  (diluted  BHF  solution),  respectively.  A  20  A  thick  Ni  film  was  deposited  without  an 
additional  mask  as  in  Fig.  1(a).  Ion  mass  doping  was  carried  out  to  form  n-type  gate  and 
source/drain  for  n-channel  TFT's.  Source/drain  activation  and  crystallization  of  a-Si  at  the 
channel  area  were  done  by  annealing  at  500°C  for  15hrs.  After  the  crystallization,  unreacted  Ni 
films  on  oxide  area  were  removed  by  wet  etching.  The  process  conditions  are  summarized  in 
table  1. 


Ion  mass  doping 


I  I  oxide 
ZU  a-Si 


A1 


Fig.l.  Fabrication  steps  of  MILC  poIy-Si  TFT's. 

(a)  Deposition  of  a  20  A  Ni  layer  followed  by  dopant  Ion  Mass  Doping 

(b)  Crystallization  of  the  source,  drain  and  channel  area 

(c)  Metallization 


Process 

Method 

a-Si  deposition 

LPCVD(1000A,480°C) 

gate-oxide  formation 

ECR  Oxidation  (300  A)  +  ECR  CVD  (700  A) 

gate(a-Si) 

LPCVD  (2000  A,  480 C) 

source/drain  doping 

Ion  Mass  doping(  RF=200W,  DC=18keV) 

Ni  deposition 

Sputtering  (20  A) 

A1  deposition 

Sputtering  (2000  A) 

Table  1.  Key  processes  for  the  fabrication  of  poly-Si  TFT's  by  MILC. 
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III.  RESULT  AND  DISCUSSION 


Metal  Induced  Lateral  Crystallization 

The  channel  area  could  be  crystallization  by  Ni  deposited  on  source  and  drain  area.  The 
characteristic  in  Fig.2(a)  indicates  a-Si,  which  yet  to  be  crystallized.  By  annealing  at  500*^0  for 
15hrs,  The  channel  area  of  40pm  in  length  was  completely  crystallized  as  shown  in  Fig.  2(b). 
Detailed  discussion  of  MILC  phenomenon  can  be  found  in  the  literature [3]. 


Fig.  2  Nomarski  optical  micrographs  showing  the  progress  of  MILC  in  the  channel  area. 

A  20  A -thick  nickel  layer  was  deposited  after  the  source/drain  definition  and  the  width  and  length 
of  the  gate  were  40/ini/40pni.  a)  annealing  at  500  °C  for  1  Ohrs  (b)  for  1 5hrs 

Poly-Si  TFT’s  on  the  Si02  buffer  layer 

I-V  characteristics  of  the  buffer  layered  TFT’s  are  shown  in  Fig.  3  and  effects  of  the  substrate 
pretreatment  on  device  parameter  are  summarized  in  Table  2. 

It  can  be  noticed  that  the  mobility  was  increased  about  two  times  by  the  formation  of  buffered 
Si02  between  a-Si  and  the  glass  substrate.  As  far  as  the  leakage  current  is  concerned,  the 
pretreatment  of  substrate  turned  out  to  reduced  the  leakage  current  to  a  certain  extent.  It  has  not 
been  cleared  yet  but  since  the  substrate  was  the  common  glass  which  may  contain  impurities  very 
mobile  at  the  crystallization  temperature(500°C),  it  is  very  likely  that  the  buffer  layer  blocks  the 
diffusion  of  these  impurities  into  the  bulk  silicon  during  annealing. 

Ion  Mass  Doping  Effects 

Fig.  4  shows  the  effect  of  IMD  of  B  or  P  into  the  glass  substrates  on  I-V  curves.  N-channel  poly- 
Si  TFT’s  showed  the  mobility  as  high  as  lOScmWsec.  Not  much  difference  in  the  leakage 
current  can  be  observed  in  comparison  with  Si02  buffer  layered  TFT’s.  The  AFM  that  is  shown  in 
Fig.5,  however,  showed  much  charge  in  topology  through  the  pretreatments.  It  is  interesting  to 
notice  that  the  rougher  interface  caused  by  these  pretreatments  ends  up  with  reduction  of  the 
leakage  current.  Also  it  is  surprising  that  phosphorus  or  boron  doping  does  not  show  appreciable 
difference  in  device  performances.  Investigation  to  understand  the  basic  reason  for  the  leakage 
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current  in  poly-Si  TFT’s  fabricated  on  the  glass  substrate  is  under  way. 


Fig  3. 1-V  characteristics  of  TFTs  Fig  4. 1-V  characteristics  of  TFTs 

on  Buffer  Layer  treated  glass  substrate  on  Ion  Mass  Doped  glass  substrate 


Si02  Buffer  Layer 

Ion  Mass  Doping 

Bare  Glass 

1000  A 

*100A 

Phosphorus 

Boron 

Field  Effect 
mobility 

48 

77 

104 

108 

83 

Vt(V) 

4 

4.2 

3.8 

3.3 

3.7 

Subthreshold  slope 
(V/dec) 

0.8 

0.7 

0.74 

0.74 

0.92 

Min.  leakage  current 
(pA/pm) 

2.5 

4 

0.6 

0.9 

1 

On/Off  ratio 

8E5 

5E5 

3E6 

5E6 

3E6 

Table  2.  Summary  of  the  substrate  pretreatment  effects 


For  an  N-channel  TFT,  the  threshold  voltage  was  defined  at  a  normalized  drain  current 
(Id  X  W/L)  of  O.lpA  at  Vd  =  IV.  The  field-effect  mobility  was  calculated  in  the  linear 
region  at  Vd  =  O.IV.  The  maximum  on/off  current  ratio  was  determined  at  Vd  =  IV  and 
Vg  =  -10~25V. 

*100  A  was  the  thickness  of  a-Si  before  ECR  oxidation. 
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(b) 


Fig.  5  AFM  Images  of  the  glass  substrates  after  the  various  pretreatment 

(a)  after  the  IMD  of  PHj 

(b)  Si02  buffer  layered  glass 

(c)  the  bare  glass  substrate 

IV.  CONCLUSION 

High  performance  poly-Si  TFT's  were  fabricated  on  Coming  7059  at  500  C  by  a  newly 
developed  crystallization  method  ;  Metal  Induced  Lateral  Crystallization  (MILC).  Field  effect 
mobility  of  the  n-channel  poly-Si  TFT's  by  MILC  at  500  °C  was  as  high  as  lOScmWs,  which  is  a 
much  larger  value  than  that  of  conventional  low  temperature  TFT's  on  glass  substrate.  Si02  buffer 
layer  or  IMD  of  B  or  P  into  the  substrate  reduced  the  leakage  current.  According  to  AFM  analysis, 
it  was  found  that  caused  the  substrate  surface  rougher,  but  the  leakage  current  could  be  reduced 
by  these  pretreatment. 
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ABSTRACT 

In  this  study  the  SCP  (Surface  Charge  Profiling)  method,  based  on  non-contact,  small- 
signal  ac-SPV  measurement  is  used  to  study  thermal  activation  of  boron  in  the  near  surface  region 
of  p-type  Si  wafers.  Boron  tends  to  form  pairs  with  impurities  such  as  hydrogen,  iron  and  copper 
in  the  near  surface  region  of  Si  substrates  which  render  it  inactive.  During  device  processing, 
activation  of  boron  may  take  place  resulting  in  uncontrolled  variations  in  active  boron 
concentration  in  the  near  surface  region. 

In  this  work,  both  boron  doped,  polished  CZ  wafers  and  wafers  with  boron  doped 
epitaxial  layers  are  studied.  In  the  former  case,  the  concentration  of  active  boron  in  the  near 
surface  region  was  initially  up  to  an  order  of  magnitude  less  than  the  bulk  concentration 
determined  fi"om  four-probe  measurements,  but  increased  with  the  temperature  of  an  anneal  in 
ambient  air  and  approached  the  bulk  value.  In  contrast,  the  wafers  with  epitaxial  layers  showed 
no  consistent  variations  of  surface  dopant  concentration  with  temperature.  These  results 
confirmed  previous  findings  that  the  near  surface  region  of  the  polished  wafers  is  contaminated 
with  metals  introduced  during  polishing  operations.  The  SCP  method  was  found  to  be  very 
effective  in  monitoring  variations  in  active  boron  concentration  in  the  near-surface  region. 

INTRODUCTION 

It  is  known  that  unlike  n-type  dopants  in  silicon,  the  p-type  dopant,  boron,  can  be 
rendered  inactive  by  pairing  with  selected  contaminants.  This  effect  is  particularly  pronounced  in 
the  shallow  region  immediately  adjacent  to  the  Si  surface,  which  can  be  penetrated  more  readily 
than  the  bulk  of  the  material.  Two  types  of  interaction  can  be  identified  in  this  regard.  The  first 
involves  penetration  of  the  surface  by  hydrogen,  which  is  likely  to  occur  under  a  variety  of 
process  conditions,  for  instance,  gas-phase  etching.  The  second  involves  interaction  of  boron 
with  metals  such  as  copper  originating  from  chemomechanical  polishing  [1].  A  brief  anneal  is 
typically  sufficient  to  break  the  boron-contaminant  pair  and  render  the  boron  electrically  active. 
In  the  case  of  hydrogen,  featuring  a  high  diffiisivity  in  silicon,  this  also  results  in  hydrogen  leaving 
the  silicon.  In  the  case  of  metals,  however,  the  metals  remain  in  the  silicon,  where  they  can 
subsequently  re-pair  with  boron. 

These  effects  are  well  understood  and  can  be  used  to  determine  the  concentration  of 
metallic  impurities  in  the  bulk  of  the  Si  wafer  [2].  Until  now,  however,  no  convenient  method 
that  would  follow  boron  deactivation/reactivation  processes  in  the  sub-surface  region  was 
available.  The  Surface  Charge  Profiling  (SCP)  method,  a  contactless  ac-SPV  method  capable  of 
measuring  active  doping  concentration  in  the  surface  space-charge  region,  offers  new  possibilities 
in  this  regard.  This  work  studies  boron  activation  by  hot-plate  annealing  in  both  p-type  polished 
CZ  wafers  and  wafers  with  p-type  epitaxial  layers  using  an  SCP  tool. 


425 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  448  ®  1997  Materials  Research  Society 


EXPERIMENTAL 

The  operation  of  the  Surface  Charge  Profiler  (SCP)  is  based  on  the  SPV  effect,  which  in 
this  case  is  induced  by  illumination  of  the  surface  with  a  beam  of  chopped,  low-intensity,  short- 
wavelength  (450  nm)  light  having  photon  energy  larger  than  the  silicon  bandgap.  Due  to  the 
shallow  penetration  of  the  light,  any  information  obtained  is  dominated  by  characteristics  of  the 
surface  and  shallow  sub-surface  regions  of  the  silicon  wafer.  In  contrast  to  other  electrical 
methods,  the  SCP  does  not  utilize  any  external  bias  voltage,  corona  charging  or  high-intensity 
illumination,  and  no  contact  is  made  to  the  wafer  surface.  The  electrical  characteristics  are 
determined  in  this  case  from  analysis  of  the  real  and  imaginary  components  of  the  ac-SPV  signal. 
The  minority  carrier  recombination  lifetime  at  the  surface  is  determined  from  the  ration  of  these 
components,  or  the  phase  of  the  ac-SPV  signal.  The  width  of  the  depletion  layer,  Wd,  is 
simultaneously  determined  from  the  imaginary  component  corrected  for  the  lifetime. 

A  schematic  diagram  of  the  SCP  system  is  shown  in  Fig.  1.  The  wafer  is  positioned  on  the 
movable  wafer  support  tray  with  insulating  coating  which  then  moves  the  wafer  underneath  the 
probe.  The  measurement  is  performed  on  the  wafer  in  motion  and  the  distance  between  the  probe 
and  the  wafer  surface,  typically  about  100  urn,  is  controlled  and  maintained  automatically.  The 
results  of  the  SCP  measurement  are  presented  in  linear  profile,  map,  trend  chart  and  numerical 
form. 

Under  inversion  conditions,  the  maximum  depletion  width  can  be  used  to  determine  the 
active  doping  concentration  in  the  depletion  region,  Nsc.  It  is  known  from  past  work  that 
immersion  in  dilute  HFiHiO  solutions  for  short  times  followed  by  rinsing  and  drying  adds  a  large 
amount  of  positive  charge  to  silicon  wafer  surfaces,  which  for  p-type  wafers  is  sufficient  to  drive 
the  surface  into  inversion  [3].  In  this  work,  both  boron  doped  polished  wafers  (<100>,  CZ,  100 
mm  diam.,  1-4  ohmcm.)  and  wafers  with  boron  doped  epitaxial  layers  (150  mm  diam.,  4. 5-5. 5 
ohmcm.)  were  used.  For  the  polished  wafers,  boron  concentration  in  the  bulk  was  determined 
using  four-probe  measurements.  For  the  wafers  with  epitaxial  layers,  boron  concentration  in  the 
bulk  was  determined  from  C-V  measurements.  Wafers  were  annealed  on  a  hot  plate  in  air  at 
different  temperatures,  then  immersed  in  HF(l):H2O(100)  solution,  rinsed  and  dried  to  invert  the 
surface.  Subsequently,  the  measurement  of  dopant  concentration  was  performed  using  the  SCP 
tool. 


SYSTEM  CONTROL  STATION 
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Figure  1 .  Schematic  diagram  of  the  SCP  system. 
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RESULTS  AND  DISCUSSION 


It  was  previously  observed  that  the  polished,  boron  doped  p-type  wafers  coining  from 
various  manufacturers  were  typically  displaying  values  of  surface  doping  concentration  measured 
using  SCP  up  to  an  order  of  magnitude  less  than  the  bulk  value  determined  from  four-probe 
measurements.  A  similar  effect  was  not  observed  in  the  case  of  n-type  silicon.  This  observation 
led  us  to  the  conclusion  that  the  effect  of  reduced  near-surface  concentration  of  active  boron  may 
be  related  to  its  interactions  with  elements  such  as  hydrogen  as  well  s  copper  and/or  iron  which 
may  penetrate  the  near-surface  region  of  the  silicon  and  are  known  to  render  boron  inactive.  It 
was  also  shown  in  the  past  that  low-temperature  anneals  are  sufficient  to  break  B-contaminant 
pairs  and  activate  boron.  Following  this  an  attempt  was  made  to  determine  how  the  surface 
doping  concentration  in  the  wafers  used  in  this  study  would  respond  to  a  brief  (15  min.)  hot-plate 
anneal  in  ambient  air.  As  Fig.  2  shows,  the  concentration  of  active  boron  at  the  surface  of  the 
polished  wafers  measured  using  SCP  was  initially  over  five  times  lower  than  the  concentration  of 
boron  in  the  bulk  determined  by  a  four-probe  measurement.  With  increasing  temperature  above 
50"C  an  increasing  concentration  of  active  boron  at  the  surface  approaching  the  bulk 
concentration  (200“C  anneal)  was  observed.  To  various  extents,  the  same  effect  was  observed  for 
all  polished  p-type  wafers  used  in  this  study. 

In  contrast,  the  wafers  with  epi  layers  did  not  show  consistent  variations  of  surface  dopant 
concentration  with  the  anneal  temperature  (Fig.  3).  Also,  for  each  temperature  the  surface  dopant 
concentration  was  slightly  larger  than  the  bulk  value  determined  from  C-V  measurements.  This  is 
a  clear  indication  that  the  near-surface  region  of  the  epi  layers  is  not  contaminated  in  the  way  the 
near-surface  region  of  the  polished  wafers  is.  This  result  was  expected  since  polishing  processes 
are  considered  to  be  a  main  source  of  contamination  leading  to  deactivation  of  boron.  In  addition, 
the  plot  in  Fig.  3  suggests  that  the  epitaxial  process  used  to  grow  the  layers  studied  in  this 
experiment  resulted  in  an  excess  of  boron  in  the  near-surface  region. 


Figure  2.  Surface  dopant  concentration  vs.  anneal  temperature  for  polished  wafers. 
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The  data  shown  in  Fig.  2  can  be  used  to  determine  the  activation  energy  for  the  effect 
observed.  From  SOT  up  to  125°C,  the  rate  of  boron  activation  is  observed  to  increase 
exponentially  with  temperature,  and  can  be  represented  by  the  Arrhenius  equation  [4], 


Nsc-Nsco  =  Ae-^“''  (1) 

where  Nsco  is  the  initial  surface  concentration  of  active  boron,  Ea  is  the  boron  activation  energy, 
k  is  the  Boltzmann  constant,  T  is  the  Kelvin  temperature,  and  the  time  of  the  anneal  has  been 
lumped  into  the  constant,  A.  Consequently,  for  this  temperature  range  an  activation  energy  can 
be  determined  from  the  slope  of  a  plot  of  ln(Nsc  -  Nsco)  vs.  1/T  (Fig.  4).  Using  the  slope  of  this 
line  results  in  the  value.  Eg  =  0,8  eV  for  the  boron  activation  energy.  Based  on  previously 
reported  binding  energies  for  boron-metal  pairs  in  the  range  of  1  eV  [5],  one  may  conclude  the 
presence  of  metal  contamination,  most  likely  copper,  in  the  near  surface  region  of  the  polished 
wafers. 

At  temperatures  larger  than  125”C,  the  rate  of  boron  activation  becomes  limited  by  the 
supply  of  available  boron  pairs,  and  the  concentration  of  active  boron  in  the  near  surface  region 
saturates  at  a  value  very  close  to  the  bulk  value. 

SUMMARY 

In  this  work  boron  activation  by  low-temperature  annealing  at  different  temperatures  was 
studied  using  an  SCP  tool.  Both  boron  doped  polished  wafers  and  wafers  with  boron  doped 
epitaxial  layers  were  studied.  In  the  former  case  the  concentration  of  active  boron  in  the  near 
surface  region  was  initially  much  lower  than  the  bulk  concentration  determined  from  four-probe 
measurements,  but  increased  with  temperature  and  approached  the  bulk  value.  This  dependence 
on  temperature  was  used  to  calculate  a  value  for  the  boron  activation  energy  which  identifies  the 
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Figure  3.  Surface  dopant  concentration  vs.  anneal  temperature  for  epi  layers. 
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Figure  4.  ln(Nsc  -  Nsco)  vs.  1/T  for  polished  wafers. 

presence  of  metal  contamination  in  the  near  surface  region  of  these  wafers.  In  the  latter  case  the 
wafers  did  not  show  consistent  variations  of  the  surface  dopant  concentration  with  temperature. 
These  experiments  show  that  the  contactless,  non-invasive  SCP  method  is  very  effective  in 
controlling  active  boron  concentration  in  the  near  surface  region  of  both  polished  wafers  and 
wafers  with  epitaxial  layers. 
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ABSTRACT 

The  reduction  in  the  dimensions  of  advanced  semiconductor  devices  has  brought  about  the 
need  for  new  metallization  materials  with  low  resistivity  and  high  electromigration  resistance. 

The  CuaGe,  has  been  suggested  as  a  contact  and  metallization  material  due  to  its  low  resistivity 
(6  pQ-cm),  high  electromigration  resistance,  and  high  chemical  stability.  We  have  grown  thin 
films  of  CuaGe  on  (100)  Si  by  the  sequential  e-beam  deposition  of  an  amorphous  Ge  layer  then  a 
Cu  layer,  followed  by  a  thermal  anneal  to  crystallize  the  CuaGe  film.  The  Cu-Ge  films  maintain 
their  low  resistivity  (10-15  |i.Q  cm)  over  a  range  of  anneal  temperatures,  up  to  an  anneal 
temperature  of  600®C,  where  a  significant  increase  in  resistivity  is  observed.  We  have  shown  that 
this  increase  in  resistivity  is  directly  related  to  the  structure  of  the  CuaGe  film  and  interface.  We 
have  observed  by  cross-sectional  transmission  electron  microscopy  (TEM),  that  films  of  CuaGe 
form  a  smooth,  atomically  sharp  interface  with  (100)  Si,  up  to  an  anneal  temperature  of  600°C, 
where  the  film  agglomerates,  and  additional  compounds  are  observed.  In  this  paper,  we  discuss 
the  correlation  between  microstructure,  interface  structure  and  electrical  properties  of  these  novel 
thin  film  structures. 

INTRODUCTION 

As  the  dimensions  of  semiconductor  devices  continue  to  be  reduced,  overall  device 
performance  and  reliability  will  become  a  function  of  the  materials  which  are  used  in 
metallizations.  For  next  generation  electronic  devices  to  perform  reliably,  the  metallization 
materials  which  are  selected  must  have  low  resistivity  and  high  electromigration  resistance.  Due 
to  its  low  resistivity  (p<2  pD  cm)  and  excellent  electromigration  resistance,  Cu  has  been 
proposed  as  a  new  metallization  material  in  Si-based  semiconductor  devices.^  However,  many 
challenges  must  be  overcome  in  order  to  integrate  Cu  with  current  Si  -based  devices.  For 
example,  Cu  is  considered  to  be  one  of  the  fastest  diffusing  elements  in  Si,  diffusing  interstitially 
with  an  activation  energy  of  0.43  eV.^  Copper  is  also  a  deep  level  impurity,  providing  a  trap  and 
recombination  center ,  and  has  also  been  shown  to  passivate  boron  acceptors  in  p-type  Si  by 
forming  neutral  B-Cu  complexes,  which  results  in  an  overall  reduction  in  the  electrically  active 
acceptor  concentration.^  Copper  also  oxidizes  in  air  at  relatively  low  temperatures  ~  250®C, 
which  leads  to  a  significant  increase  in  resistivity,  and  Cu  adheres  poorly  to  Si02,  disqualifying  it 
as  a  candidate  for  gate  metallizations.** 

Metal  silicides  have  also  received  much  attention  as  metallization  materials  due  to  their 
high  temperature  stability  and  relatively  low  resistivity,  e.g.  TiSi2  (C54  phase)  has  a  resistivity  of 
13-16  pQ  cm,  and  CoSi2  with  p= 18-20  pD  cm.^  However,  a  high  temperature  anneal~800®C  is 
required  to  form  the  low  resistivity  C54  phase  of  TiSi2  resulting  in  an  increase  in  the 
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temperatures  that  are  required  during  device  processing.^  Metal  silicides  also  tend  to  form  rough 
interfaces  with  the  Si  substrate,  thus  impeding  the  fabrication  of  shallow  junction  devices. 

Metal  germanides  have  recently  received  much  attention  as  potential  metallization 
materials,  in  particular  the  ei-CusGe  phase  of  the  Cu-Ge  system  has  been  shown  to  have  a  low 
resistivity  of  5.5  pfl  cm,  which  is  only  approximately  three  times  the  resistivity  of  pure  Cu 
films.^’^  This  low  value  of  resistivity  exists  over  a  composition  range  of  25-40  at.  %  Ge,  thus 
providing  a  processing  window  during  device  fabrication.  The  CusGe  is  chemically  stable  up  to  a 
temperature  of  450®C,  i.e.  there  is  no  out  diffusion  of  Cu  from  the  film  into  the  substrate.  The 
CusGe  is  stable  against  oxidation  in  air  up  to  ~520“C,  and  adheres  well  to  Si02.'^  Films  of  CuaGe 
also  form  a  sharp  interface  with  the  substrate,  making  it  an  attractive  choice  as  a  contact  to 
shallow  junction  devices. 

In  order  to  succesfully  integrate  Cu3Ge  with  current  Si-based  electronic  devices,  it  is 
necessary  to  understand  what  effect  elevated  process  temperatures  will  have  on  the  film  structure 
and  properties.  In  this  paper,  we  report  the  growth  of  Cu-Ge  films  on  (100)  Si  substrates.  We 
have  previously  shown  that  thin  films  of  Cu3Ge  on  (100)  Si  retain  their  low  resistivity  despite  a 
large  amount  of  Si  incorporation  that  is  induced  by  the  post-deposition  anneal  treatments.  In 
this  paper,  we  show  that  the  change  in  resistivity  of  the  films  which  arises  at  a  specific  anneal 
temperature  can  be  directly  related  to  the  structure  of  the  films  and  the  substrate  interface. 

EXPERIMENT 

Thin  films  of  Cu3Ge  were  formed  on  hydrogen-terminated  (100)  Si  by  the  sequentail  e- 
beam  evaporation  of  an  amorphous  Ge  film,  followed  by  a  Cu  film.  Films  were  deposited  in  a  1  x 
10’^  Torr  vacuum  at  room  temperature  at  a  rate  of  10-20  A/sec.  Film  composition  was  controlled 
by  varying  the  thicknesses  of  the  Cu  and  Ge  layers.  The  average  film  composition  could  be 
determined  by  assuming  a  bulk  atomic  density  of  the  Cu  and  Ge  layers.  In  general,  films  of 
CuaGe  were  grown  to  a  total  thickness  of  2550  A  by  depositing  a  1000  A  layer  of  Ge,  followed 
by  a  1550  A  layer  of  Cu.  The  deposited  films  were  annealed  in  flowing  N2  for  30  minutes  over  a 
temperature  range  of  150-600"C.  These  anneal  treatments  resulted  in  the  complete 
reciystallization  of  the  CuaGe  films.  The  room  temperature  resistivities  of  the  films  were 
determined  by  four-point  probe  and  Van  der  Pauw  methods.  Cross  sectional  transmission 
electron  microscopy  (TEM)  and  selected  area  diffraction  (SAD)  were  conducted  with  a  200  kV 
Topcon  002B  electron  microscope  to  study  the  film  and  interface  microstructure,  and  identify 
the  phases  present  in  the  films. 

RESULTS 

The  room  temperature  resistivities  of  the  Cu3Ge  films  that  were  annealed  in  N2  at  250°C, 
400“C,  and  600°C  are  displayed  in  Table  I.  It  can  be  seen  from  these  results,  that  the  resistivity 
of  the  Cu3Ge  remains  relatively  constant  until  an  anneal  temperature  of  600°C,  where  the 
resistivity  increases  significantly.  We  have  previously  shown  that  a  large  amount  of  Si  diffuses 
into  the  Cu3Ge  film  in  varying  amounts  which  are  dependent  on  the  anneal  temperature.^” 

Despite  the  greater  concentration  of  Si  in  the  Cu3Ge  film  that  was  annealed  at  400®C,  the 
resistivity  remains  unchanged  relative  to  the  sample  annealed  at  250‘’C.  It  is  therefore  believed 
that  the  addition  of  Si  in  the  CusGe  film  is  not  responsible  for  the  resistivity  increase  that  is 
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TABLE  I  Resistivity  of  CusGe  films  for  various  anneal  temperatures. 


Sample 

Anneal  Temperature  (°C) 

Resistivity  (p.fi  cm) 

Cu3Ge/Si 

250 

10-15 

Cu3Ge/Si 

400 

10-15 

CusGe/Si 

600 

7-8x10^ 

observed  at  higher  temperatures,  rather  it  may  be  attributed  to  the  structure  and  composition  of 
the  film. 

Figure  1(a)  shows  a  bright  field  cross  section  TEM  image  of  a  Cu-Ge  film  with  an  overall 
Ge  concentration  of  40  at.%,  annealed  in  N2  at  400®C.  At  this  composition,  the  EpCuaGe  phase 
is  in  equilibrium  with  a  Ge-phase.  The  film  consists  of  polycrystalline  Cu3Ge,  with  an  average 
grain  size  of  200  nm,  and  smaller  grains  of  Ge,  having  an  average  grain  size  <  100  nm. 

The  micrograph  displays  the  extremely  sharp  interface  between  the  film  and  substrate.  The  Cu- 
Ge/Si  interface  is  atomically  sharp,  with  no  faceting  along  the  Si  (1 1 1)  planes,  which  is  frequently 
observed  in  metal  silicide  contacts,  e.g.  TiSi2  or  CoSi2  on  (100)  Si.  This  indicates  that  there  are  no 
chemical  reactions  between  the  CusGe  and  Si,  making  CuaGe  a  strong  candidate  for  contacts  to 
shallow  junction  devices.  The  corresponding  SAD  patterns  of  the  film  are  displayed  in  Fig;  1(b) 
&  1(c).  Figure  1(b)  was  recorded  from  the  grain  marked  “b”  in  Fig.  1(a) ,  and  is  recorded  along 


Figure  1.  (a)  cross  sectional  TEM  bright  field  image  of  Cu-Ge  film  on  (100)  Si,  annealed  at 
400°C.  (b)SADPofCu3Ge,b=[010].  (c)  SADP  of  Ge,  b=[lll] 
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the  [010]  zone  axis,  and  is  consistent  with  the  orthorhombic  structure  of  Cu3Ge,  with  lattice 
spacings  of  a=0.528  nm,  b=0.422  nm,  and  c=0.454  nm.  Figure  1(c)  is  from  the  region  marked  “c” 
on  the  micrograph,  and  was  recorded  along  the  [111]  zone  axis,  and  is  consistent  with  the 
diamond  cubic  lattice  of  Ge  with  a=0.566  nm. 

Figure  2  shows  a  bright  field  cross  section  TEM  image  of  a  Cu-Ge  film  with  an  overall  Ge 
concentration  of  40%,  annealed  in  flowing  N2  at  600®C.  As  can  be  seen  in  Fig.  2,  the  CuaGe  film 
no  longer  forms  a  sharp  interface  with  the  Si  substrate,  rather  there  are  many  protrusions  of  the 


Figure  2.  Cross  section  TEM  bright  field  image  of  Cu-Ge  on  (100)  Si,  annealed  at  600®C. 

film  deep  into  the  substrate.  Figure  3  focuses  on  a  smaller  area  of  the  same  Cu-Ge  sample  that 
was  previously  shown  in  Fig.  2.  We  have  identified  by  electron  diffraction  the  phases  that  are 
present  in  this  region.  The  region  labeled  “a”  in  the  micrograph  has  been  identified  as  CusGe 
giving  a  SAD  pattern  identical  to  the  one  shown  in  Figure  1(b).  The  region  labeled  “b”  in  the 
micrograph  gave  an  amorphous  ring  pattern  when  observed  by  electron  diffraction,  making  this 
area  impossible  to  determine  by  the  lattice  spacings,  but  is  most  likely  an  oxide  of  Si.  The 
remaining  region  labeled  “c”  in  the  micrograph  was  identified  as  Si  or  a  Si-Ge  alloy.  It  is  difficult 
to  distinguish  between  Si  and  a  low  Ge  concentration  Si-Ge  alloy  due  to  the  slight  increase  in 
lattice  spacing  that  arises  due  to  Ge  incorporation  in  Si. 


Figure  3.  TEM  bright  field  image  of  selected  area  of  Cu-Ge  film  on  Si,  annealed  at  6OOT. 
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Based  on  the  Cu-Ge  phase  diagram,  EpCuaGe  should  remain  in  equilibrium  with  the  Ge  until  a 
temperature  of  ~615°C,  above  this  temperature,  the  Ge  solid  solution  will  be  in  equilibrium  with 
the  high-temperature  £2  phase  of  Cu-Ge,  thus  at  600°C  no  changes  in  the  structure  of  the  Cu-Ge 
film  should  be  expected/^  It  is  of  great  interest  to  understand  the  reason  for  the  restructuring  of 
the  Cu-Ge  film  that  is  annealed  at  600°C.  One  possible  explanation  considers  the  effect  of  the  Si 
that  has  diffused  into  the  Cu-Ge  film,  thus  creating  a  Cu-Ge-Si  ternary  alloy.  This  may  cause 
agglomeration  of  the  Cu-Ge  film  which  allows  oxidation  of  the  underlying  Si  substrate,  resulting 
in  an  overall  increase  in  the  bulk  resistivity  of  the  Cu-Ge  film.  Another  possible  explanation  for 
the  high-temperature  restructuring  of  the  Cu-Ge  is  that  600"C  is  greater  than  90%  of  the  melting 
point  of  CusGe.  At  such  a  high  temperature,  enhanced  oxygen  diffusion  through  the  Cu-Ge  film 
or  grain  boundaries  may  occur.  This  would  allow  oxidation  of  the  underlying  Si,  which  could  also 
cause  a  restructuring  of  the  Cu-Ge  film. 

CONCLUSIONS 

We  have  deposited  low  resistivity  films  of  Cu-Ge  on  (100)  Si.  The  Cu-Ge  maintains  its 
low  resistivity  of  approximately  10-15  pO  cm  over  a  range  of  anneal  temperatures  until  an  anneal 
temperature  of  600°C,  at  which  point  the  bulk  resistivity  increases  substantially.  Thin  films  of 
Cu-Ge  form  a  sharp  interface  with  the  (100)  Si  until  an  anneal  temperature  of  600°C,  at  which 
point  the  film  loses  its  structural  integrity,  i.e.  the  film  becomes  faceted,  protruding  into  the  Si 
substrate.  These  results  establish  a  maximum  anneal  temperature  that  can  be  used  to  effectively 
form  thin  films  of  the  low  resistivity  Cu3Ge  phase  on  (100)  Si. 
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ABSTRACT 

In/n-Ino.46Gao.54P  Schottky  diode  was  fabricated  by  thermal  evaporation  of  In  on  chemically 
etched  surface  of  lno.46Gao.54P:  Si  epitaxial  layer  grown  on  highly  doped  n  type  GaAs.  The  In 
metal  formed  a  high  quality  rectifying  contact  to  Ino.46Gao.54P:Si  with  a  rectification  ratio  of  500. 
The  direct  current-voltage/temperature  (I-V/T)  characteristics  were  non-ideal  with  the  values  of 
the  ideality  factor  (n)  between  1.26-1.78  for  400>T>260  K.  The  forward  I-V  data  strongly 
indicated  that  the  current  was  controlled  by  the  generation-recombination  (GR)  and  thermionic 
emission  (TE)  mechanisms  for  temperature  in  the  range  260-400  K.  From  the  temperature 
variation  of  the  TE  reverse  saturation  current,  the  values  of  (0.75±0.05)V  and  the 
(4.5±0.5)xl0’^  Acm'^K'^  for  the  zero  bias  zero  temperature  barrier  height  ((jioo)  and  modified 
effective  Richardson  constant  were  obtained.  The  1  MHz  capacitance- voltage  (C-V)  data  for 
260  K  <  T  <  400  K  was  analyzed  in  terms  of  the  C'^-V  relation  including  the  effect  of  interface 
layer  to  obtain  more  realistic  values  of  the  barrier  height  (ijibo).  The  temperature  dependence  of 
(})bo  was  described  the  relation  (j)bo=(0.86±0.03)  -  (8,4±0.7)x10"'T.  The  values  of  (jioo,  obtained  by 
the  I-V  and  C-V  techniques  agreed  well. 

INTRODUCTION 

The  ternary  compound  semiconductor  Ino.46Gao,54p  lattice  matched  to  GaAs’,  is  of  current 
interest  for  applications  in  optoelectronic,  high  speed  and  heterostucture  electron  devices.  Its 
Schottky  contacts  have  important  applications  in  solar  cells,  metal-semiconductor  field  effect 
transistors  (MSFETs)^,  high  electron  mobility  transistors  (HEMTs)  and  microwave  mixer 
diodes.  Because  of  its  wide  direct  bad  gap,  this  material  offers  visible  wavelength  operation  for 
light-emitting  diodes  (LEDs)  and  laser  diodes^.  Due  to  the  large  valence-band  offset  of  the 
InGaP/GaAs  heterojunction,  this  material  has  potential  applications  in  heterojunction  bipolar 
transistors  (HBTs)'’.  The  knowledge  of  the  characteristics  parameters  of  the  metal/InGaP 
Schottky  diodes  prior  to  optimum  device  fabrication  is  of  vital  importance. 

From  a  technological  point  of  view,  the  Schottky  barrier  height  ((fibo)  is  the  most  important 
device  parameter  because  it  controls  both,  the  current-voltage  (I-V)  and  capacitance-voltage 
(C-V)  in  metal-semiconductor  (MS)  and  metal-thin  interface  layer-semiconductor  (MIS)  diodes. 
There  are  some  reports  in  literature  on  barrier  heights  of  Schottky  contacts  to  InGaP  epitaxial 
layers^’®  determined  from  the  room-temperature  I-V  and  C-V  data  using  standard  techniques’ 
valid  for  ideal  Schottky  diodes.  However,  <})bo  can  not  be  determined  accurately  from  simple 
room-temperature  I-V  characteristics  when  the  value  of  the  effective  Richardson  constant  is  not 
known  exactly  as  in  the  case  of  InGaP^ 

In  this  paper,  we  report  the  results  of  a  systematic  investigation  on  the  current- 
voltage/temperature  (I-V/T)  and  high  frequency  1  MHz  capacitance-voltage/temperature 
(C-V/T)  characteristics  of  an  In/Ino.46Gao.54P  MIS  diode  over  the  temperature  range  260-400  K. 
The  I-V/T  data  is  used  to  examine  the  current  transport  mechanisms  in  the  In/Ino.46Gao.54P  and 
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estimate  its  characteristic  parameters*’^  The  1  MHz  C*^-V/T  data  is  analyzed  in  terms  of  the  MIS 
diode  model  of  Hattori  et  al  and  the  temperature  dependence  of  (j)bo  is  established. 

EXPERIMENTAL  TECHNIQUE 

Before  deposition  of  metal  contacts,  the  n-Ino.46Gao.54p/n''-GaAs  samples  were  degreased 
with  acetone  and  methanol  at  35°  C  for  10  min.,  rinsed  with  deionized  (DI)  water  and  dried  with 
Argon.  To  remove  the  native  oxide,  the  samples  were  then  chemically  etched  with  HCl  ;  H2O 
(1:1)  solution  at  room  temperature  for  10  min.,  rinsed  with  DI  water  and  dried  with  Argon.  To 
obtain  ohmic  contact,  In  metal  was  thermally  evaporated  on  the  unpolished  surface  of  n'^-GaAs, 
followed  by  a  10  min.  anneal  in  vacuum  at  360°  C.  An  In/n-Ino.46Gao.54P  Schottky  contacts  of 
area  2.0x10*^  cm’^  was  fabricated  by  thermal  deposition  of  In  onto  the  chemically  etched  surface 
of  epitaxial  n-Ino.46Gao.54P  layer. 

The  In/n-Ino.46Gao.54P  Schottky  diode  was  mounted  in  a  liquid-nitrogen  cryostat  and  its 
temperature  (T)  was  controlled  and  measured  by  a  Stanton  Red  Croft  706  temperature 
programmer.  The  I-V  characteristics  were  measured  using  a  Keithley  480  picoammeter  and  a 
Keithley  617  electrometer.  The  1  MHz  C-V  measurements  were  made  using  a  Boonton  72B 
capacitance  meter.  The  bias  voltage  was  supplied  by  a  EG&G  PARC  175  voltage  programmer. 

EXPERIMENTAL  DATA  AND  ANALYSIS 

I-V/T  Measurements 


The  forward  I-V  characteristics  of  the  In/n-Ino.46Gao.54P  Schottky  diode  were  measured  over 
the  temperature  range  260-400  K.  The  {l/(l-exp(-qV/kT))}  vs  V  plots  at  different  temperatures 
shown  in  Fig.  1  are  linear  over  the  entire  voltage  and  temperature  range  of  our  experiments 
showing  that  the  series  resistance  effects  were  not  important.  The  I-V  data  shown  in  Fig.  1 
(discrete  points)  fitted  very  well  to  Eq.  (3.13)  in  Ref  11  (Fig.l,  solid  lines)  with  the  values  of 
the  ideality  factor  (n)  listed  in  Table  1.  The  ideality  factor  varied  between  1,26  and  1.78  over  the 
temperature  range  400-260  K  (Table  I).The  non-ideal  character  in  the  forward  I-V 
characteristics  was  introduced  by  the  presence  of  an  interface  layer  between  the  metal  and 
semiconductor  as  well  as  by  the  participation  of  various  current  transport  mechanisms. 

Following  the  non-linear  curve  fitting  procedure  reported  elsewhere*’^,  the  experimental 
direct  I-V  values  of  the  In/n-Ino.46Gao.54P  Schottky  diode  were  fitted  to  the  relation 

I=Il+l3  0) 

where  I3  is  the  current  due  to  the  generation-recombination  (GR)  mechanism  described  by  the 
Eq.  (5)  in  Ref  8,  Ii  the  current  due  to  the  thermionic  emission  (TE)  mechanism  given  by 

Ii=Io[exp(qV/kT)-l]  (2) 

the  TE  reverse  saturation  current,  L  is  defined  by 

Io=AA«frT^exp[-q((})oo  -A(j)bo)/kT]  (3) 

with  A«ff=A**exp(13/k)  (4) 
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and 


(t)bo-  (l)oo  -  PT 


(5) 


where  A  is  the  area  of  the  Schottky  contact,  q  the  magnitude  of  the  electron  charge,  A**  the 
modified  effective  Richardson  constant  which  includes  the  effect  of  interface  layer^^,  (i)bo  the  zero 
bias  barrier  height,  (j)oo  the  zero  bias  zero  temperature  barrier  height,  p  the  temperature 
coefficient  of  the  zero  bias  barrier  height  and  A(|)bo  the  barrier  lowering  due  to  image  force  is 
defined  by  the  Eq.  (1.26a)  in  Ref  11  and  has  a  value  of  54  mV  for  the  In/n-Ino.46Gao.54P 
Schottky  diode  reported  in  this  work. 

The  experimental  values  of  direct  current,  I  (Fig.  2,  discrete  points)  fitted  very  well  to  the 
Eq.  (1)  (Fig.  2,  solid  curves)  for  temperatures  in  the  range  260-400  K,  which  permitted  the 
separation  of  the  current  contributions  Ii  and  I3  of  the  TE  and  GR  mechanisms,  respectively, 
from  the  total  current  I.  The  currents  Ii  and  I3  are  also  shown  in  Fig.  2  and  the  temperature 
dependence  of  the  ratio  I3/I1  is  shown  in  Fig.  3. 

The  values  of  the  TE  reverse  saturation  current  (!„)  obtained  from  the  above  fitting 
procedure  are  listed  in  Table  I.  The  experimental  values  of  {UT^}  vs  1000/T  (Fig.  4,  discrete 
points)  gave  a  good  fit  to  the  Eq.  (3)  (Fig.  4,  solid  line)  with 

(f)oo=  (0.75+0.05)  V,  and  Aeff=  (0.76+0.2)  Acm'^K'^  (6) 


FIG.  1  Temperature  variation  of  the  forward  I-V  FIG.  2  Typical  fit  of  the  experimental  forward  I-V 

Characteristics  for  the  In  Schottky  Contact  to  the  data  (discrete  points)  to  Eq.  (1)  (Solid  curve), 

epitaxial  In/n-Ing  4gGag  54P  layer. 


1  MHz  C-V/T  Measurements 

The  experimental  reverse  C*^  vs  V  characteristics  at  1  MHz  at  different  temperatures  over  the 
range  260-400  K  shown  in  Fig.  5.  (discrete  points)  fitted  very  well  to  the  MIS  diode  modeP° 

C'=2(V,-V)/q6.NDA"  (7) 
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where  V  is  the  magnitude  of  the  reverse  voltage  drop  across  the  Schottky  barrier,  Es  the 
permittivity  of  the  semiconductor,  No  the  density  of  the  ionized  donors  and  Vo  the  intercept  of 


TABLE  I.  Summary  of  the  In/n-Ino.46Gao.s4P  Schottky  diode  parameter  obtained  from  the 

I-V/T  and  C-V/T  data. 


T 

(K) 

n 

lo 

(A) 

Vo 

(V) 

Nd 

(10"  cm'^) 

400 

1.26 

4.71x10-^ 

0.555 

1.41 

380 

1.29 

1.13x10-^ 

0.549 

1.37 

360 

1.33 

3.14x10’^ 

0.564 

1.38 

340 

1.36 

1.06x10-^ 

0.586 

1.39 

320 

1.43 

2.07x10'* 

0.622 

1.41 

300 

1.52 

3.57x10'^ 

0.667 

1.45 

280 

1.63 

4.94x10'^*’ 

0.635 

1.41 

260 

1.78 

2.62x10'" 

0.728 

1.52 

lO-" 


iH 


10 


lOH' 


10^0 


10-H 


In/n-lrio  45Gao  54P  Schottky  Diode 
Forward  l-V  Characteristics 


A  1=1  nA  ■  1=100  O  1=1  mA 
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250 


300  350 

Temperature  (K) 


400 


FIG.  3  l3/Ij  vs  T  at  different  total  current  levels. 


FIG.  4  Activation  plot  based  on  TE  saturation 
reverse  current  (1^^). 


the  C'^  with  voltage  axis  is  related  to  the  zero  bias  barrier  height  ((j)bo)  through  the  relation^” 

4ibo  =  { v;'*  -(5/ei)  [qe.  Nd/2]’''  +  (kX/q)  InCN^No)  +  kX/q  (8) 

where  Nc  is  the  effective  density  of  states  in  the  conduction  band,  5/Ei  the  thickness  to 
permittivity  ratio  of  the  interface  layer  is  obtained  from  the  reverse  I-V  data  has  a  value  of 
1.09x10'^  F'^cm^  in  this  work‘^  The  values  of  Vo  and  Nd,  obtained  by  fitting  the  C'^  vs  V  data 
(Fig.  5,  discrete  points)  to  the  Eq.  (7)  are  listed  in  Table  I.  The  temperature  dependence  of  the 
zero  bias  barrier  height  ((t)bo)  values  calculated  from  the  Eq.  (8)  (Fig.  6,  discrete  points)  was  veiy 
well  described  by  the  Eq.  (5)  with 
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(l)oo=(0.86±0.05)  V,  and  (8,4±0.7)xl0-‘’ V/K 


(9) 


V  (Volts) 

FIG.  5  High  frequency  C'^  vs  V  Characteristics 
of  different  temperaturs  for  the  In/n-Ing  46GaQ 
epitaxial  Schottky  diode. 
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FIG.  6  Variation  of  with  temperature. 
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DISCUSSION 

The  forward  I-V/T  characteristics  shown  in  Fig.  1  were  non-ideal  with  the  ideality  factor  in 
the  range  1.78  >  n  >1.26  over  the  temperature  range  260-400  K.  This  fact  suggested  that  the 
pure  TE  mechanism  was  not  responsible  for  the  current  transport  across  the  In/n-Ino.46Gao.54P 
Schottky  junction.  The  temperature  dependence  of  n  was  not  described  by  the  thermionic  field 
emission  (TFE)  model,  therefore  the  pure  I'FE  mechanism  is  also  not  responsible  for  the  non¬ 
ideal  behavior  of  the  I-V/T  characteristics.  The  experimental  I-V/T  data  (Fig.  2,  discrete  points) 
was  very  well  described  by  Eq.  (2)  (Fig.  2,  solid  curves)  indicating  that  both  the  TE  and  GR 
mechanisms  simultaneously  contributed  to  the  forward  current  transport  in  this  device.  From 
Fig.  2,  it  can  be  seen  that  at  T=280  K,  the  GR  contribution  (I3)  to  current  transport  dominates 
over  the  TE  contribution  (Ii)  for  V  <  300  mV.  However,  at  T=400  K,  both  the  TE  and  GR 
mechanism  were  important.  Two  distinct  regions  are  identified:  (i)  V<100  mV  where  l3>Ii  and 
(ii)  V>  100  mV  where  the  TE  contribution  to  current  transport  dominates  over  the  GE 
contribution. 

The  plot  of  I3/I1  vs  T  with  total  current  as  a  parameter  (Fig.  3)  shows  that  in  the  temperature 
range  260-400  K,  the  relative  importance  of  the  GR  and  TE  mechanisms  is  very  nicely  described 
by  three  distinct  current  levels:  (1)  I«1  pA,  where  the  ratio  I3A1  increased  exponentially  from  5 
to  700  with  the  temperature  decrease  from  400  K  to  280  K;  (2)  I«100  pA,  where  the 
contributions  of  both  the  TE  and  the  GR  mechanisms  remained  nearly  equal  over  the 
temperature  range  280-400  K  and  (3) )  I«1  mA,  where  the  ratio  I3/Ii'5i0.25,  indicating  that  at  this 
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current  level,  the  current  transport  across  the  In/n-Ino.46Gao.54P  Schottky  diode  was  dominated 
by  the  TE  mechanism  over  the  entire  temperatures  range  of  our  experiments. 

The  values  (0.86+0,05)  V  and  (0.75+0.05)  V  for  (jjoo,  obtained  from  our  C-V  and  I-V 
data,  respectively,  agreed  within  experimental  errors.  Using  these  values  of  (})oo  and  the  value  of 
P=(8.4+0.7)xl0‘'^  V/K  in  Eq.  (5),  the  values  of  «i)bo(C-V)=(0  61+0.05)  V  and 
(i)bo(I-V)=(0.50+0.05)  V  for  the  room  temperature  barrier  heights  were  calculated.  Substituting 
the  values  A^ff  and  p  from  Eqs.  (6)  and  (9),  respectively,  in  Eq.(4)  a  value  of  A  =(4.5+0.5)xlO‘^ 
Acm'^K'^  was  estimated.  The  small  value  of  A**  obtained  from  the  I-V  data  suggested  the 
presence  of  an  interface  layer  between  the  metal  and  semiconductor.  Our  value  of 
(t)bo=(0. 50+0.05)  V  at  300  K  obtained  from  the  I-V/T  data  is  much  smaller  than  the  value  of 
^j^^=0.79  V,  reported  by  Chang  et  al.^  for  the  In/n-Gao.5iIno.49P  Schottky  diode.  Chang  et  al^ 
have  not  specified  the  value  of  A**  used  in  the  calculation  of  the  barrier  height,  but  suspect  that 
they  used  the  theoretical  value  of  A**  which  is  usually  high  and  yields  a  higher  value  for  the 
barrier  height. 

In  summary,  In/n-Ino.46Gao,54P  Schottky  junction  formed  by  thermal  deposition  of  In  on 
chemically  etched  surface  of  n-Ino,46Gao.54P  epitaxial  layer,  possessed  a  high  rectification  ratio 
(»500)  and  small  reverse  saturation  current  at  room  temperature.  The  non-ideality  in  the  forward 
I-V/T  characteristics  was  introduced  by  the  simultaneous  participation  of  the  TE  and  GR 
mechanisms  of  current  transport.  The  agreement  between  the  values  of  zero  bias  zero 
temperature  barrier  height  obtained  from  the  analysis  of  the  I-V/T  and  C-V/T  data  lends  support 
to  our  method  of  our  extracting  the  diode  parameters  from  the  non-ideal  I-V/T  characteristics. 
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ABSTRACT 

We  have  investigated  experimentally  and  theoretically  the  elastic  conversion  tunneling  of 
charge  carriers  in  MOS  structures  Au  on  p'^'-InAs  with  superthin  (10-20  A)  oxide  film,  the 
structures  used  in  infrared  photodetectors.  In  these  structures  the  Schottky  barrier  provides 
near-surface  inversion  layer.  The  tunnel  current-voltage  (TV)  curves  obtained  at  helium 
temperatures  demonstrate  the  negative  differential  resistance  region  (NDR).  We  develop 
semiclassical  two-band  transfer  matrix  approach  to  the  conversion  tunneling  analysis  in  a 
multilayer  structure  and  calculate  on  its  base  the  I-V  curves  dependence  on  the  structure 
parameters.  The  NDR  occurs  to  be  caused  by  the  motion  of  the  remote  quantum  level  in 
the  inversion  layer.  The  calculated  TV  characteristics  agree  with  the  experimental  ones 
quite  well.  The  very  existence  of  NDR  and  the  shape  of  TV  curves  depends  strongly  on 
the  nature  of  localized  electron  states  at  the  semiconductor  interface.  The  characteristics 
of  these  electron  states  are  used  in  the  calculations  as  fitting  parameters.  Therefore,  we 
suggest  a  new  method  for  the  interface  states  diagnosis. 

INTRODUCTION 

The  superthin-oxide-layer  MOS  structures  with  the  Schottky  barrier  based  on  InAs  are 
of  wide  use  in  various  electro-optical  applications.  These  structures  demonstrate  quite  in¬ 
teresting  electrophysical  properties,  which  seem  to  be  caused  by  the  Fermi  level  pinning  at 
the  surface  of  InAs  near  the  conduction  band  edge.  This  pinning  creates  an  n-type  layer 
near  the  surface,  the  inversion  layer  for  p-type  InAs.  As  early  as  in  [1]  (and,  later,  in  [2]) 
the  region  of  negative  differential  resistance  (NDR)  had  been  found  in  the  current-voltage 
(I-V)  curve  of  such  structures.  This  NDR  behavior  cannot  be  connected  with  the  resonant 
tunneling  in  effective  two-barrier  structure  [3],  because  the  quantized  electron  level  in  the 
inversion  layer  occurs  to  lie  higher  than  the  valence  band  top  in  the  bulk.  Neither  competi¬ 
tive  dependencies  of  the  insulator  and  effective  interband  barriers  on  the  applied  voltage  [2] 
nor  thermostimulated  tunneling  via  conduction  band  or  phonon- assisted  processes  taking 
into  consideration  [4]  occurred  sufficient  to  pronounce  this  NDR. 

In  this  paper  we  suggest  new  physical  mechanism  (we  called  it  virtual  resonance)  leading 
to  NDR  behaviour.  To  describe  the  effect  quantitatively,  we  develop  a  semiclassical  transfer 
matrix  approach  and  find  analytical  expressions  for  the  structure  transmission  coefficients. 
Making  use  of  these  coefficients,  we  calculate  the  TV  curves  for  the  structure  parameters 
of  our  experiment.  The  calculated  curves  agree  quite  well  with  the  experimental  ones. 

This  new  mechanism  is  highly  sensitive  to  the  localized  electron  states  at  the  interface 
and  may  serve  as  a  test  for  these  states  existence  and  nature. 
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EXPERIMENT 


As  substrates  for  the  MOS  structure  fabrication  we  used  pTnAs  plates  of  <111>  crys¬ 
tallographic  orientation  and  1-5-10^’’  cm“^  dopant  concentration.  Three  groups  of  samples 
have  been  fabricated.  The  substrates  of  the  first  group  were  etched  in  KOH  and  then  oxi¬ 
dized  in  a  flow  of  dry  oxygen  under  the  temperature  200  °C  during  2  hours.  The  substrates 
of  the  second  group  were  etched  in  lactic  acid  (CsHeOs,  80%  H2O,  20%)  and  then  washed 
in  deionized  water.  The  substrates  of  the  third  group  were  annealed  after  etching  up  the 
2x2  superstructure  appearing  on  the  surface. 

After  this  chemical  preposition  the  dots  (gold  for  the  first  and  the  second  group  and 
platinum  for  the  third  one)  of  100  fi  diameter  and  0,2  thickness  were  evaporated  on 
the  crystal  surface  through  a  mask  in  vacuum  10“®  Torr.  For  ohmic  contact  the  solid  In 
cladding  of  0,5  width  was  deposited  on  the  back  side  of  the  substrates. 

The  ellipsometry  and  tunneling  spectroscopy  data  show  the  thickness  of  superthin  in¬ 
sulator  layer  on  the  substrate  surface  in  the  first  and  the  second  group  to  be  about  10-20 
A [5].  For  given  orientation  both  of  the  used  etchers  are  polishing  ones  and  provide  quite 
good  quality  of  the  layer,  which  consists  of  the  mixture  of  In  and  As  oxides  (with  addition 
of  the  lactic  acid  remains  in  the  second  case). 

Thus,  the  samples  of  the  first  two  groups  provided  the  MOS  structures  with  superthin 
oxide  layer,  the  structures  which  have  so-called  non-ideal  Schottky  barrier  with  sublayer. 
The  main  difference  between  the  structures  of  the  first  and  the  second  groups  allegedly 
lies  in  the  state  of  the  semiconductor-insulator  interface,  because  the  lactic  acid  mediated 
etching  procedure  is  supposed  to  create  the  interface  electron  states  much  more  effectively. 

The  third  group  of  samples  had  the  Schottky-barrier  structures  without  sublayer.  We 
use  this  group  as  a  control  one. 

The  current-voltage  curves  have  being  measured  at  temperature  4.2  K  (to  avoid  ther- 
mostimulated  effects)  and  the  voltage  scanning  rate  4  mV/s.  The  hysteresis  phenomena  for 
forward  and  backward  TV  curves  were  absent,  which  indicates  the  absence  of  the  charge 
trapping  in  the  insulator.  The  obtained  I-V  characteristics  for  the  first,  the  second,  and 
the  third  groups  of  samples  are  shown  in  Figs.  2  to  4.  They  clearly  demonstrate  the  NDR 
region  for  the  first  and  the  second  groups  and  the  absence  of  this  for  the  third  group. 

THEORY 

The  key  point  for  the  I-V  curve  calculation  is  the  transmission  coefficient  for  the  elec¬ 
tron  passing  from  metal  to  the  valence  band  of  semiconductor.  Our  approach  is  based  on 
semiclassical  analog  of  the  transfer  matrix  method. 

The  band  diagram  is  shown  in  Fig.l.  The  dopant  concentration  ~  2-10^'^  cm''^  provides 
the  depletion  layer  width  ~  6.2  •  10“®  cm.  The  smoothness  of  the  depletion  potential  and 
large  width  of  the  effective  interband  barrier  allow  us  to  use  the  two-band  Kane  model,  i.e., 
to  neglect  the  heavy  hole  contribution  [6].  The  same  smoothness  of  the  potential  V{z)  jus¬ 
tifies  the  semiclassical  approximation  in  finding  the  effective  two-component  wave  function 
Then  we  find  the  (2  x  2)  matrices  connecting  the  coefficients  of  semiclassical  funda¬ 
mental  solutions  on  the  sides  of  each  of  the  four  turning  points  between  the  neighboring 
classically  allowed  and  forbidden  regions,  at  which  points  the  solutions  diverge.  We  ob- 
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tain  these  matrices  by  tracing  the  wave  function  transformation  while  rounding  the  turning 
point  in  the  plane  of  complex  variable.  As  at  the  point  z  =  0  the  electron  energy  is  close  to 
the  conduction  band  bottom,  so  |’i'2(0)|  <  |^'i(0)|.  Thus  we  find  the  connection  matrices 
for  both  points  of  sharp  boundaries  (z  =  0  and  z  =  —d^  from  the  same  Bastard  boundary 
conditions.  Then  we  obtain  the  total  transfer  matrix  T  connecting  the  coefficients  of  the 
electron  plane  waves  in  the  metal  and  in  the  valence  band  of  semiconductor  as  the  prod¬ 
uct  of  partial  (diagonal)  matrices  and  the  above  mentioned  connecting  matrices  taken  in 
sequence  of  positive  direction  in  Fig.l. 


Fig.  1  The  band  diagram  of  the  MOS  structure  under  applied  voltage;  d  Ud  -  the  width 
of  insulator  layer  and  the  height  of  its  energy  barrier;  -  the  band  bend. 

The  transmission  coefficient  is  found  D  —  [rrimlms)  ■ 

D~'^  =  2|a^|^(cosh(/(a,6))cosh(/(-d,0))  +  sinh  (/(a,  6))  sin  (7(0,  a))  cos 

+  sinh  (7 (a,  6))(cosh  (7(-7, 0))  sin  (7(0,  a))  cos  (pp  +  sinh  (7(-c?,  0))  cos  7(0,  a)  sin  ipp) 
+  cosh.  {I {a,  b))  cos  (pa  cos  ip p  ~  sin  sin 

where 

1 

I{zi,Zr)  =  Pz{z)dz, 

=  (1/2)  {^jpm/pd  -  ^\lpd'rnllPmm'^}j  ,  ^  =  (1/2)  {jpdtPs  + 

Here  p^(z)  is  the  classical  momentum  of  the  carrier  (in  the  metal  and  the  insulator  it  is 
determined  by  parabolic  dispersion  law,  in  the  semiconductor  pj  =  {2ms j Eg){[E -V {z)f  ~ 
Pm-)  PdiPs  ^-re  the  electron  wave  vectors  in  metal,  insulator  and  semiconductor  at 
the  interfaces,  mmtmd,ms  are  the  respective  effective  masses. 

The  elastic  tunnel  current  is  given  [7]  as 

j{U)  =  J  +  U)-  f(E)\dE^dEn 
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The  convenient  integration  variables  are  two  components  of  the  electron  energy  in  metal 
E±  and  {E  -  E±  E  E\\).  The  limits  of  the  integration  are  determined  by  interplay  of 
the  Fermi  level  positions  in  metal  and  semiconductor  and  the  forbidden  gap  edge. 

NUMERICAL  CALCULATIONS 

We  calculate  the  transmission  coefficient  and  the  tunnel  current  versus  applied  voltage 
for  the  structure  parameters  of  all  the  tree  groups  of  samples  mentioned  above. 

As  the  inversion  layer  is  empty  of  carriers,  the  depletion  potential  is  only  caused  by  the 
uniform  distribution  of  charged  acceptors  and  occurs  to  be  parabolic.  The  voltage  falls  on 
the  insulator  layer  and  on  the  depletion  layer  have  been  found  from  the  Poisson  equation 
and  the  total  electro-neutrality  condition  taking  into  account  the  charge  on  the  surface 
states.  At  actual  doping  of  ~  cm“^  the  impurity  level  broads  to  the  impurity  band 

which  merges  with  the  valence  band  [8].  We  have  taken  this  effect  into  account  by  shifting 
the  valence  band  edge  on  the  impurity  band  width,  i.e.  on  ~  50  meV.  The  transmission 
coefficient  dependence  on  Flj|,  which  causes  an  effective  increasing  of  the  forbidden  gap 
width,  occurred  essential  for  the  I-V  curve  shape. 

The  results  of  numerical  calculations  and  their  comparison  with  the  experimental  data 
are  shown  in  Figs.  2-4. 

In  the  cases  of  the  first  two  groups  at  the  initial  region  of  the  voltage  axis  the  current 
increases  by  two  reasons.  The  first,  trivial;  the  number  of  available  final  states  for  tunneling 
carriers  increases  along  with  the  energy  distance  between  the  Fermi  levels  in  the  metal  and 
the  semiconductor.  The  second,  specific:  the  voltage  increasing  causes  the  surface  band 
bend  flattening  and  makes  the  inversion  layer  wider.  As  a  result,  the  quantum  level  gets 
closer  to  the  Fermi  energy  (in  metal),  that  causes  sufficient  enhancement  of  the  tunneling  via 
the  level  tail.  When  the  metal  Fermi  energy  approaches  the  valence  band  edge,  the  number 
of  tunneling  carriers  ceases  to  grow,  while  the  quantum  level  continues  to  withdraw  into 
the  depth  of  forbidden  gap.  This  withdrawal  from  the  energy  region,  where  the  tunneling 
takes  place,  leads  to  the  tunneling  suppression.  Hence,  the  I-V  curve  falls  down.  The 
next  growth  of  the  tunnel  current  begins  at  the  voltage  corresponding  to  alignment  of  the 
conduction  band  bottom  at  the  insulator-semiconductor  interface  and  the  valence  band  top 
in  the  bulk  of  semiconductor.  Now  the  current  increases  simply  due  to  decreasing  of  the 
effective  barrier  of  the  forbidden  gap. 

So,  despite  the  quantum  level  in  the  inversion  layer  lies  out  of  the  actual  energy  region, 
its  motion  affects  strongly  on  the  tunneling  process  and  provides  the  broad  peak  on  I-V 
curve. 

DISCUSSION 

The  fitting  parameters,  which  give  the  best  agreement  between  the  theoretical  and  experi¬ 
mental  curves,  are  shown  in  Figures.  Note  that  these  parameters  are  different  for  different 
Figures.  From  the  physical  standpoint  they  correspond  to  sufficiently  different  assumptions 
about  the  character  of  the  surface  states  filling  at  the  semiconductor-insulator  interface. 
In  Fig.  2  all  the  surface  states  are  supposed  to  be  empty,  which  means  the  surface  charge 
remains  constant.  Fig.  3  corresponds  to  very  high  density  of  the  surface  states,  by  virtue 
of  which  their  filling  is  strictly  determined  by  the  metal  Fermi  level  {D^ns  <  D,nv)-  In 
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this  case  all  the  voltage  applied  to  the  structure  drops  at  the  space  charge  region  in  the 
semiconductor.  Fig.  4  corresponds  to  the  absence  of  the  insulator  layer.  In  this  case  the 
Fermi  level  is  pinned  at  the  surface  of  InAs  and  all  the  voltage  drops  on  the  depletion  layer. 
Though  there  is  no  NDR  in  this  case,  the  I-V  curves  follow  the  experimental  ones,  which 
justify  our  method  of  calculation. 

CONCLUSIONS 

We  have  made  thorough  theoretical  and  experimental  investigation  of  the  negative  differen¬ 
tial  resistance  effects  in  MOS  structures  based  on  p+-InAs.  Current-voltage  characteristics 
were  obtained  at  helium  temperatures  for  different  procedures  of  the  insulator  sublayer 
fabrication.  Making  use  of  the  semiclassical  analog  of  the  transfer  matrix  method,  we  have 
calculated  theoretical  dependencies  of  the  tunnel  current  on  the  structure  parameters.  The 
falling  region  of  I-V  curve  is  caused  by  the  peculiarities  of  the  tunneling  via  the  tail  of  the 
quantum  level  in  the  inversion  layer,  which  level  lies  apart  the  actual  energy  region.  The 
theoretical  I-V  curves  agree  with  the  experimental  ones  quite  well,  provided  different  char¬ 
acter  of  the  electron  surface  states  in  dependence  of  the  structure  fabrication.  Therefore, 
the  I-V  curve  shape  in  the  NDR  region  provides  a  test  of  the  surface  state  nature. 

ACKNOWLEDGMENTS 

This  work  was  supported  in  part  by  the  Russian  Universities  Foundation  (Grant  No  95-0- 
7.2-151)  and  by  the  Russian  Foundation  for  Basic  Research  (Grant  No  96-02-19028) 


[1]  Mead  C.A.,  Spitzer  W.G.,  Phis.  Rev.  Letters  10,  11,  471  (1963) 

[2]  Esina  N.P.,  Zotova  N.V.,  Karandashev  S.A.,  Philaretova  G.M.,  Fiz.  Techn.  Polupr.  17, 
991  (1983)  [Sov.  Phys.  Solid  State] 

[3]  Solner  T.C.L.G.,  Goodhue  W.D.,  Tannenwald  P.E.  et  ah,  Appl.Phys.Lett.,  43,  p.588 
(1983) 

[4]  Roy  D.K.,  Tunneling  and  Negative  Resistance  Phenomena  in  Semiconductors,  Int. 
Series  in  the  Science  of  the  Solid  State,  Pamplin  B.R.,  ed.,  v.ll  (1977) 

[5]  Kovchavtsev  A.P.,  Kurishev  G.L.,  Postnikov  K.O.,  phys.  stat.  sol.  97,  421  (1986) 

[6]  Kane  E.O.,  J.  Phys.  Chem.  Solids  12,  181  (1959) 

[7]  Tunneling  phenomena  in  solids,  E.Burstein  and  S.Lundqvist,  eds..  Plenum  Press,  New 
York  (1969). 

[8]  Baltensperger  W.,  Phil. Mag.  44,  1355  (1953) 


448 


Part  VII 

Optical  Characterization: 
Real-Time  and  Ex  Situ 


MULTILEVEL  APPROACHES  TOWARD  MONITORING  AND  CONTROL 
OF  SEMICONDUCTOR  EPITAXY 

D.  E.  ASPNES*#t,  N.  DIETZ,*#  U.  ROSSOW,*§  and  K.  J.  BACHMANN# 

*Department  of  Physics,  North  Carolina  State  University,  Raleigh,  NC  27695-8202 
#Department  of  Materials  Science  and  Engineering,  North  Carolina  State  University,  Raleigh, 
NC  27695-7907 

tCorresponding  author:  aspnes@unity.ncsu.edu 
§Now  at  Institute  of  Physics,  Ilmenau,  Germany 


ABSTRACT 

Various  optical  techniques  have  been  developed  over  the  last  few  years  to  allow  real-time 
analysis  of  regions  of  importance  for  semiconductor  epitaxy,  in  particular  the  unreacted  and 
reacted  parts  of  the  surface  reaction  layer  (SRL)  and  the  near-surface  region  of  the  sample. 
When  coupled  with  emerging  microscopic  methods  of  calculating  optical  properties,  these 
approaches  will  allow  several  levels  of  control  beyond  that  which  has  been  currently  demon¬ 
strated. 

INTRODUCTION 

Electronics  and  optoelectronics  technologies  are  based  on  artificial  materials  and  structures, 
which  are  becoming  increasingly  complex  as  new  levels  of  performance  are  achieved  [1,2]. 
This  trend  will  clearly  continue,  with  devices  becoming  smaller  and  more  complex,  tolerances 
becoming  more  stringent,  and  materials  being  tailored  according  to  function  rather  than  compati¬ 
bility  with  a  particular  growth  process.  Present  requirements  also  include  lateral  patterning, 
selective-area  deposition,  and  scale-up  to  industrial  production  levels.  This  has  generated  a 
second  trend  away  from  physical  deposition  techniques  such  as  molecular  beam  epitaxy  (MBE) 
toward  chemical-beam  methods  such  as  organometallic  chemical  vapor  deposition  (OMCVD) 
and  chemical  beam  epitaxy  (CBE),  where  the  extra  dimension  of  chemistry  can  be  used  for 
greater  capabilities  and  flexibility  [3,4].  At  the  same  time,  yields  must  be  maintained  at  accept¬ 
ably  high  levels. 

These  trends  have  created  a  strong  incentive  to  develop  a  better  understanding  of  growth 
processes  and  better  methods  of  monitoring  growth,  ideally  leading  to  sample-driven  closed-loop 
feedback  control  of  the  growth  process  itself.  Much  present  effort  is  being  directed  toward  accu¬ 
rately  measuring  process  parameters  and  accurately  modeling  growth,  mainly  because  numerous 
probes  are  available  to  provide  a  relatively  detailed  assessment  of  the  ambient.  However,  this 
strategy  is  clearly  limited  in  its  capability  to  deal  with  complex  nonlinear  processes,  as  for  exam¬ 
ple  OMCVD  where  the  surface  plays  an  integral  role  in  decomposing  precursor  species  and 
small  changes  of  ambient  compositions  can  affect  growth  substanti^ly  [3,5], 

The  device  that  best  represents  current  challenges  is  the  vertical-cavity  surface-emitting 
laser  (VCSEL)  [6].  VCSELs  may  contain  hundreds  of  layers  of  varying  compositions  and 
thicknesses,  which  are  grouped  into  the  distributed  Bragg  reflectors  (DBRs)  at  the  top  and  bot¬ 
tom  and  an  active  region  in  the  middle.  At  deposition  rates  of  1  p.m/h  about  6  h  are  required  to 
grow  a  VCSEL  device  structure.  The  probability  that  deposition  rates  determined  at  the  begin¬ 
ning  of  growth  will  be  the  same  at  those  at  the  end  is  relatively  small,  especially  for  MBE.  For 
this  reason  considerable  effort  has  been  invested  in  adapting  and  extending  reflectance  monitor¬ 
ing  techniques  [7]  that  were  developed  over  the  last  20  years  by  the  optical  thin  films  industry  to 
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the  growth  of  VCSEL  substructures,  specifically  DBRs  [8-10].  However,  while  reflectometry 
can  deal  adequately  with  layers  that  are  thick  enough  to  generate  interference  patterns,  it  cannot 
cope  with  the  20  A  thick  quantum  wells  that  comprise  the  active  region  of  the  VCSEL,  or  for 
that  matter  the  thin  layers  characteristic  of  communications  lasers  in  general.  Here,  thicknesses 
must  be  maintained  to  within  a  monolayer  (ML)  and  compositions  of  In^Gai-xAsi^yPy  main¬ 
tained  to  within  several  percent,  or  the  wavelength  will  be  outside  allowable  tolerances  [2]. 
These  capabilities  are  completely  beyond  reflectometric  techniques,  and  phase-sensitive 
approaches  such  as  spectroellipsometry  (SE)  must  be  used. 

Growth  is  a  surface  process,  so  it  might  appear  that  the  numerous  surface-diagnostic  tech¬ 
niques  that  have  been  developed  over  the  years  could  be  used  to  advantage  in  semiconductor 
epitaxy.  However,  In^Gai-^Asi-yPy  growth  necessarily  involves  As  and  P,  volatile  constituents 
that  are  incompatible  with  surface-analytic  equipment.  In  addition  growth  is  often  done  in 
near-atmospheric  pressure  environments  where  standard  surface  diagnostics  cannot  be  used. 
The  only  generally  usable  conventional  technique  is  quadrupole  mass  spectrometry  (QMS), 
which  with  suitable  differential  pumping  can  be  used  in  high  pressure  environments.  However, 
QMS  measures  only  reaction  byproducts  and  hence  does  not  address  growth  surfaces  directly. 
Reflection  high  energy  electron  diffraction  (RHEED)  can  be  used  in  ultrahigh  vacuum  (UHV), 
but  RHEED  provides  information  only  about  long-range  order,  which  is  of  limited  utility  in 
establishing  details  of  the  growth  chemistry.  Until  the  recent  development  of  the  surface-optical 
approaches  discussed  below  [11-13]  and  the  recent  application  of  grazing-incidence  X-ray 
scattering  (GDCS)  [14,15]  to  OMCVD  growth,  OMCVD  could  only  be  investigated  by  gas-phase 
analysis  of  downstream  reaction  products. 

This  lack  of  suitable  diagnostic  tools  has  stimulated  much  of  the  activity  behind  the  develop¬ 
ment  of  optical  probes  over  the  last  10  years  as  discussed  in  recent  reviews  [16-19].  Optical 
probes  are  nondestructive,  noninvasive,  and  can  be  used  in  any  transparent  ambient.  In  addition, 
their  diagnostic  capabilities  have  been  well  developed  in  applications  to  thin  films  [7,20]  How¬ 
ever,  optical  measurements  have  not  contributed  significantly  to  surface  analysis  because  pho¬ 
tons  interact  only  weakly  with  materials,  and  the  interpretation  of  optical  data  is  not  straightfor¬ 
ward.  The  sensitivity  issue  can  be  appreciated  by  noting  that  penetration  depths  of  light  are 
rarely  less  than  100  A,  whereas  the  surface  is  about  1  A  thick.  Thus  the  information  content  in  a 
reflected  beam  will  be  divided  roughly  as  99%  bulk  and  1%  surface.  However,  various  optical 
techniques  have  recently  been  invented  or  refined  to  improve  our  capabilities  for  isolating  the 
1%  surface  contribution.  Relatively  recently  developed  techniques  include  reflectance- 
difference  (-anisotropy)  spectroscopy  (RDS/RAS)  [11-13,21,22],  surface  photoabsorption  (SPA) 
[23,24],  and  p-polarized  reflectance  spectroscopy  (PRS)  [25-27].  Techniques  currently  undergo¬ 
ing  rapid  refinement  are  second-harmonic  generation  (SHG)  [18,28]  and  lightflaser  light  scatter¬ 
ing  (LS/LLS)  [29-31].  As  will  be  discussed  below,  all  rely  on  symmetry  in  one  form  or  another 
to  suppress  the  bulk  response  in  favor  of  the  surface  component. 

The  interpretational  issue  consists  of  two  parts.  First,  the  spectral  range  of  quartz-optics  sys¬ 
tems,  about  1.5  to  6.0  eV,  is  severely  limited  relative  to  that  attainable  with  electron  spectros¬ 
copies.  This  translates  into  a  lack  of  specificity  regarding  both  materials  and  processes.  Second, 
without  a  suitable  atlas  of  spectra  of  surface  species  it  has  been  necessary  to  rely  on  theoretical 
calculations  to  interpret  structure  in  surface-optical  spectra.  This  is  an  extremely  difficult  task. 
Recent  experiments  have  demonstrated  that  many-body  effects  such  as  localization  and  propaga¬ 
tion  of  the  excited  electron  are  involved  as  well  as  similar  effects  such  as  screening  [32].  How¬ 
ever,  new  approaches  where  the  system  is  treated  as  a  coherent  superposition  of  scattering 
centers  offer  some  prospect  that  this  problem  will  be  solved  [33,34]. 


452 


The  emphasis  on  the  use  of  surface-analysis  techniques  with  semiconductor  epitaxy  stems 
not  so  much  from  practical  considerations  as  from  historical  reasons,  specifically  from  the  fact 
that  RHEED  has  been  and  still  remains  the  primary  diagnostic  tool  for  MBE.  Unfortunately,  this 
emphasis  misses  an  essential  point.  Growth  chemistry  is  established  in  large  measure  by  the 
choice  of  growth  technique,  so  the  main  practical  considerations  deal  with  layer  thicknesses  and 
compositions.  These  bulk  properties  are  more  efficiently  and  accurately  determined  by  bulk 
probes  such  as  reflectometry  and  ellipsometry.  Although  reflectometry  and  ellipsometry  have 
been  used  for  over  100  years  to  determine  average  thicknesses  and  compositions  of  deposited 
films  [35],  in  compositional  control  the  interest  lies  in  determining  fluctuations  from  a  target 
value,  ideally  over  a  region  whose  thickness  is  vanishingly  small.  This  near-surface  region  has 
recently  become  accessible  through  the  development  of  the  virtual-interface  (V-I)  approach, 
where  the  near-surface  composition  is  extracted  by  a  suitable  analysis  of  kinetic  ellipsometric 
data.  This  has  led  to  the  first  (and  so  far  only)  demonstration  of  sample-driven  closed-loop  feed¬ 
back  control  of  epitaxy  [36]. 

GROWTH:  WHAT  WE  KNOW,  WHAT  WE  WOULD  LIKE  TO  KNOW 

For  discussion  purposes  we  can  consider  the  main  regions  relevant  for  epitaxial  growth  to  be 
the  ambient,  the  surface  reaction  layer  (SRL),  and  the  sample,  as  shown  in  Fig.  1.  The  SRL  can 
be  subdivided  into  two  parts:  the  (mainly)  physisorbed  species  that  are  weakly  bound  to  the  sub¬ 
strate  and  not  in  registry  with  it,  and  the  (mainly)  chemisorbed  species  that  are  strongly  bound  to 
the  substrate  and  acquire  the  symmetry  of  its  outermost  atomic  layer.  This  distinction  is  impor¬ 
tant  because  different  optical  techniques  have  different  sensitivities  to  these  two  regions.  The 
sample  can  also  be  subdivided  into  two  regions:  a  near-surface  part  that  contains  the  most 
recently  deposited  material,  and  the  underlying  bulk  material.  This  distinction  is  made  because 
we  must  distinguish  compositional  fluctuations,  which  must  be  detected  and  corrected  with  as 
little  delay  as  possible,  from  the  average  composition  of  the  film.  In  practice  the  thickness  of  the 
near-surface  region  is  determined  by  the  signal-to-noise  capabilities  of  the  instrumentation.  For 
thickness  control  the  important  quantity  is  the  bulk. 

The  various  regions  are  related  as  follows.  The  ambient  is  established  by  the  process  param¬ 
eters  and  consists  of  the  carrier  gas  (if  any)  and  the  nutrient  species  providing  the  constituent 
elements  to  the  growth  surface.  Some  growth  chemistry,  such  as  thermal  cracking  of  precursor 
species,  may  occur  in  the  ambient.  The  nature  and  composition  of  the  weakly  and  strongly 
bound  parts  of  the  SRL  depend  on  competition  between  that  region  and  the  two  adjacent  regions 
and  on  the  reactions  taking  place  within  the  regions.  Thus  the  nature  and  composition  of  the 
weakly  bound  part  of  the  SRL  depend  on  its  reactions  with  the  ambient  and  the  strongly  bound 
part,  while  that  of  the  strongly  bound  part  depends  on  its  reactions  with  the  weakly  bound  part 
and  the  near-surface  region  of  the  sample. 

It  is  also  useful  to  summarize  the  information  needed  to  describe  growth.  One  possible  list  of 
parameters  is  provided  in  Table  I.  We  identify  3  categories:  primary,  secondary,  and  tertiary. 
The  primary  category  contains  only  bulk  parameters:  layer  thicknesses,  compositions,  and  uni¬ 
formities,  because  if  it  is  not  possible  to  meet  specifications  at  this  level  the  remaining  parame¬ 
ters  do  not  matter.  The  secondary  category  contains  parameters  that  are  surface-determined: 
efficiency  of  dopant  incorporation,  possibility  of  atomic  ordering  of  nominally  random  alloys, 
interface  widths,  etc.  Tertiary  parameters  are  those  related  to  the  process  itself,  including  for 
example  type,  pressure,  and  flow  rate  of  the  carrier  gas,  the  partial  pressures  of  active  species, 
sample  temperature,  etc. 


453 


Surface 

Reaction 

Layer 


Near  - 

Surface 

Region 


Aiuliicnl 

(Nutrients) 


■  I  '  ■  ■  '  I  '  '  '  '  I  ■  ■  '  '  I  '  '  ’  '  I  '  '  '  '  I 
1000  1500  2000  2500  3000  3500 


Deposition  Time  (sec) 


Fig.  1.  Schematic  diagram  of  the  various  regions  of  importance  to  epitaxial  growth. 

Fig.  2.  Reflectance  spectra  obtained  during  the  growth  of  a  1.3  |J.m  InGaAsP  multiquantum  well 
laser  device  structure  (after  ref.  10). 


Table  I.  Parameters  involved  in  crystal  growth. 


Parameter: 

Category: 

Technique: 

Primary: 

Thickness 

Composition 

Uniformity 

Bulk 

Near-surface 

Proximal 

SR,  SE 

KE 

Imaging  techniques 

Secondary: 

Dopant  incorp. 
Atomic  ordering 
Interface  widths 

Surface- 

determined 

RHEED, 

LS/LLS,  RDS, 

SPA,  PRS,  SHG 

Tertiary: 

Sample  temp.  Process- 

Ambient  pressure,  related 

temperature,  species, 
fluence... 

TC,  pyrometry 
ultrasonics,  LIF, 
IRAS,  CARS, 
UVAS,  QMS,  etc. 

The  tertiary  parameters  have  received  the  most  attention  because  of  the  expectation  that 
sufficiently  accurate  measurements  of  process  parameters  together  with  sufficiently  accurate 
modeling  of  the  growth  process  will  allow  samples  to  be  grown  to  the  necessary  degree  of  accu¬ 
racy.  However,  there  are  several  problems  with  this  approach.  First,  the  weakest  link  to  the  pro¬ 
duct  is  that  formed  by  the  ambient.  Second,  growth  is  inherently  a  nonlinear  process  and  there¬ 
fore  difficult  to  model  to  needed  levels  of  accuracy,  especially  for  chemical  beam  methods 
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where  the  surface  plays  an  important  part  in  the  decomposition  of  precursor  species  [3,4],  Third, 
small  changes  in  ambient  conditions,  for  instance  the  addition  of  a  dopant  species,  can  modify 
active  surface  sites  and  thus  change  growth  chemistry  significantly  [4].  Fourth,  process  parame¬ 
ters  must  be  measured  to  unrealistically  high  accuracies,  as  evidenced  by  the  fact  that  most 
growth  stations  are  brought  on  line  by  producing  test  samples  and  modifying  conditions  empiri¬ 
cally.  Finally,  every  growth  station  is  distinct  with  its  own  peculiar  characteristics,  which  makes 
model  portability  problematic. 

Given  the  above,  it  would  appear  that  a  far  better  strategy  would  be  to  determine  as  much  as 
possible  about  the  intervening  stages  and  to  use  all  available  information,  ambient  through  near¬ 
surface  region,  as  input  to  the  control  process.  This  is  the  objective  of  our  current  program.  By 
accessing  the  different  regions  directly  it  is  not  only  possible  to  gain  a  better  understanding  of 
the  growth  process  but  also  to  detect  and  correct  difficulties  as  they  occur.  Also,  much  of  the 
complexity  of  modeling  is  bypassed,  and  the  burden  on  process  parameters  is  reduced  to  that  of 
ensuring  a  reasonably  stable  growth  environment.  The  near-surface  region  needs  to  be  con¬ 
sidered  specifically  because  it  provides  the  first  opportunity  to  determine  what  is  actually  being 
produced. 

The  ability  to  do  this  is  predicated  on  our  ability  to  obtain  information  about  these  regions. 
Most  of  the  listed  optical  techniques  are  discussed  in  connection  with  Table  II  and  some  exam¬ 
ples  of  their  use  are  given  in  a  following  section.  The  process-directed  probes  include  thermo¬ 
couple  measurements  (TC),  laser  induced  fluorescence  (LIF),  infrared  absorption  spectroscopy 
(IRAS),  coherent  anti-Stokes  Raman  scattering  (CARS),  and  ultraviolet  absorption  spectroscopy 
(UVAS). 

OPTICAL  APPROACHES 

At  present  a  number  of  optical  probes  are  available  for  addressing  the  bulk,  near-surface,  and 
surface  regions  of  Fig.  1,  as  summarized  in  Table  II.  Bulk  probes  include  spectroreflectometry 
(SR),  spectroellipsometry  (SE),  and  photoreflectance  (PR).  At  present  photoreflectance  is  used 
mainly  in  off-line  analysis  of  compositions,  dopant  levels,  damage,  etc.  [37,38].  Near-surface 
analysis  can  be  performed  by  kinetic  ellipsometry  (KE)  in  connection  with  virtual-interface  (V- 
I)  theory  [39]. 

Regarding  surface  analysis,  we  distinguish  between  surface-oriented  and  surface-specific 
approaches.  The  former  are  sensitive  to  surface  effects  but  cannot  return  unambiguous  informa¬ 
tion  with  samples  under  steady-state  conditions.  Although  SR  and  SE  are  bulk  probes,  surface 
conditions  affect  these  data  at  the  nuisance  (few-percent)  level,  i.e.,  enough  to  affect  accuracy 
adversely  but  not  enough  to  be  useful  for  surface  analysis.  The  surface-specific  techniques  can 
return  information  about  surfaces  under  steady-state  conditions.  Of  these,  IRAS  is  useful  mainly 
at  wavelengths  where  the  sample  is  transparent.  Grazing-incidence  X-ray  spectroscopy  returns 
information  about  long-range  order  but  at  present  it  can  only  be  performed  with  synchrotron 
sources. 

Of  the  surface-specific  approaches,  LS/LLS  is  the  simplest  to  implement  since  it  can  be  done 
by  monitoring  nonspecularly  scattered  light  from  a  high  intensity  source  such  as  a  laser.  LS/LLS 
provides  useful  information  ranging  from  growth  kinetics  through  relaxation  of  defects.  SHG 
isolate  the  contribution  of  the  lower-symmetry  surface  by  capitalizing  on  polarization  selection 
rules  that  are  more  detailed  than  those  used  in  linear  optics  [18,28].  However,  SHG  equipment 
is  too  bulky  to  be  compatible  with  the  space  limitations  near  growth  chambers.  As  compact, 
high-power,  short-pulse  solid-state  lasers  become  available  SHG  will  become  an  important 
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Table  11.  Optical  probes  for  surfaces  and  interfaces. 
Bulk-oriented: 

SR  Spectroreflectometry 

SE  Spectroellipsoraetry 

PR  Photoreflectance 


Near-surface  oriented: 
KE 


Kinetic  ellipsometry  with  V-I  theory 


Surface-oriented: 

SDR 

SPA 

PRS 

SR 

SE 


Surface  differential  reflectance 
Surface  photoabsorption 
p-polarized  reflectance  spectroscopy 
(in  kinetic  mode) 

(in  kinetic  mode) 


Surface-specific: 

RDS/RAS 

SHG 

LS/LLS 

IRAS 

GIXS 


Reflectance-difference/anisotropy  spectroscopy 
Second-harmonic  generation 
Light/laser  light  scattering 
Infrared  absorption  spectroscopy 
Grazing-incidence  X-ray  scattering 


diagnostic  tool  for  surfaces  and  interfaces.  The  present  situation  has  been  well  summarized  by 
McGilp  [18]. 

SPA  and  PRS  are  both  variations  of  the  original  surface  differential  reflection  (SDR)  spec¬ 
troscopy  work  of  the  Rome  group  in  the  late  1970s  [40].  SDR  is  done  at  normal  incidence,  while 
SPA  and  PRS  are  performed  with  p-polarized  light  at  the  pseudo-Brewster  or  Brewster  angles, 
respectively.  Suppression  of  the  bulk  reflectance  enhances  the  relative  surface  contribution,  and 
also  the  signal-to-noise  ratio  relative  to  SDR.  For  PRS,  which  is  applied  in  the  transparent  or 
weak  absorbent  wavelength  range,  the  surface  related  contribution  is  superimposed  on  interfer¬ 
ence  fringes  which  allow  one  to  obtain  additional  information  about  the  deposition  rate.  How¬ 
ever,  since  SDR  and  SPA  data  are  obtained  by  modifying  the  state  of  the  surface,  it  is  not  always 
possible  to  establish  with  certainty  which  (if  either)  surface  termination  gave  rise  to  the  observed 
surface  component  of  the  signal. 

RDS/RAS  avoids  this  "which-surface"  ambiguity  by  taking  advantage  of  the  lower  symmetry 
of  the  surface  relative  to  the  bulk  of  cubic  semiconductors.  Here,  the  optical  anisotropy  of  the 
sample  is  determined  at  normal  or  near-normal  incidence.  Since  cubic  materials  are  optically 
isotropic,  the  main  contribution  to  RD  spectra  is  due  to  the  surface.  Since  SPA,  PRS,  and 
RDS/RAS  all  involve  surfaces  it  should  not  be  surprising  that  these  data  are  all  connected,  as  has 
been  shown  both  analytically  and  experimentally  [41,42]. 

EXAMPLES 

We  illustrate  the  performance  capabilities  of  some  of  the  above  approaches  by  several  exam¬ 
ples.  Lum  et  al.  recently  extended  a  multiwavelength  SR  configuration  introduced  by  Killeen 
and  co-workers  [8,9]  to  monitor  the  growth  of  a  1.3  pm  InGaAsP  laser  device  structure  [10]. 
The  refiectometer  features  optical  fibers  to  transmit  and  collect  the  reflected  light  and  a  Si/PbS 
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dual  detector  with  a  combined  wavelength  range  of  400  to  2500  nm.  Data  of  at  several 
wavelengths  are  given  in  Fig.  2,  The  device  structure  consisted  of  an  InP  substrate,  a  1.1  ftm 
composition  InGaAsP  confinement  layer,  the  multiquantum  well  stack  with  a  repeat  period  of  17 
nm,  a  top  1.1  |im  confinement  layer,  an  InP  cladding  layer,  and  a  1.1  p.ra  cap.  The  data  obtained 
at  450  and  500  nm  wavelengths  permit  the  individual  MQW  structures  to  be  resolved,  while 
those  at  longer  wavelengths  allow  the  thicknesses  of  the  various  regions  to  be  determined. 
Interference  oscillations  in  the  envelope  also  provide  information  about  layer  thicknesses. 

In  Fig.  3  we  show  KE  data  obtained  during  sample-driven  closed-loop  feedback  control  of 
the  growth  of  a  200  A  wide  Al^Gai-^As  parabolic  quantum  well  [36].  The  structure  was  grown 
by  beam  epitaxy  with  triisobutyl  (HBAl),  trimethylgallium  (TMG),  and  cracked  arsine  (ASH3) 
sources.  The  solid  line  in  the  top  part  of  the  figure  shows  the  target  composition  as  a  function  of 
position  in  the  structure.  The  points  represent  the  composition  determined  from  the  ellipsometri- 
cally  measured  pseudodielectric  function  <e>,  where  the  time  dependence  of  <e>  was  analyzed 
by  V-I  theory  for  the  dielectric  function  of  the  outermost  region,  which  in  turn  was  related  to  the 
composition  x  by  a  previously  determined  empirical  expression.  The  middle  is  the  difference 
between  target  and  experimental  values,  and  shows  that  composition  was  held  to  target  values  to 
within  about  3%.  The  bottom  shows  the  control  voltage  fed  to  the  TIBAl  mass  flow  controller 
while  the  experiment  was  in  progress,  the  flow  rate  of  which  was  used  to  establish  the  composi¬ 
tion.  The  control  voltage  exhibits  a  noticeable  asymmetry,  probably  due  to  the  gettering  of 
TIBAl  as  the  flow  increased.  These  results  were  obtained  with  a  deposition  rate  was  0.95  A/s,  a 
sampling  (including  analysis)  interval  of  650  ms,  and  5  points  of  averaging,  meaning  that  the 
observed  precision  was  obtained  by  the  analysis  of  about  3.1  A  of  material,  approximately  1  ML. 

The  third  example  deals  with  the  use  of  RDS  to  determine  ML  thicknesses  during  the 
OMCVD  growth  of  a  30-period  InGaAs/GaAs  superlattice  consisting  of  5  and  10  ML  thick 
InGaAS  and  GaAs  layers,  respectively  [43].  Figure  4  shows  the  complete  RD  data  set  obtained 
at  2.6  eV,  which  corresponds  to  the  peak  of  the  As  dimer  structure  of  the  (001)  GaAs  surface. 
The  envelope  exhibits  interference  oscillations,  which  allows  the  overall  thickness  to  be  deter¬ 
mined.  The  26th  period  is  expanded  at  the  bottom,  and  shows  the  RD  oscillations  with  a  thick¬ 
ness  period  of  1  ML. 

The  fourth  example  deals  with  temperature  effects.  Figure  5  shows  SPA  data  obtained  dur¬ 
ing  exposure  of  an  ASH3 -saturated  (001)  GaAs  surface  to  trimethylgallium  (TMG)  at  various 
substrate  temperatures  [24].  The  objective  is  to  determine  conditions  of  atomic  layer  epitaxy 
(ALE),  where  growth  becomes  self-limiting  at  1  ML  such  that  extremely  uniform  layers  can  be 
deposited.  Figure  5  shows  that  at  450  °C  the  growth  rate  decreases  at  1  ML  but  does  not  stop. 
However,  at  470  °C  an  ALE  region  is  clearly  defined.  At  490  °C  growth  once  again  proceeds 
without  interruption  at  the  ML  level.  These  data  give  direct  information  about  surface  tempera¬ 
tures  that  would  be  very  difficult  to  obtain  in  any  other  way. 

Finally,  Fig.  6  illustrates  diagnostic  possibilities  with  the  simultaneous  use  of  various  probes. 
Here,  data  are  obtained  for  pulsed  exposure  to  reactants  during  interruption  of  otherwise  con¬ 
tinuous  heteroepitaxial  growth  of  GaP  at  350  °C  [27].  The  pulse  sequence  of  tertiarybutylphos- 
phine  (TBP)  and  triethylgallium  (TEG)  is  shown  at  the  bottom.  The  PR  and  LLS  data  were 
obtained  at  632.8  nm  using  the  same  HeNe  laser  source.  The  RD  data  were  obtained  at  2.6  eV. 
The  relatively  constant  LLS  signal  indicates  no  substantial  changes  of  surface  morphology,  such 
as  the  accumulation  of  Ga  droplets,  with  the  various  exposures.  Both  the  PR  and  RD  signals 
show  considerable  changes  that  are  not  time-correlated  with  each  other,  and  which  continue  to 
evolve  even  after  exposure  to  the  reactant  has  been  terminated. 
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Fig.  3.  Compositional  data  for  a  200  A  wide  parabolic  quantum  well  grown  by  sample-driven 
closed-loop  feedback  control  of  epitaxy.  Top:  data  and  target  values;  middle:  difference;  bot¬ 
tom:  control  voltage.  Growth  and  measurement  parameters  are  given  in  the  text  (after  ref.  36). 
Fig.  4.  Top:  RD  response  measured  during  the  growth  of  a  30-period  InGaAs/GaAs  superlattice 
consisting  of  5  and  10  ML  of  InGaAs  and  GaAs,  respectively.  Bottom:  expanded  scale  showing 
the  RD  oscillations  allowing  growth  to  be  followed  on  a  ML  scale  (after  ref.  43). 


The  RD  response,  which  follows  primarily  surface  reconstruction,  is  much  faster  than  the  PR 
response,  which  is  sensitive  to  composition  as  well,  especially  for  TEG  exposure.  This  shows 
that  the  reconstruction  is  established  first,  followed  by  a  conversion  of  the  reactant  species  to  an 
intermediate  which  then  decomposes  further  to  donate  a  Ga  atom  to  the  growing  crystal.  When 
the  surface  is  exposed  to  TBP  the  RD  signal  shows  that  the  original  reconstruction  is  obtained 
almost  immediately.  The  slower  PR  response  does  not  return  to  its  original  level,  indicating 
deposition  of  GaP.  For  the  double  TEG  sequence  the  PR  signal  is  essentially  repeated  in  both 
halves,  while  the  RD  signal  shows  an  additional  change  indicating  that  further  TEG  exposure 
generates  another  reconstruction.  The  behavior  of  the  PR  signal  with  pulsed  exposure  shows 
directly  that  it  contains  information  about  both  the  dielectric  response  of  the  SRL  and  about  the 
amount  of  material  deposited. 

A  complete  analysis  of  these  data  would  require  (1)  a  spectral  capability  and  either  (2)  an 
atlas  of  spectra  of  the  different  species  or  (3)  an  accurate  theoretical  calculation  of  such  spectra. 
As  mentioned  above,  the  latter  is  presently  a  difficult  challenge,  but  one  that  needs  to  be  solved  if 
the  full  diagnostic  power  of  surface-optical  spectroscopy  is  to  be  realized. 
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Fig.  5.  Determination  of  a  temperature  range  where  atomic  layer  epitaxy  occurs  in  the  ASH3- 
stabilized  (001)  GaAs  —  trimethylgallium  system  (after  ref.  24). 

Fig.  6.  PR,  RD,  and  LLS  responses  for  single  TEG  and  TBP  pulses  of  0.5  s  duration  during 
interruption  of  otherwise  steady-state  growth  of  GaP  at  350  °C  (aJFter  ref.  27). 

A  GENERAL  CONTROL  APPROACH 

In  general,  control  has  meant  post-mortem  analysis  of  sample  properties  followed  by  correc¬ 
tion  of  process  parameters  such  that  succeeding  runs  better  meet  specifications.  While  this  is  a 
reasonable  first-line  approach,  it  cannot  be  applied  to  compositionally  graded  structures  nor  can 
it  achieve  results  comparable  to  real-time  measurements  and  analysis,  where  errors  can  be 
corrected  during  growth.  Although  sample-driven  closed-loop  feedback  control  has  been  real¬ 
ized  in  simple  situations  involving  ternary  materials  [36],  improvements  are  needed  especially 
for  more  complex  systems.  Ideally  control  decisions  should  be  based  on  information  obtained  as 
close  as  possible  to  the  elementary  growth  step  where  the  constituent  atoms  are  actually  incor¬ 
porated  into  the  crystal  lattice,  typically  at  kinks  in  surface  steps.  This  requires  information 
about  the  chemical  kinetics  of  the  SRL,  which  is  the  intermediary  between  the  process  and  the 
product,  yet  which  to  date  has  not  been  considered  explicitly  in  the  control  process. 

Based  on  the  above  it  is  clear  that  control  of  semiconductor  epitaxy  must  evolve  into  a  mul¬ 
tifaceted  process  where  information  about  each  region  is  provided  by  specific  probes  and 
reduced  by  model  calculations  to  required  parameters.  A  general  schematic  is  given  in  Fig.  7, 
with  time  increasing  along  the  region  axis  from  left  to  right  and  the  information  axis  from  top  to 
bottom.  The  schematic  diagram  includes  two  analytic  modules:  scattering  theory  and  surface 
chemistry;  a  control  module;  and  a  process  module.  The  scattering  theory  and  surface  chemis¬ 
try  modules  deal  with  the  interpretation  of  the  optical  data  and  modeling  the  growth  process, 
respectively.  The  surface-chemistry  module  includes  and  extends  the  conventional  approach 
where  growth  is  modeled  on  the  basis  of  process  information  alone.  The  scattering-theory 
module  deals  with  the  analysis  of  the  optical  data.  The  scattering-theory  model  uses  a  database 
of  the  wavelength-dependent  polarizabilities  of  the  different  species  that  in  principle  make  up 
the  unreacted  and  reacted  parts  of  the  SRL,  allowing  these  concentrations  to  be  determined. 
This  model  in  principle  involves  calculations  at  the  level  of  individual  polarizable  species,  and 
can  therefore  accommodate  local- field  effects,  chemical  complexes,  and  nonspecular  scattering 
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Fig.  7.  General  control  system  schematic,  as  discussed  in  the  text. 


by  rough  surfaces. 

In  Fig.  7  the  information  delivered  by  the  probes  are  fed  to  the  appropriate  modules, 
analyzed,  and  sent  to  the  control  module,  which  compares  this  information  to  target  values  and 
adjusts  process  parameters  accordingly.  Here,  we  assume  that  information  about  the  ambient  is 
obtained  by  QMS,  that  concerning  the  unreacted  part  of  the  SRL  by  PRS,  and  that  of  the  reacted 
part  by  a  combination  of  RDS,  PRS,  and  LLS.  Near-surface  information  is  obtained  by  KE  in 
connection  with  V-I  theory.  Although  this  system  remains  to  be  implemented,  the  component 
capabilities  have  already  been  demonstrated  to  sufficient  accuracy  with  the  possible  exception  of 
the  scattering  theory  and  surface  chemistry  modules.  The  main  challenge  now  is  to  develop 
these  modules  to  the  point  where  their  capabilities  match  those  of  the  probes. 

Other  challenges  include  the  enhancement  of  signal-to-noise  ratios,  especially  during  opera¬ 
tion  in  actual  reactors  where  samples  are  rotated  for  uniformity  and  may  experience  mechanical 
vibration  as  well.  Another  issue  is  the  runout  of  the  optical  beam  that  occurs  if  the  surface  of  the 
sample  is  not  perpendicular  to  the  rotation  axis.  Some  progress  has  already  been  made.  Mara- 
cas  et  al.  [44]  have  developed  a  piezoelectric-based  manipulator  for  MBE  where  runout  can  be 
reduced  to  acceptable  levels  by  applying  appropriate  voltages  to  the  transducers.  The  NCSU 
group  has  developed  a  mechanical  equivalent  for  OMCVD.  Woollam  and  co-workers  have 
demonstrated  the  capability  of  maintaining  compositions  x  of  Ino.53Gao.47  As  constant  to  within 
0.1%  in  an  operating  multiwafer  OMCVD  reactor,  where  the  challenges  to  be  met  included  not 
only  having  to  average  measurements  over  a  number  of  wafers  but  also  to  deal  with  the  dead 
time  that  occurs  as  a  result  of  the  gaps  between  wafers  [45].  Even  though  the  composition  is  not 
strictly  controlled  in  real  time,  this  accomplishment  is  still  nontrivial. 

Finally,  techniques  for  probing  the  surface  reaction  layer,  which  is  the  closest  region  to  the 
product  and  feeds  bulk  growth,  are  not  yet  fully  developed  and/or  tested.  Accessing  and  under¬ 
standing  the  properties  of  this  region  will  be  one  of  the  outstanding  challenges  of  the  next  few 
years. 
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ABSTRACT 

Strained  (x=0.48)  and  lattice-matched  (x=0.53)  In^Gai.^As/InAlAs/InP  (100)  MQWs  have  been 
investigated  by  photoreflectance.  In  the  strained  sample  the  relative  intensities  of  the  light-hole 
and  heavy-hole  excitonic  transitions  is  different  for  the  two  different  polarizations  of  the 
incident  light  parallel  and  perpendicular  to  the  [0-1-1]  direction.  This  polarization  anisotropy  is 
explained  in  terms  of  the  spontaneous  formation  of  “quantum  wires”  and  the  presence  of 
anisotropic  strain  due  to  spinodal-like  phase  decomposition  of  the  InGaAs  alloy  in  In-rich  and 
Ga-rich  regions. 

INTRODUCTION 

Multiple  quantum  wells  (MQW)  grown  on  (100)  substrates  possess  tetragonal  symmetry  and 
are  expected  to  exhibit  isotropic  optical  properties  with  respect  to  the  in-plane  polarization  of 
light.  However,  in  the  presence  of  ordering  [1]  or  under  the  influence  of  an  externally  applied  in¬ 
plane  uniaxial  strain  [2]  the  symmetry  is  lowered  and  in  such  cases  polarization  anisotropy  has 
been  observed  [1,2].  An  understanding  of  the  optical  anisotropy  may  help  to  control  the 
polarization  instabilities  [3]  commonly  observed  in  Vertical  Cavity  Surface  Emitting  Lasers 
(VCSELs)  and  may  lead  to  new  applications  based  on  polarization-sensitive,  very  high  contrast 
[2],  very  high  speed  spatial  light  modulators.  In  most  of  the  cases  [1]  evidence  of  optical 
anisotropy  has  been  obtained  by  using  luminescence  at  low  temperatures  where  only  the  lowest 
energy  lying  transition  (either  heavy-hole  {hh)  or  light-hole  (//i))  was  observed.  In  the  present 
study,  by  using  photoreflectance,  an  absorption-based  technique,  we  report  on  the  optical 
anisotropy  of  both  the  hh  and  Ih  transitions  as  well  as  the  higher  excited  transitions  in  strained 
QWs.  This  may  help  to  better  understand  the  reason  that  causes  the  anisotropy  and  may  lead  to 
useful  applications. 

MQW  STRUCTURE  AND  EXPERIMENTAL  SET-UP 

The  samples  were  grown  by  MBE  at  Tg  =  540  ®C  and  had  the  following  structure  :  10  nm 
Ino,53Gao.47As  cap  layer/1  pm  MQW  multilayer  structure/100  nm  Ino.52Alo.48As  buffer  layer/(100) 
S.I.  InP  substrate.  The  MQW  region  for  the  lattice-matched  (x=053)  sample  HDL597  consisted 
of  33  periods  of  15  nm  In^Gai.^As  wells  followed  by  15  nm  InAlAs  barriers.  In  this  sample  the 
wells  were  tensile  strained  while  the  barriers  were  under  compression  with  a  barrier  composition 
such  that  the  net  strain  was  zero.  Sample  HDL377  (x=0.48),  had  50  periods  of  10  nm  wells 
followed  by  10  nm  barriers.  All  layers  were  undoped,  while  the  substrates  were  of  exact  (100) 
orientation. 

Modulation  Spectroscopy  (photoreflectance)  was  used  to  probe  the  polarization  anisotropy. 
This  technique  utilizes  a  monochromatic  beam  to  probe  small  reflectivity  changes  AR/R  caused 
by  a  chopped  He-Ne  laser  light  [4],  These  changes  occur  only  at  the  vicinity  of  interband  optical 
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transitions  so  that  the  method  provides  a  means  for  a  room  temperature,  high  spectral  resolution 
characterization  of  ground  and  excited  states  in  QWs.  A  Gian  Thomson  polarizer  was  placed 
between  the  exit  slit  of  the  monochromator  and  the  sample  to  determine  the  polarization  state  of 
the  incident  light. 

EXPERIMENTAL  RESULTS 

Description  of  the  spectra 

The  Photoreflectance  spectra  for  two  different  in-plane  polarizations  along  [0-1-1]  and  [0-11] 
crystallographic  directions  are  given  in  Figures  1  (a)  and  (b)  for  the  lattice-matched  and  strained 
MQW  structures,  respectively.  In  the  lattice-matched  structure,  the  ground  state  Wlh  transition 
appears  to  be  about  13  meV  higher  in  energy  compared  to  the  \  \h  transition,  due  to  quantum 
confinement.  In  the  strained  sample  HDL  377,  the  light  hole  transition  is  positioned  10  meV 
below  the  heavy-hole  one  due  to  the  presence  of  tensile  strain  equal  to  3.6  XIO'^.  In  the  latter 
sample,  a  strong  polarization  anisotropy  is  observed  in  all  optical  transitions,  in  contrast  to  the 
lattice-matched  MQW  where  no  anisotropy  is  present.  As  seen  from  Fig.  1  (b),  the  Ih  appears  as 
a  small,  low-energy  shoulder  to  the  dominant  hh  transition  when  e  //  [0-11],  but  increases  in 
intensity  and  becomes  comparable  to  the  heavy-hole  transition  when  the  polarization  switches  to 
the  [0-1-1]  direction. 


Fig.  1  Photoreflectance  spectra  for  two  different  polarizations  for  (a)  lattice-matched,  (b) 
strained  InGaAs/InAlAs/InP(100)  MQWs 
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Spectra  analysis-anisotropy  ratio 


The  photoreflectance  spectra  were  analysed  by  employing  a  model  [4]  which  assumes  that  the 
absorption  coefficient  a  is  described  by  a  Gaussian  and  that  DR/R  is  a  function  of  the  first 
derivatives  of  a  with  respect  to  the  transition  energy  E,  broadening  parameter  T  and  intensity  T 
The  latter  quantities  were  determined  by  fitting  the  spectra.  The  ratio  I///I;,;,  of  the  intensities  of 
the  Ih  and  hh  transitions  as  a  function  of  the  polarization  angle  (j)  is  shown  in  Fig.  2.  The  ratio 
has  a  minimum  value  of  -  1/3  when  the  polarization  vector  e  is  along  [0-11]  and  a  maximum 
value  of  —1  when  e  //[O-l-l].  The  data  show  a  periodicity  with  a  period  of  k. 


Polarization  angle  (radians) 


Fig.  2 

Intensity  ratio  of  the  light-hole  and 
heavy-hole  optical  transitions  as  a 
function  of  the  polarization  angle. 
The  inset  shows  the  orientation  of 
the  wire-like  structure  developed 
as  a  result  of  phase  decomposition 


DISCUSSION  AND  CONCLUSIONS 

There  can  be  several  reasons  for  symmetry  breaking  which  lead  to  optical  anisotropy.  One 
reason  may  be  the  linear  electrooptic  (Pockels)  effect  due  to  the  surface  built-in  electric  field.  By 
shining  a  variable  power  DC  laser  light  on  the  sample  surface,  we  have  been  able  [5]  to  screen 
the  built-in  electric  field  and  measure  the  anisotropy  ratio,  which  remains  essentially  the  same  for 
any  value  of  the  laser  power.  This  result  indicates  that  the  bulk  [6]  linear  electrooptic  effect 
cannot  account  for  the  observed  polarization  anisotropies.  Quantum  confinement  must  be 
considered  to  correctly  describe  Pockels  effects  in  quantum  wells  [7].  In  any  case,  the  absence  of 
anisotropy  in  the  lattice-matched  sample  HDL597  (Fig.  1  (a))  is  not  in  favor  of  the  explanation 
of  our  results  in  terms  of  the  Pockels  effect. 

Spontaneous  formation  of  “quantum  wires”  or  the  development  of  an  in-plane  anisotropic 
strain  distribution  due  to  phase  decomposition  is  another  possibility.  Spinodal-like 
decomposition  in  ternary  and  quaternary  III-V  alloys  [8]  results  in  the  formation  of  In-rich  and 
Ga-rich  regions  in  the  form  of  a  quasi-periodic  modulation  of  composition  (as  shown 
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In-rich 


Ga-rich 


Fig.  3  The  succession  of  black  and  white  contrast  represents  the  modulation 
of  composition  and  strain  along  [0-1-1].  The  "quantum  wires”  are 
oriented  along  [0-11].  The  growth  direction  is  along  [100]. 


schematically  in  Fig.  3)  which,  remarkably,  occurs  along  only  one  of  the  two  <01 1>  directions 
[1,5].  Our  preliminary  TEM  results,  in  comparison  with  previous  works  [1,5],  indicate  that  in 
our  samples  the  composition  modulation  occurs  along  [0-1-1]  suggesting  that  the  quantum  wires 
are  formed  along  [0-11]  direction  as  shown  in  Fig.  3.  The  resulting  2D  quantum  confinement 
(in  both  vertical  and  lateral  directions)  may  explain  qualitatively  the  polarization  dependence  of 
Fig.  2  in  terms  of  the  modification  of  quantum  selection  rules  as  has  been  previously  discussed 
for  the  case  of  artificially  made  quantum  wires  [9]. 

In  addition,  the  composition  modulation  is  associated  with  a  strain  modulation  since  the 
adjacent  In-rich  and  Ga-rich  regions  have  different  lattice  constants.  The  nature  of  this  strain  for 
the  In-rich  sections  is  biaxial  compressive  in  the  (Oil)  interfacial  plane  (Fig.  3),  so  that  a  state  of 
anisotropic  strain  in  the  plane  of  the  growth  is  formed.  This  in  turn  lowers  the  symmetry 
resulting  in  a  valence  band  mixing  of  the  states  |3/2,  3/2>  and  |3/2,  l/2>  having  different 
quantum  numbers  of  the  z-component  of  the  total  angular  momentum,  which  may  also  explain 
the  behavior  of  Fig  2.  In  fact,  2D  quantum  confinement  and  anisotropic  strain-induced  valence 
band  mixing,  may  both  contribute  to  the  observed  anisotropy,  however,  identification  of  the 
dominant  mechanism  requires  further  investigation.  Finally,  it  is  important  to  note  that  the 
presence  of  a  biaxial  tensile  strain  in  the  plane  of  the  growth  due  to  lattice  mismatch  with  the 
substrate,  results  in  modifications  of  the  critical  temperature  [10]  for  which  the  decomposition 
occurs.  This  may  explain  the  presence  of  the  anisotropy  in  the  strained  samples  in  contrast  to  the 
absence  of  it  in  the  lattice-matched  one. 
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ABSTRACT 

Epitaxial  lattice  mismatched  heterointerfaces  between  layered  semiconductors  and 
themselves  and  II- VI  semiconductors  (CdS,  CdTe),  respectively,  have  been  prepared  and  their 
band  lineup  determined  by  photoemission.  Different  physical  mechanisms,  which  govern  the 
heterointerface  formation,  can  be  discriminated  due  to  the  specific  properties  of  the  van  der 
Waals  (vdW)  surface.  The  interfaces  between  layered  semiconductors  mostly  follow  the  electron 
affinity  rule  with  a  small  but  systematic  deviation,  which  is  assigned  to  the  influence  of 
interfacial  quantum  dipoles.  However,  the  band  lineup  to  the  II- VI  semiconductors  shows  a  large 
interface  dipole,  which  is  related  to  a  structural  dipole  from  the  polar,  Cd  terminated,  face  of  the 
(111)-  in  case  of  Zinkblende  CdTe-  and  the  (0001)-  in  case  of  Wurtzite  CdS-  oriented  overlayer 
film. 

INTRODUCTION 

Semiconductor  heterocontacts  are  of  great  relevance  for  electronic  devices.  Hence,  tailoring 
of  valence  and  conduction  band  offset  at  the  interface  is  one  of  the  most  essential  parts  in  the 
design  of  modern  semiconductor  devices.  Therefore  heterojunction  band  offsets  have  been 
intensively  investigated  during  the  past  four  decades.[l]  In  addition,  it  has  been  attempted  to 
predict  the  offsets  from  theoretical  considerations  either  from  ab  initio  calculations  or  from  so 
called  "linear  models",  which  calculate  the  offsets  from  bulk  properties  of  the  involved 
semiconductors  such  as  electron  affinities,  dielectric  midgap  energies  (DME),  charge  neutrality 
levels  or  tight  binding  sp3  energies.[l,2]  The  comparison  of  these  models  with  experimental 
results  are  often  complicated  by  experimental  uncertainties  in  the  determined  offsets  or  the 
superposition  of  different  physical  effects.[l]  Especially  the  formation  of  structural  dipoles  at  the 
interfaces  due  to  polar  surfaces  and  possible  lattice  relaxation,  the  formation  of  defects, 
interdiffusion  or  chemical  reactions  at  the  interface  can  have  significant  impact  on  the  magnitude 
of  the  offsets  observed.  Another  important  factor  are  electronic  interface  states,  which  lead  to 
electronic  interface  dipoles  and  influence  the  band  offsets. [3, 4]  Since  both  kinds  of  dipoles 
usually  occur  simultaneously  at  the  conunonly  investigated  heterosystems  of  III-V,  IV,  or  II- VI 
semiconductors  the  detailed  investigation  of  their  relative  magnitude  and  impact  proved  to  be 
very  difficult. 

The  investigation  of  heterojunction  band  offsets  with  layered  chalcogenides  may  help  to 
discriminate  the  different  effects  (Fig.l).  In  pure  van  der  Waals  heterointerfaces  (Fig.  la)  each 
single  sandwich  layer  of  substrate  and  epilayer  is  chemically  saturated  and  in  the  ideal  case 
atomically  abrupt.  The  sandwich  layers  are  hold  together  by  weak  van  der  Waals  type  of 
interactions.  [5]  Due  to  these  properties  epitaxial  growth  of  layered  materials  heterojunctions, 
named  van  der  Waals  epitaxy  (vdWe),  is  almost  unaffected  by  the  structural  problems  indicated 
above.  [6]  This  allows  the  detailed  investigation  of  electronic  dipoles  without  interference  of 
structural  or  chemical  dipoles.  On  the  other  hand  structural  interface  dipoles  are  expected  for 
quasi-van  der  Waals  type  interfaces,  in  which  Zinkblende  compounds  are  grown  on  layered 
chalcogenide  substrates  (Fig.  lb). [7] 

We  measured  the  band  offsets  of  a  number  of  vdWe  layered  chalcogenide  heterojunctions 
and  of  quasi-vdWe  interfaces  to  CdS  and  CdTe,  which  give  information  on  the  relative 
magnitude  and  polarity  of  the  different  interface  dipoles.  The  details  on  the  multi-step  epitaxial 
growth  of  the  overlayers  are  given  elsewhere. [7,8]  Also  the  photoemission  (PES)  results  used  for 
the  determination  of  the  band  lineup  will  be  published  elsewhere. [9, 10]  Here  we  will  only 
summarize  the  experimental  results  and  discuss  their  implications. 
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Van  der  Waals  Epitaxy  (2D)  Quasi-van  der  Waals  Epitaxy 


film 


substrate 


(a) 

Fig.l:  Van  der  Waals  epitaxy  (vdWe)  of  layered  chalcogenide  interfaces  (a)  and 
quasi-van  der  Waals  epitaxy  of  three-dimensional  semiconductors  on  layered 
chalcogenide  substrates  (b). 

EXPERIMENTAL  PROCEDURE 

All  presented  experiments  were  performed  in  a  photoelectron  spectrometer  (VG,  ESCALAB, 
or  ADES  500)  connected  to  a  MBE  chamber.  The  experimental  setup  allows  PES  and  electron 
diffraction  (LEED)  measurements  in-situ  whereas  STM  data  and  TEM  data  were  obtained  ex- 
situ.  For  details  refer  to  Refs  [7-10]. 

The  valence  band  offsets  AEy  were  determined  directly  by  PES  measuring  substrate- 
overlayer  differences  of  core  level  binding  energies,  which  were  carried  out  after  each  step  of  the 
growth  sequence.  A  detailed  description  of  this  method  can  be  found  in  Ref.  [11].  The  reference 
spectra  for  the  determination  of  the  valence  band  maximum  were  obtained  from  single  crystals. 

The  electron  affinity  %  is  accessible  from  the  experimentally  determined  work  function 
(given  by  the  secondary  electron  onset),  the  measured  difference  of  the  Fermi  level  to  the 
valence  band  maximum  (Ep-Ev)  and  the  known  band  gaps  (Eg=Ec-Ev)  of  the  semiconductors. 
The  interface  dipole  potential  D  across  the  interface  is  given  from  the  difference  of  the  electron 
affinity  offset  AEc(EAR)  between  single  crystal  electron  affinity  of  substrate  and  layer  material 
assuming  the  validity  of  the  electron  affinity  rule  (EAR)  and  the  experimentally  deduced  offset 
AEc(exp)  determined  from  the  experimentally  determined  value  AEv(exp)  and  the  bandgaps  Eg- 

RESULTS  AND  DISCUSSION 

The  goal  of  the  experiments  was  the  experimental  determination  of  valence  and  conduction 
band  offset  of  several  heterojunctions  and  their  comparison  to  the  predictions  of  the  electron 
affinity  rule  (EAR).  The  deviation  gives  a  value  for  the  electronic  quantum  dipole  (QD)  for  each 
investigated  interface.  As  determined  from  PES  and  LEED  measurements  all  interfaces  are  non¬ 
reactive,  and  atomically  abrupt.  Epitaxial  or  strongly  textured  overlayer  films  are  obtained. 

The  results  of  the  evaluation  of  the  valence  band  offsets  of  vdWe  layered  chalcogenide 
heterointerfaces  versus  the  EAR  predicted  values  are  summarized  in  Figure  2  (additional  AEy 
values  obtained  from  earlier  experiments  are  added  to  the  graph  [12]).  The  dashed  line  represents 
the  EAR  limit.  It  is  evident  that  the  experimentally  determined  valence  band  offsets  AEv(exp) 
are  close  to  the  EAR  rule  as  may  be  expected  for  vdWe  heterointerfaces  as  the  ideal  vdW  (0001) 
faces  are  known  to  be  free  of  active  surface  states. [5]  However,  a  close  inspection  of  the 
experimental  results  suggest  a  small  but  systematic  deviation  from  the  predicted  EAR  values 
AEv(EAR).  The  line  fit  through  the  data  points  indicates  that  the  magnitude  of  the  quantum 
dipoles  depends  on  the  EAR  band  offsets  suggesting  a  linear  correction  term  for  the  EAR.  The 
value  of  the  interface  dipole  D  is  given  as  difference  of  the  experimental  curve  to  the  value 
predicted  from  EAR. 


(3D  on  2D) 


(b) 


470 


Fig. 2:  Experimentally 
determined  valence  band 
offsets  AEv(exp)  versus 
values  predicted  by  the 
electron  affinity  rule 
AEv(EAR).  The  dashed 
line  represents  the  EAR 
limit.  The  difference  to 
the  solid  line  gives  the 
value  of  the  interface 
dipole  potential  D. 


-O.S  0.0  0.5  1.0  1.5  2.0 

AEv(EAR)  [eV] 

The  additional  interface  dipole  D  is  related  to  the  influence  of  electronic  quantum  dipoles  at 
heterojunction  interfaces  as  introduced  by  Tersoff.[3]  These  interfacial  gap  states  result  from 
tunneling  of  carriers  from  one  side  of  the  junction  into  the  band  gap  of  the  other  side  as  shown 
schematically  in  Fig. 3.  Due  to  the  extension  of  the  wave  functions  into  the  forbidden  gap  of  the 
opposite  side  local  charge  transfer  becomes  possible  as  indicated  by  the  "+"  and  signs.  In  a 
straddled  band  lineup  (Fig. 3a)  the  transferred  charges  cancel  each  other  (at  least  partially).  In  the 
case  of  a  staggered  lineup  (Fig.3b)  an  electronic  quantum  dipole  is  formed  since  both  of  the 
offsets  point  in  the  same  direction  which  leads  to  a  net  charge  transfer  across  the  interface.  The 
resulting  dipole  potentials  are  shown  at  the  bottom  of  Fig.  3. 


interface  gap  states: 


Fig. 3:  Sehematic  depiction  of  the 
origin  of  electronic  quantum  dipoles. 
The  quantum  dipole  is  induced  by 
extending  wavefunctions  into  the 
energy  gaps  of  the  opposite  sides 
(after  Reference  [3]).  Bottom: 
Resulting  dipole  potential  for  the 
two  band  lineup  types  shown  above. 


dipole  potential: 

_ r 


a  b 

Following  the  concept  of  Ruan  and  Xing  [4]  the  electronic  quantum  dipoles  should  depend  in 
a  first  order  approximation  on  the  sum  of  the  valence  and  conduction  band  offsets  (using  proper 
signs  for  "up"  and  "down"  pointing  offsets).  Therefore,  for  a  modified  EAR  the  sum  of  the 
offsets  are  multiplied  with  a  constant  K  to  the  original  EAR-value.  From 

AEy  =  AEy(EAR)  +  K  ■  [AEy{EAR)  +  AEc(EAR)] 

AEy  -  AEy(EAR)  =  K  ■  [AEy(EAR)  +  AEciEAR)]  =  eD 

it  follows  immediately  that  the  constant  K  can  be  determined  by  plotting  the  measured 
dipoles  eD  versus  the  sum  of  the  EAR  offsets  AEv(EAR)+AEc(EAR).  The  constant  K  then 
equals  the  slope  of  a  line  fitted  through  the  data  points.  The  line  fit  yields  a  slope  of  K=-0.09. 
The  negative  sign  of  K  means  that  the  quantum  dipoles  always  reduce  the  magnitude  of  the 
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combined  offsets.  This  correction  term  is  smaller  by  a  factor  of  2  compared  to  the  value  for  the 
three-dimensional  semiconductors  treated  by  Ruan  and  Xing. [4] 

In  contrast  the  band  lineup  of  quasi-vdWe  heterointerfaces  (Fig.  lb)  are  expected  to  be 
influenced  by  structural  dipoles.  Therefore  CdS  and  CdTe  having  different  ionicities  were  grown 
on  layered  MoTe2  and  WSe2  (0001)  surf  aces.  [7, 10]  Strongly  textured  films  are  obtained  oriented 
with  the  polar  hexagonal  plane  ((0001)  for  Wurtzite  CdS,  (111)  for  Zinkblende  CdTe)  on  the 
hexagonal  nonpolar  van  der  Waals  (0001)  plane,  as  deduced  from  LEED  and  TEM  results.  The 
band  lineups  as  determined  from  photoemission  results  [10]  are  summarized  in  Table  I. 


Table  I:  Experimentally  determined  valence  band  offset  AEy  and  calculated  conduction 
band  offset  AEc  and  interface  dipole  D.  Experimentally  determined  ionization 
potentials  of  substrate  and  film  (IpS  and  IpF)  are  also  given  in  the  table.  For  calculation 
of  AE^  the  bandgap  values  of  MoTe2  (l.leV),  WSe2  (1.2eV),  CdS  (2.5eV)  and  CdTe 
(1.5eV)  have  been  used.  _ 


Interface 

AEv 

AEc 

D 

Ip* 

V 

CdS/MoTe2 

0.9 

0.5 

1.1 

4.9 

6.9 

CdSAVSe2 

0.6 

0.7 

1.2 

7.0 

CdTe/MoTe2 

0.03 

0.4 

0.7 

4.9 

5.7 

CdTeAVSe2 

-0.32 

0.65 

0.8 

5.3 

5.8 

The  important  quantity  is  again  the  value  of  the  dipole  potential  D  across  the  interface  given 
by  the  experimentally  determined  band  lineup  to  the  expected  one  based  on  the  EAR  (for  the  x 
values  of  the  overlayer  the  experimentally  determined  value  of  the  polar  face  was  taken).  In 
contrast  to  the  vdWe  interfaces  discussed  above  D  is  very  large  for  the  quasi  vdWe  interfaces 
and  seems  to  be  only  dependent  on  the  II-VI  overlayer,  showing  a  larger  value  to  the  more  ionic 
CdS.  This  results  suggest  that  the  interface  band  lineup  is  mostly  governed  by  a  structural 
interface  dipole  as  schematically  shown  in  Fig.4.  The  direction  of  the  interface  dipole  potential 
as  well  as  the  experimentally  determined  IpF  clearly  indicates  that  the  II-VI  overlayer  grows  with 
the  Cd  temination  towards  the  substrate  and  the  group  VI  element  towards  vacuum.  The 
magnitude  of  the  surface  dipole  may  be  estimated  from  the  oscillating  potential  typically  present 
in  polar  directions  of  compound  semiconductors.  [13]  However,  for  an  estimate  of  the  surface 
dipole  surface  reconstructions  and  relaxations  must  be  considered,  which  occur  to  reduce  the 
charging  of  the  surface  plane  (compare  also  Fig.4).  Unfortunately  only  very  few  systematic 
experimental  studies  of  the  orientation  dependence  of  the  ionization  potential  of  compound 
semiconductors  are  given  in  the  literature.  With  these  uncertainties  our  estimate  suggests  that  the 
large  value  of  the  interface  dipole  determined  for  the  quasi-vdWe  interfaces  is  dominated  by  the 
structural  dipole  related  to  the  polar  orientation  of  the  overlayer  growth.  The  experimental  value 
has  to  be  divided  into  an  interface  dipole  at  the  phase  boundary  and  a  second  one  at  the 
chalcogenide  terminated  polar  II-VI  surface  to  vacuum  (in  Fig.4  schematically  shown  for  CdS 
(0001)  on  InSe  (0001)).  There  may  still  be  a  small  contribution  of  an  electronic  quantum  dipole 
(QD),  which  we  expect  to  be  of  negligible  influence  based  on  our  results  on  the  vdWe  interfaces. 
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Fig.4:  Orientation  of  the  CdS 
overlayer  on  a  layered 
chalcogenide  (0001)  surface 
(top).  The  related  interface 
dipole  is  very  large  but  smaller 
than  the  potential  oscillations  in 
the  bulk  (bottom). 


SUMMARY  AND  CONCLUSION 

The  recently  developed  method  of  van  der  Waals  epitaxy  (vdWe)  allows  for  a  proper 
selection  of  semiconductors  the  detailed  investigation  of  the  relative  contribution  of  physically 
different  dipoles  at  semiconductor  heterojunctions.  In  vdWe  heterointerfaces  of  two-dimension^ 
layered  compound  heterojunctions  can  be  prepared  which  have  no  structural  or  chemical  dipoles 
at  the  interface.  The  experimentally  determined  valence  band  offsets  of  these  junctions  show  a 
small  but  significant  deviation  from  the  values  predicted  by  the  electron  affinity  rule  indicating 
the  presence  of  electronic  quantum  dipoles  at  the  interfaces.  These  quantum  dipoles  could  be 
quantified  by  adding  a  linear  quantum  dipole  correction  given  by  the  combined  offsets  term  to 
the  original  EAR. 

In  contrast  quasi-vdWe  interfaces  between  II- VI  semiconductors  and  layered  substrates  show 
a  large  interface  dipole  D,  which  the  band  lineup  is  mostly  determined  by  the  structural  dipole 
related  to  the  polarity  of  the  hexagonal  growth  plane  ((111)  for  CdTe,  (0001)  for  CdS). 
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ABSTRACT 

ZnSe/GaAs  heterojunctions  were  investigated  by  contactless  electroreflectance 
and  photoreflectance  techniques.  Negative  surface  charge  densities  on  the  order  of  10^^ 
cm'^  were  observed  for  films  grown  on  n-type  GaAs  indicating  a  large  contribution  to  the 
conduction  band  barrier  between  the  materials  due  to  band  bending.  The  conduction 
band  offset  was  also  measured  using  a  new  photoreflectance  technique  involving  a 
tunable  pump  laser. 

INTRODUCTION 

Because  its  lattice  constant  is  well  matched  to  ZnSe  and  it  can  be  produced  in 
high  purity  wafers,  GaAs  is  a  natural  substrate  material  for  ZnSe  based  opto-electronic 
devices.  Parameters  such  as  interface  charges,  electric  fields,  and  even  the  conduction 
band  offsets  which  determine  the  effective  barrier  height  between  the  materials,  and 
therefore  transport  properties,  have  either  not  been  characterized  or  appear  to  depend  on 
the  growth  conditions. 

Surface  second  harmonic  studies’  for  ZnSe  grown  on  semi-insulating  GaAs  have 
shown  a  positive  interface  charge  which  causes  band  bending  on  the  GaAs  side  of  the 
junction  leading  to  interface  quantum  well  states  and  the  absence  of  any  effective 
conduction  band  barrier.  X-ray  photoemission  experiments  indicate  that  the  valence  band 
offset  can  vary  from  1.2  eV  to  0.6  eV  with  growth  conditions^.  Device  designers  have 
invoked  up  to  0.6  eV  conduction  band  offsets  to  explain  their  measured  I-V  curves^. 
These  results  suggest  that  it  would  be  desirable  to  have  a  technique  for  measuring 
effective  barrier  heights  due  to  both  the  band  offsets  as  well  as  band  bending  for 
understanding  the  effects  of  growth  conditions.  We  have  used  contactless 
electroreflectance  (CER)  and  photoreflectance  (PR),  which  are  powerful  methods  for 
measuring  electric  fields'*,  to  determine  the  band  bending  at  the  heterojunction.  In 
addition,  we  have  measured  the  conduction  band  offsets  for  several  ZnSe  films  grown  on 
n-type  GaAs  using  a  tunable  pump  PR  technique  which  is  similar  to  internal 
photemission  (IPE)  photoconductive  methods^. 

ELECTROREFLECTANCE  RESULTS 

The  ZnSe  films  used  in  this  study  were  grown  by  MBE  on  semi-insulating  and  n- 
type  GaAs  buffer  layers.  The  buffer  layers  were  typically  2-3  [im  thick  and  were  grown 
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Figure  1 

PR  and  CER  data  at  the  GaAs  bandedge  for  a  0.12  fim  ZnSe  film  grown  on  n-type  GaAs 

on  either  n-type  or  semi-insulating  substrates.  The  nucleation  of  the  ZnSe  was  done  on 
GaAs  c(4x4)  reconstructed  surfaces. 

Figure  1  shows  conventional  CER  and  PR  spectra  of  the  GaAs  bandedge  for  a 
0. 12  |im  ZnSe  film  on  a  7  x  10^^  cm'^  n-type  GaAs  buffer  layer.  The  long  period  Franz- 
Keldysh  oscillations  in  the  reflectivity  spectrum  indicate  a  electric  field  on  the  GaAs  side 
of  the  junction.  The  shorter  period  signal  seen  in  the  PR  trace  is  due  to  smaller  fields  at 
the  junction  between  the  n-type  buffer  layer  and  the  semi-insulating  substrate.  The  sign 
of  the  CER  trace  indicates  that  the  field  is  pointing  towards  the  interface.  Both  the 
direction  and  magnitude  of  this  field  are  wrong  for  modulation  doping  effects.  A  fully 
depleted  ZnSe  layer  would  result  in  a  maximum  field  of  only  2  x  10"^  V/cm  pointing  into 
the  GaAs.  Thus,  we  attribute  this  large  field  to  a  1.8  x  10^^  cm‘^  negative  surface  charge 
probably  due  to  interface  traps  forming  a  depletion  layer  in  the  GaAs  near  the  junction. 

Using  this  interface  charge  and  the  doping  levels,  the  conduction  band  bending 
was  calculated  and  is  shown  in  figure  2.  A  200  meV  conduction  band  offset  was  used 
here,  but  the  band  bending  on  the  GaAs  side  adds  another  250  meV  to  the  effective 
barrier  height.  Similar  band  bending  for  ZnSe  on  n-type  GaAs  has  been  proposed  by  Ref 
[6]  based  on  interpretation  of  Raman  scattering  experiments.  Evidently,  band  bending 
has  an  important  impact  on  the  conduction  band  transport  properties  of  the  junction. 
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Figure  2 

Calculated  band  bending  at  the  heterojunction  for  a  -1.8  x  lO'^  cm'^  interface  charge 
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The  existence  of  this  barrier  can  be  directly  demonstrated  by  PR.  Figure  3  shows 
conventional  PR  results  for  probe  wavelengths  in  the  blue  spectral  region.  The  top  curve 
is  for  a  Si  doped  GaAs  substrate  and  shows  that  the  signals  at  2.9  and  3.2  eV  originate 
from  the  GaAs  layer.  These  are  the  transitions  from  the  valence  band  to  the  L-valley. 

The  bottom  four  traces  are  for  the  ZnSe/GaAs  sample  using  different  pump  photon 
energies.  For  a  UV  pump,  carriers  are  generated  in  both  materials  resulting  in 
modulation  at  the  ZnSe  bandedge  (  2.67  eV  )  as  well  as  in  the  GaAs.  For  pump  photon 
energies  intermediate  to  the  two  bandgaps,  the  GaAs  signals  are  still  present  but  the  ZnSe 
signal  is  smaller  and  decreases  as  the  pump  energy  is  reduced.  The  fact  that  the  ZnSe  PR 
signal  can  be  seen  at  all  for  pump  energies  below  the  ZnSe  bandgap  is  significant  because 
it  indicates  electron  transport  from  the  GaAs  across  the  junction. 


Figure  3 

PR  spectra  taken  with  different  pump  photon  energies. 


TUNABLE  PUMP  PR 

From  1-D  electrostatics,  photo-generated  electron  hole  pairs  confined  to  the  GaAs 
cannot  screen  fields  in  the  ZnSe.  If  electrons  are  created  in  the  GaAs  with  enough  excess 
energy  to  overcome  the  conduction  band  offset  and  enter  the  ZnSe;  however,  then  fields 
in  the  ZnSe  can  be  modulated.  The  dashed  lines  in  figure  2  indicate  the  threshold  energy 
for  optically  injected  electrons  to  cross  the  junction.  Because  of  the  negative  surface 
charge,  the  GaAs  bands  bend  down.  Thus,  the  threshold  energy  should  be  determined  by 
the  conduction  band  offset  alone.  By  using  a  tunable  pump  laser  and  recording  the  size  of 
the  ZnSe  PR  signal  with  pump  wavelength  this  threshold  energy  can  be  measured. 

Several  important  points  must  be  taken  into  account  for  this  experiment  to  be 
successful.  First,  the  ZnSe  PR  signal  as  seen  in  figure  2  rides  on  a  background  from  the 
tail  of  the  GaAs  signal.  Fortunately,  the  two  signals  have  different  time  constants  and 
by  chopping  at  400  Hz  the  ZnSe  can  be  made  approximately  30°  out  of  phase  with  the 
pump  and  the  Ej  signal.  By  setting  the  phase  of  the  lock-in  90^  to  the  pump,  the  ZnSe 
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signal  can  be  obtained  background  free.  Second,  the  pump  intensity  must  be  low  enough 
for  the  magnitude  of  the  PR  signal  to  be  linear  with  the  pump  intensity.  Finally,  because 
the  necessary  tuning  range  is  quite  large  (  880  nm  to  600  nm)  several  pump  sources  were 
used  including  a  Ti:sapphire  laser,  a  688nm  laser  diode,  and  a  HeNe  laser.  In  order  to 
ensure  that  the  same  intensity  and  spot  size  was  maintained  in  switching  sources,  a  50/50 
single  mode  fiber  coupler  was  used  for  multiplexing.  Light  from  the  output  of  the 
coupler  was  defocused  on  the  sample  Power  was  measured  at  the  fiber  output  in  front  of 
the  sample  to  avoid  the  wavelength  dependence  of  the  coupler. 

Results  for  both  the  ZnSe  bandedge  and  GaAs  Ej  PR  signals  are  plotted  in  figure 
4  versus  pump  energy  shown  as  excess  energy  in  the  GaAs  conduction  band.  The  dark 
triangles  are  for  the  GaAs  Ej  signal  which  is  simply  proportional  to  the  absorbed  pump 
intensity  and  is  therefore  a  measure  of  the  GaAs  absorption  spectrum.  In  contrast,  the 
white  circles  representing  the  ZnSe  signal  show  a  dramatic  quadratic  increase  with  pump 
photon  energy.  This  result  is  very  similar  to  the  behavior  seen  in  IPE  (internal  photo¬ 
emission)  spectroscopy  where  a  photocurrent  is  measured  as  a  function  of  pump  photon 
energy^.  Using  the  same  analysis  as  in  IPE,  we  extract  a  threshold,  and  thus  conduction 
band  offset  as  discussed  above,  of  150  ±  20  meV.  Results  for  four  other  samples  grown 
on  n-type  GaAs  show  band  offsets  between  150  and  250  meV  suggesting  variation  with 
growth  and  nucleation  conditions  as  Ref  2  has  demonstrated. 


Figure  4 

PR  signals  for  the  GaAs  Ei  (triangles)  and  the  ZnSe  bandedge  (circles)  versus  injected 
energy  in  the  conduction  band. 


COMPARISON  OF  N-TYPE  AND  SEMI-INSULATING  GaAs 

To  demonstrate  that  the  existence  of  a  conduction  band  barrier  between  the  two 
materials  depends  on  the  GaAs  doping,  the  left  plot  of  figure  5  shows  tunable  pump 
results  for  samples  of  ZnSe  grown  on  n-type  (  white  circles  )  and  semi-insulating  (  dark 
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triangles)  GaAs  .  The  semi-insulating  GaAs  sample  shows  no  pump  energy  dependence 
which  is  consistent  with  the  absence  of  any  barrier  impeding  electrons  from  entering  the 
ZnSe.  The  n-type  sample  shows  behavior  similar  to  the  sample  of  figure  4.  Further 
evidence  for  the  difference  between  these  samples  was  found  in  the  intensity  dependence 
of  the  signals.  The  right  plot  of  figure  5  shows  the  ZnSe  PR  signal  size  plotted  against 
pump  intensity.  A  HeNe  laser  was  used  as  the  pump.  A  factor  of  300  increase  in  the 
saturation  intensity  for  the  n-type  sample.  Electrons  created  in  the  depletion  region  with 
sufficient  energy  to  enter  the  ZnSe  from  the  n-type  GaAs  must  overcome  the  opposing 
electric  field  and  must  do  so  before  they  relax  in  energy  to  the  bottom  of  the  conduction 
band  via  LO  phonon  emission  which  occurs  on  a  time  scale  of  several  hundred 
femtoseconds’^.  Both  of  these  effects  act  to  decrease  the  efficiency  of  the  pump  laser  in 
saturating  the  ZnSe  PR  signal. 


Conduction  band  energy  ( eV ) 


Pump  Intensity  ( mW  /  cm^ ) 


Figure  5 

Left  plot:  ZnSe  PR  signals  versus  injected  energy  in  the  conduction  band. 
Right  plot;  Intensity  dependence  of  the  ZnSe  PR  signals  using  a  HeNe  laser. 
N-type  GaAs  and  semi-insulating  GaAs  are  represented  by  open  circles 
and  filled  triangles  respectively. 


CONCLUSION 

This  study  has  demonstrated  the  importance  of  interfacial  charges  and  the 
resulting  band  bending  in  understanding  ZnSe/GaAs  heterojunctions.  The  substrate 
doping  appears  to  be  crucial  in  determining  the  barrier  height  between  the  materials.  The 
CER  measurement  of  the  GaAs  electric  fields  leads  directly  to  the  band  diagram  of  Figure 
2.  This  picture  immediately  identifies  the  conduction  band  offset  with  the  ZnSe  PR 
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threshold  energy  found  in  the  tunable  pump  measurements.  For  all  of  the  ZnSe/GaAs 
samples  studied,  a  conduction  band  offset  of  between  150  and  250  meV  was  observed. 
Having  established  this  framework  of  experiments  and  interpretation,  a  systematic 
investigation  of  the  effect  of  doping  and  growth  conditions  on  the  electric  fields  and  band 
offsets  would  appear  to  give  very  direct  and  useful  information  for  device  design. 
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ABSTRACT 

Contactless  electroreflectance  measurements  at  300  K  were  performed  on  two 
In,jGai.,(As/InP  [x  =  0.53  (lattice-matched)  and  0.75]  samples  containing  three  quantum  wells 
(QWs)  grown  by  gas-source  molecular  beam  epitaxy.  The  spectra  consisted  of  two  excitonic 
transitions  (le-lhh  and  le-llh),  corresponding  to  the  fundamental  conduction  to  heavy  (h)-  and 
light(l)-  hole  transitions,  respectively,  in  the  QW  portion  and  a  complicated  Franz-Keldysh 
oscillation  (FKO)  pattern  originating  in  the  InP  regions.  Comparison  between  the  experimental 
energies  of  le-lhh/ le-llh  and  a  theoretical  envelope  function  calculation  (including  the  effect 
of  strain)  made  it  possible  to  evaluate  the  conduction  band  offset  parameters  Q,  =0.34+0.03 
and  0.57+0.03  for  x  =  0.53  and  0.75,  respectively.  The  InP  related  FKO  beat  patterns  were 
analyzed  by  a  Fourier  transform  method.  It  was  found  that  the  FKO  spectra  were  due  to  the 
simultaneous  contribution  of  at  least  three  different  fields  (106  kV/cm,  36  kV/cm,  and  23 
kV/cm),  which  originate  in  the  various  interfaces,  i.e.,  substrate/buffer,  cap  layer/surface,  and 
buffer/QW  structure.  Identification  of  the  different  fields  has  been  accomplished  by  comparison 
of  the  Fourier-transformed  spectra  before  and  after  sulfur  passivation  of  the  structure  surface. 

INTRODUCTION 

Lattice-matched  and  strained  In^Gai.^^As/InP  quantum  wells  (QWs)  and  multiple  QWs  are 
especially  useful  for  the  design  of  optoelectronic  communication  devices  working  in  the 
wavelength  range  of  1.3-1.55  fim  [1].  Understanding  of  these  In,Gai.,As/InP  QW  structures  is 
important  from  both  fundamental  and  applied  perspectives  [2,3].  For  example,  the  conduction 
band  offset  parameter  is  composition  dependent  in  the  In^Caj.^As/InP  heterostrucmre  system 
[2,4]  in  contrast  to  GaAs/GaAlAs  structures.  [5]  A  knowledge  of  the  energy  band  diagram  of  the 
structure  is  very  important  for  device  fabrication  purposes.  Also  the  presence  of  built-in  electric 
fields  at  various  surfaces/interfaces  can  influence  device  performance. 

The  modulation  spectroscopy  method  of  electromodulation  (EM)  has  proven  itself  to  be 
an  extremely  useful  method  for  the  study  of  a  variety  of  semiconductor  microstructures  [6-9] . 
In  EM  measurements  the  optical  constants  of  the  sample  are  modified  by  the  periodic  variation 
of  an  externally  applied  electric  field.  The  resultant  spectra  exhibit  sharp,  derivative-like  features 
corresponding  to  intersubband  transitions  in  QWs  [6-8].  In  addition,  under  certain  conditions  the 
signal  exhibits  oscillatory  features  above  the  band  gap  [Franz  Keldysh  oscillations  (FKO)]  which 
are  a  direct  measure  of  the  built-in  electric  field  [6-9] . 

In  this  paper  we  have  utilized  contactless  electroreflectance  (CER)  [6,7]  at  300K  to  study 
two  multiple  quantum  well  (MQW)  In,Gai.,As/InP  (x  =  0.53  and  0.75)  structures.  The  spectra 
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consisted  of  two  excitonic  transitions  (le-lhh  and  le-llh),  corresponding  to  the  fundamental 
conduction  to  heavy  (h)-  and  light  (1)-  hole  transitions,  respectively,  in  the  MQW  portion  and 
a  complicated  FKO  pattern  originating  in  the  InP  regions.  Comparison  between  the  experimental 
energies  of  le-lhh/ le-llh  and  a  theoretical  envelope  function  calculation  (including  the  effect 
of  strain)  [10,11]  made  it  possible  to  evaluate  the  conduction  band  offset  parameters  = 
0.34+0.03  and  0.57  +  0.03  for  x  =  0.53  and  0.75,  respectively.  The  InP  related  FKO  beat 
patterns  were  analyzed  by  a  fast  Fourier  transform  (FFT)  method  [12,13].  It  was  found  that  the 
FKO  spectra  were  due  to  the  simultaneous  contribution  of  at  least  three  different  fields  (106 
kV/cm,  36  kV/cm,  and  23  kV/cm),  which  originate  in  the  various  interfaces,  i.e., 
substrate/buffer,  cap  layer/surface,  and  buffer/QW  structure.  Identification  of  the  different  fields 
has  been  accomplished  by  comparison  of  the  Fourier-transformed  spectra  before  and  after  sulfur 
passivation  of  the  structure  surface  [14], 

EXPERIMENTAL  DETAILS 


Two  In,Gaj.,,As/InP  QW  samples  were  studied  in  this  paper:  sample  A  contained  three  lattice- 
matched  QWs  (x  =  0.53)  while  in  sample  B  the  three  QWs  were  compressively  strained  (x  = 
0.75).  The  two  materials  were  grown  by  gas-source  molecular  beam  epitaxy  (GSMBE)  on  (001) 
semi-insulating  InP:Fe  (001)  substrates.  Each  sample  was  composed  of  three  identical  In^^Gaj.^As 
QWs  alternating  between  undoped  InP  barriers.  The  nominal  well  {L^)  and  barrier  widths  are 
30A  and  300A,  respectively,  while  the  thicknesses  of  nominally  undoped  InP  cap  and  buffer 
layers  were  1500  A  and  2000  A,  respectively.  The  background  doping  level  in  the  InP  layers 
was  n  =  2x10’^  cm  l  The  CER  measurements  were  performed  using  a  condenser-like  system 


at  room  temperature.  An  ac  modulating  voltage 
( ~  1  kV  peak-to-peak)  at  a  frequency  of  200  Hz 
was  employed.  The  value  of  the  modulating 
voltage  was  sufficiently  small  so  that  all  the 
measured  line  shapes  were  independent  of  the 
modulating  voltage.  The  experimental  details 
have  been  described  previously  [6,7].  The  sulfur 
passivation  procedure  consisted  of  an  ammonium 
sulfide  ((NH4)2S,)  solution  treatment  of  a 
previously  etched  sample,  followed  by  drying  in 
N2  atmosphere  in  a  glove  box  [14]. 

EXPERIMENTAL  RESULTS 

Displayed  by  the  solid  lines  in  Fig.  1(a)  and 
1(b)  are  the  experimental  CER  spectra  originating 
from  the  QW  portion  of  samples  A  and  B, 
respectively.  The  strong,  lowest  lying  features 
are  the  fundamental  intersubband  electron  to 
heavy-hole  excitonic  transition  (le-lhh),  while 
the  weaker  high  lying  features  are  fundamental 
intersubband  electron  to  light-hole  excitonic 
transition  (le-llh).  The  dashed  lines  in  these 
figures  are  least-square  fits  to  the  first-derivative 
of  a  Lorentzian  profile,  which  is  appropriate  for 


Photon  energy  (eV) 


Fig.  1  Experimental  CER  spectra  (solid 
lines)  from  the  MQWs  of  samples  (a)  A  and 
(b)  B.  The  dotted  lines  are  fits  to  a  lineshape 
function. 


482 


excitonic  transitions  [6-8],  The  obtained  energies  of  the  IIH  and  IIL  transitions  are  denoted  by 
arrows. 

In  order  to  evaluate  the  conduction  band  offset  parameter  (=AE(./AEg,  where  AE,.  is 
the  conduction  band  discontinuity  and  AE^  the  energy  difference  between  the  well  and  barrier 
materials,  respectively)  of  our  MQW  structures  we  have  compared  the  experimental  exciton 
energies  with  an  envelope  function  calculation  [10]  including  the  effects  of  strain.  The  electron, 
heavy-  and  light-hole  masses  and  deformation  potentials  listed  in  Ref.  [11]  were  employed. 
Exciton  binding  energies  of  «  5  meV  were  deducted  from  the  value  of  the  theoretical  transition 
energies.  Any  possible  shifts  related  to  the  quantum-confined  Stark  effect  due  to  the  built-in 
fields  were  not  taken  into  account. 

We  were  not  able  to  fit  our  experimental  data, 
i.e.,  the  energies  of  both  le-lhh  and  le-llh,  to  the 
theory  for  any  value  of  Q,.  if  we  used  the  nominal  well 
width  Lw  =  30A  from  the  growth  conditions.  After 
several  testing  procedures,  we  determined  that  the  energy 
positions  for  both  the  le-lhh  and  le-llh  exciton 
transitions  could  be  accounted  for  simultaneously  by 
assuming  =  36  A  with  no  changes  in  indium 
composition  for  either  sample. 

Figure  2  shows  a  comparison  of  the  experimental 
results  with  the  theoretical  calculation  with  =  36  A 
for  different  values  of  Q^.  The  dotted  vertical  lines  are 

the  experimental  energies  of  the  le-lhh  and  le-llh  Photon  Energy  (eV) 

exciton  transitions  while  the  shaded  regions  are  the  error 
bars.  The  solid  lines  indicates  the  calculated  results  as  a 


function  of  Q^.  The  best  fit  is  obtained  for  =  0.34  + 
0.03  for  the  lattice-matched  sample  A  (x  =  0.53),  as 
shown  in  Fig.  2a.  A  similar  fit  was  made  for  sample  B 
(x  =  0.75)  yielding  Q,  =  0.57+0.03  (Fig.  2b). 

The  analysis  of  FKO  is  a  very  useful  technique 
for  the  determination  of  built-in  electric  fields  in  a 
variety  of  semiconductor  configurations  [6-9].  Such 
fields  are  important  for  determining  the  energy  band 
diagram  of  the  semiconductor  structure.  In  our  MQW 
In^Gaj.^As/InP  structure  there  are  several  layers  of  the 
same  material,  e.g.,  InP.  In  general,  the  different  built- 
in  fields  originating  from  charged  localized 
surface/interface  electronic  states  may  simultaneously 
contribute  to  an  EM  spectrum.  As  a  result  one  may 
observe  a  complicated  spectrum  with  FKO  exhibiting  a 
beating  pattern  due  to  presence  of  a  number  of 
oscillations  with  different  frequencies  corresponding  to 
the  different  fields  as  well  as  to  transitions  originating 
from  the  light-  and  heavy-hole  valence  bands 
[12,13,15,16]. 


0.70  0.75  0.80  0.85  0.90  0.95  1.00 
Photon  Energy  (eV) 

Fig.  2  Theoretical  energies  of  the 
le-lhh  and  le-llh  transitions  (solid 
lines)  versus  for  samples  (a)  A 
and  (b)  B.  The  dotted  lines  are  the 
experimental  energies,  error  bars  are 
shaded  regions. 


Shown  in  Fig.  3(a)  is  the  CER  data  for  sample  A 
before  sulfur  passivation  in  the  region  of  the  InP  band  gap.  The  spectrum  exhibits  a  complicated 
beat  pattern  indicating  the  contribution  of  several  electric  fields. 
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The  asymptotic  expression  for  FKO  for  E>Eg,  where  E  and  Eg  are  the  photon  energy 
and  band  gap  energy,  respectively,  can  be  written  as;  [16] 

E2(E-EpAR/R~cos{(4/3)[(E-E/2(2/^ll)i/2j/e^^  +  ^|  (1) 


where  F  is  the  electric  field,  n  ||  is  the  reduced  interband  effective  mass  in  the  direction  ofF 
and  (f)  is  an  arbitrary  phase  factor.  From  Eq.  (1)  the  extrema  in  the  EKOs  are  given  by: 

rnr  =4/3[(E„-E/'(2/^||)''Ve^F]  +(j>  (2) 


where  n  and  E„  are  the  index  number  and  energy  of  the  extremum,  respectively.  A  plot  of 
(4/37r)(En  -  Eg)^^^  versus  index  n  yields  a  straight  line  whose  slope  is  proportional  to  F. 


Presented  in  Fig,  3(b)  is  the  resultant 
FKO  plot  which  has  three  different  slopes. 
From  this  curve  one  cannot  evaluate  the 
corresponding  electric  fields,  because  each 
datapoint  now  represents  the  superposition  of 
all  effective  electric  fields  in  the  structure. 

To  resolve  the  complex  spectrum  of 
Fig.  3(a)  into  its  individual  field  contributions 
the  FFT  method  was  employed  [12,13].  We 
first  transformed  the  x-axis  variable  from  E 
to  (E  -  Eg)^'^  and  multiplied  the  spectrum  by 
E^(E-Eg)  in  order  to  account  for  the  inherent 
decay  of  the  FKO  [see  Eq.  (1)].  Shown  in 
Fig.  4(a)  is  the  FFT  spectrum  of  Fig.  3(a). 
The  transformed  data  clearly  exhibit  three 
peaks  at  frequencies  of  26  eV'^'^,  76  eV'^^^ 
and  121  eV'^'^  which  we  designate  as  f,, 
and  fj,  respectively.  There  is  also  a  small 
feature  at  53  eV'^^^.  There  appears  to  be  no 
evidence  of  a  light  hole  transition 
contribution. 

According  to  Eq.  (1),  the  frequency 
(/)  evaluated  from  the  FFT  is  directly  related 
to  the  magnitude  of  the  electric  field  by: 

/=2(2/^l|)''V37re/2F  (3) 


Fig.  3  CER  spectra  for  sample  A  in  the  region 
From  Eq.  (3)  the  obtained  electric  fields  of  InP  band  gap  before  (a)  and  after  (c) 
corresponding  to  fi,  and  fj  are  106  kV/cm,  passivation;  (b)  is  the  resultant  FKO  plot  before 
36  kV/cm  and  22  kV/cm,  respectively,  while  passivation, 
the  field  corresponding  to  the  small  feature 

equals  52  kV/cm.  We  used  electron  (0.079)  and  heavy-hole  (0.45)  effective  masses  (in  units  of 
the  free  electron  mass)  from  Ref.  [17]. 

To  identify  the  origins  of  these  various  fields  we  have  subjected  the  sample  to  a 
sulfurization  treatment  to  suppress  the  surface  contribution  [14] .  The  CER  spectrum  in  the  region 
of  the  InP  band  gap  and  its  FFT  after  passivation  are  displayed  in  Figs.  3(b)  and  4(b), 
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respectively.  The  passivation  procedure  has 
brought  about  a  significant  change  in  FKO 
spectrum.  Comparing  the  FFT  results  before  and 
after  passivation  demonstrates  that  this  change  is 
related  mostly  to  the  field  associated  with  fj 
although  there  is  also  some  influenee  on  the  f2 
strueture.  The  f,  resonance  has  remained 
essentially  unchanged.  We  therefore  conclude  that 
the  surface  field  is  associated  with  fj,  i.e.,  22 
kV/cm,  while  fi  and  f2  correspond  to  fields  at  the 
buried  interfaces.  We  also  observed  that  the 
passivation  proeedure  did  not  effect  the  speetra 
originating  from  the  MQWs,  which  indicates  that 
there  is  only  a  small  electric  field  within  this 
region. 

DISCUSSION 


Our  value  for  the  conduction  band  offset 
parameter  for  the  lattice-matched  sample  is  in 
good  agreement  with  the  theoretical  consideration 
of  M.  Hybertsen  [18].  The  variation  of  Q^.  with 
indium  composition  is  consistent  with  the  results 
of  Gershoni  et  al.  [4].  The  two  monolayer 
deviation  of  the  well  width  from  the  nominal 
value  of  30 A  ean  be  explained  by  the  existence  of  the  interlayers  between  the  well  and  barriers, 
so  that  the  effective  well  width  becomes  broadened  [19]. 

Given  the  low  background  doping  level  in  the  InP  regions  it  is  difficult  to  account  for  the 
observed  electric  fields  based  on  space  charge  considerations.  Therefore,  in  order  to  explain  the 
results  for  the  various  electric  fields  we  suggest  that  in  our  structures  the  Fermi  level  is  pinned 
(a)  at  the  top  of  the  valence  band  at  the  substrate/buffer  interface,  probably  by  carbon  [20],  (b) 
at  the  top  of  the  conduction  band  at  the  MQW/buffer  layer  interface  and  (c)  at  0.3  V  below  the 
conduction  band  at  the  free  surface  [21].  Based  on  the  dimensions  of  the  cap  layer  (1500 A)  the 
surface  electric  field  is  20  kV/cm,  in  good  agreement  with  the  field  associated  with  the  fj 
structure.  Also,  based  on  the  dimensions  of  the  buffer  layer  (2000A)  and  the  pinning  at  the 
buffer/substrate  and  buffer/MQW  interfaces  the  field  in  this  region  is  calculated  to  be  70  kV/cm. 
This  is  somewhat  smaller  than  the  field  associated  with  f[  but  there  is  reasonable  agreement.  The 
remaining  field  probably  originates  in  the  substrate. 

The  authors  of  Ref.  [22]  have  observed  a  large  built-in  field  (F  =  39  kV/cm)  near  the 
interface  formed  by  a  semi-insulating  InP:Fe  substrate  and  an  InGaAs  epilayer.  They  considered 
the  possibility  that  the  Fe-impurities  influenced  the  nature  of  the  interface  charges. 

Also  the  fact  that  there  is  a  small  field  in  the  MQW  region  is  consistent  with  this  picture. 
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ABSTRACT 

We  report  on  the  optical  investigations  of  InAs  growth  on  GaAs.  In-situ  STM/AFM  studies 
show  the  presence  of  features  2-4  ML  high,  which  we  call  quasi-3D  (Q3D)  clusters,  well  in 
advance  of  3D  island  formation.  Though  the  photoluminescence  (PL)  emission  from  these  Q3D 
clusters  is  in  the  same  wavelength  regime  as  that  from  well  developed  3D  islands,  they  show 
characteristic  differences  in  the  PL  excitation  spectra  and  temperature  dependence  of  PL, 
distinguishing  them  clearly  from  the  3D  islands.  Finally,  we  discuss  the  lasing  observed  from  lasers 
containing  single  and  five  sets  of  InAs  layers  grown  with  conditions  in  which  the  in-situ 
STM/AFM  studies  show  only  3D  islands. 

1.  INTRODUCTION 

The  formation  of  coherent  nm-scale  islands  in  highly  strained  In(Ga)As  on  GaAs  epitaxy  has 
attracted  a  lot  of  interest  in  recent  years  [1-7].  Capped  with  GaAs,  these  islands  act  as  high 
quality  quantum  boxes,  dubbed  quantum  dots  (QDs),  providing  strong  carrier  confinement  with 
state  splittings  exceeding  kT  at  room  temperature[8].  These  QDs  have  been  assumed  to  be 
responsible  for  the  lasing  of  injection  diodes  containing  one  or  several  InAs  layers  in  the  active 
region,  which  show  the  predicted  [9]  increase  in  the  temperature  stability  of  the  threshold  current 
density  [10-16].  Photoluminescence  (PL)  spectra  of  samples  with  InAs  depositions  below  the 
critical  deposition  for  island  formation  (©c)  show  strong  PL  in  the  spectral  region  around  850  nm, 
which  is  attributed  to  the  InAs  wetting  layer  (WL),  whereas  for  depositions  above  ©c  PL  at 
wavelength  greater  than  900  nm  is  observed  and  attributed  to  3D  islands  [3-7]. 

However,  we  demonstrated  recently  that  for  InAs  on  GaAs  growth  an  intermediate  surface 
state  exists,  where  2  to  4  ML  high  features  are  formed  [7].  We  dubbed  them  quasi-3D  clusters  in 
order  to  distinguish  them  from  well  developed  3D  islands  with  heights  of  a  few  nm,  which  are  the 
energetically  favored  surface  features  above  ©c-  The  quasi-3D  clusters  are  observed  for 
coverages  as  low  as  1.25  ML,  well  below  ©c  of  1.57  ML,  and  remarkably  show  a  re-entrant 
behavior  in  the  2D  to  3D  morphology  change  depending  on  the  kineticaUy  controlled  surface 
evolution.  The  quasi-3D  clusters  give  rise  to  PL  in  the  900  to  1000  nm  wavelength  regime,  in 
which  most  of  the  reported  lasing  from  InAs/GaAs  QD  lasers  is  observed,  thus  raising  a  question 
whether  these  quasi-3D  clusters  may  be  involved  in  the  lasing  action. 

In  this  paper,  we  report  on  investigations  of  the  optical  properties  of  these  quasi-3D  clusters 
using  photoluminescence  (PL)  and  PL  excitation  (PLE)  spectroscopy.  Though  the  PL 
wavelengths  regimes  for  quasi-3D  clusters  and  3D  islands  are  very  similar,  they  show 
characteristic  differences  in  the  PLE  behavior  and  the  PL  temperature  dependence.  We  discuss  the 
implications  of  these  findings  for  the  lasing  observed  from  QD  lasers  fabricated  from  single  and 
five  stacks  of  InAs  layers  grown  under  conditions  for  which  our  STM  investigations  show  only 
3D  islands. 
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11.  EXPERIMENTAL 


Samples  for  optical  investigation  were  grown  via  molecular  beam  epitaxy  (MBE)  on  semi- 
insulating  GaAs(OOl)  (+  0.1°)  substrates.  InAs  was  deposited  at  500  °C  on  a  5000  A  GaAs  buffer 
showing  clear  c(4x4)  surface  reconstruction  at  a  growth  rate  of  0.22  ML/s  and  an  AS4  partial 
pressure  of  6x10'^  Torr.  The  RHEED  pattern  changed  from  streaky  to  spotty  at  1.57  ML  InAs 
deposition  signifying  the  onset  of  3D  island  formation.  The  samples  were  cooled  down 
immediately  after  the  InAs  growth  and  capped  with  GaAs  using  migration  enhanced  epitaxy 
(MEE)  at  400°C  resulting  in  a  high  efficiency  of  the  3D  island  PL  [4].  We  report  here  on  samples 
with  InAs  coverages  of  1.25,  1.74  and  2.00  ML,  given  with  respect  to  the  GaAs  surface  density. 
Uncapped  samples  for  in-situ  STM/AFM  studies  were  grown  on  n'"-substrates  in  an  otherwise 
identical  way  [7,17].  For  the  laser  structures,  the  active  regions  containing  a  single  or  five  stacks 
of  InAs  layers  separated  by  36  ML  GaAs  are  sandwiched  between  AlAs/GaAs  superlattices 
forming  a  waveguide  and  n-  and  p-  cladding  layers  [13]. 


III.  QUASL3D  CLUSTERS 


Recently,  we  reported  detailed  m-situ  STM/AFM  investigations  of  samples  grown  under 
identical  conditions  as  used  for  this  work  with  incremental  increasing  InAs  deposition  ranging 
from  0.87ML  to  2.00  ML  [7,18].  The  results  demonstrate  that  with  increasing  InAs  deposition 


3D  islands  are  not  spontaneously  formed  at  0c,  but 
that  they  first  coexist  with  2D  (1  ML  high)  and 
quasi-3D  (2-4  ML  high)  clusters,  the  latter 
apparently  acting  as  precursors  to  the  islands.  Only 
for  coverage  above  1 .74  ML  the  3D  islands  become 
the  dominating  surface  feature  with  the 
disappearance  of  the  quasi-3D  clusters. 

Fig.  1  gives  STM  images  for  the  sample  with 
1.25  ML  InAs  deposition  well  below  0c  showing 
that  the  InAs  layer  is  far  from  being  2D  at  this 
deposition.  In  addition  to  small  and  large  2D 
clusters  (denoted  A  and  B)  we  find  a  significant 
density  (>  2  |xm'^)  of  quasi-3D  clusters,  which  are 
either  small  (lateral  extent  <~  20nm,  denoted  C’)  or 
large  (lateral  extent  >~  50nm,  denoted  C).  Fig.  1(b) 
shows  magnified  image  of  a  situation  where  a  large 
quasi-3D  cluster  is  topped  by  a  small  one  resulting 
features  upto  6ML  high.  Remarkably,  for  a  slightly 
higher  InAs  deposition  of  1.35ML,  these  quasi-3D 
clusters  disappear  completely  before  small  quasi-3D 
clusters  reappear  with  a  much  higher  density  (-140 
pm'^)  for  depositions  above  1.45  ML,  still  well  in 
advance  of  the  regime  of  3D  island  formation  (0  > 
1.57  ML).  Thus,  the  quasi-3D  clusters  establish  a 


re-entrant  behavior  in  the  2D  to  3D  morphology 

transition  and  show  that  in  contrast  to  the  common  Fig-  1:  In-situ  STM  images  for  an  InAs 
description  of  Stranski-Krastanow  growth  the  deposition  of  1 .25  ML  showing  the  presents  of 

small  and  large  quasi-3D  clusters  (C’  and  C). 
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strained  InAs  layer  can  assume  an  intermediate 
state. 

The  STM/AFM  results  show,  that  the  used 
growth  conditions  allow  us  to  study  the  optical 
properties  of  the  quasi-3D  clusters  and  the  3D 
islands  separately,  using  samples  with  an  InAs 
deposition  of  1.25  ML  and  above  1.74  ML, 
respectively. 

IV.  OPTICAL  PROPERTIES  OF  THE 

QUASL3D  CLUSTERS 

Fig.  2  compares  low  temperature  PL 
spectra  excited  with  a  density  of  5  Wcm'^  at 
514  nm  for  samples  with  InAs  depositions  of 
1.25  and  2.00  ML.  The  2.00  ML  sample  shows 
an  almost  Gaussian  peak  centered  at  1020  nm, 
which  we  attribute  to  the  ground  state 
transition  of  3D  islands,  which  have  a  density  of 
about  550  pm'^  and  are  the  only  3D-featiire 
observed  in  AFM  studies  on  the  equivalent 
uncapped  samples.  The  PLE  spectrum  recorded 
at  the  PL  peak  maximum  is  represented  by  the 

dashed  line.  The  strongly  decreasing  excitation  efficiency  with  increasing  excitation  wavelength  is 
typical  for  QDs  formed  from  well  developed  3D  islands  [4,  19].  It  reflects  the  strong  carrier 
localization  and  demonstrates  the  presence  of  excited  states  in  the  3D  island  QDs.  The  sharp 
excitation  resonance  at  857.8  nm 


Fig.  2:  PL  excited  at  514  nm  and  PLE  spectra  for 
samples  with  1.25  and  2.00  ML  InAs  deposition. 
STM/AFM  images  show  large  quasi-3D  clusters 
present  for  the  1.25  ML  sample  and  3D  islands  for 
the  2.00  ML  sample. 


indicates  the  3D  islands  to  sit  on  a 
high  quality  WL.  From  the  spectral 
position  we  estimate  a  WL  thickness 
near  1  ML. 

Remarkably,  the  1.25  ML 
sample,  for  which  we  find  no  3D 
islands  in  corresponding  uncapped 
samples,  shows  in  addition  to  an 
intense  wetting  layer  (WL)  peak  at 
853  nm,  a  PL  peak  centered  at  974 
nm,  which  is  about  500  times  weaker 
than  the  3D  island  PL  in  the  2.00  ML 
sample  excited  at  514  run.  In 
principle,  this  could  be  due  to  a  very 
low  density  of  3D  islands  formed  at 
this  early  stage.  The  PLE  behavior 
(dashed  spectrum)  detected  at  985 
nm,  however,  differs  completely  from 
that  of  the  3D  islands.  The  PL 
intensity  increases  about  100  times 
when  exciting  below  the  GaAs 


1.4 
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Fig.  3:  The  PL  intensity  for  the  1.25  ML  sample  in 
dependence  of  the  detection  wavelength  and  the  difference  AE 
between  detection  and  excitation  energy. 


489 


bandgap  and  reaches  a  maximum  about  at 
965.5  nm  near  the  detection  as  shown  by  the 
PLE  spectrum  in  Fig.  2.  This  behavior 
indicates  a  high  density  of  states  until  close 
above  the  luminescent  state,  indicating  a 
QW-like  structure,  and  the  spectral  position 
implies  an  InAs  QW  thickness  above  2  ML, 
which  is  consistent  with  the  large  quasi-3D 
clusters  with  a  lateral  extension  larger  than 
the  exciton  Bohr  diameter  and  which  are 
present  in  a  density  of  about  2  pm’^  at  this 
delivery  [7].  Fig.  3  shows  the  PL  intensity 
dependence  of  the  detection  wavelength 
(energy)  and  the  difference  AE  between 
detection  and  excitation  energy.  Independent 
of  the  detection  wavelength  the  PL  intensity 
has  a  maximum,  exciting  about  25  meV 
above  the  detection  energy  indicating  that  in 
fact  localized  states  give  rise  to  the  observed  PL.  Comparing  with  the  STM  results  we  propose 
the  small  quasi-3D  clusters  to  give  rise  to  small  QDs  with  a  carrier  localization  of  about  25  meV 
and  to  act  as  PL  centers.  The  emission  wavelength  is  determined  by  the  properties  of  the  local 
WL,  i.e.  the  large  quasi-3D  clusters.  The  PLE  spectra  reveal  no  excitation  resonance 
corresponding  to  the  WL  observed  in  PL  indicating  weak  lateral  diffusion. 

Fig.  4  compares  the  temperature  dependence  of  the  PL  intensity  of  the  974  nm  peak  in  the 
1.25  ML  sample  and  that  of  the  3D  island  peak  in  a  1.74  ML  sample.  Whereas  for  3D  island  QDs 
the  intensity  remains  practically  constant  up  to  70  K,  reflecting  the  strong  carrier  localization,  it 
starts  to  decrease  above  15  K  in  the  1.25  ML  sample.  The  fiiU  lines  represent  fits  assuming  a 
thermally-activated  non-radiative  recombination  process,  which  yields  an  activation  energy  Ea  of 
(12  ±  3)  meV  for  the  1.25  ML  sample.  The  activation  energy  indicates  thermal  evaporation  of 
carriers  out  of  the  small  quasi-3D  clusters,  providing  a  combined  localization  energy  of  25  meV 
for  electrons  and  holes,  and  efficient  non-radiative  recombination  in  the  large  quasi-3D  clusters. 

The  presented  results  indicate  that  for  the  earliest  stages  of  InAs  on  GaAs  growth,  two 
different  structural  features  exist  which  give  rise  to  PL  at  wavelength  longer  than  900  nm.  One  is 
3D  islands  on  a  thin  ‘IML’  WL  as  observed  for  the  2.00  ML  sample  and  the  other  is  small  quasi- 
3D  clusters  sitting  on  locally  thicker  WL  regions  as  provided  by  the  large  quasi-3D  clusters. 
These  features  can  be  distinguished  by  their  PLE  behavior  and  result  in  a  different  temperature 
dependence  of  the  PL  intensity. 

V.  InAs/GaAs  QUANTUM  DOT  LASERS 

3D  islands  formed  in  highly  strained  epitaxy  have  been  employed  as  active  medium  for 
injection  lasing  [10-16]  due  to  their  high  optical  quality  combined  with  large  carrier  confinement 
and  state  splitting.  The  lasing  occurs  frequently  on  the  shorter  wavelength  side  of  the  PL  peak 
leading  to  speculation  on  the  role  of  excited  states  or  the  WL  in  the  lasing  process.  However,  in 
view  of  the  present  study  quasi-3D  clusters,  providing  optical  transitions  in  the  900  to  1000  nm 
region,  might  contribute  in  the  lasing  in  this  spectral  region. 

Fig.  5  comprises  results  obtained  for  two  laser  structures,  one  with  a  single  set  and  the  other 
with  a  fivefold  stack  of  InAs  3D  islands  as  active  medium.  Details  of  the  used  laser  structure  are 
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Fig.  4;  Arrhenius  plot  of  the  normalized  intensity  of 
the  974  nm  emission  in  the  1.25  ML  sample  and  the 
emission  of  3D  island  QDs  in  a  1 .74  ML  sample.  Full 
lines  correspond  to  a  fit  assuming  a  thermally- 
activated  non-radiative  recombination  process. 
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given  elsewhere  [13].  2.00  ML  InAs 
have  been  deposited  in  each  single  layer 
under  the  same  conditions  as  used  for 
the  samples  used  in  the  above  structural 
and  optical  studies  yielding  a  3D  island 
density  of  about  550  pm'^.  The  stack  is 
grown  with  a  36  ML  GaAs  spacer 
between  each  layer,  leading  to  an  almost 
perfect  vertical  ahgnment  of  the  3D 
islands  [20]  without  introducing 
significant  electronic  coupling.  The  PL 
spectra  of  both  samples  given  as  dotted 
lines  in  Fig.  5,  show  a  PL  peak  centered 
at  1050  nm  indicating  the  comparability 
of  the  formed  QDs  in  both  samples.  PLE 
results  show  the  WL  to  be  around  860 
nm. 

The  full  lines  in  Fig.  5  show  the  79K 
electroluminescence  spectra  for  pulsed 
excitation  and  injection  currents  below 
and  above  the  lasing  threshold  for  lasers 
with  cavity  lengths  of  2500  pm  for  the 
single  set  one  and  2200  pm  for  the  five 
set  one.  Sharp  breaks  in  the  respective 
L-I  curves,  shown  in  the  insets,  indicate 
threshold  current  densities  (Jth)  of  429 
A/cm^  tind  310  A/cm^,  respectively.  The 
L-I  characteristics  as  well  as  the  sharp 
spectral  narrowing  of  the  electroluminescence  spectra  above  Jth  indicate  lasing.  However,  the 
lasing  occurs  at  912  and  988  nm  for  single  set  and  the  fivefold  stacked  samples,  respectively,  on 
the  short  wavelength  side  of  the  3D  island  PL  peak.  Though,  the  lasing  cein  not  be  attributed  to 
the  WL  the  spectral  range  corresponds  to  that  of  the  quasi-3D  clusters.  However,  our  STM/AFM 
investigations  show  that  under  the  used  growth  conditions  and  for  an  InAs  deposition  of  2.00 
ML,  in  addition  to  the  WL,  only  3D  islands  are  expected.  Additionally,  Fig.  4  shows  that  at  79  K, 
where  the  lasing  is  observed,  only  PL  from  the  3D  islands  remains,  making  it  unlikely  that  the 
quasi-3D  clusters  can  contribute  to  the  lasing  at  this  temperature.  On  the  other  hand,  the  PLE 
spectrum  of  the  2.00  ML  sample  shown  in  Fig.  2  reveals  excitation  resonances  66  and  98  meV 
above  the  detection  energy  indicating  the  presence  of  excited  states  in  the  3D  islands  [4,  19]. 

Finally,  we  comment  upon  the  shift  in  the  lasing  wavelength  to  the  longer  side  along  with  the 
lower  lasing  threshold  observed  for  the  laser  with  five  stacked  of  InAs  layers  as  compared  to  laser 
with  a  single  InAs  layer.  Shoji  et  al  reported  a  similar  jump  in  the  lasing  wavelengths  for  lasers 
made  of  single  and  three  stacks  of  InGaAs  layers  [12].  They  attributed  this  jump  to  lasing  from 
excited  states  in  the  single  stack  laser  but  from  the  ground  states  in  the  three  stack  laser.  Due  to 
gain  saturation  [15]  in  the  single  set  laser,  lasing  from  ground  states  may  be  inhibited  initiating 
lasing  from  the  excited  states.  As  the  island  density  is  increased  in  the  stacked  laser  the  mean 
occupancy  of  the  states  needed  in  QDs  for  lasing  decreases  [21].  Therefore,  lasing  threshold 
would  decrease  and  the  lasing  wavelength  would  shift  to  longer  values  with  increasing  island 
density,  as  observed  in  the  above  lasers.  It  is  suggested  that  the  decrease  in  threshold  with  island 
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Fig.  5:  Electroluminescence  and  lasing  spectra  of  diode 
structures  containing  a  single  2.00  ML  InAs  layer  or  a 
corresponding  fivefold  stack  with  36  ML  spacers  as 
active  layer.  The  dashed  lines  give  normalized  PL 
spectra  of  the  laser  structures  for  reference.  The  insets 
give  the  light  output  versus  the  injection  current  density. 
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density  (i.e.  number  of  stacks)  is  not  monotonic  but  shows  a  minimum  at  an  optimum  value  of 
island  density  [14,  21].  We  therefore  believe  that  under  the  growth  conditions  employed,  sueh  an 
optimum  is  not  yet  reached  in  our  lasers.  Further  reduction  m  the  threshold  eind  lasing  from 
ground  states  (i.e.  at  the  wavelength  corresponding  to  the  PL  maximum  of  the  QDs)  is  possible  by 
further  increasing  the  number  of  stacks  or  by  reducing  the  cavity  loss  by  applying  high-reflection 
coating  on  both  facets  [12]. 

VI.  CONCLUSION 

We  have  presented  optical  investigations  of  InAs  growth  on  GaAs.  In-situ  STM/AFM  studies 
have  shown  the  presence  of  features  2-4  ML  high,  at  an  InAs  deposition  as  low  as  1.25  ML  which 
is  well  in  advance  of  3D  island  formation.  These  Q3D  clusters  give  photoluminescence  (PL) 
emission  in  the  same  wavelength  regime  as  well  developed  3D  islands  thus  raising  a  question 
about  their  possible  role  in  lasing.  They  show  a  quantum  well-like  electronic  structure  in  PLE  and 
small  localization  energies  for  electrons  and  holes  as  indicated  by  temperature  dependence  of  PL, 
revealing  efficient  thermally  activated  non-radiative  recombination.  We  have  presented  we  discuss 
the  lasing  observed  from  lasers  containing  single  and  five  sets  of  InAs  layers  with  nominal 
deposition  of  2.00  ML.  At  this  deposition  our  STM/AFM  studies  show  that  only  3D  islands  and 
the  wetting  layer  are  present.  Therefore,  the  lasing  observed  is  attributed  to  states  of  3D  island 
QDs.  PLE  spectra  of  3D  islands  show  the  presence  of  excited  states  suggesting  their  role  in  lasing 
aetion. 

This  work  was  supported  by  U.S.  AFOSR,  ARO,  and  ONR. 
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ABSTRACT 

Non-destructive  silicon  epitaxial  film  thickness  measurements  have  been  performed  using 
spectroscopic  ellipsometry  (SE)  in  the  visible  to  near  infrared  range.  The  epitaxial  films 
were  grown  by  CVD  at  700  -  900°C.  It  is  shown  that  SE  can  simultaneously  determine  the 
epitaxial  film  thickness,  the  native  oxide  thickness,  and  the  substrate  dopant  concentration. 
The  epitaxial  film  thicknesses  measured  by  SE  are  in  excellent  agreement  with  results  of 
secondary  ion  mass  spectrometry  (SIMS).  The  dopant  concentrations  measured  by  SE  also 
agree  well  with  SIMS  results  for  n-type  substrates,  but  are  consistently  higher  than  SIMS 
values  for  p-type  substrates.  This  study  shows  that  spectroscopic  ellipsometry  could  be  used 
in  semiconductor  manufacturing  environments  as  a  viable  non-destructive  technique  for  sub- 
0.5  /im  silicon  epitaxial  film  thickness  measurement. 

INTRODUCTION 

Silicon  epitaxy  is  one  of  the  most  commonly  practiced  process  technologies  used  in  a 
wide  variety  of  device  structures,  such  as  MOS,  bipolar  digital  and  analog  devices,  power 
devices,  CCDs,  BiCMOS,  and  HBTs.  For  most  devices,  the  epitaxial  layer  thickness  is  a 
critical  parameter  that  must  be  accurately  measured  and  controlled.  For  example,  several 
bipolar  transistor  device  parameters  such  as  breakdown  voltage,  junction  capacitance,  tran¬ 
sistor  current  gain,  and  high  frequency  performance  depend  on  the  epitaxial  layer  thickness. 
CMOS  latch-up,  breakdown  voltage,  and  drive-in  time  are  also  related  to  the  thickness  of 
the  epitaxial  films.  As  the  dimension  of  modern  devices  is  scaling  down,  the  silicon  epitaxial 
films  used  in  integrated  circuits  will  undoubtedly  be  decreasing.  Consequently,  advanced 
thin  film  deposition  technologies  and  thin  film  metrology  are  receiving  increasing  attention. 
For  example,  a  low  temperature  process  is  required  to  minimize  both  lateral  and  vertical 
diffusion  and  autodoping.  Almost  all  applications  that  would  use  low  temperature  epitaxial 
silicon,  however,  would  be  less  than  0.5  /um  in  thickness.  This  is  below  the  detection  limit 
of  currently  available  non-destructive  process  monitor  techniques  such  as  Fourier  transform 
infrared  interferometry  (FTIR)  [1,2].  In  addition,  the  requirement  in  accuracy  and  precision 
will  become  more  stringent  as  the  overall  thickness  of  the  epitaxial  layer  decreases.  From  the 
economical  point  of  view,  as  the  wafer  size  increases,  the  cost  of  epitaxial  wafers  becomes 
substantial,  making  destructive  measurement  more  and  more  costly.  It  is  therefore  necessary 
to  extend  the  current  non-destructive  measurement  capability  into  the  sub-0.5  //m  regime. 

Spectroscopic  ellipsometry  (SE)  has  been  widely  used  as  an  essential  metrology  tool  for 
the  semiconductor  industry.  This  non-destructive  optical  technique  offers  fast  measurement 
speed,  high  precision,  and  the  ability  of  measuring  very  thin  or  multilayered  films.  Moreover, 
it  is  also  suitable  for  on-line  and  in-situ  monitoring  and  control  in  semiconductor  manufac¬ 
turing  environments.  The  objective  of  this  paper  is  to  evaluate  SE  in  the  visible  to  near 
infrared  range  as  a  new  technique  to  overcome  the  limitation  mentioned  above  and  extend 
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the  current  measurement  capability  into  the  sub-0.5  fim  regime. 

EXPERIMENT 

Undoped  epitaxial  films  of  various  thickness  were  CVD  grown  on  heavily  boron  or  arsenic 
doped  substrates  at  700  -  900°C  using  commercial  ASM  reactors.  For  comparison  and 
process  monitoring,  a  few  epitaxial  films  were  also  grown  on  lightly  doped  substrates  under 
exactly  the  same  deposition  conditions.  The  idea  of  using  low  deposition  temperatures  is 
to  minimize  dopant  depletion,  outdiffusion  and  autodoping  so  that  a  sharp  dopant  profile 
across  the  metallurgical  junction  between  the  undoped  epitaxial  film  and  the  heavily  doped 
substrate  can  be  obtained.  Cross-sectional  transmission  electron  microscopy  (XTEM)  and 
SIMS  were  used  to  characterize  some  of  the  samples. 

Ellipsometric  measurements  were  performed  with  a  UVISEL  spectroscopic  phase  modu¬ 
lated  ellipsometer  (SPME)  made  by  Instrument  SA,  Inc.  This  ellipsometer  is  equipped  with 
near  infrared  (NIR)  extension  and  covers  the  spectral  range  230  -  1700  nm.  SPME  measures 
the  quantities  A  and  Ic'.  [3] 


Is  —  sin2'ipsinA  (1) 

Ic  —  sin2if)cosA  (2) 

The  standard  ellipsometry  parameters  ip  and  A  are  defined  by: 

p—  —  ~  tanipe^^  (3) 

where  Vp  and  are  the  Fresnel  reflection  coefficients  for  light  polarized  parallel  and  perpen¬ 
dicular  to  the  plane  of  incidence,  respectively. 

Silicon  is  semi-transparent  below  the  direct  band  edge,  resulting  in  A  being  near  180°  or 
0°.  Thus,  for  this  particular  application,  SPME  is  superior  to  rotating  analyzer  ellipsome¬ 
ter  (RAE)  which  measures  the  quantities  tanip  and  cos  A,  but  not  sinA  [4]. 

DATA  ANALYSIS 


The  model  of  the  sample  structure  used  in  this  study  consists  of  air,  native  oxide,  undoped 
silicon  epitaxial  film,  and  heavily  doped  silicon  substrate.  The  dielectric  function  of  heavily 
doped  silicon  is  modeled  with  the  Crude  theory: 


e(w)  ^  Cc{u))  - 


A-KNe^fm* 
ixp-  -j-  iLofr 


(4) 


where  w  is  the  photon  angular  frequency;  Cc  is  the  dielectric  function  of  undoped  crystalline 
silicon;  N  is  the  free  carrier  concentration;  m*  is  the  free  carrier  effective  mass,  which  is 
taken  as  0.26mo  for  electrons  and  0.36mo  for  holes,  mo  is  the  free  electron  mass;  e  is  the 
electron  charge;  and  r  is  the  free  carrier  relaxation  time. 

Optical  constants  of  silicon  dioxide  are  taken  from  ref.  5.  Optical  constants  of  undoped 
crystalline  silicon  are  taken  from  ref.  5  for  photon  energies  below  1.5  eV,  and  from  ref.  6 
for  photon  energies  above  1.5  eV.  For  photon  energies  above  0.7  eV,  the  dielectric  function 
of  heavily  doped  silicon  is  insensitive  to  the  free  carrier  relaxation  time  r,  thus,  a  value  of 
1.45xl0~^‘^  s  is  used  in  the  calculation.  This  value  is  calculated  with  a  boron  concentration 
of  10^®cm“^  using  the  formula  given  in  ref.  7.  The  native  oxide  thickness,  epitaxial  film 
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Figure  1:  SIMS  profiles  of  an  undoped  epitaxial  film  grown  at  900°C  on  a  heavily  boron 
doped  substrate. 

thickness,  and  substrate  free  carrier  concentration  are  then  extracted  from  the  measured  -0 
and  A  spectra  through  least-squares  optimization  using  the  Levenberg-Marquardt  non-linear 
regression  algorithm. 

RESULTS 

Figure  1  is  the  typical  SIMS  results  of  the  samples  measured  at  EVANS  EAST,  showing 
a  good  quality  epitaxial  film  and  a  sharp  dopant  profile. 

The  defect  density  in  the  epitaxial  film  and  at  the  epi/substrate  interface  is  under  the 
detection  limit  of  high  resolution  XTEM.  Results  of  SIMS  and  XTEM  support  the  model  of 
the  sample  structure  used  in  this  study. 

Figure  2  plots  measured  ellipsometric  data  and  model  fits  for  four  epitaxial  films  with 
different  thickness  and  substrate  dopant  concentration.  Three  of  them  are  boron  doped,  and 
the  other  is  arsenic  doped.  Strong  interference  can  be  observed  with  an  angle  of  incidence 
of  70°  -  74°.  However,  as  expected,  no  interference  is  detectable  for  those  epitaxial  films 
grown  on  lightly  doped  substrates.  This  observation  proves  that  the  interference  shown  in 
Figure  2  is  brought  about  by  the  heavy  doping  in  the  substrates.  Table  1  summarizes  the 
95%  confidence  intervals  of  the  extracted  parameters  for  these  four  samples.  For  compar¬ 
ison,  SIMS  results  are  also  given  in  Table  1.  As  shown  in  Figure  2  and  Table  1,  excellent 
fits  to  the  measured  data  are  obtained  using  the  Drude  theory  and  the  simple  film  structure 
described  previously.  The  thicknesses  measured  by  SPME  are  in  excellent  agreement  with 
SIMS  data.  For  n-type  doping,  the  substrate  dopant  concentration  agrees  well  with  SIMS 
value.  These  results  are  in  agreement  with  refs.  8  and  9.  However,  for  p-type  doping,  the 
calculated  substrate  dopant  concentrations  are  consistently  higher  than  the  SIMS  results. 
The  compressive  strain  in  the  epitaxial  films  is  too  small  to  account  for  this  discrepancy.  The 
discrepancy  may  be  due  to  the  fact  that  there  are  errors  in  SIMS  results  for  boron,  or  the 
heavy  doping  causes  the  hole  effective  mass  to  decrease.  However,  van  Driel’s  [10]  theoretical 
calculation  indicated  that  the  hole  effective  mass  increases  with  dopant  concentration  due  to 
the  nonparabolicity  of  the  valence  bands.  Further  study  is  needed  for  a  plausible  explanation. 
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Figure  2:  Measured  vs.  model  fits  at  an  angle  of  incidence  (f)  =  73°.  The  letters  next  to  the 
plots  are  sample  names.  Results  of  parameter  extraction  and  SIMS  for  these  samples  are 
summarized  in  Table  1. 


Table  1:  Results  of  parameter  extraction  and  SIMS 


Sample 

Dopant 

Resistivity 

(fi-cm) 

N  (xlO^^cm 

Ellip.  SIMS 

Epi  film  (A) 

Ellip.  SIMS 

Oxide  (A) 
Ellip. 

A 

Boron 

0.001  -  0.002 

8.61±0.07 

5.02±0.07 

5050±2 

5200±180 

17.3±0.1 

B 

Arsenic 

0.001  -  0.005 

1.60±0.05 

1.61T0.04 

3400±8 

3600±220 

17.1±0.1 

C 

Boron 

0.005  -  0.010 

1.43±0.07 

0.95±0.02 

2412±10 

2500±220 

17.4±0.1 

D 

Boron 

0.001  -  0.002 

9.53±0.11 

5.47±0.08 

1032±2 

iiooiieo 

17.7±0.1 

CONCLUSIONS 

The  effect  of  heavy  doping  on  the  optical  properties  of  crystalline  silicon  in  the  spectral 
range  from  0.7  to  3  eV  can  be  described  by  the  Drude  theory.  Spectroscopic  phase  modu¬ 
lated  eliipsometry  in  this  spectral  range  is  a  viable  non-destructive  technique  for  sub-0.5  iim 
silicon  epitaxial  film  thickness  measurement.  It  can  simultaneously  determine  the  native  ox¬ 
ide  overlayer  and  the  epitaxial  film  thicknesses,  as  well  as  the  substrate  dopant  concentration. 
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